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Proceedings  of  the  Pacific  Rim  Conference  on  The  Roles  of  Shear  and 
Diffusion  in  the  Formation  of  Plate-Shaped  Transformation  Products 


Foreword 


The  question  as  to  whether  the  atomic  movements  involved  in  the  formation  of  plates  during  phase 
transformations  in  crystalline  solids  taking  place  at  temperatures  above  the  martensite  range  occur 
by  closely  coordinated  glide-type  motions,  i.e.,  shear,  or  by  biased  random  walk  diffusion  has  been 
a  controversial  issue  since  it  was  raised  by  J.M.  Robertson  (1929),  E.S.  Davenport,  and  E.C.  Bain 
(1930)  and  R.F.  Mehl  and  C.S.  Barrett  (1931).  Contrary  to  reasonable  expectation,  the  increasing 
availability  of  sharper  experimental  tools  (particularly  visual  and  analytical  transmission  electron 
microscopy)  and  improved  theoretical  analyses  has  made  this  controversy  more  intense,  albeit  also 
more  precisely  defined.  Since  it  has  become  clear  that  at  least  part  of  the  difficulty  being  encoun¬ 
tered  in  resolving  this  basic  issue  is  one  of  communication  between  the  two  schools  of  thought, 
the  Phase  Transformations  Committee  of  ASM  International  (Chaired  by  Professor  Hayden  Chen 
during  the  organization  of  this  conference  and  then  by  Professor  James  M.  Howe)  decided  to  hold 
a  conference  focused  as  tightly  as  practicable  solely  upon  this  question.  All  speakers  at  this  con¬ 
ference  were  invited,  as  were  those  additional  conferees  who  have  maintained  an  active  interest  in 
the  subject.  Approximately  equal  numbers  of  papers  were  commissioned  from  the  two  schools,  as 
well  as  several  from  leading  authorities  in  related  phase  transformation  research  areas  who  were 
not  identified  with  either  school.  In  addition  to  time  for  discussion  scheduled  after  the  presentation 
of  each  paper,  most  of  the  last  day  of  the  conference  was  devoted  to  two  General  Discussions 
sessions  in  which  the  main  issues  which  arose  during  the  Conference  were  publically  discussed  at 
length.  Recordings  were  made  of  these  Discussions.  After  some  editing  by  the  organizers,  the 
individual  discussions  were  returned  to  those  who  had  given  them  for  modification  into  final  form. 
The  compilation  of  these  discussions,  together  with  the  large  set  of  papers  obtained  on  the  formation 
of  a,  plates  in  Cu-Zn,  Cu-Zn-Al,  and  Ag-Zn  alloys,  will  appear  soon  in  Part  II  of  these  proceedings, 
also  to  be  published  in  this  journal. 

Because  interest  in  this  controversy  has  increasingly  shifted  in  recent  years  to  Japan  and  China, 
it  was  decided  the  conference  would  be  held  in  the  Hawaiian  Islands — in  particular  on  the  “big 
island”  of  Hawaii — because  these  islands  have  won  wide  acceptance  and  the  vote  of  preference  as 
a  meeting  place  for  persons  from  the  Pacific  Rim  countries.  The  Kona  Hilton  Hotel  provided  an 
outstanding  milieu  for  the  conference  in  the  form  of  a  relaxed  and  informal  but  very  comfortable 
environment  in  which  private  discussions  flourished  as  vigorously  as  did  those  held  in  public.  (In¬ 
deed,  considerable  correspondence  and  research  has  already  resulted  from  this  conference.) 

The  organizers  would  like  to  express  their  gratitude  to  the  Office  of  Naval  Research  (Dr.  Robert 
C.  Pohanka,  Dr.  George  Yoder,  and  Dr.  A.K.  Vasudevan)  and  the  National  Science  Foundation 
(Dr.  Bruce  A.  MacDonald)  for  financial  support  which  made  possible  the  participation  of  a  number 
of  the  conferees.  Ms.  Althena  Franklin  of  the  Kona  Hilton  Hotel  staff  and  Mrs.  Melody  Guthrie, 
whose  services  as  conference  manager  were  provided  by  the  Naval  Research  Laboratory,  handled 
the  operation  of  the  conference  so  smoothly  and  efficiently  that  the  organizers  were  able  to  devote 
their  full  attention  to  the  technical  business  of  the  conference  itself.  We  are  grateful  to  the  members 
of  the  Phase  Transformations  Committee  of  ASM  International  for  their  support  and  constructive 
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suggestions  during  the  formulation  of  the  conference  program.  Thanks  are  also  due  to  Professors 
Tsun  Ko  (University  of  Science  and  Technology  Beijing),  Makato  Kikuchi  (Tokyo  Institute  of 
Technology),  Gregory  Olson  (Northwestern  University),  Ken’ichi  Shimizu  (Kanazawa  University), 
George  Weatherly  (McMaster  University),  Hayden  Chen  (University  of  Illinois  at  Urbana-Cham- 
paign),  Barry  Muddle  (Monash  University),  Yasuya  Ohmori  (Ehime  University),  George  Krauss 
(Colorado  School  of  Mines),  Mats  Hillert  (Royal  Institute  of  Technology),  T.Y.  Hsu  (Xu  Zuyao) 
(Shanghai  Jiao  Tong  University),  James  Howe  (University  of  Virginia),  and  William  Reynolds,  Jr. 
(Virginia  Polytechnic  Institute  and  State  University)  for  their  service  as  session  chairmen.  Finally 
we  thank  Professor  David  E.  Laughlin,  Editor,  and  Ms.  Dora  Moscatello,  Production  Editor,  Met¬ 
allurgical  and  Materials  Transactions,  for  supervising  the  review  procedures  for  the  conference 
papers. 


C.M.  Way  man,  General  Chairman 
University  of  Illinois  at  Urbana-Champaign 

H.I.  Aaronson,  Administrative  Chairman 
Geo-Centers,  Inc.,  stationed  at  the  Naval 
Research  Laboratory 

J.P.  Hirth,  Advisory  and  General  Discussions  Chairman 

Washington  State  University 

B.B.  Rath,  Government  Relations  Chairman 
Naval  Research  Laboratory 
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The  Phenomenological  Theory  of 
Martensite  Crystallography:  Interrelationships 


C.M.  WAYMAN 

The  phenomenological  theory  of  martensite  crystallography  is  based  on  the  observation  that  the 
habit  plane  is  an  invariant  plane  in  which  all  lines  in  it  are  neither  distorted  nor  rotated  by  the 
displacement  vector  of  the  invariant  plane  strain.  The  structural  change  is  effected  by  a  Bain 
deformation  which  follows  intuitively  from  the  orientation  relationship  and  through  which  atomic 
interchanges  do  not  occur.  A  lattice  invariant  deformation  is  also  incorporated  to  insure  that  the 
martensite-parent  interface  is  semicoherent  and  glissile.  These  factors  and  the  orientation  re¬ 
lationship  as  well  are  uniquely  interrelated  within  the  theoretical  framework  and  must  be  so  for 
any  transformation  alleged  to  follow  the  theory. 


I.  INTRODUCTION 

In  one  of  the  most  classical  metallurgical  articles  of 
the  century,111  Bain  published  “The  Nature  of  Martens¬ 
ite”  in  1924.  Some  70  years  later,  this  article  still  pro¬ 
vides  fascinating  reading  about  its  crystallography, 
morphology,  kinetics,  and  mechanical  properties.  In¬ 
deed,  on  the  subject  at  hand  here,  it  may  be  said  that 
Bain  laid  some  crucial  cornerstones  of  the  presently  ac¬ 
cepted  phenomenological  theory  of  martensite  crystal¬ 
lography  (PTMC).  This  theory  became  fully  developed, 
more  or  less,  in  the  1950s,  following  much  intervening 
work  of  increasing  degrees  of  sophistication  and  defin¬ 
itiveness.  Today,  “the  Bain  strain”  is  common  knowl¬ 
edge,  even  outside  metallurgical  circles.  It  is  the  purpose 
of  the  present  article  to  review  the  development  and  as¬ 
sess  the  validity  of  the  PTMC.  As  other  articles  from 
this  conference  will  suggest,  the  theory  may  transcend 
its  original  intent,  and  an  important  aspect  of  the 
theory,  the  invariant  line  strain,  is  coming  into  closer 
scrutiny. 


II.  THE  LATTICE  CORRESPONDENCE 

All  martensitic  transformations  involve  a  correspon¬ 
dence  by  means  of  which  lattice  points  in  the  parent  phase 
are  uniquely  related  on  a  one-by-one  basis  to  those  in 
the  product  (martensite).  The  original  proposal  by  Bain111 
is  drawn  to  scale  and  copied  from  the  original  paper. 
Bain’s  correspondence  relates  the  body-centered  tetrag¬ 
onal  (bet)  cell  (heavy  lines)  within  two  unit  face-centered 
cubic  (fee)  cells  to  the  body-centered  cubic  (bcc)  unit 
cell  of  a-iron.  A  simple  upsetting  of  the  former  produces 
the  bcc  lattice  (it  was  then  thought  that  martensite  was 
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cubic  a-iron).  This  contraction  along  the  c-axis  and  ex¬ 
pansion  along  the  a  axis  is  almost  obvious  from  inspec¬ 
tion,  but  there  are  many  possible  fcc-bcc  correspondences, 
another  case  in  point  given  in  Figure  2.  Jaswon  and 
Wheeler121  considered  many  such  correspondences  be¬ 
tween  the  two  lattices  and  showed  mathematically  that 
of  all  considered,  Bain’s  correspondence  involved  the 
smallest  principal  strains.  For  this,  and  other  reasons  as 
well,  the  Bain  strain  has  gained  universal  acceptance  as 
a  model  for  the  fcc-bcc  transformations;  and  even  in  other 
alloy  systems  involving  different  crystal  structures  and 
correspondences,  the  pure  strain  effecting  the  struc¬ 
tural  change  is  most  frequently  referred  to  as  the  Bain 
strain. 

Bain  argued  in  favor  of  his  distortion  by  further  noting 
that  “there  are  also  extensions  and  compressions  locally 
developed  as  shown  by  the  roughening  of  a  polished  sur¬ 
face  of  austenite  (fee  parent)  after  martensitization  is 
brought  about  by  cooling  to  liquid-air  temperatures”.  But 
he  went  further  to  say  that  “it  is  not  to  be  supposed  that 
the  long  needles  (actually  plates  of  martensite)  one  sees 
in  an  austenite-martensite  mixture  are  wholly  of  one  ori¬ 
entation”,  reasoning  that  one  orientation  would  result  in 
too  much  strain  accumulation.  Thus,  Bain  noted  a  cor¬ 
respondence  and  distortion,  a  shape  change  of  a  trans¬ 
formed  region,  and  provided  the  notion  that  a  crystal  of 
martensite  is  not  really  a  single  crystal  (which  had  under¬ 
gone  solely  the  Bain  distortion).  These  three  features  in 
one  way  or  another  have  been  retained  in  present  think¬ 
ing  and  the  crystallography.  Bain  said  nothing  quanti¬ 
tative  about  the  shape  change  but  did  specify  numerically 
the  principal  strains  (distortions)  involved  in  his 
correspondence. 

III.  THE  ORIENTATION 
RELATIONSHIP  BETWEEN  THE 
MARTENSITE  AND  PARENT  LATTICES 

Referring  to  Figure  1,  it  is  easy  to  see  that  certain 
planes  and  directions  should  remain  parallel  after  the  Bain 
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Fig.  1  — Model  for  the  fee  to  bee  austenite  (-y)-martensite  (a)  trans¬ 
formation  in  steels  as  proposed  by  Bain.111  At  the  time  (1924)  it  was 
thought  that  martensite  was  the  same  as  cubic  a-iron. 


distortion  has  occurred  (“martensitization”).  For  exam¬ 
ple,  using  subscripts  P  and  M  for  the  fee  parent  and  bcc 
martensite,  respectively,  we  have 

[001L,  II  [0011* 

(001),,  II  (001)* 

[llO],  II  [010]* 

[lloip  II  [100]* 

(110)p  II  (010)* 

etc. 

In  other  words,  the  orientation  relationship,  as  ex¬ 
pressed  by  the  parallelism  of  important  planes  and  di¬ 
rections,  is  rational.  Not  much  later  it  was  shown  that 
this  simplicity  is  not  true.  Both  Kurdjumov  and  Sachs131 
and  Nishiyama141  using  X-ray  diffraction  found  that  these 


important  planes  and  directions  (as  well  as  some  others) 
were  not  really  parallel,  in  some  cases  detecting  devia¬ 
tions  of  more  than  a  few  degrees.  Thus,  the  correspond¬ 
ing  cells  in  the  martensite  and  the  parent  are  also  rotated 
with  respect  to  each  other.  Important  planes  and  direc¬ 
tions  were  no  longer  precisely  parallel  and  it  became  clear 
that  the  martensite-parent  orientation  relation  was  irra¬ 
tional.  Kurdjumov  and  Sachs131  and  Nishiyama141  did  find, 
however,  that  one  set  of  close-packed  planes  and  direc¬ 
tions  (in  those  planes)  were  parallel,  i.e., 

(11 1)P  i|  (011)* 

[Toi]p  ||  [III]* 

At  this  juncture,  both  Kurdjumov  and  Sachs131  and 
Nishiyama141  focused  on  the  orientation  relationship  and 
attempted  to  account  for  it.  They  did  not  employ  the  Bain 
strain,  but  rather  suggested  austenitic  slip  shears  com¬ 
bined  with  some  rather  ad  hoc  atomic  adjustments  to  yield 
the  observed  result. 

At  the  next  juncture,  people  began  to  note  that  mar¬ 
tensite  had  a  definite  habit  plane  and  that  the  surface 
relief  (macroscopic  shape  strain)  attendant  to  the  for¬ 
mation  of  a  plate  resembled  a  shear,  and  various  “shear 
mechanisms  were  put  forth.  However,  Machlin  and  Cohen 
changed  the  general  tone  of  thinking  when  they  showed 
conclusively  that  the  “macroscopic  shear”  accompany¬ 
ing  the  formation  of  a  plate  was  not  a  simple  shear,151 
and  Bowles161  described  the  strain  as  a  simple  tilting  of 
the  surface  about  its  intersection  with  the  habit  plane. 

IV.  THE  MARTENSITE  SHAPE 
STRAIN  (SURFACE  RELIEF) 

In  more  detail,  Bowles  and  Mackenzie171  termed  the 
shape  strain  an  invariant  plane  strain  (IPS)  according  to 
which  the  displacement  of  any  point  is  in  a  common  di¬ 
rection  and  proportional  to  its  distance  from  the  invariant 
(habit)  plane. 

A  schematic  representation  of  the  IPS  shape  change  is 
shown  in  Figure  3.  The  displaced  fiducial  scratch  DF 
was  originally  the  straight  line  DE,  and  the  habit  plane 
ABC  is  the  invariant  plane.  It  is  very  important  to  com¬ 
ment  that  the  direction  of  displacement  in  an  IPS  does 
not  in  general  lie  in  the  habit  plane.  In  other  words,  the 
macroscopic  displacement  by  an  IPS  has  both  a  shear 
and  a  volume  component,  the  latter  directing  the  overall 
displacement  out  of  the  plane.  In  the  case  of  pure  shear 
(like  in  mechanical  twinning),  the  displacement  vector 
lies  in  the  plane  because  there  is  no  volume  change.  But 
martensitic  transformations,  in  general,  have  both  a  shear 
and  a  volume  component,  the  latter  arising  from  the 
transformation  volume  (structural)  change.  There  is  no 
volume  (structural)  change  in  twinning.  Figure  4  depicts 
three-dimensionally  an  IPS  in  which  a  cube  is  distorted 
into  a  parallelepiped.  Plane  ABCD  is  the  invariant  plane 
and  the  displacement  direction  is  given  by  the  vector  d 
which  has  both  normal  and  parallel  components.  Clearly, 
a  volume  change  has  occurred,  given  by  the  normal 
component  of  the  displacement  vector. 

V.  THE  SUBSTRUCTURE  IN  MARTENSITE 

Although  not  known  by  Bain,111  Kurdjumov  and 
Sachs,131  Nishiyama,141  and  contemporary  investigators, 
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Fig.  2  —  A  different  lattice  correspondence  for  the  fcc-bcc  martensitic 
transformation  involving  larger  distortions  than  the  Bain  strain  shown 
in  Fig.  1. 


it  has  been  known  for  some  time  since  that  most  mar¬ 
tensites  have  a  fine  structure  consisting  of  internal  twins 
or  stacking  faults.  Somehow  this  must  fit  into  the  theory, 
and  so  did  the  two-shear  models  around  the  time  of 
Greninger  and  Troiano181  which  did  not  provide  an  ac¬ 
counting  of  all  the  known  geometrical  aspects  of  the 
transformation,  principally  because  the  shape  change  was 
taken  to  be  a  simple  shear  (not  IPS)  on  the  habit  plane. 
However,  the  important  point  was  made  by  Greninger 
and  Troiano  that  a  shear  on  the  habit  plane  failed  to  pro¬ 
duce  the  correct  martensite  crystal  structure.  As  will  be 
seen,  the  martensite  substructure  acts  to  counteract  cer¬ 
tain  dimensional  changes  brought  about  by  the  Bain  strain. 
It  should  be  mentioned  that  the  substructure  in  martens¬ 
ite  is  typically  on  the  scale  of  100  A,  and  this  inho¬ 
mogeneity  (twinning,  faulting,  and  slip  in  some  instances) 
is  frequently  referred  to  as  the  “inhomogeneous  shear” 
in  current  theories,  i.e.,  in  contrast  to  the  “shape  shear” 
which  is  actually  an  IPS  (with  both  a  shear  and  normal 
component). 

Figure  5  is  a  transmission  electron  micrograph  show¬ 
ing  a  single  martensite  plate  in  an  Fe-Ni-C  alloy  which 
is  finely  internally  twinned.  These  twins  are  referred  to 
as  transformation  twins.  Figure  6  shows  schematically 
the  appearance  of  internally  twinned  (a)  and  internally 
slipped  martensite  (b).  Note  that  the  jogs  in  the  interface 
act  in  “push-pull”  to  average  out  the  long-range  interface 
distortion.  Figure  7  shows  that  the  same  macroscopic  ef¬ 
fect  is  given  by  the  effective  shear  angle,  y.  Thus,  math¬ 
ematically  there  is  no  difference  between  Figures  7(a) 
and  (b)  and  use  is  made  of  this  “convenience”  in  theories 


Fig.  3  —  Idealized  representation  of  IPS  caused  by  the  formation  of 
martensite  plate  with  habit  (invariant)  plane  ABC.  The  straight  scratch 
DE  before  transformation  is  displaced  to  the  position  DF  by  the  mar¬ 
tensite  plate. 


Fig.  4 — Idealized  representation  of  a  general  IPS.  The  plane  ABCD 
is  invariant  and  the  direction  of  displacement  d  has  both  volume  (nor¬ 
mal)  and  shear  components  (parallel).  The  cube  becomes  a  parallel¬ 
epiped  of  larger  volume. 


Fig.  5 — Transmission  electron  micrograph  showing  internally 
twinned  martensite  plate  in  a  matrix  of  retained  austenite  in  an  Fe- 
Ni-C  alloy.  The  fine  twins  in  the  martensite  are  transformation  twins. 
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Fig.  6 — Schematic  appearance  of  internally  twinned  (a)  and  inter¬ 
nally  slipped  ( b )  martensite  plates.  The  serrated  interfaces  in  both 
cases  prevent  the  localized  Bain  strain  from  accumulating,  thus  leav¬ 
ing  the  interface  (habit  plane)  one  of  zero  average  distortion. 


which  follow.  As  Christian  has  pointed  out,191  when 
slipped  martensite  results,  the  interior  of  the  plates  is 
theoretically  featureless,  but  arrays  of  dislocations  exist 
at  the  martensite-parent  boundary.  On  the  other  hand, 
twinned  plates  contain  numerous  twin  boundaries,  but 
there  are  no  interface  dislocations. 

Clearly,  the  Bain  distortion  leaves  no  plane  undis¬ 
torted  because  everything  goes  along  with  the  upsetting 
process.  However,  the  inhomogeneous  shear  acts  to 
lengthen  vectors  shortened  by  the  Bain  strain  and 
vice  versa,  and  thus  undistorted  planes  (not  invariant 
planes)  can  be  found.  One  problem  still  remains  at  this 
point.  Even  though  the  required  structural  change  has 
been  effected  (by  the  Bain  distortion)  and  an  undistorted 
contact  plane  has  been  provided  for  (by  the  inhomoge¬ 
neous  shear),  the  habit  plane  is  still  not  unrotated  as  re¬ 
quired  from  observation.  Thus,  a  rigid  body  rotation  is 
additionally  incorporated  along  with  the  Bain  distortion 
and  inhomogeneous  shear,  and  these  are  the  three  phe¬ 
nomenological  steps  describing  the  total  transformation. 
There  is  no  time  sequence  implied  as  to  which  step  oc¬ 
curs  when.  The  combined  effect  of  these  three  opera¬ 
tions  must,  of  course,  be  equivalent  to  the  shape 
deformation.  Within  the  framework  just  described,  dif¬ 
ferent  crystallographic  features  such  as  the  habit  plane 
and  orientation  relationship  can  be  predicted  by  suppos¬ 
ing  that  the  inhomogeneous  shear  occurs  on  different 
crystallographic  plane  and  directions. 

VI.  FORMULATION  OF  THE  THEORY 

The  1950s  were  richly  rewarding  years  for  martensite. 
A  number  of  fundamentally  identical  models  evolved, 
making  extensive  use  of  matrix  algebra.  The  terminol¬ 
ogies  were  different  and  the  inner  workings  must  have 
appeared  disparate,  but  in  retrospect  all  paths  converged. 

The  basic  equation  of  the  crystallographic  theory  is 

P,  =  RPB  [1] 


Fig.  7  —  Idealized  diagram  showing  the  mathematical  equivalence  of 
twinning  (a)  and  slip  (b).  Regions  A  and  B  are  twin  related,  and  the 
overall  macroscopic  shear  angle  y  is  identical  in  each  case. 


where  B  is  the  Bain  distortion,  P  is  a  simple  (inhomo¬ 
geneous)  shear  (following,  mathematically,  the  Bain  dis¬ 
tortion),  R  is  the  rigid  body  rotation  previously  mentioned, 
and  P,  is  the  IPS  shape  deformation.  B,  P,  R,  and  Pi 
are  all  (3  X  3)  matrices.  The  matrix  product  RPB  is 
equivalent  to  the  shape  deformation  P,_and  the  rotation 
R  rotates  the  plane  left  undistorted  by  PB  to  its  original 
position.  That  is,  Pi  =  RPB  is  an  IPS. 

Although  Eq.  [1]  shows  the  inhomogeneous  shear  P 
following  the  Bain  distortion,  it  is  to  be  noted  that  the 
same  mathematical  result  is  obtained  by  “allowing”  the 
shear  to  occur  in  the  parent  phase  prior  to  the  Bain  dis¬ 
tortion.  By  following  this  latter  procedure,  there  are  cer¬ 
tain  computational  simplifications  to  be  gained,  and  in 
this  case  the  basic  equation  becomes 

P,  =  RBP  [2] 

where  P,  as  before,  represents  a  simple  shear. 

With  regard  to  the  previous  discussion,  it  will  be  noted 
that  the  IPS  shape  deformation  can  be  expressed  as 

P,  =  I  +  mdp' 


/l  0  °\ 

=  0  1  0  +  m[dtd2d3\  {pip2p3) 

\o  0  V 

(1  +  mdtpi  md]p2  mdxp3  \ 

md2P\  1  +  md2p2  md2p3  I  [3] 

md:pi  md3p2  1  +  md3p3J 

where  p'  (prime  meaning  transpose)  being  a  plane  nor¬ 
mal  is  written  as  a  (1  X  3)  row  matrix  in  contrast  to  d, 
a  lattice  vector,  which  is  a  (3  X  1)  column  matrix. 

Going  back  to  Eq.  [2],  it  is  noted  that  P  is  a  simple 
shear  and  therefore  of  the  invariant  plane  strain  form 
(I  +  mdp')-  Further,  the  inverse  of  P,  P  1  =  I  -  mdp', 
corresponds  to  a  simple  shear  of  the  same  magnitude  on 
the  same  plane,  but  in  the  opposite  direction.  Thus,  both 
P  and  P_l  are  IPSs.  It  is  then  convenient  to  rewrite 
Eq.  [2]  as 

P,P2  =  RB  14] 

where  P2  =  P  Since  P,  and  P2  are  IPSs,  their  product 
RB  is  an  invariant  line  strain,  S,  defined  by  the  planes 
(i.e.,  their  intersection)  which  are  invariant  to  Pi  and 
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P2.|7)  Once  the  invariant  line  strain  S  is  known,  all  the 
crystallographic  features  of  a  given  martensitic  transfor¬ 
mation  can  be  predicted.  It  is  beyond  the  scope  of  the 
present  account  to  go  into  the  details  of  the  invariant  line 
strain  analysis,  but  some  highlights  can  be  mentioned. 
The  Bain  correspondence  and  distortion  are  known  from 
the  lattice  parameters  of  the  parent  and  martensitic  phases. 
R  can  be  determined  once  the  plane  p2  and  direction  d2 
of  P2  are  assumed. 

The  important  results  of  the  invariant  line  strain  anal¬ 
ysis,  noting  that  the  shape  strain  is  P,  =  I  +  w,d,p;  and 
that  the  simple  shear  (preceding  the  Bain  distortion)  is 
P2  =  I  +  m2 d2p2,  are  as  follows  (where  the  magnitudes, 
directions,  and  planes  of  the  component  invariant  plane 
strains  are  given  respectively  by  m,  d,  and  p'). 

d,  =  [Sy2  -  y2]/p|y2  [5] 

Pi  =  (q2  -  q^sr'^s^d,  [6] 

where  y2  is  any  vector  lying  in  p2  (except  the  invariant 
line  x)  and  q2  is  any  normal  (other  than  n',  the  row  unit 
eigenvector  of  S_1,  i.e.,  n'S-1  =  n')  to  a  plane  contain¬ 
ing  d2.  The  normalization  factor  of  d, ,  in  Eq.  [5]  is  1  /m, 
and  therefore,  P,,  mu  d, ,  and  pi  are  all  determinable. 
The  matrix  R  is  determined  from  the  requirement  that  x 
and  n',  which  are  displaced  by  the  Bain  distortion,  must 
be  totally  invariant.  R  defines  the  orientation  relation¬ 
ship  within  any  small  region  of  the  martensite  plane  not 
involving  P2.  Thus,  the  assumed  correspondence  and  lat¬ 
tice  parameters  determine  B,  the  assumption  of  p2  and 
d2  allows  R  to  be  determined,  and  RB  =  S  defines  the 
elements  of  P, . 

The  previous  description  parallels  the  theoretical  de¬ 
velopment  given  by  Bowles  and  Mackenzie,171  but  the 
treatments  of  Wechsler  et  al.m  and  Bullough  and  Bilby[U1 
are  equivalent.  The  Bowles-Mackenzie  theory  has  been 
chosen  as  exemplary  not  only  because  of  its  comparative 
mathematical  simplicity,  but  also  because  this  theory  in¬ 
troduced  the  concept  of  an  invariant  line  strain,  which 
is  coming  into  focus  in  interpreting  certain  transforma¬ 
tions,  as  other  articles  from  this  conference  will  show. 

Some  variations  in  the  basic  theory  just  presented  in¬ 
clude  the  introduction  of  a  dilatation  parameter,171  which 
in  effect  slightly  relaxes  the  requirements  that  the  habit 
plane  be  undistorted,  and  the  incorporation  of  two  in¬ 
homogeneous  shear  systems112,131  such  that 

P,  =  RBS2S,  [7] 

where  S2  and  S,  are  the  two  inhomogeneous  shear  sys¬ 
tems  involved.  Neither  of  these  modified  approaches  is 
without  criticism,  and  the  double  shear  approach  relative 
to  the  original  single  shear  approach  loses  generality.1141 


VII.  DETERMINATION  OF  AN 
INVARIANT  PLANE  STRAIN 

One  cannot  simply  look  at  transformational  surface 
upheavals  (or  downheavals)  and  infer  that  an  invariant 
plane  strain  has  occurred.  A  good  deal  of  analysis  is  re¬ 
quired.  Another  question  concerns  whether  surface  “dis¬ 
turbances”  are  actually  indicative  of  what  has  happened 


within  the  material,  e.g.,  a  plate  of  martensite.  These 
problems  are  addressed  in  this  section. 

Dunne  and  Wayman1151  studied  the  formation  of  me¬ 
chanical  twins  in  single  crystal  cubes  of  Sn,  where  the 
twinning  system  is  known  to  be  (301)[T03] .  Twinning 
is  clearly  the  simplest  known  IPS,  and  in  all  cases  the 
twinning  (habit)  plane  was  determined  by  measuring  its 
trace  in  two  surfaces  and  then  following  standard  stereo¬ 
graphic  techniques.  The  surface  tilt  (displacement  of  the 
invariant  plane  strain)  was  measured  by  scratch  displace¬ 
ments  or  interference  fringe  counting.  Given  the  habit 
plane,  the  displacement  of  three  or  more  scratches  on 
one  surface  determines  the  IPS  displacement  vector.  The 
same  can  also  be  determined  by  measuring  plate  tilts  on 
two  surfaces  (two  tilt  method)  or,  in  an  overdetermined 
way,  the  displacement  can  be  obtained  from  tilts  on  three 
surfaces  (the  twin  goes  all  the  way  around  the  comer  of 
a  cube).  Their  results  are  given  in  Table  I.  It  can  be  seen 
that  the  angular  difference  between  the  experimental  and 
theoretical  twin  plane  normal  (p'  -  (301))  is  less  than 
one  degree.  Most  stereographic  projections  are  off  this 
much.  Similarly,  the  angle  between  the  twinning  plane 
and  direction  (p'  —  d)  is  orthogonal  within  experimental 
error,  and  there  is  very  little  scatter  in  the  (correct)  twin¬ 
ning  magnitude.  Of  significance  also  is  that  the  Bowles- 
Mackenzie  dilatation  parameter  8  is  unity  to  within  four 
decimal  places,  which  means  that  the  interface  is  truly 
undistorted,  as  demanded.  The  conclusions  are,  unques¬ 
tionably,  that  all  three  methods  employed  produce  un¬ 
usual  accuracy,  and  that  what  is  measured  at  the  surface(s) 
is  truly  indicative  of  the  behavior  of  the  subsurface  twins. 
Thus,  the  surface  measurements  are  not  superficial  and 
may  be  relied  upon  to  study  the  strains  associated  with 
displacive  phase  transformations,  and  moreover,  distor¬ 
tion  (if  it  exists)  in  the  interface  can  be  detected. 

The  next  point  concerns  determining  the  magnitude 
and  displacement  of  the  displacement  vector  of  the  IPS. 
First,  the  habit  plane  must  be  determined  by  standard 
two-surface  stereographic  analysis  using,  for  example,  a 
geologist’s  optical  goniometer.  Then,  at  least  three  non¬ 
parallel  scratches  must  be  made  (e.g.,  diamond  paste) 
on  one  surface.  After  transformation,  these  scratches  are 
displaced  by  the  martensite,  and  the  displacement  needs 
to  be  measured  accurately  (using  a  comparator,  for  ex¬ 
ample).  The  procedure  is  carried  out  stereographically 
as  shown  in  Figure  8  where  the  initial  and  final  positions 
of  a  scratch  define  a  great  circle.  Three  such  scratches 
intersect  at  d,  the  direction  of  displacement  of  the  in¬ 
variant  plane  (p')  strain.  Normalization  of  the  vector  d 
yields  the  magnitude  of  the  shape  strain.  This  procedure 
is  laborious,  but  must  be  used  for  definitive  results.  The 
austenite-martensite  orientation  relationship  is  usually 
obtained  by  the  microbeam  Laue  back-reflection  method, 
where  the  distance  between  spots  is  measured  accurately 
with  a  comparator. 

VIII.  VINDICATIONS  OF  THE  PTMC 

There  are  many  success  stories  which  can  be  told  here, 
but  time  and  space  permit  a  limited,  but  representative, 
selection.  One  of  the  first  involves  a  study  of  a  Au- 
47.5  at.  pet  Cd  alloy  by  the  late  Professor  Read  and  as¬ 
sociates.  This  alloy  undergoes  a  cubic-to-orthorhombic 
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Table  I.  Measurements  of  the  Twinning  Shear  Elements  Referred  to  the  Crystals  Basis'151 


Angular 

Angular 

P 

Angular 

Difference 

Difference 

Difference 

p'  -  (301) 

d  -  [103] 

p'  -  d 

Number 

P' 

(Degree) 

d 

(Degree) 

(Degree) 

Scratch  displacement  method 

1  /  3.0171 \ 

— 0.0635 
\  1.0000/ 

2  /  3.09 17\ 

— 0.0323 
\  1.0000/ 

3  /  3.0577\ 

0.0424 

\  1.0000/ 

4  /  3.041o\ 

-0.0353 

\  1.0000 / 

5  /  3. 0940 \ 

-0.0022 
\  1.0000/ 


0.99 


0.92 


0.84 


0.67 


0.78 


-1.0000 

-0.0230 

3.0795 

-1.0000 

-0.0081 

2.8902 

-1.0000 

-0.0457 

2.8200 

1.0000 

0.0316 

3.0603 

-1.0000 

-0.0265 

3.0339 


0.97  89.49  0.09625  ±  0.00376  1 .00030  ±  0.00203 

1.02  91.71  0.10156  ±  0.00609  0.99898  +  0.00342 

2.15  92.10  0.09726  +  0.00456  0.99881  +  0.00157 

1.05  89.85  0.09905  +  0.00099  1.00008  +  0.00045 

0.84  90.50  0.10274  ±  0.01734  0.99971  +  0.00361 


Two  tilt  method 


5(a)  ^ 

l  3. 0940 \ 
-0.0022 
l  1.0000/ 

0.78 

1.0000 

-0.0077 

3.0938 

0.82 

0.10305 

Three  tilt  method  _  . . 

6  ^ 

/  3. 0793 \ 
0.0185 
^  1.0000 / 

0.65 

-1.0000 

0.0096 

3.0547 

0.47 

90.18 

0.09871 

0. 999911 

Fig.  8  —  Stereographic  analysis  of  the  shape-strain  direction  d  in  a 
martensitic  transformation.  The  scratch  y  before  transformation 
becomes  transformed  into  the  scratch  y.  y,  and  y  define  a  great  circle, 
and  three  such  great  circles  intersect  at  the  unique  point  d,  the  direc¬ 
tion  of  displacement  of  the  IPS  shape  deformation.  The  habit  plane 
is  p. 


martensitic  transformation  in  the  vicinity  of  60  C  and 
observations  on  this  alloy  were  the  seeds  of  the  WLR1101 
theory.  By  transforming  a  rod-like  specimen  of  this  alloy 
in  a  temperature  gradient,  it  was  possible  to  freeze  the 
parent-martensite  interface  in  place  and  make  experi¬ 
mental  observations  on  both  sides  of  the  interface.  By 
choosing  the  appropriate  thermal  gradient,  it  was  pos¬ 
sible  to  nucleate  a  single  domain  of  martensite  which 
propagated  from  one  end  of  the  original  crystal  by  means 
of  the  passage  of  a  single-interface  habit  plane.  The  habit 
plane  was  readily  measured,  and  the  kink  of  the  crystal 
about  the  single  interface  permitted  the  shape  deforma¬ 
tion  to  be  deduced.  It  was  also  noted  that  the  martensite 
was  twinned,  seen  even  with  a  low-power  optical  micro¬ 
scope,  the  twinning  plane  being  {1 1 1}  of  the  orthorhom¬ 
bic  martensite,  which  according  to  the  lattice 
correspondence  used  was  generated  from  the  {101}  plane 
in  the  cubic  phase.  The  predicted  and  observed  experi¬ 
ments  are  in  excellent  agreement.1161  Table  II  is  taken 
from  their  work. 

It  could  be  argued  that  the  outstanding  theory- 
experiment  agreement  in  the  Au-Cd  case  is  of  limited 
validity  because  the  habit  plane,  traversing  the  lateral 
dimensions  of  a  rodlike  single  crystal,  is  totally  uncon¬ 
strained,  i.e.,  sees  no  resistance  from  its  matrix.  But  the 
theory  works  equally  well  (in  fact,  better,  using  more 
refined  experimental  techniques)  on  plates  of  martensite 
formed  within  grains  of  the  matrix  as  in  steels  and  many 
other  commercial  alloys.  A  case  in  point  here  is  Fe-Pt 
alloys  near  the  composition  Fe3Pt  as  studied  by  Efsic  and 
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Table  II.  Comparison  of  Experimental  and  Theoretical  Results  for  Au-47.5  At.  Pet  Cd[161 


Quantity 

Experimental 

Theoretical 

Difference 

Habit  plane,  p! 

r  0.696-1 

r  0.69687 

<1.5  deg 

-0.686 

-0.6810 

L  0.213-1 

L  0.2250-i 

Direction  of  shape  deformation,  d. 

r0.660“i 

r0. 65107 

<1.5  deg 

0.729 

0.7322 

Lo.  183-1 

Lo.2001-1 

Angle  of  shape  deformation  shear 

2.94  deg 

3.28  deg 

0.36  deg 

Orientation  relationship 

(001),|(001)o 

(001),.  2  deg  40  min  from 

2.5  deg 

(001)„  [twin  orientation  1] 

(0 1 0),.  2  deg  27  min  from 
(010)„  [twin  orientation  2] 

[liiytoiiL 

[  1 1 1  ]c  18  min  from 

0.3  deg 

[01 1  ]0  [twin  orientation  1] 
[111],.  18  min  from 
[011]„  [twin  orientation  2] 

the  author. [17]  Habit  planes  were  determined  by  two-surface 
analysis,  the  orientation  relationship  determined  by  the 
microbeam  Laue  technique,  and  the  shape  strain  deter¬ 
mined  by  the  three-scratch  displacement  method  as  shown 
in  Figure  8. 

The  experimental  results  from  the  Fe-Pt  study  are  shown 
in  the  stereographic  projection  (Figure  9).  Two  deter¬ 
minations  of  the  orientation  relationship  were  made  and 
found  to  be  too  close  to  be  distinguished  stereographi- 
cally.  The  agreement  with  the  theory  was  excellent. 
Likewise,  the  theoretical  positions  of  the  habit  plane  nor¬ 
mal  (p)  and  shape-strain  direction  (d)  lay  within  the  small 


Fig.  9  —  Portion  of  a  stereographic  projection  showing  experimental 
values  of  p  and  d  for  a  martensitic  transformation  in  an  Fe-24.5  at 
pet  Pt  alloy.  Two  measurements  of  the  orientation  relationship  (E,  and 
E2)  were  too  close  to  be  resolved  in  the  scale  of  the  drawing,  -d  is 
plotted  so  that  both  the  habit  plane  (p)  and  shape-strain  direction 
appear  on  the  upper  side  of  the  stereographic  projection. 1171 


scatter  displayed  by  the  experimental  quantities.  The 
predicted  magnitude  of  the  shape  strain  mx  =  0.229  com¬ 
pares  very  favorably  with  the  average  of  five  experi¬ 
mental  results,  m,  =  0.216,  and  it  was  concluded  that 
the  overall  agreement  between  experimental  measure¬ 
ments  and  theoretical  predictions  was  “essentially  perfect.  ” 
Another  vindication  of  the  crystallographic  theory  lies 
in  its  ability  to  explain  certain  martensite  morphologies 
of  the  self-accommodating  type.  In  many  ferrous  and 
nonferrous  alloys  as  well,  the  plates  of  martensite  form 
with  a  spear-like  or  diamondlike  morphology,  as  shown 
in  Figure  10  for  a  Cu-40  pet  Zn  alloy  almost  fully  trans¬ 
formed  to  martensite,  where  the  various  spears  (wedges) 
and  diamonds  (back-to-back  spears)  are  evident  in  sur¬ 
face  relief.  Saburi  and  Wayman1181  studied  the  diamond 
morphology  in  six  different  alloy  systems  and  came  to 
the  same  conclusion  in  each  case.  Figure  1 1 ,  for  a  Cu- 
Zn-Ga  alloy  depicts  the  idealized  diamond  morphology 
(a  plate  group).  Figure  1 1(a)  and  (b)  plots  the  four  habit 


Fig.  10  —  Surface  relief  optical  micrograph  of  martensite  plates 
formed  in  a  Cu-40  pet  Zn  alloy.  The  white  areas  are  untransformed 
parent.  Note  that  the  plates  form  as  pairs  with  a  spear  morphology  or 
as  back-to-back  spears  giving  rise  to  a  diamond  morphology.  These 
plates  are  self-accommodating.  See  text. 
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Fig.  11— Diamond-shaped  plate  morphology  (a)  frequently  seen  in 
martensitic  transformations.  The  habit  planes  of  plates  A,  B,  C_,  and 
D  are  plotted  stereographically  in  (b).  The  planes  (100)  and  (Oil)  are 
junction  planes — not  habit  planes.1181 


planes  (experimental)  clustered  around  a  (Oil)  pole  of 
the  parent.  The  (Oil)  and  (100)  planes  of  the  parent  are 
bisectors.  The  observed  habit  planes  successfully  cal¬ 
culated  using  the  theory  and  the  corresponding  shape- 
strain  matrices  were  determined  as  well  and  are  listed  in 
Table  III  for  variants  A,  B,  C,  and  D.  The  last  row 
grouping  lists  the  numerical  average  of  results  A,  B,  C, 
and  D  and  proves  to  be  essentially  the  identity  matrix 


Table  III.  Calculated  Shape  Deformation  Matrices'181 


Shape  Deformation,  CuZnGa 


A 

1.003 

0.016 

-0.016 

0.016 

1.080 

-0.079 

0.019 

0.095 

0.906 

B 

1.003 

0.016 

-0.016 

-0.019 

0.906 

0.095 

-0.016 

-0.079 

1.080 

C 

1.003 

-0.016 

0.016 

0.019 

0.906 

0.095 

0.016 

-0.079 

1.080 

D 

1.003 

-0.016 

0.016 

-0.016 

1.080 

-0.079 

-0.019 

0.095 

0.906 

Average 

1.003 

0 

0 

0 

0.993 

0.008 

0 

0.008 

0.993 

(0.008  is  very  close  to  zero).  This  means  that  the  four 
individual  shape  strains  taken  as  a  group  cancel  each  other 
and  that  the  diamond-shaped  volume  ABCD  is  essen¬ 
tially  distortionless  on  a  macroscopic  scale,  i.e. ,  the  total 
transformation  strain  energy  is  essentially  nil.  This  “co¬ 
operation”  among  martensite  plates  is  common. 

A  detailed  study  of  the  martensitic  transformations  in 
Ti-Ta  alloys  has  been  reported  by  Bywater  and 
Christian,1191  who  studied  compositions  up  to  53  wt  pet 
Ta.  They  noted  that  martensitic  transformations  in  Ti  and 
its  alloys  are  unusual  in  that  the  principal  distortions  of 
the  Bain  strain  are  rather  small.  One  of  the  three  is  nearly 
unity  in  pure  Ti  and  becomes  exactly  unity  in  high  Ta 
content  alloys.  In  such  a  case,  the  Bain  strain  per  se 
results  in  an  undistorted  plane  of  contact.  It  was  indeed 
observed  that  such  plates  contained  no  internal  twins  be¬ 
cause  there  is  no  need  for  an  inhomogeneous  shear  in 
the  transformation,  i.e..  Pi  =  RB. 

Watanabe  and  Wayman1201  studied  the  austenite- 
martensite  transformation  in  high-carbon  aluminum  steels 
and  focused  on  crystallographic  aspects.  Of  particular 
interest  was  the  fact  that  for  a  given  carbon  content,  ad¬ 
ditions  of  aluminum  produce  an  “excessively”  high  te- 
tragonality  in  the  martensite.  This  means  that, 
theoretically,  the  amount  of  Bain  “upsetting”  will  be  less. 
In  studying  an  Fe-7A1-2C  (wt  pet)  alloy  it  was  found  that 
the  martensite  tetragonality  was  c/a  —  1.14  compared 
to  1.08  in  very  high  carbon  steels.  Because  of  the  less 
severe  Bain  strain,  the  experimental  shape  strain  mag¬ 
nitude  was  0.12  in  contrast  to  a  value  of  0.22  for  plain 
carbon  steels,  Fe-Ni-C  steels,  and  carbon-free  Fe-Ni  al¬ 
loys.  This  lower  value  of  mj  for  the  Al-steels  is  consis¬ 
tent  with  the  smaller  Bain  strain  according  to  Eq.  [1], 
i.e.,  a  smaller  Bain  strain  gives  rise  to  a  smaller  shape 
strain. 

The  above  successes  are  not  meant  to  imply  that  all 
martensitic  transformations  can  be  crystallographically 
explained  using  the  PTMC.  Indeed,  for  some  time  the 

well-known  transformations  in  Cu-Al-Ni120-2'1  and  Ni-Ti1 . 

shape  memory  alloys  remained  enigmas  until  workers 
observed  that  these  martensites  were  internally  twinned 
according  to  a  type  II  mechanism.  Heretofore,  the  more 
familiar  type  I  twinning  was  employed  in  typical  mar¬ 
tensite  calculations.  These  transformations  are  now  ex¬ 
plained  by  the  PTMC.  There  are,  however,  two  familiar 
cases  which  have  yet  to  be  explained  theoretically  by  the 
PTMC:  the  {11  l}-lath  and  the  {225}-plate  martensites 
found  in  steels. 


IX.  SUMMARY 

Most  martensitic  transformations  studied  to  date  are 
very  much  in  compliance  with  the  crystallographic  the¬ 
ory  introduced  in  the  1950s,  and  accordingly  a  martens¬ 
itic  transformation  may  be  described  in  the  following  way , 
as  introduced  by  Clark  and  the  author  in  1970:1241 

“A  martensitic  transformation  is  in  general  described 
by  an  invariant-plane  strain  relief  effect  at  a  free  sur¬ 
face,  an  irrational  habit  plane  and  orientation  relation¬ 
ship,  a  lattice  correspondence  between  substitutional 
atoms  which  implies  the  absence  of  long-range  dif¬ 
fusion,  and  the  presence  of  an  internal  inhomogeneity 
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such  as  twinning,  all  of  these  features  being  uniquely 
related  in  accordance  with  the  phenomenological  crys¬ 
tallographic  theory,  according  to  which  this  body  of 
information  is  completely  internally  consistent.” 

In  effect,  according  to  this  description,  one  uses  all  as¬ 
pects  of  the  crystallography  to  define  martensite. 

The  previous  description  is  not  to  say  that  transfor¬ 
mations  not  commonly  recognized  as  martensitic  do  not 
fit  the  picture.  Indeed,  the  formation  of  CuAu  II  by  or¬ 
dering1251  and  the  formation  of  “suboxides”  in  Ta[261  con¬ 
form  very  well  to  all  aspects  of  the  theory.  However, 
CuAu  II  and  TaO  may  have  lattice  correspondences  and 
lattice  correspondences  are  what  the  theory  is  all  about. 
But  greater  rigor  both  in  the  laboratory  and  at  the  com¬ 
puter  is  required  before  it  can  be  said  that  the  PTMC 
does  indeed  apply  to  a  given  nonmartensitic  transfor¬ 
mation.  Or  in  short,  caveat  emptor. 
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A  History  of  the  Controversy  over  the  Roles  of  Shear  and 
Diffusion  in  Plate  Formation  above  Md  and  a  Comparison 
of  the  Atomic  Mechanisms  of  These  Processes 


H.I.  AARONSON  and  M.G.  HALL 

The  evolution  of  the  controversy  over  the  roles  played  by  shear  and  by  diffusion  in  the  formation 
of  plate-shaped  transformation  products  above  Md  is  traced  along  its  principal  pathways.  Growth 
by  shear  is  taken  to  occur  through  the  glide  of  dislocations,  whereas  diffusional  growth  is  con¬ 
sidered  to  occur  by  means  of  the  biased  random  walk  of  individual  atoms.  Both  mechanisms 
are  based  upon  growth  ledges,  but  during  shear,  risers,  and  in  some  cases  terraces,  are  mobile 
in  non-fcc/hcp  transformations;  however,  during  diffusional  growth,  only  the  risers  (and  more 
likely,  only  kinks  on  the  risers)  are  mobile  when  there  is  a  stacking  sequence  difference  across 
the  terrace  of  a  growth  ledge.  The  aura  of  the  powerful  and  elegant  phenomenological  theory 
of  martensite  crystallography  (PTMC)  appears  to  have  persuaded  many  researchers  that  even 
above  Md,  plates  usually  form  by  shear  because  one  or  more  of  the  multiple  requirements  for 
the  applicability  of  the  PTMC  appears  to  be  fulfilled.  As  the  preceding  article  by  Wayman  in 
these  conference  proceedings  emphasizes,  however,  all  of  these  requirements  must  be  fulfilled 
in  a  self-consistent  manner  if  a  plate  is  to  qualify  as  the  product  of  a  shear  transformation 
mechanism.  Successful  application  of  the  invariant  line  (IL)  component  of  the  PTMC  to  pre¬ 
cipitate  plates  and  needles  or  rods  by  Dahmen  and  co-workers  provides  a  phenomenological 
reason  why  the  crystallographies  and  surface  reliefs  of  ledgewise  shear  and  ledgewise  diffusional 
growth  sometimes  appear  to  be  identical.  While  the  IL-containing  broad  faces  of  a  martensite 
plate  minimize  the  transformation  strain  energy,  the  same  situation  in  plates  formed  by  ledge¬ 
wise  diffusional  growth  tentatively  appears  to  engender  a  minimum  in  the  kinetics  of  growth 
ledge  generation  and/or  the  lateral  growth  kinetics  of  such  ledges. 


I.  INTRODUCTION 

As  part  of  “setting  the  stage”  for  the  proceedings  of 
this  conference  on  the  roles  of  shear  and  diffusion  in  the 
atomic  processes  involved  in  the  formation  of  plate¬ 
shaped  transformation  products,  it  seems  appropriate  to 
include  a  fairly  detailed  history  of  the  origins  of  this 
controversy  and  the  various  paths  along  which  it  has  de¬ 
veloped.  This  historical  account  takes  up  most  of  the 
present  article.  Because  a  number  of  opportunities  has 
recently  become  available  for  discussing  in  detail  the 
current  status  of  the  shear  and  the  ledgewise  diffusional 
views  on  plate  formation,11-61  the  historical  account  is 
followed  by  only  a  brief  comparison  of  these  two 
viewpoints. 

II.  A  HISTORY  OF  THE  SHEAR 
vs  DIFFUSION  CONTROVERSY 

A.  Early  History  (1929  to  1934) 

Perhaps  the  first  clear  intimation  that  the  carbide- 
containing  ferrite  plates  developed  at  intermediate 
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reaction  temperature  in  steel  may  form  by  high-velocity 
shear  is  due  to  Robertson,171  who  proposed  in  1929  that 
the  progressive  darkening  of  the  optical  microstructure 
with  decreasing  reaction  temperature  results  from  in¬ 
creasing  amounts  of  carbide  precipitation  consequent  upon 
the  taking  of  larger  proportions  of  carbon  into  solid  so¬ 
lution  by  growing  ferrite  plates.  However,  the  contro¬ 
versy  itself  may  be  fairly  said  to  have  begun  the  following 
year,  when  Davenport  and  Bain181  essayed  a  similar  hy¬ 
pothesis.  Nonetheless,  Hoyt,191  in  a  discussion  to  their 
classic  article,  concluded  that  the  configuration  of  what 
is  now  known  as  the  time-temperature-transformation 
(TTT)  diagram  demonstrated  that  the  transformation 
products  that  were  not  clearly  martensite  must  have  formed 
by  a  nucleation  and  growth  process,  controlled  by  the 
kinetics  of  nucleation,  and  thus,  implicitly,  by  a  diffu¬ 
sional  mechanism.  And  in  1931,  when  Mehl  and  Barrett1101 
examined  the  crystallography  of  hexagonal  close  packed 
(hep)  y  AlAg2  formation  from  face-centered  cubic  (fee) 
a  Al-Ag,  they  concluded  that  while  the  transformation 
mechanism  could  be  represented  as  a  shear  process,  un¬ 
certainty  remained  as  to  whether  the  actual  atomic  trans¬ 
port  during  the  crystal  structure  change  takes  place  by 
shear  or  diffusion.  Several  investigators  [10A,  10B,  10C], 
recognizing  the  contradiction  inherent  in  the  concept  of 
a  transformation  requiring  a  composition  change  taking 
place  by  shear,  proposed  that  the  necessary  diffusion  takes 
place  in  the  matrix  phase  prior  to  the  occurrence  of  the 
phase  transformation. 
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B.  Surface  Relief-Based  History  (1952  to  Date) 

1.  Introduction 

An  invariant  plane  strain  (IPS)  surface  relief  effect  is 
produced  when  the  interception  of  a  growing  plate  by  a 
free  surface  that  was  polished  flat  prior  to  transformation 
causes  the  intercepted  area  to  rotate  about  a  line  of  inter¬ 
section  between  the  plate  and  the  surface,  as  illustrated 
in  Figure  l.[11]  Note  that  the  rotated  surface  remains  flat. 
Thus,  a  linear  scratch  present  on  the  surface  before 
transformation  has  occurred  will  be  abruptly  deflected — 
while  remaining  straight — as  it  passes  over  the  trans¬ 
formed  area  of  the  surface.  The  scratch  resumes  its  orig¬ 
inal  direction  upon  returning  to  the  matrix  phase  but  is 
now  laterally  displaced  to  position  STT'S'  in  Figure  1. 
(See  the  article  by  Wayman1121  in  these  conference  pro¬ 
ceedings  for  a  more  detailed  discussion  of  the  IPS  con¬ 
cept  and  of  the  measurements  that  must  be  made  in  order 
to  confirm  the  presence  of  such  a  surface  relief.) 

During  a  shear  or  martensitic  transformation,  it  fol¬ 
lows  automatically — at  least  in  substitutional  alloys — 
that  neither  a  change  in  composition  nor  a  change  from 
long-range  order  to  a  different  level  of  long-range  order, 
short-range  order,  or  disorder  can  accompany  the  trans¬ 
formation,  because  the  transformation  mechanism  is  based 
upon  dislocation  glide  rather  than  any  diffusional  pro¬ 
cess.1 [13,14,151  Hence,  in  the  following  historical  account, 
the  occurrence  of  either  of  these  changes  in  conjunction 
with  an  IPS  surface  relief  is  seen  to  run  directly  counter 
to  the  soon  widely  held  belief  that  such  a  relief,  when 
accompanied  by  an  appreciable  shear  component,  pro¬ 
vides  a  unique  identification  of  a  martensitic  transfor¬ 
mation  mechanism  at  the  atomic  scale.  These 
contradictions,  repeatedly  observed  and  still  more  often 
disputed,  have  provided  one  of  the  principal  “foundation 
stones”  of  the  present  conference. 


c 


Fig.  1 — The  shape  deformation  (and  invariant  plane  strain  surface 
relief  effect — ABCD)  produced  by  a  martensite  plate  (ABCDOLMN) 
intercepting  a  free  surface  (defined  by  the  parallel  dashed  lines  EH 
and  FG).  Note  that  the  tilted  surface  ABCD  remains  planar  and  causes 
an  initially  straight  scratch  to  be  deflected  to  TT'  where  it  crosses  the 
martensite  plate  and  then  laterally  displaced  to  final  position  T'S'.1"1 


2.  Formation  of  Invariant  Plane  Strain  (IPS) 

surface  reliefs  during  growth  of  plates  with  a 

change  in  composition  or  in  long-range  order 

In  1952,  Ko  and  Cottrell'161  observed  the  growth  of 
lower  bainite  at  temperature  with  hot-stage  optical 
microscopy.  While  contrary  to  expectation,  e.g. 
References  7  and  8,  the  bainite  structures  were  observed 
to  grow  slowly,  their  formation  was  seen  to  be  accom¬ 
panied  by  a  pronouncedly  geometric  surface  upheaval 
qualitatively  similar  to  that  associated  with  martensite 
plate  formation  at  a  free  surface.  The  following  year  Ko[171 
reported  an  equivalent  surface  relief  observation  on 
Widmanstatten  ferrite  plates  formed  at  a  much  higher 
temperature.  These  results  led  Ko  to  propose  that  in 
interstitial  alloys,  displacement  of  the  substitutional  atoms 
forming  the  crystallographic  frameworks  of  the  matrix 
and  product  phases  could  take  place  by  shear  whereas 
that  of  the  interstitial  atoms  could  occur  simultaneously 
by  means  of  diffusion. 

Also  in  1953,  Wechsler  et  al.m  and  Bowles  and 
Mackenzie'191  presented  in  different,  but  essentially 
equivalent,'11,131  forms  what  is  now  known  as  the  phe¬ 
nomenological  theory  of  martensite  crystallography 
(PTMC).  This  theory  defined  the  surface  relief  attending 
formation  of  a  martensite  plate  as  an  IPS  type  of  shape 
strain.  Hull'201  then  proposed  that  the  appearance  of  an 
IPS  relief  be  used  to  identify  the  operation  of  the  shear 
mode  of  transformation.  In  a  particularly  influential  early 
review,  which  appeared  in  1956,  Bilby  and  Christian'131 
strongly  re-enforced  this  view  and  emphasized  that  “The 
change  of  shape,  with  its  extra  energy,  is  apparently  tol¬ 
erated  only  because  there  exists  an  easy  growth  mech¬ 
anism,  not  requiring  atomic  diffusion,  which  leads  to  the 
rapid  production  of  a  new  phase  and  a  net  lowering  of 
the  free  energy.”  They  immediately  noted  that  the  ab¬ 
sence  of  a  change  in  composition  or  in  long-range  order 
follow  directly.  Growth  of  martensite  plates  by  glissile 
dislocation  arrays  in  their  interphase  boundaries  was  taken 
almost  for  granted  in  this  review,  because  this  seemed 
to  be  the  only  means  available  for  producing  the  near- 
sonic  growth  kinetics  sometimes  observed.1211  The  first 
attempt  to  derive  such  a  mobile  interfacial  structure  was 
made  3  years  earlier  by  Frank.1221 

The  problem  of  applying  the  PTMC  to  transformations 
producing  plate-shaped  products,  taking  place  above  the 
temperature  range  normally  associated  with  martensite, 
was  first  addressed  in  detail  by  Christian.'141  He  ex¬ 
pressed  skepticism  about  the  existence  of  sessile  dislo¬ 
cation  boundaries  at  the  interfaces  of  such  plates.  Christian 
concluded  that  if  such  interfacial  structures  do  exist  and 
if  they  can  be  displaced  normal  to  themselves,  say  by 
dislocation  climb,  the  IPS  surface  reliefs  associated  with 
them  would  disappear  as  quickly  as  they  form  under  the 
driving  force  of  strain  energy  reduction,  because  the  dif¬ 
fusion  distances  involved  in  growth  and  IPS  relief  elim¬ 
ination  are  comparable.  However,  when  the  diffusion 
distance  is  small  relative  to  that  required  to  eliminate  the 
IPS  relief,  as  in  the  formation  of  the  long-range  ordered 
AuCu  II  plates  from  disordered  Au-50  at.  pet  Cu,1231  the 
relief  was  expected  to  survive. 

Christian'241  further  developed  his  views  on  the  trans¬ 
formation  mechanism  of  plates  formed  above  the  usual 
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martensite  range  in  another  important  review.  The  pres¬ 
ence  of  a  shear  component  in  the  IPS  relief  was  taken 
to  demonstrate  the  presence  of  a  correspondence  be¬ 
tween  lattice  sites  but  not  necessarily  between  individual 
atoms  in  the  matrix  and  product  phases,1291  as  earlier  noted 
by  Bowles  and  Mackenzie. 11 9]  Further,  the  IPS  relief  was 
proposed  to  appear  whether  the  interphase  boundary  has 
a  fully  coherent,  partially  coherent,  or  an  incoherent 
structure  with  the  shear  component  being  absent  only  in 
the  latter  case.[24]  However,  Christian  has  privately  re¬ 
marked  to  us  that  when  the  shear  component  is  not  pres¬ 
ent,  the  free  surface  will  not  be  tilted,  and  thus,  the 
characteristic  IPS  surface  relief  will  not  appear.  These 
two  statements  represent  a  further  development  of  the 
views  of  Hull1201  and  of  Bilby  and  Christian111’131  on  the 
significance  of  the  IPS  surface  relief  effect.  Comment 
was  also  included  on  an  article  by  Laird  and  Aaronson,1251 
in  which  a  possible  IPS  surface  relief  effect  was  iden¬ 
tified  in  a  transformation,  the  precipitation  of  hep  y  AlAg2 
from  fee  a  Al-Ag,  wherein  a  composition  change  sup¬ 
posedly  occurs  throughout  the  growth  process.  (The 
composition  change  was  subsequently  supported  by 
analysis  of  the  kinetics  of  hot-stage  transmission  electron 
microscopy  (TEM)  measurements  of  the  growth  kinetics 
of  individual  ledges  showing  that  they  are  controlled  by 
the  volume  interdiffusion  of  A1  and  Ag  atoms.1261) 
Christian  noted,  though,  that  the  details  of  the  surface 
relief  had  not  been  clearly  defined.  Liu  and  Aaronson1271 
subsequently  used  interferometry  to  show  that  the  shape 
change  is  initially  the  half-twinning  shear  expected  to 
accompany  an  fcc/hcp  transformation.  They  also  mea¬ 
sured  the  tilt  angle  as  a  function  of  isothermal  reaction 
time.  As  shown  in  Figure  2, 1271  the  surface  relief  did  di¬ 
minish,  but  so  did  orders  of  magnitude  more  slowly  than 
originally  predicted.1141  They  remarked  that  the  pro¬ 
longed  survival  of  the  shape  change  is  simply  the  result 
of  the  driving  force  for  relaxation  being  considerably  less 
than  that  for  formation.  Christian1281  now  accepts  that  a 
lattice  correspondence  “cannot  easily  be  destroyed  in  the 
growth  process  during  transformations  which  clearly  in¬ 
volve  diffusion.” 

Observations  on  surface  relief  effects,  which  included 


Fig.  2  —  Tilt  angle  of  the  surface  relief  generated  by  the  interception 
of  a  polished  surface  by  y  AlAg2  plates  as  a  function  of  the  logarithm 
of  the  isothermal  reaction  time.|27! 


a  shear  component  attending  plate  formation  in  binary 
substitutional  alloys,  were  made  some  years  earlier. 
Probably  because  the  transformation  crystallography 
tended  to  agree  with  the  PTMC;  however,  the  implica¬ 
tion  was  usually  drawn  that,  at  least  during  the  stage  of 
transformation  studied,  the  composition  of  the  precipi¬ 
tates  was  the  same  as  that  of  the  matrix.  Thus,  the  report 
by  Bowles  and  Tegart1291  that  B2-ordered  CuBe  plates 
precipitated  from  fee  a  Cu-4.4  wt  pet  Be  yielded  a  relief 
effect  similar  to  that  produced  by  martensite  plates  dur¬ 
ing  the  early  stages  in  the  growth  of  the  CuBe  plates  was 
interpreted  by  Christian1141  in  terms  of  an  implied  ab¬ 
sence  of  a  composition  change. 

Similarly,  the  formation  of  surface  reliefs  quantita¬ 
tively  similar  to  those  associated  with  martensite  plates 
formed  at  subzero  temperatures  in  /)  Cu-Zn  alloys  (where 
a\  Cu-Zn  plates  meet  a  prepolished  surface1301)  led  ini¬ 
tially  to  hints  that  the  composition  of  these  plates  might 
not  differ  from  that  of  their  matrix  during  the  initial  stages 
of  growth.114'29,301  Warlimont[29A1  noted  that  the  crystal 
structure  of  a  Cu-Zn  plates  is  actually  orthorhombic,  the 
same  as  that  of  martensite  in  these  alloys.  Also,  as  in 
this  martensite,  the  a  Cu-Zn  plates  are  densely  arrayed 
with  stacking  faults.131'321  Comelis  and  Wayman1331  re¬ 
designated  these  plates  as  a1  and  confirmed  that  their 
surface  reliefs  are  of  the  IPS  type.  Flewitt  and  Towner1341 
reported  the  first  microanalysis  of  a,  plate  composition. 
Their  data  appeared  to  support  early  suggestions  that  the 
composition  of  these  plates  is  initially  the  same  as  that 
of  their  ordered  [3  matrix.  However,  it  was  soon  pointed 
out  that  the  effective  spot  diameter  of  the  electron  probe 
used  by  Flewitt  and  Towner  was  comparable  to  the  sum 
of  the  thickness  of  a  plate  and  of  the  associated  solute 
concentration  field.1351  Comelis  and  Wayman1361  repeated 
the  composition  analysis  study  with  a  higher  resolution 
instrument,  using  thin  foils  instead  of  the  bulk  specimens 
employed  by  Flewitt  and  Towner  (thereby  permitting 
achievement  of  a  smaller  effective  “spot”  diameter),  but 
obtained  the  same  result  as  their  predecessors:  the  zinc 
concentration  in  a,  is  the  same  as  that  in  the  ordered 
j8  matrix  until  a  later  stage  in  plate  thickening.  Lorimer 
et  al.1371  used  an  analytical  electron  microscope  with  a 
still  higher  spatial  resolution  to  re-examine  specimens 
used  by  Comelis  and  Wayman.  They  secured  an  entirely 
different  result:  the  a t  plates  had  a  lower  zinc  concen¬ 
tration  than  that  of  their  matrix  phase  even  at  the  small¬ 
est  thickness  at  which  their  composition  could  be  reliably 
determined,  e.g.,  about  300  nm.  Recently,  Hamada 
et  al.l3S]  have  succeeded  in  measuring  the  composition 
of  a,  plates  as  thin  as  about  3  nm  and  demonstrated  that 
they,  too,  contained  a  significantly  smaller  zinc  concen¬ 
tration  than  the  immediately  adjacent  ordered  /3  matrix. 
Thus,  both  y  AlAg2  and  cr,  Cu-Zn  plates  have  now  been 
shown  to  differ  in  composition  from  their  matrix  phase 
at  early  stages  in  their  thickening  and  yet  to  yield  the 
IPS  surface  relief  effect-cum-shear  component  charac¬ 
teristic  of  a  martensitic  crystallography. 

In  the  same  context  of  a  violation  of  a  direct  conse¬ 
quence  of  a  martensitic  transformation  mechanism,  Smith 
and  Bowles1231  have  shown  that  the  transformation  crys¬ 
tallography  and  the  IPS  surface  relief  effect  of  AuCu  II 
plates  are  predicted  by  the  PTMC  to  a  remarkably  high 
level  of  accuracy  despite  the  circumstance  that  the  Au-50 
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at.  pet  Cu  matrix  is  disordered  and  AuCu  II  is  a 
face-centered  orthorhombic  superlattice  incorporating 
10  orthorhombic  unit  cells.  Aaronson  and  Kinsman1391 
called  AuCu  II  plates  the  product  of  a  massive  transfor¬ 
mation.  Bowles  and  Wayman,1401  on  the  other  hand,  con¬ 
tinued  to  accept  these  plates  as  the  product  of  a  shear 
transformation  occurring  “by  the  gliding  of  transfor¬ 
mation  dislocations  at  a  rate  determined  by  the  rate  of 
ordering  at  the  dislocations.”1411 

3.  Non-IPS  surface  relief  effects  associated  with 

growth  of  monocrystalline  plates  above  Md 

Christian1141  characterized  an  IPS  shape  change  “as  the 
tilting  of  an  originally  flat,  polished  surface..  .  .”  Now 
suppose  that  the  surface  relief  consists  of  a  tent,  each  of 
whose  sides  can  be  described  as  resulting  from  the  “tilt¬ 
ing  of  an  originally  flat,  polished  surface.”  An  obvious 
explanation  for  a  tent-shaped  relief  is  so  that  it  arises 
from  two  plates  formed  face-to-face.1421*  Plates  or  laths 

*Christian1281  notes  that  a  monocrystalline  tent-shaped  relief  can  de¬ 
velop  only  when  there  is  “a  degeneracy  in  the  crystallographic  so¬ 
lution.”  A  near-degeneracy  will  tend  to  produce  “banded  structures 
(e.g.,  In-Tl),”  i.e.,  tents  of  “indefinite  length.” 

of  proeutectoid  ferrite  in  Fe-C  alloys,143-471  chromium- 
rich  precipitates  formed  in  copper-rich  Cu-Cr  alloys,1481 
and  proeutectoid  a  in  a  hypoeutectoid  Ti-Cr  alloy1491  are 
among  those  precipitates  producing  tent-shaped  reliefs. 
Direct  experimental  evidence,  however,  has  shown  that 
both  ferrite144'46-471  and  proeutectoid  a1491  plates  producing 
such  reliefs  are  single  crystals.  The  TEM  studies  of 
chromium-rich  plates  and  laths  in  Cu-Cr  alloys  have  pro¬ 
vided  no  evidence  that  they  are  actually  bicrystals. 150  5 11 
Inspection  of  very  large  numbers  of  reliefs  produced  by 
ferrite  plates  in  Fe-C  alloys  has  further  shown  that  even 
tent-shaped  reliefs  are  rare;  the  usual  relief  morphology 
tends  instead  to  be  considerably  more  complex.144'521 
Hence,  these  observations  of  surface  reliefs  consisting 
of  two  or  more  tilted  planar  surfaces  associated  with 
monocrystalline  plates  are  in  direct  conflict  with  the  re¬ 
quirements  and  predictions  of  the  PTMC — but  also  con¬ 
tinue  to  be  suggestive  of  at  least  a  formalistic  linkage 
between  plate  formation  by  shear  and  diffusional 
processes. 

C.  Transformation  Crystallography-Based  History 
(1954  to  Date) 

The  PTMC  requires  as  “input  data”  only  the  crystal 
structures  of  the  parent  and  product  phases,  the  lattice 
parameter  of  each,  the  choice  of  a  lattice  correspondence 
based  upon  strain  energy  minimization,  and  the  plane 
and  direction  of  the  lattice  invariant  deformation  (LID) 
if  this  occurs  by  slip  or,  Christian  privately  notes,  the 
plane  or  direction  of  the  twinning  shear  if  the  LID  takes 
place  in  this  manner.  The  theory  yields,  as  “output,”  the 
lattice  orientation  relationship,  habit  plane,  shape  strain 
(of  which  the  surface  relief  is  the  manifestation  thereof 
at  the  free  surface),  and  clues  as  to  the  lattice  invariant 
deformation  (slip  or  twinning)  and  the  interphase  bound¬ 
ary  structure  required  to  make  the  transformation  mecha¬ 
nistically  feasible.  The  surface  relief  effect  has  been 
separately  discussed  in  Section  B  because  it  is  easy  to 
observe  and  report,  e.g.,  Reference  53,  particularly  when 


the  detailed  analysis,  noted  by  Wayman  in  the  proceed¬ 
ing  article  as  necessary  to  identify  an  IPS,  is  not  per¬ 
formed.  In  the  present  Section,  orientation  relationship 
and  habit  plane  “output  data”  obtained  from  application 
of  the  PTMC  to  transformations  occurring  above  the  Md 
temperature  will  be  considered. 

Publication  of  the  PTMC  by  Wechsler  et  al.m  and 
Bowles  and  Mackenzie1191  in  1953  was  quickly  followed 
by  attempts  to  apply  the  theory  to  plates  formed  in  trans¬ 
formations  above  the  martensite  range  where  diffusion 
accompanying  the  transformation  is  a  realistic  possibility 
and  thus  where  the  PTMC  might  be  considered  inappli¬ 
cable.  In  the  context  of  quantitative  measurement  of  one 
or  more  “output  parameters”  and  comparison  with  cal¬ 
culations  based  upon  the  theory,  the  first  to  essay  such 
a  contribution  appears  to  have  been  Garwood,1301  who  in 
1954  measured  the  habit  plane  of  what  are  now  known 
as  a,  Cu-Zn  plates.  He  found  the  habit  plane  to  be  es¬ 
sentially  the  same  as  that  of  martensite  formed  at  subzero 
temperatures  in  Cu-Zn  alloys.1541  On  this  basis,  Garwood 
suggested  that  the  Ko— Cottrell  mechanism  of  shear  and 
diffusion  is  operative  during  the  formation  of  Cu-Zn 
plates.  (The  diffusional  aspects  of  this  proposal  were  later 
criticized  in  detail.1351)  Twenty  years  later,  Comelis  and 
Wayman1331  confirmed  Garwood’s  habit  plane  result  and 
added  that  the  orientation  relationship  is  also  the  same 
as  that  of  subzero  martensite,  an  IPS  surface  relief  is 
present,  and  irregularly  spaced  stacking  faults  in  the  plates 
imply  the  motion  of  the  relevant  partial  dislocations  that 
provide  the  lattice  invariant  deformation,  just  as  they  do 
in  the  martensite  plates  formed  at  much  lower  temper¬ 
atures.  In  1979,  Kostic  and  Hawbolt1551  obtained  equiv¬ 
alent  results  from  the  “parallel”  formation  of  Ag-Cd 
plates. 

Returning  to  chronological  sequencing,  Bowles  and 
Tegart1291  determined  the  orientation  relationship  and  habit 
plane  for  CuBe  precipitated  from  an  a  Cu-Be  alloy  1955 
and  found  them  in  agreement  with  the  predictions  of  the 
PTMC.  Otte  and  Massalski1561  analyzed  published  habit 
plane  data  on  linear  a :  /3  Cu-Zn  boundaries1571  and  on  the 
broad  faces  of  Fe4N  and  Fe^P  plates.1581  They  obtained 
reasonable  or  better  accountings  for  these  data  through 
application  of  the  PTMC,  even  though  the  experiment 
on  two-phase  brass  was  conducted  on  an  annealed  rather 
than  on  a  transformed  microstructure.  Smith  and  Bowles1231 
reported  in  1960  that  AuCu  II  plates  formed  from  a  dis¬ 
ordered  Au-50  at.  pet  Cu  matrix  fulfilled  the  habit  plane, 
orientation  relationship,  surface  relief,  and  internal  in¬ 
homogeneity  specifications  of  the  PTMC  with  excep¬ 
tional  accuracy.  In  one  of  the  articles  in  these  proceedings, 
Muddle  et  al.l6l]  critically  review  the  various  crystallo¬ 
graphic  aspects  of  a,  Cu-Zn,  y  AlAg2,  and  AuCu  II  plate 
formation.  They  appear  to  accept  that  the  first  two  trans¬ 
formations  exhibit  a  composition  change  and  the  third  a 
change  in  long-range  order  throughout  the  growth  pro¬ 
cess,  but  he  concludes  that  all  three  transformations  are 
nonetheless  consistent  with  the  PTMC  in  the  sense  of 
their  transformation  crystallography. 

Also  in  1960,  Bowles  and  Kennon1621  investigated  the 
bainite  reaction  from  the  standpoint  of  the  PTMC.  They 
were  able  to  account,  on  this  basis,  for  the  transforma¬ 
tion  crystallography  of  lower  bainite  but  not  of  upper 
bainite.  Evidently  on  the  assumption  that  the  proportion 
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of  carbon  in  the  matrix  inherited  by  the  ferritic  com¬ 
ponent  of  bainite  in  steel  increases  with  decreasing  re¬ 
action  temperature,  Christian1241  proposed  in  1962  that 
the  habit  plane  of  upper  bainite  should  be  similar  to  that 
of  low-carbon  martensite,  while  that  of  lower  bainite  ought 
to  be  that  of  martensite  in  a  steel  of  the  same  compo¬ 
sition.  The  habit  plane  determinations  of  Smith  and 
Mehl[631  were  noted  to  agree  with  this  prediction.  In  1968, 
Srinivasan  and  Wayman164,651  determined  the  orientation 
relationship,  habit  plane,  shape  strain,  and  three- 
dimensional  shape  of  lower  bainite  plates  in  a  high- 
chromium  steel.  In  order  to  account  for  the  habit  plane 
thus  determined,  they  found  that  it  was  necessary  to  as¬ 
sume  either  a  counter-physical  isotropic  contraction  of 
this  plane  or  irrational  LID  modes.  Despite  the  absence 
of  appreciable  amounts  of  retained  austenite  in  the  Fe-0.4 
wt  pet  C  alloy  used,  Watson  and  McDougall1451  suc¬ 
ceeded  in  determining  the  orientation  relationship  and 
habit  plane  as  well  as  the  surface  tilt  of  proeutectoid  fer¬ 
rite  plates  in  1973.  They  interpreted  these  data  in  terms 
of  a  martensitic  mechanism  for  the  formation  of  these 
plates.  However,  their  habit  plane  data  showed  unusual 
scatter.  Some  of  the  ferrite  plates  examined  exhibited 
tent-shaped  reliefs,  as  previously  noted  (and  no  attempt 
was  made  to  ascertain  experimentally  whether  or  not  such 
plates  were  single  crystals  or  bicrystals1661).  And 
Wayman1671  has  pointed  out  that  their  orientation  rela¬ 
tionship  and  shape  strain  data  are  inconsistent.  Later,  the 
shear  measured  by  Watson  and  McDougall  was  shown 
to  correspond  to  a  strain  energy  too  high  to  permit  plate 
formation  by  shear  throughout  most  of  the  proeutectoid 
ferrite  range  in  their  alloy.1681  Hoekstra1691  and  Sandvik,1701 
in  1980  and  1982,  respectively,  made  careful  measure¬ 
ments  of  the  habit  plane  of  bainite  in  two  quite  different 
steels  but  were  unable  to  explain  them  on  the  basis  of 
the  PTMC  when  using  rational  LIDs. 

Whereas  attempts  to  explain  the  transformation  crys¬ 
tallography  of  proeutectoid  ferrite  and  the  ferritic  com¬ 
ponent  of  bainite  with  the  PTMC  have  proved,  in  the 
main,  to  be  disappointing,  Bowles  and  co-workers171721 
reported  in  1977  on  the  examination  of  another  intersti¬ 
tial  alloy  transformation,  the  formation  of  (I  VHo45  plates 
from  the  V-H  solid  solution,  with  quite  different  results. 
The  surface  relief,  orientation  relationship,  habit  plane, 
and  even  the  interphase  boundary  structure  were  accu¬ 
rately  consistent  with  the  PTMC.  These  results  are  in 
good  accord  with  the  Ko-Cottrell116,171  mechanism  of  the 
shear  of  the  substitutional  atoms  “framework”  and  the 
diffusion  of  the  interstitial  species. 

D.  Growth  Kinetics  and  Interphase  Boundary 
Structure-Based  History  (1962  to  Date) 

1.  Introduction 

Attempting  to  compile  this  subsection  as  a  single  chro¬ 
nological  account  yielded  too  complex  a  result.  Accord¬ 
ingly,  this  material  has  been  broken  down  into  logical 
subdivisions,  whose  components  are  then  usually  pre¬ 
sented  in  order  of  publication. 

2.  Interphase  boundary  structure 

a.  Introduction 

Except  for  identifying  the  original  discoverers  of  the 
linear  misfit-compensating  defects,  comprising  (with  the 


coherent  areas  between  them)  the  structure  of  partially 
coherent  interphase  boundaries,  and  describing  each  lin¬ 
ear  defect,  these  historical  summaries  will  focus  upon 
the  question  as  to  whether  the  defect  structure  is  glissile 
(thus  capable  of  supporting  transformation  by  shear)  or 
sessile  (thereby  restricting  the  transformation  mechanism 
to  diffusional  growth). 

b.  At  broad  faces  of  plates 

Misfit  dislocations 

The  misfit  dislocation  was  originally  predicted  theo¬ 
retically  by  Frank  and  van  der  Merwe. 173,741  The  first  di¬ 
rect  observations  of  this  linear  defect  were  made  in  1961 
with  TEM  on  oriented  overgrowths.  Matthews1751  ob¬ 
served  misfit  dislocations  between  PbSe  and  PbS,  suc¬ 
cessively  deposited  from  the  vapor  phase,  and  at  nearly 
the  same  time,  Delavignette  et  al.,16i  made  similar  ob¬ 
servations  upon  interphase  boundaries  formed  by  an  un¬ 
known  compound  deposited  upon  CrBr2.  As  mentioned 
in  Section  B-2  in  1962  Christian1141  expressed  doubt  about 
the  existence  of  interphase  boundaries  with  a  structure 
whose  movement  must  be  accompanied  by  dislocation 
climb.  In  the  same  symposium  proceedings,  Aaronson1771 
proposed  a  dislocation  structure  for  fee: hep  interfaces 
formed  by  {000 1 }hCp//{  111  }fcc ,  <1120)hcp//<110)fcc  that  must 
be  displaced  by  climb  (or  an  equivalent  process)  in  the 
direction  normal  to  the  interphase  boundary. 

In  1964,  Whitton1781  made  the  first  observation  of  mis¬ 
fit  dislocations  on  the  broad  faces  of  precipitate  plates. 
He  found  these  dislocations  on  the  broad  faces  of  UC2 
plates  that  had  precipitated  from  UC.  The  dislocations 
were  arrayed  in  two  orthogonal  sets  and  were  described 
by  b  =  a(100),  with  b  parallel  to  the  {100}  interface 
plane.  Hence,  these  boundaries  had  a  sessile  misfit  dis¬ 
location  structure.  Three  years  later,  Laird  and  Aaronson1251 
determined  that  the  misfit  dislocations  on  the  (0001)  broad 
faces  of  y  AlAg2  plates  are  a/ 6(112)  Shockley  partials 
in  a  fee  a  Al-Ag  alloy.  These  dislocations  appear  in  ar¬ 
rays  of  one,  two,  or  three  sets  of  equivalent  but  non¬ 
parallel  Burgers  vectors.  In  order  to  maintain  the  correct 
stacking  sequence,  successive  parallel  partials  must  be 
stepped  down  by  two  {1 1  l}fcc  planes  with  respect  to  each 
other.  When  but  a  single  array  of  partials  appears  in  one 
area  of  a  (0001)hcp  interface,  a  built-in  array  of  growth 
ledges  is  thus  present.  These  misfit  dislocation  ledges 
are  sessile  with  respect  to  growth  normal  to  the  plate 
broad  faces  but  glissile  from  the  standpoint  of  ledgewise 
growth.  A  similar  situation  evidently  obtains  during  the 
fcc-to-hcp  martensite  transformation  in  cobalt  and  Co-Ni 
alloys,  though  in  the  absence  of  TEM  observations,  some 
preference  was  expressed  for  the  dislocation  pole  mech¬ 
anism.1791  However,  the  large  compositional  width  of  the 
a  +  y  region  and  its  roughly  vertical  boundaries  at  low 
temperatures  ensure  that  the  aging  temperatures  and  alloy 
compositions  normally  used  to  study  the  interfaces  of 
y  AlAg2  plates  lie  well  above  the  T0  temperature,  the 
thermodynamic  upper-limiting  temperature  for  a  shear 
transformation.1801  Hence,  the  Shockley  partials  at  the 
broad  faces  of  AlAg2  plates  cannot  move  by  simple  glide 
but  can  only  be  displaced  by  kink  motion  along  these 
dislocation  ledges  at  rates  limited  by  the  concurrent  vol¬ 
ume  interdiffusion  of  aluminum  and  silver.126,351 

From  the  standpoint  of  this  conference,  the  interfacial 
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structure  of  the  broad  faces  of  ferrite  (sometimes  called 
bainite)  plates  is  of  especial  importance.  In  1979,  Rigsbee 
and  Aaronson1811  reported  that  ferrite  plates  formed  at 
450  °C  and  475  °C  in  an  Fe-0.62  wt  pet  C-2.0  wt  pet  Si 
alloy  contain  two  types  of  linear  misfit-compensating  de¬ 
fects  in  their  broad  faces.  One  type  is  misfit  dislocations 
with  b  =  rz/2<l  10)fcc  =  n/2(lll)bcc;  these  dislocations 
appear  in  a  single  parallel  array  and  are  spaced  1.5  to 
2.5  nm  apart.  Their  Burgers  vector  is  parallel  to  the 
{11  l}fcc//{l  10}bcc  atomic  terrace  planes.  Hence,  these 
dislocations  cannot  produce  an  LID,  and  therefore,  they 
must  be  sessile  with  respect  to  the  shear  mode  of  trans¬ 
formation.  However,  Christian  privately  points  out  an 
alternative  interpretation.  Because  the  slip  plane  of  the 
Burgers  vector  of  the  misfit  dislocations  makes  a  small 
but  nonzero  angle  with  the  counterpart  {110}  plane  in 
ferrite  formed  martensitically,  these  dislocations  could 
serve  as  a  vehicle  for  growth  by  shear.  It  is  not  clear, 
though,  that  this  mechanism  will  have  sufficient  driving 
force  to  be  operative  at  temperatures  above  Ms. 

Two  years  earlier,  Bowles  and  co-workers171'721  found 
a  single  set  of  screw  dislocations  at  the  broad  faces  of 
jS  VHo.45  plates  with  just  the  spacing  and  the  Burgers 
vector  orientation  needed  to  accomplish  the  LID  by  glide. 
This  appears  to  be  the  only  nonmartensitic  transforma¬ 
tion  so  far  identified  in  which  the  interfacial  structure  is 
unequivocally  appropriate  for  transformation  by  shear, 
even  though  hydrogen  diffusion  necessarily  accompanies 
the  shear  process.  Christian1281  has  also  discussed  this 
situation. 

Structural  ledges 

Hall  et  al.m  predicted  in  1972  the  existence  of  struc¬ 
tural  ledges  on  the  basis  of  hard-sphere  modeling.  They 
noted  that  at  {1 1  l}fcc//{l  10}bCo  interfaces  for  orientation 
relationships  from  Kurdjumow  and  Sachs1831  to 
Nishiyama1841  and  Wasserman,1851  introducing  ledges  from 
one  to  three  atomic  planes  high  causes  coherent  areas  to 
be  repeated  immediately  on  the  terrace  of  each  succes¬ 
sive  ledge  instead  of  relatively  far-away,  as  at  a  planar 
interface.  Shortly  afterward,  Russell  et  al.lS6]  recognized 
that  the  regions  between  parallel  rows  of  coherent  areas 
contain  one  more  plane  of  atoms  in  one  phase  than  in 
the  other.  These  misfit  dislocations  complete  construc¬ 
tion  of  partially  coherent  interfaces.  In  1979,  Rigsbee 
and  Aaronson1811  confirmed  the  structural  ledge  model  by 
applying  the  weak-beam,  dark-field,  TEM  technique  of 
Cockayne1871  to  study  the  broad  faces  of  ferrite  sideplates 
embedded  in  a  retained  austenite  matrix  in  an  Fe-0.6  wt 
pet  C-2  wt  pet  Si  alloy.  A  computerized  model  of  struc¬ 
turally  ledged  interfaces  and  their  attendant  misfit  dis¬ 
locations  was  found  to  give  a  good  quantitative  accounting 
for  the  interdefect  spacing  and  angle  measurements  made 
on  the  interfaces  studied.1881  The  facts  that  the  misfit  dis¬ 
locations  in  these  interfaces  are  either  pure  edge  or  con¬ 
tain  an  edge  component  and  hence  are  unable  to  translate 
the  terraces  on  which  they  reside  in  the  normal  direction 
and  that  the  structural  ledges  are  incapable  of  long-range 
movement  were  emphasized  as  inconsistent  with  a  shear 
mechanism  of  growth.  Purdy  and  co-workers189-90-911  later 
confirmed  that  a  Burgers  vector  lies  in  the  plane  of  the 
broad  faces  of  ferrite  and  bainite  plates  formed  in  alloy 
steels.  Their  studies  were  probably  conducted  on  struc¬ 
tural  ledges,  but  it  is  possible  that  they  were  instead  per¬ 
formed  on  misfit  dislocations. 


Recently,  Furuhara  et  al.  have  used  high-resolution 
transmission  electron  microscopy  (HRTEM)1921  and  com¬ 
puter  modeling1931  to  demonstrate  the  existence  of  struc¬ 
tural  ledges  at  bcc :  hep  boundaries  between  proeutectoid 
a  plate  broad  faces  and  their  (3  matrix.  It  is  now  rec¬ 
ognized  that  structural  ledges  may  be  formed  on  the  basis 
of  closely  matched  conjugate  habit  planes,  which  would 
serve  as  their  terraces,  whenever  there  is  a  change  in 
stacking  sequence  across  these  planes.188,931 

In  1984,  Christian  and  Edmonds  (CE)1941  published  a 
valuably  provocative  critical  review  of  the  literature  on 
the  bainite  reaction.  During  1988  and  1989,  Aaronson 
and  co-workers195-96-971  and  Howe  et  al.m  responded  to 
this  stimulation,  and  CE1"-100-1011  provided  suitable  re¬ 
joinders.  The  issues  raised  by  CE  became  key  issues  for 
discussion  at  the  present  conference.  One  was  that  CE 
questioned  the  significance  of  structural  ledges. 
Christian1101A1  continues  to  consider  them  as  just  “a  nec¬ 
essary  description  of  a  high-index  (in  the  limit,  irra¬ 
tional)  plane  or  interface..  .  .”  The  Rigsbee- Aaronson1811 
sessile  interfacial  structures  were  reinterpreted  as  glis- 
sile,  composed  only  of  one  array  of  misfit  dislocations 
lying  nearly  in  screw  orientation.11001 

The  following  response  was  given  to  this  criticism. 
Both  the  deflection  of  extinction  contours  by  successive 
structural  ledges  and  the  close  agreement  achieved  be¬ 
tween  the  detailed  modeling  of  structural  ledges  and  mis¬ 
fit  dislocations  and  the  TEM  observations  made  upon 
these  misfit-compensating  defects  strongly  support  the 
existence  of  structural  ledges  as  a  special,  misfit- 
compensating  structural  entity. 

Misfit-compensating  ledges 

In  their  1991  articles,  Furuhara  and  co-workers192-93-1021 
reported  the  discovery  of  another  type  of  linear  misfit- 
compensating  defect  at  hep :  bcc  interfaces  in  their 
hypoeutectoid  Ti-Cr  alloy,  which  they  named  the  misfit- 
compensating  ledge”  because  it  shares  the  characteristics 
of  structural  ledges  and  misfit  dislocations.  They  found 
that  such  ledges  have  only  enough  mobility  to  wriggle 
into  occasional  contact  with  one  (or  possibly  both)  of 
their  nearest  parallel  neighbors.  Mass  movement  of  these 
ledges  would  require  the  same  relatively  long-term  av¬ 
erage  concentration  of  kinks  at  each,  a  rather  unlikely 
possibility. 

Two  types  of  linear  misfit-compensating  defects  have 
thus  been  identified  on  the  broad  faces  of  hep  proeutec¬ 
toid  a  plates  in  the  bcc  /?  matrix  of  a  Ti-Cr  alloy:  struc¬ 
tural  ledges  and  misfit-compensating  ledges.  No  misfit 
dislocations  were  identified.1921  Because  neither  is  able 
to  do  more  than  locally  wriggle,  such  boundaries  are  ef¬ 
fectively  sessile.  Unlike  fee: bcc  interfaces,  however, 
wherein  rotating  the  Burgers  vector  of  the  misfit  dislo¬ 
cations  would  make  the  interface  glissile, 11031  no  such 
flexibility  exists  at  these  bcc: hep  interfaces. 

Structural  dislocations 

Although  silicon  crystals  precipitated  from  aluminum- 
rich  Al-Si  solid  solutions  were  first  considered  to  be 
prototypes  for  incoherent  nucleation  and  growth,11041 
Westmacott  and  Dahmen11051  used  a  combination  of 
HRTEM  and  modeling  to  show  that  four  aluminum  atoms 
on  a  {111}  plane  of  the  fee  Al-Si  matrix  match  almost 
perfectly  three  silicon  atoms  in  the  conjugate  plane  of 
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the  diamond  cubic  silicon  lattice.  Only  the  residual  mis¬ 
fit  is  taken  up  by  misfit  dislocations.  The  dislocations 
formed  by  the  4  vs  3  configuration  have  been  termed 
“structural  dislocations”11061  because  it  appears  impossi¬ 
ble  to  eliminate  them  by  any  elastic  shear  strains  parallel 
to  their  Burgers  vector  which  both  lattices  could  tolerate 
without  plastic  deformation  and/or  fracture.  Because  there 
are  no  coherent  areas  between  these  dislocations,  in  prin¬ 
ciple  they  should  be  able  to  undergo  synchronous  climb. 
Perhaps  because  this  would  require  such  a  high  vacancy 
concentration  in  the  vicinity  of  the  boundary,  however, 
these  boundaries  appear  to  be  flat  on  the  two-dimensional 
atomic  scale11051 — strongly  suggesting  that  they  are  im¬ 
mobile  in  the  absence  of  growth  ledges. 

c.  At  plate  edges 

Whereas  the  edges  of  a  martensite  plate  are  regarded, 
in  effect,  as  no  more  than  a  mathematical  curve  because 
only  the  terrace  plane  of  the  (apparent)  invariant  plane 
can  be  present  if  strain  energy  minimization  is  to  be 
achieved,111131  a  distinctly  different  situation  obtains  in 
the  case  of  plates  formed  by  diffusional  nucleation  and 
growth.  When  the  edges  of  precipitate  plates  and  laths 
have  been  observed  with  optical  microscopy11071  or  with 
either  replication11081  or  transmission  electron  micros¬ 
copy,11091  they  have  been  found  to  exhibit  small  but 
nonetheless  finite  widths.  The  earliest  report  of  charac¬ 
terized  misfit-compensating  defects  at  plate  edges  ap¬ 
pears  to  be  that  of  Matsuura  and  Koda11101  who  found 
these  defects  on  6'  Al-Cu  plates  to  be  misfit  dislocations 
with  b  =  n(OOl).  This  finding  was  subsequently  con¬ 
firmed  by  Aaronson  and  Laird.11091  These  dislocations 
girdle  the  perimeter  of  O'  plates.  Laird  and  Aaronson1251 
observed  some  form  of  linear  defect  at  the  edges  of 
y  AlAg2  plates.  Howe  et  al.lu>]  subsequently  character¬ 
ized  these  defects  as  Shockley  partials,  arrayed  as  super¬ 
ledges;  these  partials  are  also  present  on  the  broad  faces 
of  these  plates.125,1121  Lee  and  Aaronson11131  found  what 
appeared  to  be  uniformly  spaced  misfit  dislocations  and 
ledges  (neither  of  which  was  characterized)  at  the  lead¬ 
ing  edges  of  hep  a  laths  embedded  in  their  bcc  /3  matrix 
in  a  eutectoid  Ti-Fe  alloy.  Again,  the  same  defects  were 
apparently  present  at  the  sides  of  the  laths  but  now  much 
more  widely  and  irregularly  spaced.  Subsequently, 
Furuhara  et  al.m  examined  the  edges  of  “normal  a”  plates 
in  a  Ti-Cr  alloy.  They  identified  misfit-compensating 
ledges  and  also  another,  unknown  type  of  ledge  at  these 
edges.  While  the  Burgers  vector  of  the  misfit- 
compensating  ledges  lies  at  an  angle  to  the  apparent  habit 
plane  of  the  edges,  the  simultaneous  movement  stricture 
should  still  apply  to  these  ledges  as  well  as  to  those  at 
the  plate  broad  faces.  Hence  even  without  consideration 
of  the  unknown  ledges,  the  plate  edges  in  this  transfor¬ 
mation  should  also  be  sessile. 

d.  At  grain  boundary  allotriomorphs 

On  an  early  point  of  view,  grain  boundary  allotrio¬ 
morphs  contain  large  areas  of  disordered  or  incoherent 
boundary.1771141  Shewmon11151  appears  to  have  been  the 
first  to  recognize  that  this  view  may  not  be  correct  be¬ 
cause  of  the  extensive  presence  of  facets  on  both  sides 
of  ferrite  allotriomorphs,  as  discerned  from  published 
micrographs  of  these  crystals.1771  However,  because  of 
the  torturous  path  that  faceted  allotriomorph  interfaces 


follow  and  the  tendency  of  allotriomorphs  to  deviate  from 
exact  orientation  relationships  because  of  the  need  to 
compromise  between  the  crystallographies  of  the  two 
matrix  grains  forming  a  grain  face  and  that  of  the  critical 
nucleus,11161  not  until  recently  was  the  first  effort  suc¬ 
cessfully  made  to  examine  the  interphase  boundary 
structure  of  this  morphology.  Furuhara  and  Aaronson,11021 
again  using  the  proeutectoid  a  reaction  in  the  same 
hypoeutectoid  Ti-Cr  alloy,  found  that  both  the  allo¬ 
triomorph  interfaces  formed  by  rational  or  near-rational 
orientation  relationships  and  those  formed  by  clearly  ir¬ 
rational  orientation  relationships  contained  misfit- 
compensating  ledges.  Comparisons  with  the  parallel 
computer-modeling  study1931  as  well  as  faint,  closely 
spaced  (2  nm)  lines  in  the  interfaces  indicated  that  struc¬ 
tural  ledges  were  probably  present  at  many  of  these 
boundaries.  Hence,  consistently  with  the  prediction  of 
an  analysis  of  the  nucleation  kinetics  of  proeutectoid  fer¬ 
rite  at  austenite  grain  faces  in  high-purity  Fe-C  al¬ 
loys,11171  both  interfaces  of  grain  boundary  allotriomorphs, 
almost  certainly  in  alloy  systems  in  general,  can  be  con¬ 
sidered  as  partially  coherent,  even  though  ferrite  allo¬ 
triomorphs  do  not  display  (at  least  at  the  magnifications 
provided  by  optical  microscopy)  an  IPS  or  any  other  ob¬ 
vious  type  of  “geometric”  surface  relief  effect.1171 

3.  Extrinsic  interphase  boundary  structure:  Growth 

ledges  and  intruder  dislocations 

a.  Intruder  dislocations 

An  intruder  dislocation  may  have  the  wrong  Burgers 
vector  or  the  wrong  orientation  of  its  Burgers  vector  rel¬ 
ative  to  the  other  members  of  an  array  of  misfit  dislo¬ 
cations.  An  intruder  dislocation  may  also  have  the  correct 
Burgers  vector  and  orientation  thereof  but  be  too  close 
to  one  or  both  of  its  nearest  neighboring  misfit  dislo¬ 
cations.  In  the  context  of  this  section,  a  Burgers  vector 
orientation  out  of  the  plane  of  the  interface  will  produce 
a  ledge  and  will  therefore  be  considered  further  in  the 
context  of  growth  ledges.  The  other  two  deviations  from 
equilibrium  configuration  need  not  yield  a  ledge  struc¬ 
ture  and  therefore  do  not  lie  within  the  present  scope. 
References  118  and  119  include  the  early  history  and 
experimental  evidence  on  intruder  dislocations. 

b.  The  growth  ledge  concept 

Growth  ledges  were  first  conceived  by  Gibbs11201  for 
the  growth  of  crystals  from  the  vapor  or  liquid  phase  and 
described  by  him  in  remarkable  detail.  In  1962,  growth 
ledges  were  proposed  for  solid-solid  phase  transforma¬ 
tions.1771  This  proposal  was  modified  in  important  ways 
in  1970.1351  In  the  latter  form,  the  terraces  of  growth  ledges 
were  conceived  as  formed  by  well-matched,  closely 
packed,  conjugate  habit  planes.  Such  interfaces  may  be 
fully  coherent  or  may  contain  misfit  dislocations  or  other 
misfit-compensating  defects.  However,  the  barrier  to  their 
movement  is  not  the  climb  of  the  misfit  dislocations  or 
other  defects  but  rather  the  immobility  of  the  coherent 
areas  between  such  defects  during  diffusional  growth.1351 
As  long  as  there  is  a  stacking  sequence  change  across 
the  boundary188-931  differently  structured  planes  must  be 
created  one  atom  at  a  time.  Particularly,  because  closely 
packed  planes  are  involved,  this  means  that  the  recon¬ 
struction  process  must  be  begun  interstitially,  in  sites 
which  may  not  become  substitutional  until  restructuring 
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is  at  least  fairly  well  advanced.  However,  this  type  of 
process  requires  the  creation  of  large  numbers  of  inter- 
stitialcies.  In  more  or  less  close-packed  metals,  espe¬ 
cially,  this  is  energetically  infeasible  when  only  thermal 
activation  is  available  to  create  interstitialcies.  Hence  an 
alternative  means  of  displacing  such  interfaces  is  re¬ 
quired.  By  analogy  to  Gibbs’  mechanism,  growth  ledges 
were  proposed,  whose  risers  were  initially  suggested  to 
have  a  disordered  structure.1771  It  was  soon  realized, 
however,  on  the  basis  of  kinetic  evidence  that  the  risers 
of  growth  ledges  also  tend  to  be  fully  or  partially 
coherent.1351  Thus,  a  ledge-on-ledge,  and  ultimately,  a 
kink-on-ledge  mechanism  is  required  in  order  to  secure 
sufficient  localized  atomic  disorder  to  permit  passage  of 
atoms  through  the  risers  without  having  to  surmount  an 
unduly  high-strain  energy  barrier  to  movement.  The  first 
detailed  proposal  for  escaping  such  a  barrier  was  made 
by  Howe  et  al. 112,1  and  is  described  in  Section  3-g. 

Hence,  the  terrace- ledge  (riser)-kink  model  of  Burton 
et  a/.11221  is  reproduced  for  solid-to-solid  transforma¬ 
tions.  However,  whereas  in  crystal  growth  into  a  fluid 
(vapor  or  liquid)  matrix,  kinks  are  the  most  favorable 
sites  for  atomic  attachment  because  the  number  of  bonds 
binding  an  atom  from  the  matrix  phase  to  the  crystal  is 
largest,  the  reverse  situation  can  obtain  when  one  crystal 
grows  diffusionally  into  another  where  there  is  a  signif¬ 
icant  difference  in  stacking  sequence  across  closely 
matching  interphase  boundaries.  During  solid-solid  phase 
transformations,  as  just  described,  kinks  on  the  risers  of 
growth  ledges  provide  sites  at  which  atoms  can  be  least 
tightly  bound  to  their  neighbors  and  hence  can  pass 
through  the  interphase  boundary  and  attach  to  or  leave 
the  precipitate  without  undue  kinetic  difficulty.112'1 

The  earlier  suggestion  that  dislocation  climb  kinetics 
can  determine  the  migration  rate  of  a  partially  coherent 
interphase  boundary1771  is  thus  applicable  only  when  the 
crystal  structures  of  the  matrix  and  precipitate  are  es¬ 
sentially  identical  and  also  have  the  same  spatial  orien¬ 
tation.  This  situation  ensures  that  no  significant  change 
occurs  in  stacking  sequence  across  the  interphase 
boundary.11231 

c.  Rules  for  observing  growth  ledges  with  TEM 

During  the  initial  study  of  9'  plate-thickening  kinet¬ 
ics,11091  when  these  rules  were  not  yet  available,  no  growth 
ledges  were  seen  with  TEM.  All  deductions  about  them 
had  to  be  made  indirectly,  from  measurements  of  thick¬ 
ening  kinetics.  After  these  rules  became  available,  how¬ 
ever,  a  realistic  integration  of  intergrowth  ledge  spacings 
and  measured  thickening  kinetics  could  be  made  upon 
the  basis  of  direct  measurements  of  these  spacings.11241 
These  rules,  devised  on  the  basis  of  diffraction  contrast 
theory  by  Weatherly  and  co-workers,1125'1281  include  the 
following:  (1)  if  the  precipitate  has  an  ordered  structure, 
a  low-order  superlattice  reflection  should  be  employed; 
(2)  reflections  with  a  short  extinction  distance  should  be 
favored  for  viewing  ledges  to  improve  resolution  of  small 
interledge  spacings;  (3)  matrix  reflections  should  not  be 
excited,  if  possible,  in  order  that  bright  ledges  on  pre¬ 
cipitates  may  stand  out  against  a  dark  matrix  back¬ 
ground;  and  (4)  a  small  deviation  from  the  exact  Bragg 
condition  will  further  diminish  background  intensity.  The 
latter  conditions  are  important  parts  of  the  weak-beam. 


dark-field  technique  introduced  shortly  afterward  by 

Cockayne.1871 

d.  Sources  of  growth  ledges 

The  oldest  proposed  source  of  growth  ledges,  whether 
for  the  formation  of  crystals  from  a  vapor,  liquid,  or 
crystalline  matrix,  the  so-called  “two  dimensional”  nu- 
cleation,  is  due  to  Gibbs.11201  Since  even  a  monolayer 
nucleus  can  have  a  significant  interfacial  energy  at  its 
edges,  however,  a  more  appropriate  term  for  the  initia¬ 
tion  of  a  new  crystal  with  the  same  crystal  structure  and 
composition  as  its  substrate  crystal  is  sympathetic  nu¬ 
cleation.1129,1301  Use  of  this  term  not  only  recognizes  that 
nucleation  is  occurring  at  a  type  of  site  where  supersat¬ 
uration  driving  nucleation  is  likely  to  be  less  than  obtains 
far  away  from  a  previously  formed  crystal  of  the  same 
phase  but  also  that  conventional  heterogeneous  nucle¬ 
ation  is  involved  with  a  same-phase  crystal :  matrix  inter¬ 
face  replacing,  say,  a  grain  boundary  in  the  matrix  phase 
as  the  nucleation  catalyst,  and  with  a  critical  nucleus  shape 
derived  from  an  appropriate  modification  of  the  Wulff 
construction.1131'1341 

Sympathetic  nucleation  of  ledges  at  plate  broad  faces 
has  been  reported  by  Weatherly11271  in  1971  on  Mg2Si 
plates  and  by  Sankaran  and  Laird11241  in  1974  on  0'  CuA12 
plates.  Aikin  and  Plichta11351  have  analyzed  the  sympa¬ 
thetic  nucleation  of  growth  ledges  on  both  y  AlAg2  and 
0'  CuAl2  plates  from  the  standpoint  of  interaction  of  the 
strain  energy  associated  with  the  substrate  plate  with  that 
of  a  disc-shaped  critical  nucleus  formed  atop  the  sub¬ 
strate.  They  concluded  that  this  interaction  favors  y  AlAg2 
but  not  0'  CuA12  nucleation  at  plate  edges  because  the 
strain  energy  in  the  former  case  is  primarily  shear  while 
that  in  the  latter  is  predominantly  dilatational.  This  anal¬ 
ysis  correctly  predicts  the  observations  Elangovan  and 
Plichta11361  made  during  coarsening  of  y  and  0'  plates. 

The  classic  site  for  the  development  of  growth  ledges 
is  that  predicted  by  Burton  et  a/.11371  in  1949,  i.e.,  the 
emergence  of  a  screw  dislocation,  or  of  a  dislocation  with 
a  component  normal  to  the  surface  or  interface  of  a  prod¬ 
uct  phase  crystal,  through  this  interface.  This  geometry 
produces  an  unhealable  spiral  ledge  requiring  no  nucle¬ 
ation  step.  Burton  et  a/.11221  treated  such  growth  in  great 
detail  in  their  wide-ranging  1951  article.  Cahn  et  a/.11381 
rewrote  this  treatment  for  individual  growth  spirals  op¬ 
erative  during  solidification  and  Aaronson  et  alP 51  mod¬ 
ified  the  Cahn  et  al.  treatment  to  apply  to  solid-solid 
transformations.  Sankaran  and  Laird11241  clearly  identi¬ 
fied  the  operation  of  the  spiral  dislocation  mechanism 
during  the  thickening  of  0'  plates.  When  many  rotations 
of  the  spiral  are  involved,  this  mechanism  becomes  the 
well-known  pole  mechanism.  Although  the  pole  mech¬ 
anism  has  long  been  of  interest  in  the  context  of  clearly 
martensitic  transformations,  direct  evidence  for  its  par¬ 
ticipation  in  diffusional  transformations  is  still  lacking. 

As  indicated  in  Section  D-2-a,  during  fcc-to-hcp 
transformations  (and  also  during  the  reverse  transfor¬ 
mation),  crystallography  requires  that  adjacent  Shockley 
partials  be  stepped  down  by  two  {111  }fcc  planes  in  order 
to  maintain  the  correct  stacking  sequence.  These  built- 
in  steps  serve  as  growth  ledges  if  only  one  Burgers  vec¬ 
tor  of  partials  is  present  over  an  appreciable  area  of  the 
fee: hep  interface.125,261  However,  as  the  other  Burgers 
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vectors  of  Shockley  partials  begin  to  appear  in  order  to 
make  misfit  compensation  more  complete,  the  contri¬ 
bution  to  growth  by  this  mechanism  diminishes.1261  Dur¬ 
ing  coarsening,  Aikin  and  Plichta11351  have  shown  that 
sympathetic  nucleation  near  the  edges  of  broad  faces  then 
becomes  the  predominant  mechanism  for  growth  ledge 
creation. 

To  use  Ashby’s  felicitous  term,  the  fillets  where  grain 
boundary  allotriomorphs  join  secondary  Widmanstatten 
sideplates  break  down  into  “geometrically  necessary” 
growth  ledges.  Kinsman  et  al.l44]  obtained  evidence  for 
such  arrays  of  ledges  at  the  fillets  of  secondary 
Widmanstatten  ferrite  sideplates  in  Fe-C  alloys  with  rep¬ 
lication  electron  microscopy. 

Weatherly11271  and  later  Merle  and  Martin11391  and 
Sankaran  and  Laird11241  have  shown  that  the  lines  of  im¬ 
pingement  where  0'  plates  parallel  to  different  {100}„ 
planes  meet  are  particularly  fertile  sources  of  growth 
ledges.  Rajab  and  Doherty11401  have  found  a  similar  ef¬ 
fect  on  ledge  formation  at  y  AlAg2  plates.  In  neither 
transformation,  however,  have  the  mechanistic  details  of 
growth  ledge  formation  been  elucidated. 

It  has  been  suggested  that  the  volume  change  associ¬ 
ated  with  the  formation  of  proeutectoid  ferrite  may  cause 
local  rotations  of  the  austenite : ferrite  boundaries.144’771 
Relaxation  of  the  resulting  strains  could  introduce  high 
ledges  in  these  boundaries.  The  large  size  of  ferrite  side¬ 
plates  and  intragranular  plates  in  steels  heat-treated  to 
produce  a  coarse  austenite  grain  size,  relative  to  that  of 
plates  in  substitutional  alloys  (particularly  those  with  fee 
and  hep  matrices),  would  make  plastic  as  well  as  elastic 
relaxation  of  the  ferrite  plates  more  likely  than  in  sub¬ 
stitutional  alloys.  However,  no  test  of  this  mechanism 
has  as  yet  been  made,  probably  because  martensite  for¬ 
mation  destroys  the  austenite  matrix,  in  which  slip  might 
otherwise  be  detected,  during  quenching  to  room 
temperature. 

Sankaran  and  Laird11241  have  found  that  impurity  pre¬ 
cipitates  in  contact  with  the  broad  faces  of  0'  plates  can 
catalyze  the  formation  of  growth  ledges.  Whereas  this 
particular  type  of  catalyst  may  not  be  frequently  opera¬ 
tive,  this  observation  does  suggest  that  carbides  at  aus¬ 
tenite :  ferrite  boundaries,  or  0  plates  formed  at  a:  O' 
boundaries,  may  also  encourage  formation  of  growth 
ledges  on  ferrite  and  0  plates. 

A  recently  discovered  source  of  growth  ledges  is  the 
wriggling  of  adjacent,  parallel,  misfit-compensating  ledges 
into  contact  with  each  other  during  the  proeutectoid 
a  reaction  in  a  hypoeutectoid  Ti-Cr  alloy.1921  These  con¬ 
tacts  produce  superledges  with  kinks  where  the  wriggles 
remain  and  with  the  combined  height  of  the  component 
single  misfit-compensating  ledges.  Although  it  is  not 
known  how  many  misfit-compensating  ledges  can  ulti¬ 
mately  combine  into  a  growth  ledge,  the  fact  that  only 
the  combined  ledges  are  able  to  migrate  long  distances 
has  been  confirmed  by  means  of  visual  hot-stage  TEM 
observations.1921 

e.  Intergrowth  ledge  spacings 

Data  on  this  essential  factor  in  the  evaluation  of  ledge- 
wise  growth  kinetics  remain  surprisingly  scanty  more  than 
25  years  after  their  importance  was  recognized.  The 
principal  cause  for  this  situation  is  that  in  a  given  spec¬ 
imen,  these  spacings  exhibit  such  wide  scatter  that  ex¬ 
tensive  data  taking  is  required  in  order  to  secure 


meaningful  results,  as  Elangovan  and  Plichta11411  have 
demonstrated. 

The  first  directly  measured  data,  obtained  with  TEM 
using  the  Weatherly  techniques  for  imaging  ledges,  on 
the  interledge  spacing  as  a  function  of  isothermal  reac¬ 
tion  time  at  a  given  temperature  were  reported  by  Sankaran 
and  Laird11241  on  0'  plates.  These  data  passed  through  a 
minimum  at  a  relatively  early  reaction  time  and  then  rose 
slowly  thereafter.  While  parallel  measurements  were  not 
made  by  Laird  and  Aaronson125’261  on  y  AlAg2,  combin¬ 
ing  their  qualitative  observations  with  the  earlier  ones  of 
Hren  and  Thomas11121  on  y'  led  to  the  conclusion  that  a 
similar  time  dependence  of  the  interledge  spacing  ob¬ 
tains  for  these  plates.11421  Kinsman  et  al.m  back-calculated 
the  average  intergrowth  ledge  spacing  on  the  broad  faces 
of  ferrite  sideplates  as  a  function  of  the  isothermal  growth 
time  from  the  measured  growth  kinetics  of  these  faces 
in  Fe-C  alloys.  They  also  measured  the  average  spacing 
as  a  function  of  growth  time  with  replication  electron 
microscopy.  While  the  back-calculated  spacings  exhib¬ 
ited  great  scatter  because  of  the  widely  variable  growth 
kinetics,  rough  agreement  was  nonetheless  obtained  be¬ 
tween  these  spacings  and  those  measured  directly  during 
the  early  seconds  of  growth.  At  later  reaction  times, 
however,  the  back-calculated  spacings  were  about  an  order 
of  magnitude  larger  than  the  measured  spacings,  even 
though  the  latter  did  not  increase  markedly  with  growth 
time.  This  result  suggested  that  the  ferrite  growth  ledges 
had  migrated  into  low-energy  boundary  orientations  where 
the  supply  of  kinks  on  their  risers  was  inadequate  to  ap¬ 
proximate  the  disordered  riser  kinetics  assumed  by  most 
available  analyses. 

f.  Growth  ledge  heights 

In  their  previously  mentioned  1984  critical  review  of 
the  literature  on  the  bainite  reaction,  Christian  and 
Edmonds1941  questioned  the  existence  of  superledges  on 
the  ground  that  the  very  large  Burgers  vector  required 
and  the  accompanying  shape  deformation  would  be  en¬ 
ergetically  infeasible  to  create  and  maintain.  Introduc¬ 
tion  of  suitable  misfit-accomodating  defects  in  the  risers 
would  remove  the  shape  discontinuity  at  the  interface 
and  thus  prevent  formation  of  the  IPS  surface  relief.1281 
However,  using  the  techniques  for  imaging  growth  ledges 
which  he  and  his  colleagues  had  recently  developed 
(Section  II-D-3-c),  Weatherly11271  reported  in  1971  that 
a  careful  study  of  growth  ledge  heights  on  0'  and  Mg2Si 
plates  revealed  ledges  from  1-  to  10-nm  high,  but  not 
smaller,  and  especially  not  of  one  lattice  parameter  or 
less  in  height.  Kinsman  et  al.m  reported  superledges  up 
to  a  micron  high  on  the  broad  faces  of  ferrite  plates, 
using  the  much  lower  resolution  technique  of  thermionic 
electron  emission  microscopy  (THEEM).  These  plates 
did  yield  various  surface  relief  effects  involving  planar 
tilts.  At  the  other  end  of  the  resolution  scale,  Howe 
et  n/. 11 431  used  two-dimensional  atomic  resolution  TEM 
to  show  that  superledges  several  lattice  parameters  high 
occur  frequently  on  y  or  y'  AlAg2  plates.  Sun  and 
Hiraga11441  have  recently  shown  with  HRTEM  that  the 
interface  between  decagonal  and  icosahedral  quasi¬ 
crystals  in  an  Al-20  at.  pet  Pd-10  at.  pet  Mn  melt-spun 
alloy  is  ledged.  The  terraces  of  the  ledges  are  formed  by 
the  tenfold  plane  in  the  decagonal  phase  oriented  parallel 
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to  the  fivefold  plane  of  the  icosahedral  phase;  the  misfit 
between  these  planes  is  only  3.3  pet.  The  risers  of  the 
ledges  are  approximately  2  to  4  repeat  periods  in  height 
and  are  both  rough  in  appearance  and  ill-defined,  indi¬ 
cating  that  they  are  probably  heavily  kinked.  Sun  and 
Hiraga  suggested  that  transformation  from  the  decagonal 
to  the  icosahedral  phase  proceeds  by  the  diffusion- 
controlled  migration  of  ledges.  In  more  general  terms 
under  appropriate  conditions,  diffusional  interactions  be¬ 
tween  adjacent  growth  ledges  have  been  shown  by  var¬ 
ious  mathematical  techniques  to  promote  their 
consolidation.1161  163  165  1661  Hirth1166A1  recently  informed 
us  that  he  and  S.V.  Kamat  have  found  that  strain  energy 
interactions  can  also  promote  formation  of  high 
superledges. 

Returning  to  the  criticism  of  Christian  and  Edmonds, 
this  probably  arose  because  they  continued  to  use  the 
original  suggestion  by  one  of  us  that  the  risers  of  growth 
ledges  are  disordered.1771  In  view  of  the  difficulty  ini¬ 
tially  experienced  in  understanding  how  good  matching 
could  be  devised  between  the  fee  and  bcc  lattices  even 
at  {lll}fCC//{110}bcc  interfaces,1145’146  1471  the  suggestion 
that  interfaces  approximately  orthogonal  to  this  one  were 
disordered  seemed  quite  appropriate  at  the  time  it  was 
made.  However,  by  1968  sufficient  TEM  information  on 
interphase  boundary  structures  and  growth  kinetics  had 
been  accumulated  so  that  the  original  suggestion  was  re¬ 
tracted.1351  The  risers  were  now  considered  to  be  partially 
coherent  and  thus  also  to  migrate  by  the  ledge  mecha¬ 
nism.  The  ledges  on  the  risers  were  termed  “kinks,”  in 
parallel  with  the  nomenclature  Burton  et  al.ll22]  applied 
to  crystal  growth  from  the  vapor  phase.  The  concept  of 
a  kink  on  a  riser  appears  to  have  originated  with  Frenkel11481 
in  1945. 

g.  Kinks  on  the  risers  of  growth  ledges 

The  first  experimental  evidence  for  the  presence  of  kinks 
on  the  risers  of  growth  ledges  and  for  the  essential  role 
that  they  play  during  ledgewise  growth  appeared  during 
the  hot  stage  TEM  study  of  y  AlAg2  plate  thickening  by 
Laird  and  Aaronson.1261  Although  the  measurements  of 
the  kinetics  of  ledge  motion  made  with  this  technique 
were  generally  consistent  with  control  by  long-range 
volume  interdiffusion  in  the  a  Al-Ag  matrix  as  already 
noted,  closer  examination  showed  that  when  the  ledge 
direction  approached  (1 10)fcc  the  growth  rate  dropped  off 
sharply.  This  led  to  the  suggestion  that  the  risers  of  the 
Shockley  partial  ledges  must  also  be  coherent  (just  as 
are  the  regions  of  the  terraces  between  Shockley  partials) 
and  hence  must  themselves  be  displaced  by  means  of  the 
ledge  mechanism.  Because  the  risers  of  these  ledges  are 
so  short,  these  ledges  are  probably  best  described  as  kinks. 

The  studies  of  Howe  and  co-workers  on  the  interfacial 
structure  of  y  and  y'  AlAg2  plates,  conducted  almost  a 
generation  later,  were  made  with  much  higher  resolution 
TEM  instruments.  Their  two-dimensional  atomic  reso¬ 
lution  TEM  micrographs  of  superledges  on  these  plates 
displayed  irregularities  on  the  risers,  similar  to  those  more 
recently  observed  by  Sun  and  Hiraga11441  at  deca¬ 
gonal :  icosahedral  risers.  These  are  again  strongly  indic¬ 
ative  of  the  presence  of  kinks.11431  In  the  recent  work  of 
Prabhu  and  Howe,11491501  very  large  kinks  in  the  risers 
of  ledges  (which  should  doubtless  be  termed  “super¬ 
kinks”)  were  identified  as  arising  particularly  from  de¬ 
viations  from  low-energy  riser  orientations  and  from 


intersections  of  Shockley  partials  but  also  possibly  from 
thermally  activated  double  kinks.  Laird  and  Aaronson1261 
had  deduced  the  first  two  of  these  three  origins  but  were 
of  course  unable  to  confirm  their  deductions  with  the 
electron  microscopes  then  available. 

Of  particular  importance  among  the  contributions  of 
Howe  and  co-workers  is  the  model  of  a  kink  in  a  bilayer 
ledge  at  an  fee  hep  interface  reproduced  in  Figure  3. 1121 1431 
This  model  is  seen  to  incorporate,  in  the  heavily  outlined 
area  of  this  figure,  an  elongated  vacancy-like  defect  large 
enough  so  that  it  should  make  possible  the  energetically 
easy  passage  of  an  atom  through  the  riser.  Experimental 
testing  of  this  model,  and  of  counterparts  yet  to  be  de¬ 
vised  for  other  pairs  of  crystal  structures  seems  not  to 
be  feasible  with  presently  available  electron  micro¬ 
scopes.  However,  such  studies  are  clearly  of  crucial  im¬ 
portance  to  providing  a  firm  base  for  the  atomic 
mechanism  of  ledgewise  diffusional  growth, 
h.  Flatness  of  terraces  on  the  atomic  scale 
A  central  aspect  of  the  theory  of  diffusional  growth 
by  the  ledge  mechanism  described  in  Section  II-D-3-b 
is  that  the  densely  packed  terraces  of  growth  and  other 
types  of  ledges  should  be  essentially  impenetrable  to 
atomic  transport  across  them.  Thus,  such  interfaces  should 
be  essentially  flat  on  an  atomic  scale  unless  the  super¬ 
saturation  at  them  is  high  enough  so  that  “homo¬ 
geneous”  sympathetic  nucleation  of  new  growth  ledges 
can  occur  at  them.  Howe  et  a/.11431  found  the  terraces  of 
growth  ledges  on  y  AlAg2  plates  to  be  atomically  flat  as 
imaged  in  two  dimensions,  as  did  Westmacott  and 
Dahmen11051  of  the  facets  on  silicon  crystals  as  previously 
noted  in  Section  II— D— 3— b.  These  results  are  very  im¬ 
portant.  However,  it  is  still  necessary  to  examine  the 
flatness  of  these  interfaces  with  a  yet-to-be-invented  TEM 
technique  which  would  permit  atomic  resolution  in  three 
dimensions  in  order  that  we  may  be  certain  that  this 
“foundation  stone”  of  ledgewise  diffusional  growth  the¬ 
ory  is  indeed  correctly  described. 
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Fig.  3  —  A  kink  in  the  riser  of  a  ledge  two  {111 }fCC  planes  high,  with 
the  vacancy-like  defect  created  at  the  kink  outlined  with  heavy 
curves.11211 
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4.  The  fate  of  misfit-compensating  defects  overrun 

by  growth  ledges 

The  third  of  three  criticisms  Christian  and  Edmonds1941 
made  of  the  mechanism  of  diffusional  growth  was  as  fol¬ 
lows:  particularly  in  interstitial  alloys,  misfit  dislocations 
overrun  by  a  growth  ledge  cannot  climb  up  onto  the  ter¬ 
race  passing  over  them  fast  enough  to  make  this  mech¬ 
anism  feasible.  Since  no  other  plausible  mechanism  could 
be  envisaged  this  consideration  alone  casts  serious  doubt 
upon  the  growth  ledge  mechanism  itself.  Except  for  the 
parenthetical  expression,  the  response  offered  to  this 
criticism  may  be  summarized  in  the  following  manner. 
Although  hot-stage  TEM  research  will  be  required  to  de¬ 
termine  the  fate  of  overrun  misfit  dislocations  in  a  par¬ 
ticular  transformation  (see  the  article  by  Purdy  and 
Zhang11511  in  these  proceedings  to  examine  the  results  of 
just  such  an  experiment),  the  evidence  cited  in 
References  26,  44,  and  124  was  proposed  to  be  suffi¬ 
cient  to  demonstrate  the  existence  of  the  growth  ledge 
mechanism.  The  absence  of  evidence  for  a  particularly 
low  density  of  misfit  dislocations  or  other  misfit- 
compensating  ledges  in  the  immediate  vicinity  of  the 
“upper”  terrace  of  a  growth  ledge  was  taken  to  support 
the  operation  of  mechanisms  for  resolving  satisfactorily 
the  fate  of  overrun  misfit  dislocations  and  maintaining 
the  ambient  density  of  misfit-compensating  defects  on 
the  overrunning  terrace. 

While  the  question  originally  raised  by  Christian  and 
Edmonds1941  was  confined  to  the  fate  of  overrun  misfit 
dislocations,  this  question  is  clearly  of  sufficient  impor¬ 
tance  to  be  generalized  and  thus  to  warrant  inquiry  as  to 
what  might  happen  to  the  other  linear  misfit-compensating 
defects  described  in  Section  II-D-2-b  when  they  are 
overrun  by  growth  ledges.  The  results  of  a  recent  attempt 
to  do  so  on  the  basis  of  the  nature  and/or  the  relative 
energies  of  the  various  defects151  will  now  be  described 
together  with  the  principal  conclusions  reached  from 
consideration  of  the  fate  of  overrun  misfit  dislocations.1981 

There  should  be  no  need  to  consider  the  transfer  of 
structural  dislocations  from  the  overrun  to  the  over¬ 
running  terrace  because  these  defects  seem  unavoidable 
when  their  presence  will  lower  the  interfacial  energy. 
Structural  ledges  do  not  incorporate  an  extra  half  plane 
in  their  terraces,  though  such  can  be  periodically  re¬ 
quired  in  their  risers.  Because  the  ratio  of  the  energy  of 
a  lattice  misfit  dislocation  to  that  of  a  structural  ledge  is 
about  25  at  bcc :  fee  interfaces  and  about  80  at  bcc :  hep 
interfaces,  the  ease  of  forming  the  structural  ledges  should 
be  much  greater.11521  It  therefore  seems  likely  that  struc¬ 
tural  ledges  will  be  able  to  form  spontaneously  on  the 
overrunning  terrace.  Similarly,  the  lack  of  an  extra  half 
plane  means  that  they  should  be  overrun  without  leaving 
any  trace  of  their  presence  in  the  overgrown  region. 

On  the  other  hand,  misfit-compensating  ledges  con¬ 
tain  a  partial  dislocation,192  931  and  their  total  energy  is 
not  much  less  than  that  of  a  single  misfit  dislocation. 
Hence,  it  is  not  immediately  clear  what  the  fate  of  over¬ 
run  linear  defects  of  this  type  will  be  or  how  they  will 
be  reformed  at  or  transmitted  to  the  overrunning  terrace. 

In  the  case  of  misfit  dislocations,  Howe  et  a/.1981  con¬ 
cluded  that  climb  from  the  overrun  to  the  overrunning 
terrace  is  the  most  probable  mechanism  in  substitutional 
alloys.  In  interstitial  alloys,  however,  expulsion  of  misfit 


dislocation  loops  into  the  matrix  appears  more  likely  on 
kinetic  grounds.  Purdy  and  Zhang11511  have  tested  the 
substitutional  predictions  in  their  contribution  to  the  pro¬ 
ceedings  of  this  conference.  The  interstitial  prediction 
remains  to  be  examined  with  hot-stage  TEM  in  an  alloy 
system  wherein  thin-foil  experimentation  will  not  cause 
any  substantial  changes  in  mechanism  relative  to  bulk 
specimens. 

5.  Growth  kinetics 
a.  Theoretical  models 

By  themselves,  data  on  growth  kinetics,  even  when 
taken  at  particular  orientation  of  an  interphase  boundary, 
may  mean  little  in  the  present  context  unless  there  is  clear 
evidence  for  ledgewise  growth.  Even  when  discontinu¬ 
ities  do  appear  in  plots  of  half-length  or  half-thickness 
of  plates  vi  isothermal  reaction  time,  however,  addi¬ 
tional  information  can  be  extracted  from  the  experimen¬ 
tal  data  if  there  is  a  quantitative  theoretical  model  with 
which  the  data  can  be  compared.  In  the  present  subsec¬ 
tion,  the  availability  of  such  models  is  described,  again 
in  a  historical  context.  In  the  next  subsection,  attention 
will  be  drawn  to  example  tests  of  these  models  against 
experimental  data. 

Diffusional  growth  of  planar  disordered  boundaries 
Dube1 1531  wrote  the  first  relationship  for  this  situation 
as  part  of  his  Ph.D.  thesis,  based  on  the  assumption  of 
a  diffusion  coefficient  in  the  matrix  phase  which  is  in¬ 
dependent  of  composition.  The  following  year,  Zener11541 
published  derivations  for  the  parabolic  rate  constant  de¬ 
scribing  the  growth  kinetics  of  planar,  spherical,  and  cy¬ 
lindrical  inteiphase  boundaries,  all  tacitly  assumed  to  have 
a  disordered  structure  not  capable  of  affecting  growth 
kinetics.  Atkinson  and  co-workers1155,1561  then  incorpo¬ 
rated  a  composition-dependent  diffusivity  in  the  analysis 
of  planar  boundary  growth  kinetics.  These  relationships 
have  been  repeatedly  used  to  provide  “baseline”  plots  of 
plate  and  allotriomorph  half-thickness  as  a  function  of 
reaction  time. 

Diffusional  lengthening  kinetics  of  plates  with 
disordered  edges 

Zener1801  wrote  the  first  equation  for  these  kinetics,  al¬ 
beit  in  incomplete  form,  in  his  famous  1946  article  on 
austenite  decomposition  kinetics.  As  part  of  a  major  ef¬ 
fort  to  understand  quantitatively  many  aspects  of  the 
thermodynamics  and  kinetics  of  precipitate  growth, 
Hillert11571  further  developed  and  also  modified  Zener’s 
relationship  into  what  subsequently  became  known  as  the 
Zener-Hillert  equation.  Trivedi11581  then  adapted  the  more 
exact  Ivantsov11591  equation  to  include  the  effects  of  cap¬ 
illarity  and  uniform  interfacial  reaction  control  upon 
lengthening  kinetics  of  parabolic  cylinders. 

Ledgewise  growth  kinetics  of  essentially 
planar  boundaries 

The  first  relationships  for  the  growth  kinetics  of  in¬ 
dividual,  diffusionally  isolated  ledges  (assuming  a 
composition-independent  volume  diffusivity  in  the  ma¬ 
trix  phase  and  uniform  atomic  attachment  to  the  risers 
of  the  ledges)  were  written  by  Jones  and  Trivedi11601  in 
1971.  They  subsequently  extended  this  analysis  to  sit¬ 
uations  in  which  multiple  ledges  diffusionally  inter¬ 
act.11611  Beginning  in  1981,  Atkinson1162,1631  used  a  different 
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approach  to  both  problems  treated  by  his  predecessors, 
securing  results  that  differed  significantly  under  condi¬ 
tions  of  low  supersaturation  and  diffusional  interactions 
among  the  ledges  at  a  boundary.  Having  undertaken,  with 
Atkinson,  an  analysis  based  upon  the  latter’s  approach 
to  the  problem  of  the  growth  kinetics  of  an  interphase 
boundary  containing  a  large  number  of  growth  ledges, [164! 
Enomoto  decided  to  investigate  ledgewise  growth  with 
a  computerized  finite  difference  approach  rather  than  make 
a  further  effort  to  examine  this  very  complicated  prob¬ 
lem  analytically.1165,1661  His  results  closely  matched  those 
of  Atkinson.  He  also  showed  that  growth  kinetics  faster 
than  those  allowed  a  planar  disordered  boundary  can  be 
achieved  when  a  ledged  boundary  of  finite  length,  at  which 
the  ledges  are  closely  spaced  and  the  diffusion  distances 
of  individual  ledges  are  not  too  large,  is  studied  during 
the  early  stages  of  growth.  Further  extending  these  con¬ 
siderations, [167]  he  also  demonstrated  that  the  growth  ki¬ 
netics  of  boundaries  of  effectively  infinite  length  begin 
to  match  accurately  those  of  planar  disordered  bound¬ 
aries  at  short  reduced  growth  times  when  the  ratio  of  the 
intergrowth  ledge  distance  to  the  growth  ledge  height  is 
small,  e.g.,  2,  but  do  not  do  so  until  extremely  long 
reduced  growth  times  when  this  ratio  is  large, 
e.g.,  50. 

Growth  kinetics  of  a  planar  boundary  by  shear 

Although  a  martensite  plate  can  grow  at  near-sonic  ve¬ 
locities,1211  growth  rates  many  orders  of  magnitude  slower 
have  also  been  recorded,  e.g.,  References  168  through 
170.  These  observations  have  inspired  analyses  of  drag 
effects  upon  glissile  interphase  boundaries,  which  are 
taken  as  potentially  applicable  to  the  growth  kinetics  of 
plates  by  shear  at  reaction  temperatures  above  Md. 

Owen  and  co-workers1169,1711  drew  attention  in  1970  to 
the  ability  of  forest  dislocations  interacting  with  a  glis¬ 
sile  interface  to  slow  the  motion  of  such  an  interface.  In 
addition  to  the  ambient  dislocations  already  present,  dis¬ 
locations  created  by  dilatational  strains  attending  a  mar¬ 
tensitic  transformation  as  well  as  shear  strains  not 
neutralized  by  formation  of  an  adjacent  martensite  plate 
with  an  oppositely  directed  shear  give  rise  to  these  dis¬ 
locations.  A  1985  article  by  Grujicic  etal.[ll2]  considered 
three  additional  sources  of  drag  effects  upon  glissile 
boundaries.  The  Peierls  force  is  overcome  by  the  nucle- 
ation  and  growth  of  double  kinks — a  process  that  takes 
place  rapidly  except  at  low  temperatures.11731  Phonon  drag 
effects  become  important  only  at  high  temperatures  and 
at  growth  velocities  about  half  the  velocity  of  sound  or 
greater.1173,1741  Finally,  lattice  invariant  deformation  dis¬ 
locations  that  remain  intact  interact  more  strongly  with 
obstacles  than  do  interfacial  dislocations  performing  this 
function,  which  become  partials  in  the  martensite  and 
leave  a  trail  of  stacking  faults  or  twins  behind  them  in 
the  transformation  product.11721 

The  limited  ability  of  growth  kinetics  alone  to  define 
the  atomic  mechanism  of  transformation  is  shown  by  the 
finding  of  Schoen  and  Owen11691  that  the  growth  kinetics 
of  martensite  in  Fe-C-10  pet  Ni  alloys  are  less  than  those 
allowed  by  carbon  diffusion  control.  Clearly,  additional 
information,  particularly  on  interphase  boundary  struc¬ 
ture,  must  be  available  in  order  to  assure  a  less  ambig¬ 
uous  interpretation  of  data  on  growth  kinetics. 


b.  Experimental  tests  of  the  theoretical  models 

Lengthening  kinetics  of  plates 

In  1962,  Kaufman  et  al.' 11751  developed  an  elaborated 
version  of  the  Zener-Hillert180,1571  equation  for  the 
lengthening  rate  of  plates  and  compared  its  predictions 
with  unpublished  data  obtained  by  Hillert11761  on  the 
lengthening  rate  vs  reaction  temperature  of  ferrite  and 
bainite  plates  in  plain  carbon  steels.  At  most  alloy  com¬ 
positions  and  temperatures,  the  measured  kinetics  were 
5  to  10  times  below  those  calculated.  Kaufman  et  al. 
attributed  the  discrepancies  to  approximations  in  the 
Zener-Hillert  equation  and/or  to  an  erroneous  estimate 
of  the  interfacia]  energy  of  ferrite  plate  tips.  During  the 
same  year,  a  comparison  of  the  measured  lengthening 
kinetics  of  proeutectoid  a  plates  in  a  hypoeutectoid  Ti-Cr 
alloy  with  those  calculated  using  the  elementary  form  of 
the  Zener-Hillert  equation  and  self-diffusivities  rather 
than  the  more  appropriate  interdiffusivities  in  fi  Ti-Cr 
yielded  a  similar  result:  measured  lengthening  rates  were 
about  five-fold  less  than  those  calculated.11071  It  is  doubt¬ 
ful  that  use  of  interdiffusivities  would  have  fully  elimi¬ 
nated  this  discrepancy.  Simonen  et  al. 11081  measured 
lengthening  rates  of  ferrite  and  bainite  plates  in  high- 
purity  Fe-C  alloys  and  compared  them  with  those 
calculated  from  the  more  sophisticated  Trivedi11581  rela¬ 
tionship.  For  the  more  plausible  value  of  the  edge  in¬ 
terfacial  energy  used,  full  agreement  between  calculated 
and  measured  rates  was  obtained  at  700  °C,  the  highest 
temperature  studied,  but  the  measured  lengthening  rate 
was  about  an  order  of  magnitude  smaller  than  that  cal¬ 
culated  at  450  °C,  the  lowest  reaction  temperature  used. 

Oblak  and  Hehemann11771  took  a  different  view  of  the 
lengthening  kinetics  of  ferrite  and  bainite  plates  in  an 
influential  symposium  article  published  in  1967.  Noting 
that  upper  and  lower  bainite  plates  tend  to  have  lateral 
boundaries  spaced  along  their  length,  they  proposed  that 
each  boundary  defines  a  component  plate  and  that  each 
of  these  plates  grows  by  shear  at  a  sufficiently  high  ve¬ 
locity  to  permit  the  ferrite  thus  formed  to  be  super¬ 
saturated  substantially  with  respect  to  carbon.  The  time 
that  elapses  between  such  shears  was  taken  to  be  suffi¬ 
cient  to  produce  the  experimentally  measured  length¬ 
ening  rates.  Terming  the  product  of  each  shear  a 
“subunit,”  they  noted  that  individual  subunits  have  a  lath 
morphology,  and  are  approximately  l-/xm  thick,  5-  to 
10- pm  wide  and  10-  to  50-pm  long.11781  The  limiting  size 
of  an  individual  subunit  was  proposed  to  result  from  ac¬ 
cumulation  of  dilatational  and  shear  strain  energies.*  Re- 

*01son  has  privately  questioned  this  reasoning  on  the  ground  that 
these  strain  energies  are  appropriately  considered  on  a  per  unit  volume 
basis  and  hence  should  be  approximately  independent  of  both  plate 
size  and  reaction  time. 

laxation  of  these  strain  energies  determines  the  time  that 
elapses  prior  to  the  nucleation  of  the  next  subunit.  The 
appearance  of  extensive  sympathetic  nucleation  at  and 
below  the  bay  temperature  of  the  TTT  diagram  in  certain 
alloy  steels,  yielding  heavily  dislocated  ferrite  laths  said 
to  have  been  formed  by  shear,  was  emphasized.  The  in¬ 
ability  of  the  ledgewise  diffusional  growth  mechanism 
to  explain  the  sudden  increase  in  sympathetic  nucleation 
kinetics  was  noted  in  the  course  of  a  debate  with  Kinsman 
and  Aaronson  on  the  bainite  reaction.1 1771  (Reynolds 
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et  al.lll9Ai  later  did  explain  this  phenomenon  on  the  basis 
of  diffusional  growth  by  proposing  that  when  the  solute 
drag-like  effect  slows  growth  sufficiently  to  develop  a 
critical  level  of  supersaturation  of  austenite  at  austen¬ 
ite:  ferrite  boundaries  with  respect  to  further  ferrite  nu- 
cleation,  sympathetic  nucleation  will  begin  abruptly  to 
appear  frequently  as  a  consequence  of  the  very  strong 
dependence  of  nucleation  kinetics  upon  the  supersatu¬ 
ration  driving  nucleation.) 

In  one  of  their  presentations  during  “the  bainite  de¬ 
bate,”11791  Kinsman  and  Aaronson  showed  plots  of 
subunit  length  and  of  thickness  vs  reaction  time,  mea¬ 
sured  from  motion  pictures  that  Rouze  and  Grube1 180,1811 
took  during  bainite  sheaf  growth  in  an  Fe-0.66  wt  pet 
C-3.32  wt  pet  Cr  alloy  reacted  at  400  °C  by  means  of 
THEEM.  No  evidence  was  found  for  subunit  lengthen¬ 
ing  or  thickening  more  rapid  than  that  of  the  sheaf  as  a 
whole,  whose  lengthening  kinetics  were  accepted  as  ap¬ 
proximately  those  allowed  by  the  diffusion  of  carbon  in 
austenite.  In  his  response,  Hehemann11791  pointed  out  that 
frame-by-frame  measurements  of  the  Rouze-Grube  films 
(rather  than  measurement  of  every  fourth  frame,  as 
Kinsman  and  Aaronson  found  to  be  sufficient)  revealed 
occasional  growth  rates  at  least  one  order  of  magnitude 
higher  than  average.  He  concluded  that  while  such  ob¬ 
servations  do  not  prove  the  operation  of  either  high- 
velocity  shear  or  ledge  wise  diffusional  growth,  they  do 
indicate  the  need  for  further  studies.  Insofar  as  we  are 
aware,  no  reports  of  such  efforts  have  appeared. 

In  two  substitutional  alloy  transformations,  a,  Ag-Cd1551 
and  a,  Cu-Zn11821  plates  were  both  deduced  to  lengthen 
more  rapidly  than  the  calculated  rates  by  factors  of  180 
and  up  to  20  (again  at  low  temperatures),  respectively. 
In  the  former  transformation,  the  result  was  ascribed  to 
a  shear  mechanism  of  growth,  while  in  the  latter,  the 
difference  between  calculated  and  measured  rates  was 
explained  in  terms  of  nonequilibrium  precipitate  com¬ 
positions.  However,  a  detailed  critique  of  both  compar¬ 
isons  indicates  that  neither  is  presently  acceptable. 111 
Similarly,  Bhadeshia1'831  and  Ali  and  Bhadeshia11841 
claimed  that,  upon  re-evaluation  of  published  data  on  the 
lengthening  kinetics  of  ferrite  plates  on  the  basis  of  the 
Trivedi11581  equation  for  this  process  in  carbon  and  in  alloy 
steels,  respectively,  the  measured  lengthening  rate  be¬ 
came  significantly  higher  than  that  calculated.  However, 
this  result  was  mainly  the  result  of  incorporating  an  ar¬ 
bitrary  and  unjustified  value  of  the  volume  strain  energy 
attending  transformation  in  their  analysis.111 

Thus,  the  reliable  comparisons  that  have  so  far  been 
made  indicate  that  the  lengthening  kinetics  of  plates  are 
reduced  by  an  interfacial  reaction  process.  This  process 
has  been  proposed  to  be  the  ledge  mechanism.11081  Trans¬ 
mission  electron  microscopy  evidence  for  ledges  at  the 
edges  of  plates  has  been  secured  for  the  proeutectoid 
a  reaction  in  Ti-Cr1921  and  Ti-Fe1'131  alloys  and  less  cer¬ 
tainly  for  a,  Cu-Zn  plates.11851  Hot-stage  TEM  evidence 
has  demonstrated  directly  that  y  AlAg2  plates  lengthen 
in  ledgewise  fashion.1261  And  very  limited  evidence  has 
been  reported  for  a  possible  ledge  structure  at  the  edges 
of  proeutectoid  a  plates.11861  Transmission  electron  mi¬ 
croscopy  observations  on  these  edges  would  be  very 
welcome,  particularly  in  a  steel  alloyed  so  that  the  ad¬ 
jacent  austenite  can  be  retained  in  thin  foils  at  room  tem¬ 
perature.  Had  these  transformations  proceeded  by  shear. 


no  such  interfacial  structure  evidence  could  have  been 
secured  since,  as  already  noted,  on  this  mechanism  the 
edges  of  plates  can  only  be  a  very  thin  sandwich  (per¬ 
haps  a  few  atomic  planes  in  height,  Olson  suggests)  be¬ 
tween  the  two  ledged  interfaces  whose  terraces  are  the 
invariant  plane  of  the  transformation.1187  1881 

Thickening  kinetics  of  plates 

Overall  thickening  kinetics  of  plates 

Measurement  of  thickening  kinetics  represents  a  prob¬ 
lem  in  quantitative  metallography  complicated  by  ster- 
eology  and  also  by  the  thinness  of  precipitate  plates  during 
their  early  stages  of  development,  thereby  requiring  ex¬ 
ceptional  accuracy  of  measurement.  The  first  experi¬ 
mental  evidence  for  ledgewise  thickening  of  plates,  in 
particular  ferrite  sideplates  formed  in  an  Fe-C  alloy  was 
reported  in  1962. 1771  This  evidence  consisted  of  only  a 
single  plot  of  plate  half-thickness  vs  reaction  time,  show¬ 
ing  a  single  marked  discontinuity  such  as  would  be  ex¬ 
pected  from  the  passage  of  a  superledge  through  the 
fiducial  line  selected  for  measurement.  These  data  were 
obtained  from  motion  picture  film  taken  of  sideplates 
during  growth  at  temperature  by  means  of  THEEM.  The 
first  detailed  data  set  appeared  6  years  later  and  consisted 
of  plots  of  the  maximum  half-thickness  of  0'  plates  as 
a  function  of  reaction  time  in  an  Al-4  pet  Cu  alloy.11091 
All  measurements  were  made  at  room  temperature  on 
isothermally  reacted  and  quenched  specimens.  Trans¬ 
mission  electron  microscopy  permitted  accurate 
measurement  of  the  thickness  of  these  thin  plates.  Use 
of  the  microscope  tilting  facility  in  conjunction  with  the 
{ 1 00}„  habit  plane  of  these  plates  readily  permitted  the 
true  thickness  to  be  measured,  sans  correction,  by  view¬ 
ing  the  plates  edge-on.  Although  this  method  of  mea¬ 
surement  could  not  detect  the  contributions  of  individual 
ledges,  both  the  time  law  observed  (linear  instead  of 
parabolic)  and  growth  kinetics  slower  than  allowed  by 
volume  diffusion  control  eliminated  growth  by  uniform 
atomic  attachment.  The  following  year,  application  of 
hot-stage  TEM  to  the  thickening  kinetics  of  y  AlAg2  plates 
permitted  easy  detection  of  superledges.1261  Relatively 
prolonged  periods  during  which  no  growth  occurred,  even 
though  ample  driving  force  was  available,  were  fre¬ 
quently  observed.  Overall,  growth  kinetics  were  usually 
significantly  less  than  but  occasionally,  during  the  early 
stages  of  growth,  somewhat  greater  than  those  allowed 
by  volume  diffusion  control  with  uniform  atomic  attach¬ 
ment  to  a  planar  disordered  interphase  boundary.1261  These 
data  favor  diffusional  ledgewise  growth  unless  much  in¬ 
genuity  is  exercised  in  applying  the  various  drag  effects 
which  can  hamper  the  motion  of  a  glissile  interphase 
boundary. 

Five  years  later,  Sankaran  and  Laird11241  published  de¬ 
cisive  evidence  for  ledgewise  control  of  the  thickening 
of  0'  plates  in  Al-4  wt  pet  Cu.  Measuring  the  average 
intergrowth  ledge  spacing  on  the  broad  faces  of  0'  plates 
with  the  recently  published  techniques  of  Weatherly  and 
co-workers1125-1281  as  well  as  the  half-thickness  vs  time 
of  these  plates,  they  employed  the  Zener-Hillert  equa¬ 
tion  and  the  Jones-Trivedi11601  analysis  of  ledgewise 
growth  to  back-calculate  the  interdiffusivity  in  the  a  ma¬ 
trix  operative  at  the  risers  of  growth  ledges  as  a  function 
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of  reaction  temperature.  These  diffusivities  were  in  ex¬ 
cellent  agreement  with  those  extrapolated  from  conven¬ 
tional  interdiffusion  measurements  made  in  the  a  Al-Cu 
region  and  extrapolated  down  to  the  reaction  tempera¬ 
tures  used. 

In  the  same  year  (1974),  Kinsman  et  al.m  published 
the  results  of  their  extensive  THEEM  measurements  of 
ferrite  sideplate  thickening  kinetics  in  three  Fe-C  alloys, 
conducted  as  a  function  of  reaction  temperature.  Vari¬ 
ations  in  the  half-thickness  vs  time  plots  at  a  given  tem¬ 
perature  and  alloy  composition  were  as  large  as  those 
encountered  over  the  entire  temperature-composition  range 
used.  Time  laws  varied  from  linear  to  parabolic  to  mix¬ 
tures  thereof  to  grossly  irregular.  Again,  in  the  absence 
of  growth  ledges,  no  thickening  at  all  took  place  for  rel¬ 
atively  long  reaction  time  intervals  despite  the  fact  that 
adequate  driving  force  for  continued  growth  remained 
available.  As  Kinsman  et  al.  noted,  these  kinetic  behav¬ 
iors  are  not  easily  reconciled  with  a  shear  mechanism  of 
growth. 

Growth  kinetics  of  individual  ledges 

Almost  necessarily,  all  of  the  data  on  this  subject  are 
derived  from  hot-stage  forms  of  microscopy.  Although 
the  measurements  of  the  kinetics  of  ledge  motion  on  the 
broad  faces  of  y  AlAg2  plates  in  an  Al-Ag  alloy  were 
generally  consistent  with  control  by  long-range  volume 
interdiffusion  in  the  a  Al-Ag  matrix,  closer  examination 
showed  that  when  the  ledge  direction  approached  <110)fcc, 
the  growth  rate  dropped  off  sharply.1261  This  led  to  the 
suggestion  that  the  risers  of  the  Shockley  partial  ledges 
must  also  be  coherent  (just  as  are  the  regions  of  the  ter¬ 
races  between  Shockley  partials)  and  hence  must  them¬ 
selves  be  displaced  by  means  of  the  ledge  mechanism. 

Very  high  (approximately  1  /am)  individual  super¬ 
ledges  on  the  broad  faces  of  ferrite  sideplates  could 
sometimes  be  resolved  with  THEEM.1441  Their  length¬ 
ening  kinetics  were  approximately  those  allowed  by  the 
diffusivity  of  carbon  in  austenite.  However,  comparison 
of  intergrowth  ledge  spacings  back-calculated  from  the 
overall  thickening  kinetics  of  these  side  plates  with  those 
measured  on  quenched  specimens  with  replication  elec¬ 
tron  microscopy  revealed  good  agreement  only  during 
the  early  stages  of  growth.  In  the  later  stages,  the  back- 
calculated  spacings  were  an  order  of  magnitude  larger, 
indicating  that  also  during  this  transformation  the  growth 
ledges  had  migrated  extensively  into  energy  cusp  ori¬ 
entations  wherein  kink  formation  at  their  risers  took  place 
much  less  readily. 

Thickening  kinetics  of  grain  boundary 

allotriomorphs 

When  the  matrix  has  an  fee  crystal  structure  and  both 
matrix  and  precipitate  have  substitutional  solid  struc¬ 
tures,  the  “collector  plate”  mechanism  accelerates  both 
thickening  and  lengthening  of  grain  boundary  allotrio¬ 
morphs  by  means  of  grain  boundary  and  interphase 
boundary  diffusion  when  the  reaction  temperature  is  less 
than  0.85  to  0.90  Tm,  where  Tm  is  here  the  solidus  tem¬ 
perature  of  the  alloy.1189'1901  As  anticipated  the  collector 
plate  mechanism  is  less  effective  when  the  matrix  has  a 
bcc  structure  but  is  nonetheless  still  operative.11911921  Only 
when  the  matrix  and  product  phases  have  interstitial 


structures  is  the  collector  plate  mechanism  largely  sup¬ 
pressed.11561  Hence,  consideration  of  allotriomorph  thick¬ 
ening  kinetics  will  be  confined  to  ferrite  allotriomorphs 
in  Fe-C  alloys,  where  thickening  kinetics  will  more  di¬ 
rectly  reflect  the  interfacial  structure  of  the  allotriomorph 
broad  faces. 

The  stereological  problem  involved  in  obtaining  the 
true  thickness  of  allotriomorphs  is  more  difficult  than  the 
parallel  problem  encountered  in  plate  thickening  studies, 
since  the  broad  faces  of  allotriomorphs  are  roughly  par¬ 
allel  to  the  more  or  less  random  and  often  changing  av¬ 
erage  plane  of  the  grain  boundaries  along  which  they 
preferentially  grow.  The  solution  found  to  this  problem 
is  to  austenitize  thin  specimens  until  the  grain  boundaries 
can  be  shown,  by  orthogonal  sectioning,  to  be  nearly 
perpendicular  to  the  intended  plane  of  polish.1193  194'1951 
The  thickness  of  the  thickest  allotriomorph  (which  is 
usually  the  longest  as  well)  is  then  plotted  as  a  function 
of  the  square  root  of  the  isothermal  reaction  time.  The 
slope  of  this  plot  yields  the  parabolic  rate  constant,  cus¬ 
tomarily  designated  as  a.  While  counterpart  plots  taken 
from  motion  pictures  of  the  growth  of  a  single  ferrite 
allotriomorph  in  a  similar  specimen  observed  with 
THEEM  display  less  scatter  about  the  correlation  line11931 
the  values  of  a  obtained  from  a  single  specimen  can  eas¬ 
ily  vary  by  a  factor  of  2  or  even  more  from  one  allo¬ 
triomorph  to  the  next,  thereby  inhibiting  efforts  to  compare 
the  variation  of  a  with  temperature  in  different  alloys.11961 

The  a  data  obtained  from  specimens  measured  at  room 
temperature  thus  represented  (if  the  effects  of  tilting  of 
the  austenite  grain  boundaries  away  from  perpendicu¬ 
larity  to  the  specimen  surface  studied  can  be  ignored) 
the  smallest  value  of  the  ratio  of  the  intergrowth  ledge 
spacing  to  the  growth  ledge  height  at  each  reaction  time. 
Even  with  this  bias,  however,  the  ratio  of  the  measured 
a’s  to  those  calculated  from  the  Atkinson  et  al. 11561  anal¬ 
ysis  for  a  planar  boundary  (wherein  the  effect  of  carbon 
concentration  upon  the  diffusivity  of  carbon  in  austenite 
is  taken  into  account)  was  significantly  less  than  unity. 
The  combination  of  this  result  and  the  scatter  in  the 
THEEM  data  on  a  indicate  that  ferrite  allotriomorphs 
also  have  partially  coherent  interphase  boundaries  and 
thicken  by  the  ledge  mechanism.  Although  examination 
of  the  interphase  boundary  structure  of  ferrite  allotrio¬ 
morphs  has  so  far  been  prevented  by  transformation  of 
the  unreacted  austenite  to  martensite  during  quenching 
to  room  temperature,  nucleation  theory  indicates11171  that 
there  can  be  little  doubt  that  the  observation  of  partial 
coherency  on  both  the  rationally  and  the  irrationally  ori¬ 
ented  interfaces  of  proeutectoid  a  allotriomorphs  in 
(3  Ti-Cr  alloys11021  is  of  general  importance. 

6.  The  invariant  line  concept  and  its  role  in  the 

shear  vs  diffusion  controversy 

The  most  important  contribution  toward  resolving  the 
shear  vs  diffusional  growth  controversy  in  a  positive 
fashion  has  undoubtedly  been  the  extraction  of  the  in¬ 
variant  line  strain  concept  from  the  PTMC  and  its  ap¬ 
plication  to  accounting  for  the  orientation  relationships 
and  the  habit  plane  or  direction  of  precipitate  plates  or 
needles  in  numerous  alloy  systems  by  Dahmen  and  his 
co-workers1197”2011  since  1981  and  by  Luo  and 
Weatherly1202’2031  since  1987.  The  Invariant  Line  (IL)  is 
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Fig.  4 — Intragranular  ferrite  idiomorphs  nucleated  at  VN  or  NbN 
precipitated  on  MnS  inclusions  in  0.23  wt  pet  C,  1  52  Mn  steel  quenched 
from  640  °C  after  cooling  from  1250  °C. 12071 


one  of  zero  misfit.  Because  this  is  usually  irrational,  slight 
deviations  of  the  lattice  orientation  relationship  from  ra¬ 
tionality  and  then  the  breakdown  of  the  IL  into  coherent 
terraces  and  coherent  risers  are  required  to  achieve  the 
zero  misfit  and,  thus,  the  zero  strain  energy  condition. 
Inasmuch  as  the  macroscopic  broad  faces  of  martensite 
plates  must  also  contain  an  IL, 12041  a  link  has  thus  been 
established  between  the  PTMC  and  the  transformation 
crystallography  of  precipitate  plates  and  needles  formed 
entirely  by  diffusional  processes.  Among  example  trans¬ 
formations  previously  discussed  (Section  II-B-2),  dif¬ 
ferences  in  composition  and/or  in  long-range  order 
between  these  precipitates  and  their  matrix  phase  nec¬ 
essarily  establish  the  transformation  mechanism  as  dif¬ 
fusional,  at  least  in  the  case  of  substitutional  alloys. 
Whereas  martensite  plates  have  long  been  recognized  as 
containing  an  IL  in  their  broad  faces  in  order  to  mini¬ 
mize  their  transformation  shear  strain  energy,  the  sug¬ 
gestion  was  recently  made111  that  the  rate  of  formation 
and/or  lateral  movement  of  growth  ledges  should  often 
also  be  a  minimum  at  the  interface  containing  the  IL  of 
the  transformation.  This  suggestion  has  yet  to  be  tested 
by  experiment. 

An  IL  alone  cannot,  of  course,  define  a  habit  plane. 
A  variety  of  other  criteria  has  been  proposed  to  establish 
a  second,  intersecting  line.[190]  Because,  however,  the  habit 
plane  does  not  appear  to  be  particularly  sensitive  to  which 
criterion  is  used  for  this  purpose,  this  lacuna  seems  rel¬ 
atively  unimportant,  albeit  for  reason(s)  not  yet 
understood. 

7.  Product  phase  morphology 

As  previously  stated,  Christian1182’1831  has  emphasized 
that  minimization  of  transformation  shear  strain  energy 
requires  that  a  martensite  plate  consist  solely  of  two  IPS 
interfaces.  Each  interface  is  composed,  at  the  atomic  scale, 
of  terrace  planes  containing  LID  dislocations  (if  re¬ 
quired)  and  risers  serving  as  transformation  dislocations. 
While  the  broad  faces  of  a  precipitate  plate  or  lath  formed 
diffusionally  can  consist  predominantly  of  IL  interfaces, 
the  edges  of  these  plates  have  a  finite  width  and  their 
own  interfacial  structure.  Further,  the  products  of  ledge- 
wise  diffusional  growth  have  considerably  greater  flex¬ 
ibility  of  morphology  than  narrow  plate  and  lath  edges 


imply.12051  As  long  as  there  are  two  or  more  crystallo- 
graphically  distinct  boundary  orientations  at  which  the 
ratio  of  the  intergrowth  ledge  spacing  to  the  growth  ledge 
height  are  comparable,  a  wide  range  of  morphologies 
can  be  developed.  These  include  grain  boundary  allo- 
triomorphs  and  intragranular  idiomorphs. 12061  An  exam¬ 
ple  of  the  latter,  kindly  furnished  by  Mr.  Fusao  Ishikawa 
of  Nippon  Steel  Corporation,12071  is  shown  in  Figure  4. 
The  planar  facets  easily  visible  on  these  ferrite  idio¬ 
morphs  formed  in  a  low-carbon  industrial  steel  can  prob¬ 
ably  be  safely  regarded  as  partially  coherent  and  growth 
ledged,  even  though  an  interfacial  structure  study  of  them 
has  yet  to  be  reported. 

III.  A  COMPARISON  OF  SHEAR  AND 
DIFFUSIONAL  MECHANISMS 
FOR  FORMATION  OF  PLATES  AT 
TEMPERATURES  ABOVE  Md 

A.  Comparison  of  Ledgewise  Growth  by  Shear 
and  Diffusion 

As  previously  stated,*  growth  by  shear  evidently  pro- 

*In  order  to  provide  a  coherent  presentation  of  section,  it  will  be 
necessary  to  repeat  some  statements  made  in  Section  II  on  the  history 
of  the  shear  vs  diffusion  controversy. 


ceeds  by  dislocation  glide  whereas  diffusional  growth  may 
be  described  as  diffusional  random  walk  biased  toward 
the  product  phase  by  the  free  energy  change  driving 
growth.  Both  types  of  growth  now  appear  usually,  and 
perhaps  always,  to  take  place  by  means  of  the  ledge 
mechanism.  As  schematically  illustrated  in  Figure  5, 
however,  there  is  a  major  difference  in  the  way  in  which 
these  two  types  of  growth  use  this  mechanism.  In  the 
general  case  (from  the  standpoint  of  growth  by  shear)  of 
non-fee /hep  transformations,  both  the  risers  and  the  ter¬ 
races  are  mobile.  The  risers  are  formed  by  transforma¬ 
tion  dislocations,  and  the  terraces  incorporate  LID 
dislocations.  Both  sets  must  glide  in  order  to  complete 
the  transformation  process.  The  essence  of  diffusional 
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Fig.  5  —  Schematic  sketches  of  single  ledges  capable  of  growth 
(a)  by  shear  and  ( b )  by  diffusion,  showing  their  respective  dislocation 
structures.  In  part  (a),  the  dislocation  structure  applies  to  non-fcc/hcp 
transformations. 
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Fig.  6 — (a)  Diffuse  kinks,  characteristic  of  shear  transformations,  and 
(b)  sharp  kinks  expected  in  diffusional  transformations. 


growth  by  the  ledge  mechanism,  on  the  other  hand,  is 
that  the  terraces  must  remain  entirely  immobile,  what¬ 
ever  the  details  of  their  interfacial  structure.  Boundary 
migration  is  now  restricted  not  just  to  the  risers  of  growth 
ledges  but  still  further  to  atomic-scale  kinks  on  these  ris¬ 
ers.  For  generally  similar  reasons,  glide  of  both  trans¬ 
formation  and  LID  dislocations  during  shear  is  probably 
also  restricted  to  atomic-scale  kinks  in  these 
dislocations.11,51 

Howe  et  al. 11211  have  modeled  a  bilayer  high  riser  of 
a  growth  ledge  for  the  fee /hep  transformation  in 
aluminum-rich  Al-Ag  alloys,  as  illustrated  in  Figure  3. 
The  heavily  outlined  vacancy-like  defect  in  the  kink  should 
be  large  enough,  as  already  remarked,  to  permit  passage 
of  atoms  through  it  on  their  way  from  the  matrix  to  the 
precipitate  (and  vice  versa)  without  the  need  to  over¬ 
come  an  activation  barrier  larger  than  that  required  for 
the  usual  vacancy-atom  interchanges.  Although  similar 
models  have  yet  to  be  constructed  for  fcc/bcc,  bcc/hcp, 
and  other  structure-change  transformations  proceeding 
diffusionally,  it  seems  likely  at  this  time  that  the  prin¬ 
ciple  evoked,  namely,  the  development  of  a  well-defined 
opening  in  the  otherwise  closely  matched  and  densely 
packed  conjugate  habit  planes  comprising  the  riser,  is 
likely  to  carry  over  into  these  crystallographically  more 
complex  phase  transformations. 


During  growth  by  shear,  which  can  take  place  at  high 
velocities  at  low  temperatures,12081  on  the  other  hand,  the 
kinks  are  typically  diffuse  and  remain  coherent,  thus  per¬ 
mitting  their  formation  with  minimum  thermal  activa¬ 
tion,  e.g.,  as  described  by  Hirth  and  Lothe12091  for  kink 
formation  at  low  temperatures  in  dislocations  within  a 
single  phase.  Figure  6  quite  schematically  illustrates  the 
difference  between  sharply  defined  kinks  appropriate  to 
diffusional  transformations  and  the  diffuse  kinks  appro¬ 
priate  for  growth  by  shear. 

At  the  still  larger  scale  of  interphase  boundary  struc¬ 
ture,  fee /hep  transformations  of  both  the  shear12"’ 2131  and 
the  diffusional126,1121  types  take  place  by  means  of  arrays 
of  Shockley  partials  with  the  same  Burgers  vector.  As 
discussed  in  Section  II— D— 2— b,  maintenance  of  the  cor¬ 
rect  stacking  sequence  (without  stacking  fault  formation) 
requires  that  adjacent  partials  in  this  situation  be  stepped 
down  with  respect  to  one  another.126,351  This  system  of 
built-in  ledges  provides  the  transformation  mechanism 
until  such  time  as  the  proportion  of  the  interfacial  area 
containing  only  one  array  of  ledges  becomes  small  as  a 
consequence  of  the  formation  of  arrays  with  one  or  both 
of  the  other  two  equivalent  variants  of  the  Burgers  vec¬ 
tor.  Then  sympathetic  nucleation  of  (apparently  multi¬ 
layer)  ledges  near  the  edges  of  plates  provides  the 
remaining  growth  ledges  needed.11351  An  essentially  par¬ 
allel  situation  should  obtain  during  the  built-in  ledge  stage 
of  growth  by  shear.  A  replacement  suited  to  shear  trans¬ 
formations  for  the  second  or  sympathetic  nucleation  stage 
of  growth  ledge  formation,  on  the  other  hand,  is  not 
apparent. 

During  diffusional  fcc/bcc  transformations,  growth  of 
the  broad  faces  of  bcc  plates  occurs  at  interfaces  with 
the  type  of  structure  illustrated  in  Figure  7. 1921  Two  types 
of  linear  misfit-compensating  defects  are  present  at  this 
interface:  the  misfit  dislocation  and  the  structural  ledge. 
As  discussed  in  Section  II-D-2-b,  the  Burgers  vector 
of  both  defects  is  parallel  to  the  terrace  plane  of  the 
structural  ledges,  and  the  structural  ledges  themselves 
appear  to  have  negligible  mobility  at  ranges  greater  than 


b  =  STRUCTURAL  LEDGE  SPACING 
9  =  TAN  '  (a/b) 


Fjg.  7 _ Schematic  of  partially  coherent  fee: bcc  interface,  showing  sessilely  oriented  misfit  dislocations  and  structural  ledges.1881 
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the  spacing  between  adjacent  parallel  structural  ledges. 
Hence,  this  interfacial  structure  is  sessile  with  respect  to 
growth  by  shear.  However,  Sandvik  and  Wayman'214'  have 
deduced  that  the  misfit  dislocations  at  this  type  of  inter¬ 
face  are  in  pure  screw  orientation  at  the  broad  faces  of 
martensite  laths  in  an  Fe-20  pet  Ni-5  pet  Mn  alloy.  Hence, 
the  glide  of  these  dislocations  provides  the  needed  LID. 
Some  other  source  needs  to  be  discerned,  however,  for 
transformation  dislocations  at  fee /bcc  interfaces.  Dur¬ 
ing  diffusional  growth,  superledges  serving  as  growth 
ledges  during  diffusional  transformations  (only)  are  readily 
generated  at  the  broad  faces  of  ferrite  plates  and  espe¬ 
cially  at  the  junctions  between  secondary  sideplates  and 
the  grain  boundary  allotriomorphs  from  which  they  de¬ 
velop  (Section  II-D-3-d).  Growth  ledges  operative  dur¬ 
ing  diffusional  transformations  in  general  must  be 
extensively  kinked  in  order  to  provide  viable  atomic 
attachment  sites.  They  should  usually  be  higher  (or  at 
least  have  a  different  height)  than  any  intrinsic,  e.g., 
structural  or  misfit-compensating  ledge  in  order  to  avoid 
partial  mutual  cancellation  of  strain  fields  such  as  would 
tend  to  trap  the  growth  ledges.15'  Growth  ledges  appro¬ 
priate  to  diffusional  growth  are  unlikely  to  serve  this 
function  during  growth  by  shear,  mainly  because  of  the 
structure  of  their  kinks  but,  normally,  also  because  of 
their  height. 

Figure  8  illustrates  the  interfacial  structure  deduced  from 
TEM  and  computer  modeling  to  be  operative  at  the  broad 
faces  of  hep  plates  formed  in  a  bcc  matrix.192'  Two  dif¬ 
ferent  kinds  of  linear  misfit-compensating  defects  are 
present  at  this  boundary:  structural  ledges  and  misfit- 
compensating  ledges.  Figures  9(a)  and  (b)  are  atomic 
models  sectioned  normal  to  the  interphase  boundary  of 
these  defects  at  bcc: hep  interfaces.  Whereas  there  is  no 
extra  half  plane  in  the  terraces  of  structural  ledges,  a 
partial  dislocation  is  present  in  misfit-compensating  ledges. 
Otherwise,  the  misfit-compensating  ledges  also  exhibit 
the  coherency  “pattern  advance”12151  characteristic  of 
structural  ledges.'82'  While  the  latter  ledges  can  wriggle 
sideways  sufficiently  to  merge  with  their  neighbors  and 
thereby  form  growth  ledges  (Section  II-D-3-d),  they 
do  not  appear  to  have  any  of  the  long-range  mobility 
(relative  to  the  spacing  between  adjacent  misfit- 
compensating  ledges)  characteristic  of  growth  ledges. 

Ko  and  Cottrell'16'  have  proposed  that  in  an  interstitial 
alloy,  the  substitutional  atoms  can  effect  the  crystal 
structure  transformation  by  shear  whereas  the  interstitial 
atoms  can  produce  diffusionally  the  necessary  compo¬ 
sition  change.  However,  this  mechanism  would  require 
that,  even  if  only  one  interstitial  atom  were  to  be  present 
at  each  of  some  proportion  of  the  kinks  on  transforma¬ 
tion  and  LID  dislocations,  all  such  atoms  would  have  to 
jump  across  (or  away  from)  the  interface  simultaneously 
in  order  to  allow  that  interface  to  move  without  a  pos¬ 
sibly  sharp  rise  in  the  free  energy  of  the  product  phase. 
Even  if  this  condition  had  to  be  met  only  along  the  mov¬ 
ing  perimeter  of  a  single  transformation  dislocation,  it  is 
statistically  grossly  improbable  that  such  simultaneous 
jumping  would  happen  if  more  than  a  very  few  inter¬ 
stitial  atoms  were  to  be  involved. 

B.  Comparison  of  Nucleation  in  Shear 
and  Diffusional  Transformations 

Critical  nuclei  develop  during  diffusional  transfor¬ 
mation  through  atom-by-atom  additions  during  a  purely 


random  walk  process.'216'  The  work,  which  must  be  ac¬ 
complished  by  statistical  fluctuations  to  form  a  critical 
nucleus,  may  not  exceed  the  approximately  60  k T  upper 
limit'217'  for  detectable  nucleation  kinetics.  With  the  pos¬ 
sible  exception  of  the  low  strain  energy  fcc/hcp  trans¬ 
formations,'218'  however,  the  transformation  shear  strain 
energy  subtraction  from  the  volume  free  energy  change 
driving  nucleation  is  too  large  to  avoid  greatly  exceeding 
60  kT  during  attempts  to  form  a  martensite  nucleus  by 
statistical  fluctuations.'219'  Hence,  some  type  of  pre¬ 
formed  nucleus  is  needed  to  exceed  the  critical  size  at 
the  transformation  temperature  ab  initio.  At  the  present 
time,  the  Olson-Cohen'220'  models  for  such  nuclei  seem 
the  most  appropriate  available.  For  the  simple  and  ap¬ 
parently  noncontroversial  fcc/hcp  case,  Figure  10'220'  il¬ 
lustrates  their  model.  A  sub-boundary  several  dislocations 
high  is  seen  to  have  decomposed  into  pairs  of  Shockley 
partials,  separated  by  regions  of  hep  stacking  fault  tan¬ 
tamount  to  an  hep  nucleus.  The  height  of  this  nucleus  is 
large  enough  so  that  sufficient  volume  free  energy  change 
is  available,  even  in  the  absence  of  a  composition  change, 
to  provide  both  the  interfacial  energy  and  the  volume 
strain  and  dilatational  strain  energies  needed.  Note,  in 
particular,  that  the  Shockley  partials  are  all  in  glissile 
orientation  even  in  the  as-formed  state  of  this  supra- 
critical  nucleus.  Attempts  to  convert  a  sessile  into  a  glis¬ 
sile  interphase  boundary  structure  at  fee: bcc  interfaces 
(as  suggested  by  Bhadeshia'221')  have  been  shown  by  de¬ 
tailed  analyses  to  be  energetically  or  kinetically  fu¬ 
tile.'222'  Olson  and  Cohen'223'  have  evolved  a  more 
elaborate  model  of  supracritical  nuclei  for  fcc/bcc  shear 
transformations  which  may  also  be  appropriate  for  the 
purpose. 

In  the  case  of  nuclei  formed  during  diffusional  trans¬ 
formations,  the  transformation  strain  energy  can  be  much 
less,  thereby  permitting  critical  nuclei  to  form  with  de¬ 
tectable  kinetics  at  moderate  undercoolings.  However, 
this  can  happen  only  if  low  energy  interfaces  enclose 
more  or  less  completely  the  critical  nuclei.'117'  These  in¬ 
terfaces  may  be  fully  coherent,  or  may  include  structural 
ledges  and  perhaps  also  misfit-compensating  ledges'5'  but 
not  misfit  dislocations.'224^227'  When  the  nuclei  have  pro¬ 
gressed  sufficiently  far  into  growth  so  that  misfit  dislo¬ 
cations  could  be  accommodated  with  a  decrease  in  the 
total  free  energy  of  the  nuclei,  the  shear  strains  operative 
at  coherent  interphase  boundaries  will  tend  to  cause  the 
formation  of  misfit  compensating  dislocations  (and  pos¬ 
sibly  other  defects)  whose  Burgers  vector  is  parallel  to 
the  interfaces,  i.e.,  in  sessile  rather  than  in  glissile  ori¬ 
entation.  However,  the  erratic  nature  of  misfit  disloca¬ 
tion  acquisition  can  readily  cause  the  first  dislocations 
acquired  to  appear  in  glissile  orientation.'35'  As  long  as 
the  nuclei  continue  to  differ  in  composition  from  the  sur¬ 
rounding  matrix  appreciably  beyond  their  critical  size, 
interdiffusion  between  the  new  crystal  and  the  matrix  is 
likely  to  continue  unless  growth  by  shear  can  develop 
rapidly  enough  to  prevent  further  diffusional 
transformation. 

C.  Comparison  of  Morphologies  Producible  during 
Shear  and  Diffusional  Transformations 

As  Christian  and  co-workers"1  13,187  188'  have  shown, 
the  requirement  that  the  apparent  martensite  habit  plane 
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Fig.  10 — Olson-Cohen  model  of  an  hep  nucleus  in  an  fee  matrix.12071 


be  undistorted  and  unrotated  demands  that  both  sides  of 
a  martensite  plate  be  invariant  planes  and  that  this  be  the 
only  (average)  boundary  orientation  present.  Hence,  the 
morphology  of  martensite  is  restricted  to  that  of  plates. 
The  findings  of  Dahmen  and  co-workers1197-2011  and  of 
Luo  and  Weatherly1202,2031  that  the  broad  faces  of  a  pre¬ 
cipitate  plate  or  lath  and  the  cylindrical  or  long  planar 
faces  of  a  precipitate  rod  or  needle  contain  the  IL  of  an 
IPS,  however,  do  not  similarly  restrict  the  morphology 
of  the  products  of  diffusional  transformations.  It  has  been 
postulated111  that  such  interfaces  occupy  a  prominent  facet 
or  boundary  orientation  because  this  is  the  interface  at 
which  the  kinetics  of  formation  and/or  lateral  movement 
of  growth  ledges  pass  through  a  well-defined  minimum. 
As  long  as  the  ratio  of  the  intergrowth  ledge  spacing  (A) 
to  the  growth  ledge  height  ( h )  at  one  or  more  different 
boundary  orientations  is  not  too  much  smaller  than  that 
at  the  IL  interface,  however,  the  other  boundary  orien¬ 
tation  will  also  be  represented  in  the  “kinetic”  mor¬ 
phology  of  the  precipitate.  Thus,  the  edge  of  a 
diffusionally  formed  precipitate  plate  or  lath  is  not  van¬ 
ishingly  thin,  as  in  the  case  of  a  martensite  plate  but  has 
instead  a  perceptible  width  as  has  been  illustrated  for  a 
proeutectoid  a  lath  in  a  Ti-5.2  wt  pet  Fe  alloy.11131 

If  several  distinct  boundary  orientations  have  similar 
values  of  X/h,  then  a  faceted,  roughly  equiaxed  mor¬ 
phology,  known  as  an  idiomorph, 12061  will  develop.  Ex¬ 
amples  of  this  morphology  developed  during  the 
proeutectoid  ferrite  reaction  in  a  low-carbon  commercial 
steel  are  shown  in  Figure  4. 12071  Luo  and  Weatherly1202,2031 
have  studied  the  interfacial  structure  of  chromium-rich 
laths  in  a  Ni-Cr  alloy.  They  found  different  interfacial 
structures  at  the  various  boundary  orientations  where 
interfaces  prominent  in  the  lath  morphology  developed. 
It  would  now  be  of  great  interest  to  measure  and  com¬ 
pare  A /h  of  growth  ledges  at  these  interfaces. 

D.  The  PTMC  as  a  Tool  for  Distinguishing  between 
Shear  and  Diffusional  Transformation  Mechanisms 

The  “formal”  requirements  of  the  PTMC  that  must  be 
fulfilled  by  a  shear  transformation  include  the  following: 
an  IPS  surface  relief  effect,  a  lattice  correspondence,  an 


irrational  orientation  relationship  and  an  irrational  habit 
plane  (for  non-fcc/hcp  transformations),  and  a  LID  (also 
in  non-fcc/hcp  transformations),  all  of  which  must  be 
quantitatively  consistent  with  all  other  formal  require¬ 
ments.112,151  The  “derivative”  requirements  of  the  PTMC 
include  an  interphase  boundary  structure  capable  of  sup¬ 
porting  growth  by  shear  and,  at  least  in  substitutional 
alloys,  the  absence  of  both  a  composition  change  and  a 
change  in  long-range  order  during  growth.  In 
Section  II-C,  several  well-documented  examples  were 
given  in  which  the  formal  requirements  are  accurately 
fulfilled  but  one  or  more  of  the  derivative  requirements 
are  not.  Among  substitutional  alloys,  which  presently  pose 
the  strictest  test  of  a  shear  or  martensitic  transformation 
mechanism,  these  include  Cu-Au  II  (drastic  change  in 
long-range  order),  a,  Cu-Zn  (composition  change),  and 
y  AlAg2  (composition  change).  Among  interstitial  al¬ 
loys,  proeutectoid  ferrite  plates  and  the  ferritic  plate 
component  of  microstructurally  defined  bainite  often  fail 
to  obey  both  the  formal  requirements  and  the  interfacial 
structure  derivative  requirement.  They  also  do  not  obey 
the  no  composition  change  requirement.  We  maintain  that 
the  latter  requirement  is  also  applicable,  because  shear 
and  diffusion  are  held  to  be  incompatible  on  the  ground 
that  the  former  produces  atomic  transport  by  directed  glide 
to  pre-destined  sites  (within  the  radius  of  a  shuffle)  in 
the  product  phase  whereas  the  latter  does  so  by  means 
of  biased  random  walk,  to  which  predestination  is  in¬ 
applicable — unless  the  bias  is  truly  extreme.  However, 
the  formation  of  f  VH0  4S  plates  was  noted  to  fulfill  all 
formal  and  the  applicable  derivative  requirements  be¬ 
cause  only  the  interfacial  structure  requirement  is  appli¬ 
cable  if  one  does  accept  simultaneous  shear  and  diffusion. 
This  is  the  only  non-martensitic,  plate-forming,  nu¬ 
cleated  transformation  found  to  date  in  which  so  many 
PTMC  requirements  are  fulfilled — and  even  this  trans¬ 
formation  is  eliminated  if  the  Ko-Cottrell  shear- 
cum-diffusion  mechanism  is  not  accepted.  Hence,  the 
conclusion  is  reached  that  obedience  to  the  formal  re¬ 
quirements  of  the  PTMC  is  a  necessary  but  not  a  suf¬ 
ficient  condition  for  identification  of  the  atomic 
transformation  mechanism  as  one  of  shear.  However, 
particularly  if  simultaneous  shear  of  substitutional  atoms 
and  diffusion  of  interstitial  atoms  is  rejected,  fulfillment 
of  all  of  the  derivative  requirements  as  well  as  self- 
consistent  satisfaction  of  all  of  the  formal  requirements 
does  appear  at  this  time  to  constitute  a  stringent  test  of 
the  atomic  mechanism  for  the  formation  of  plate-shaped 
transformation  products  above  Md. 

IV.  SUMMARY 

For  some  time,  the  principal  source  of  the  now  more 
than  60-year-old  controversy  as  to  the  roles  of  shear  and 
diffusion  in  the  formation  of  plate-shaped  transformation 
products  at  reaction  temperatures  above  the  martensite 
range  appears  to  be  the  failure  of  the  advocates  of  the 
shear  or  martensitic  mechanisms  to  heed  fully  all  of  the 
“formal”  and  the  “derivative”  requirements  that  must  be 
met  before  plates  can  be  validated  as  the  product  of  a 
shear  transformation.  These  requirements  are  again  spelled 
out  by  Wayman1121  in  the  preceding  article  in  these  con¬ 
ference  proceedings,  and  have  been  described  previously 
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in  ample  detail  by  Clark  and  Wayman1151  and  in  the  re¬ 
views  by  Christian  and  co-workers.113,14,24,187,1881  A  sec¬ 
ondary  but  nonetheless  persistent  source  of  argumentation 
has  been  the  use  of  terminology,  particularly  when  re¬ 
ferring  to  events  and  processes  evocative  of  the  shear 
mechanism,  by  advocates  of  the  diffusional  ledge  mech¬ 
anism  which  those  preferring  shear  find  misleading  or 
simply  inaccurate.  An  example  of  such  an  “event”  is  the 
surface  relief  effect.  An  example  of  a  “process”  in  this 
context  is  the  use  of  the  term  shear  to  describe  both  an 
atomic  process  and  the  geometric  relationship  between 
matrix  and  product  phase  lattices. 

Perhaps  one  reason  why  failures  to  obey  exactly  the 
formal  requirements  of  the  PTMC118,191  by  transformation 
products  formed  above  the  martensite  range,  and  partic¬ 
ularly  above  the  Md  temperature,  have  not  been  taken 
too  seriously  by  advocates  of  shear  is  that  significant 
failures  have  been  cataloged  for  transformation  products 
that  are  unquestionably  martensite.  Wayman12281  has 
straightforwardly  described  these  for  ferrous  martens¬ 
ites,  but  has  emphasized  that  they  tend  to  be  associated 
with  volume  changes  during  transformation  in  excess  of 
about  2.5  pet.  Such  changes  presumably  lead  to  addi¬ 
tional  plastic  deformation  for  which  the  PTMC  was  not 
designed  to  account.  A  more  disturbing  trend,  however, 
involves  transformations  in  which  the  formal  require¬ 
ments  of  the  PTMC  are  accurately  obeyed  but  in  which 
one  or  more  derivative  requirements  are  not.  Good  ex¬ 
amples  of  these  in  substitutional  alloys  are  the  formation 
of  AuCu  II, 123,291  a,  Cu-Zn,[381  and  y  AlAg21261  plates.  AuCu 
II  plate  formation  is  accompanied  by  the  replacement  of 
a  disordered  matrix  with  a  long-range  ordered  product 
phase;  the  formation  of  plates  in  the  other  two  reactions 
involves  an  evidently  ab  initio  change  in  composition 
with  respect  to  the  matrix  phase.  Both  violations  of  im¬ 
portant  derivative  requirements  of  the  PTMC  are  now 
clear-cut,  though  not  until  recently  was  the  composition 
change  accompanying  c*i  Cu-Zn  plate  formation  during 
the  early  stages  of  growth  identified  with  full  cer¬ 
tainty.1381  Perhaps  a  broader  acceptance  of  all  three  of 
these  example  transformations  as  fully  diffusional  pro¬ 
cesses  by  many  leading  members  of  the  concerned  com¬ 
munity  will  date  from  the  time  of  this  conference. 

The  atomic  mechanisms  of  the  ferrite  and  bainite  re¬ 
actions  in  steel  have  long  posed  a  special  set  of  prob¬ 
lems.  The  rapid  reaction  rates  permitted,  even  in  the 
absence  of  shear,  by  the  high  diffusivities  of  carbon  in 
austenite,  coupled  with  the  accelerated  kinetics  provided 
by  the  point  effect  of  diffusion  at  plate  edges  gave  early 
investigators  (Section  II— A)  the  pronounced  impression 
that  high-velocity  shear  is  the  atomic  mechanism  of  growth 
of  bainite  plates.  In  a  more  modem  context,  however, 
the  Ko-Cottrell116,171  combination  of  a  shear  transfor¬ 
mation  of  the  fee  iron  lattice  to  the  bcc  iron  lattice  whose 
kinetics  are  controlled  by  the  diffusion  of  carbon  atoms 
through  the  interstices  of  austenite  appeared  to  merge 
“the  best  of  both  worlds”  when  these  investigators  also 
found,  by  means  of  hot-stage  optical  microscopy,  that 
the  bainite  plates  they  studied  really  did  grow  slowly. 
The  influence  of  this  40-year-old  proposal  was  clearly 
evident  in  many  of  the  presentations  made  on  the  bainite 
reaction  in  steel  during  the  conference.  Hence,  when 
Rigsbee  and  Aaronson1811  found  by  a  combination  of  TEM 


and  computer  modeling  that  the  structure  of  the  broad 
faces  of  ferrite  sideplates  is  sessile,  and  hence  could  not 
support  a  shear  transformation  mechanism,  their  results 
were  (and  continue  to  be)  greeted  by  a  mixture  of  skep¬ 
ticism  and  nonreferencing.  Structural  ledges,  an  integral 
component  of  this  interfacial  structure,  though  deduced 
by  Hall  et  al.im  20  years  ago,  have  only  recently  begun 
to  gain  acceptance.  And  the  earlier  work  of  Kinsman 
et  al.m  demonstrating  complex  surface  relief  effects  in 
association  with  single  ferrite  plates  and  clear  evidence 
for  the  operation  of  a  ledge  mechanism  (particularly 
through  superledges)  during  the  thickening  of  sideplates, 
presaged  the  reception  giver  Rigsbee  and  Aaronson  by 
making  negligible  impact  upon  advocates  of  a  shear 
mechanism  of  transformation. 

There  can  be  little  doubt  but  that  the  Invariant  Line 
(IL)  concept,  extracted  from  the  PTMC  by  Dahmen  and 
co-workers1103,197-2011  and  repeatedly  used  to  show  that  a 
wide  range  of  precipitate  plates  contain  an  IL  in  their 
broad  faces,  has  been  the  principal  factor  leading  to  a 
change  of  direction  in  the  thinking  of  some  of  the  par¬ 
ticipants  in  the  shear  vs  diffusion  controversy,  as  seemed 
particularly  evident  to  us  during  this  conference.  Instead 
of  “accentuating  the  negative,”  as  the  senior  author  has 
admittedly  done  throughout  a  career’s  participation  in  this 
controversy,  the  IL  concept  provides  a  still  not  quite 
complete  but  nonetheless  “positive”  reason  why  the  for¬ 
mal  components  of  the  PTMC  should  be  as  well  satisfied 
by  diffusionally  formed  as  by  martensitically  produced 
plates  even  though  their  atomic  mechanisms  are  as  dif¬ 
ferent  as  physical  metallurgy  allows. 

One  of  the  subtler  benefits  derived  from  this  confer¬ 
ence  appears  to  us  to  be  the  increasing  acceptance  of  the 
“derivative”  requirements  of  the  PTMC  as  a  tool  for  dis¬ 
tinguishing  between  the  two  atomic  mechanisms  from 
observations  made  at  much  lower  levels  of  resolution. 
Of  course,  Wayman  said  this  and  more  about  the  PTMC’s 
requirements  for  qualification  as  the  product  of  a  shear 
transformation  25  years  ago,1151  and  he  has  further  and 
yet  more  clearly  made  this  point  in  his  introductory  ar¬ 
ticle  at  this  conference.1121  Hopefully,  this  lesson  will  be¬ 
come  more  widely  utilized  through  the  publication  of  these 
conference  proceedings. 
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Crystallographic  Theories,  Interface 
Structures,  and  Transformation  Mechanisms 


J.W.  CHRISTIAN 

The  structure  and  properties  of  an  idealized  planar  interface  that  traverses  a  single  crystal  of 
the  parent  phase  are  first  discussed.  A  (macroscopic)  coherent  interface  is  defined  in  terms  of 
a  relatively  coarse-grained  Larche-Cahn  network  related  to  the  observed  shape  deformation. 
Reconstructive  and  displacive  transformations  are  distinguished,  and  a  new  category  of 
“diffusional-displacive”  transformations  is  introduced.  The  crystallographic  theory  of  martensite 
requires  that  the  habit  plane  interface  is  atom  conserving  (or  “glissile”),  but  nonconservative 
(“epitaxial”)  interfaces  may  form  in  some  diffusional-displacive  transformations.  A  modified 
Eshelby  procedure  is  used  to  discuss  the  strain  energy  of  particles  of  a  new  phase  forming,  by 
any  mechanism,  inside  a  constraining  matrix.  It  is  shown  that  the  effective  Burgers  vector  of 
a  step  (or  ledge)  in  a  fully  or  partly  coherent  interface  is  dependent  on  the  parameters  of  the 
shape  deformation  and  increases  with  the  ledge  height.  Multiple  height  ledges  (“superledges”) 
should  only  be  observed  if  their  fields  have  been  effectively  neutralized,  either  by  averaging 
over  displacement  directions  that  are  spatially  distinct  but  crystallographically  equivalent  or  by 
combining  with  lattice  dislocations  through  processes  essentially  equivalent  to  emissary  slip  or 
climb.  In  the  latter  case,  the  shape  discontinuity  is  effectively  transferred  from  the  interface  into 
the  matrix  or  to  a  surface.  The  use  of  invariant  line  theories  and  the  concepts  of  growth,  struc¬ 
tural,  and  misfit  ledges  are  also  examined. 


I.  INTRODUCTION 

This  article  is  an  attempt  to  establish  common 
ground  among  scientists  interested  in  the  growth  of 
plate-shaped  particles  during  reconstructive  or  displacive 
phase  transformations  in  the  solid  state.  Attention  is  fo¬ 
cused  on  the  nature  of  the  interface  in  relation  to  the 
phenomenological  theory  of  martensite  crystallography 
(PTMC),  transformation  mechanisms,  and  observable 
shape  changes.  Many  controversies  in  this  field  reflect 
linguistic  rather  than  scientific  difficulties,  and  to  avoid 
this,  I  have  inserted  in  the  text  a  series  of  interlocking, 
dogmatic  statements,  each  of  which  may  be  accepted  or 
rejected  by  the  reader.  Most  of  these  statements  are  re¬ 
sults  or  theorems  that,  subject  to  specified  approxima¬ 
tions,  are  derivable  from  the  basic  assumptions  of 
Euclidian  geometry  and  Newtonian  mechanics.  The 
statements  also  include  some  definitions  of  terms  to 
which  other  authors  may  have  given  different  meanings. 
Thus,  I  hope  that  the  statements  contain  only  well- 
defined  concepts;  many  are  “obvious”  results,  but  others 
may  be  challenged.* 

*The  statements  are  here  given  in  a  slightly  different  order,  and 
some  have  been  slightly  amended  since  the  conference.  A  reader  who 
immediately  accepts  (or  rejects)  the  whole  list  as  obvious  (or  trivial) 
will  not  need  to  read  the  intermediate  material. 

I  initially  called  these  statements  “axioms,”  intending 
this  simply  to  mean  statements  that  command  general 
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assent,  but  in  mathematics  and  logic  an  axiom  is  an  un- 
verifiable,  although  widely  accepted,  initial  assumption, 
almost  synonymous  with  a  postulate.  The  only  true  ax¬ 
ioms  in  the  present  treatment  are  those  that  lead  to  the 
laws  of  classical  physics,  i.e.,  to  a  Euclidian-Newtonian 
world.  Godel’s  (mathematical)  proof  that  “no  finite  set 
of  axioms  can  answer  all  the  questions  it  raises”  has  re¬ 
cently  been  given  some  prominence,111  and  this  empha¬ 
sizes  some  of  the  difficulties  of  the  present  approach. 
However,  I  hope  that  this  highlighting  of  certain  results 
from  geometrical,  crystallographic,  and  elastic  theories 
will  help  us  to  understand  genuine  scientific  problems 
and  to  separate  them  from  linguistic  trivia. 

Concepts  such  as  homogeneity,  coherency,  deforma¬ 
tion,  correspondence,  internal  stress,  etc.  that  are  im¬ 
portant  in  theories  of  phase  transformation  have  to  be 
examined  over  different  distances  before  a  complete  de¬ 
scription  can  be  given.  For  example,  the  lattice  corre¬ 
spondence  often  does  not  describe  the  relations  between 
macroscopic  vectors,  and  the  concept  of  partly  coherent 
interfaces  that  is  useful  at  the  atomic  level  has  no  mean¬ 
ing  in  a  more  macroscopic  description.  The  important 
scaling  factors  are  the  interatomic  distance  or  the  unit 
cell  size,  the  repeat  distance  in  an  interface  with  a 
periodic  structure,  the  average  separation  of  linear  dis¬ 
continuities  that  form  arrays  in  some  interfaces,  and  the 
average  combined  width  of  two  adjacent,  mutually 
twinned  regions  in  duplex  products. 


II.  PROPERTIES  OF  FINITE 
HOMOGENEOUS  DEFORMATIONS 

A  homogeneous  deformation  E  converts  the  vectors  u 
into  new  vectors  v  =  Eu  where  E  is  a  second-rank  ten¬ 
sor.  In  a  coordinate  system,  u  and  v  may  be  written  as 
column  matrices  of  components,  and  E  is  then  a  3  X  3 

VOLUME  25A,  SEPTEMBER  1994—  1821 


matrix.  A  formal  factorization  separates  E  into  a  “pure” 
strain,  P,  preceded  (or  followed)  by  a  pure  rotation,  R. 
The  three  principal  axes  are  not  rotated  by  the  pure  strain 
but  change  their  lengths  in  ratios  A,  :  1  where  A,  are  the 
principal  deformations,  and  A,  -  1  are  the  principal 
strains.  The  tensor  E  is  an  invariant  line  strain  (ILS)  if 
a  particular  vector  is  unchanged  in  direction  and  mag¬ 
nitude  and  an  invariant  plane  strain  (IPS)  if  all  vectors 
in  a  particular  plane  are  invariant.  When  E  is  an  IPS, 
there  is  one  other  undistorted  (but  rotated)  plane,  which 
becomes  invariant  if  instead  of  R,  a  different  rotation  R 
is  combined  with  P.  (In  the  special  case  when  E  is  a 
simple  shear,  R  =  R_1.)  The  new  IPS  is  E  =  RP, 
where,  in  the  terminology  of  deformation  twinning,  E  is 
the  “conjugate”  IPS. 

If  each  A,  is  either  greater  or  smaller  than  unity,  there 
are  no  invariant  lines  (ILs)  or  invariant  planes  (IPs).  At 
the  other  extreme,  if  there  are  two  nonparallel  IPs,  all 
planes  and  vectors  are  invariant  and  there  is  no  defor¬ 
mation,  i.e.,  v  =  lu  =  u  and  each  A,  =  1.  A  single  IP 
is  obtained  with  either  of  two  conjugate  deformations  if 
A[  =  1,  A2  <  1  and  A3  >  1.  Finally,  if  (A,  -  1)  is  finite 
but  does  not  have  the  same  sign  for  all  A„  an  ILS,  but 
not  an  IPS,  may  be  obtained.  Thus,  the  following  are 
the  first  two  dogmatic  statements: 

(1)  A  homogeneous  deformation  may  include  0,  1,  or 
an  infinite  number  of  invariant  planes;  there  are  no 
other  possibilities. 

(2)  A  general  IPS  may  always  be  analyzed  into  a  sim¬ 
ple  shear  on  the  IP  and  a  uniaxial  expansion  or  con¬ 
traction  normal  to  the  IP. 

It  follows  that  the  matrix  form  of  an  IPS  is 

E  =  I  +  gen'  [1] 

where  g  specifies  the  magnitude  of  the  deformation,  and 
e  and  n'  are  column  and  row  matrices  giving  the  con- 
travariant  and  covariant  components  of  unit  vectors  in 
the  displacement  direction  and  normal  to  the  IP,  respec¬ 
tively.  The  shear  and  normal  components,  s  and  8,  are 
parallel  to  unit  vectors  1  and  n  where: 

ge  =  si  +  8n;  n'l  =  0  [2] 

Consideration  of  macroscopic  vectors  now  reveals  the 
following  statement: 

(3)  An  ideal  planar  interface  traversing  a  single  crys¬ 
tal  of  the  parent  and  having  no  long-range  elastic 
field  produces  a  macroscopic  shape  deformation  that 
is  an  IPS  for  all  transformations. 

This  is  a  trivial  consequence  of  the  need  to  maintain 
the  continuity  of  matter  at  the  interface.  The  impossi¬ 
bility  of  violating  this  condition  is  here  emphasized  only 
because  it  is  often  stated  or  implied  that  an  IPS  is  char¬ 
acteristic  only  of  a  martensitic  transformation. 

In  an  isothermal,  isobaric  assembly,  free  from  exter¬ 
nal  deviatoric  stresses,  the  idealized  planar  interface 
must  separate  two  phases  that  are  in  equilibrium.  Since 
there  is  no  elastic  energy,  the  equilibrium  will  not  vary 
with  the  nature  of  the  interface,  whereas  Larche  and 
Cahn,[2!  followed  by  many  others,13-71  have  shown  that 
for  small  embedded  particles,  the  equilibrium  may  be 
critically  dependent  on  whether  or  not  the  interface  is 


coherent.  A  slowly  moving  planar  interface  in  a  slowly 
cooled  or  heated  specimen  with  an  imposed  temperature 
gradient  is  not  in  equilibrium,  but  regions  adjacent  to  it 
may  be  close  to  equilibrium.  This  configuration,  familiar 
in  experiments  on  directional  solidification,  is  rarely  ob¬ 
tained  in  solids,  but  it  is  useful  to  consider  it  before  the 
more  complex  case  of  the  inclusion.  The  IPS  condition 
may  be  modified  if  small  changes  in  length  or  orientation 
of  interface  vectors  can  be  accommodated  elastically, 
but  the  interface  then  has  a  long-range  stress  field. 

The  equation  v  =  Eu  represents  a  physical  deforma¬ 
tion  if  displacement  of  the  interface  produces  the  finite 
strains  of  E.  However,  the  transmission  of  shear  stresses 
and  strains  implies  some  coherency  at  the  interface;  in¬ 
coherent  interfaces  (like  fluids)  are  considered  to  be 
“freely  sliding;”  although  in  practice,  this  may  only  be 
true  at  temperatures  where  thermally  activated  atomic 
migration  becomes  rapid.  (Aaronson  [private  commu¬ 
nication]  has  questioned  whether  incoherent  interfaces 
ever  form  between  two  solid  phases.)  While  the  concept 
of  coherency  may  be  intuitively  obvious,  it  is  difficult 
to  give  a  precise  structural  definition.  In  the  theory  of 
cubic  grain  boundaries,  significance  is  commonly  at¬ 
tached  to  coincident  site  lattice  (CSL)  orientations  and 
especially  to  boundaries  that  contain  a  high  density  of 
coincident  sites.  This  leads  to  definitions  of  coherence 
based  on  periodic  boundary  structures  or  the  continuity 
of  lattice  planes  and  directions  across  the  interface. 
However,  the  K]  interfaces  of  deformation  twins  that  are 
clearly  coherent  may  also  be  irrational  and  hence  non¬ 
periodic,  and  across  a  rational  interface,  the  lattices 
may  be  relatively  translated  so  that  there  are  no  coin¬ 
cident  sites  and  strictly  no  continuity  of  planes  and  di¬ 
rections.  The  concepts  of  continuity  and  coherence  are 
nevertheless  closely  linked,  and  a  definition  of  “macro¬ 
coherence,”  based  on  an  imaginary  common  network,  is 
contained  in  the  next  statement.  The  distinction  between 
“fully”  coherent  (f-c)  and  “partly”  (partially  or  semi)  co¬ 
herent  (p-c)  interfaces  is  made  on  an  atomic  level,  and 
the  structural  implications  are  discussed  later. 

Larche  and  Cahn[2]  introduced  the  concept  of  a  net¬ 
work  for  two  phases  in  coherent  contact  with  each  other. 
The  network  is  “a  certain  identity  .  .  .  embedded  in  the 
solid  [that]  permits  the  definition  of  a  displacement  and 
hence  a  strain.”  In  this  definition,  the  specific  structure 
of  the  interface  is  not  considered,  and  in  the  cited  ex¬ 
amples,  the  crystal  lattice  usually  defines  the  network. 
The  network  does  not  forbid  diffusion  of  individual  atom 
species,  nor  deformation  by  dislocation  glide  or  climb, 
but  it  is  disrupted  at  places  such  as  free  surfaces  or  dis¬ 
location  cores. 

Larche  and  Cahn121  did  not  consider  the  effects  of  a 
periodic  array  of  interface  dislocations,  but  it  is  postu¬ 
lated  here  that  local  disruptions  of  a  lattice  network  may 
still  allow  the  network  concept  to  be  applied  on  a  more 
macroscopic  scale.  The  network  is  now  defined,  not  by 
the  crystal  lattice,  but  by  a  “shape  lattice,”  the  primitive 
vectors  of  which  have  a  length  sufficient  to  average  the 
local  lattice  deformations.  The  deformation  E  of  the  net¬ 
work  changes,  in  general,  the  shape  of  the  region  trans¬ 
formed  and  implies  a  correspondence  between  large 
vectors  that  may  differ  from  the  correspondence-relating 
vectors  of  the  two  lattices.  Figures  1  and  2  illustrate  the 
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Fig.  1 — Epitaxial  p-c  interface.  The  misfit  dislocations  must  climb 
with  the  interface,  so  the  number  of  atoms  is  not  conserved.  The  shape 
network  is  represented  by  ABCD  and  ABC'D'. 


“shape  network”  for  an  “epitaxial”  and  a  martensitic  p-c 
interface.  Hence, 

(4)  Incoherent  interfaces  cannot  transmit  shear 
strains  and  thus  do  not  cause  measurable  shape 
changes.  Macroscopically  coherent  interfaces  may  be 
defined  by  the  continuity  of  a  coarse-grained  Larche- 
Cahn  network,  and  their  displacements  produce  tilt¬ 
ing  of  free  surfaces  unless  the  shear  component  is 
close  to  zero. 

The  previous  results  apply  to  any  homogenous  defor¬ 
mation  whether  of  atomic  or  of  macroscopic  regions. 
However,  E  will  always  represent  the  macroscopic 
shape  deformation,  averaged  when  necessary  over  rather 
large  distances,  and  a  lattice  deformation  will  be  labelled 
S,  and  its  principal  deformations  77,. 


g  b  f  c 


(a) 


III.  LATTICE  CORRESPONDENCE 
AND  LATTICE  DEFORMATION 

Solid-state  phase  transformations  are  frequently  clas¬ 
sified  as  either  reconstructive  or  displacive,  depending 
on  whether  or  not  individual  atoms  are  mobile.  In  one 
limit,  the  average  atom  has  moved  several  thousand 
interatomic  distances  during  growth,  whereas  in  the 
other,  an  atom  possesses  insufficient  thermal  energy  to 
make  a  single  diffusive  jump.  In  a  chemical  bond  model, 
a  pure  displacive  change  occurs  by  stretching,  compres¬ 
sion,  or  bending  of  individual  bonds,  whereas  a  recon¬ 
structive  change  involves  breaking  and  reforming  of 
bonds.  The  two  classes  of  transformation  may  also  be 
labeled  nucleation  and  growth  and  martensitic  (probably 
the  oldest  terms  used),  diffusional  and  shear,  or  civilian 
and  military. 

In  an  entirely  displacive  transformation,  each  atom 
moves,  relative  to  its  neighbors,  by  less  than  an  inter¬ 
atomic  distance.  This  leads  to  a  rather  obvious  but  very 
important  conclusion: 

(5)  The  number  of  atoms  must  be  conserved  in  any 
incremental  volume  transformed  from  the  parent 
phase  to  the  product  phase  by  an  entirely  displacive 
(i.e.,  martensitic)  mechanism. 

Although  St.  (5)  may  also  apply  to  many  reconstructive 
transformations,  its  validity  cannot  then  be  assumed, 
since  material  transport  (a  counterflow  of  atoms  and  va¬ 
cancies)  may  be  possible  when  the  atomic  mobility  is 
large. 

The  distinction  between  macroscopically  coherent  and 
incoherent  interfaces  is  often  assumed  to  correlate  with 
the  reconstructive-displacive  classification.  However, 

G 


(b) 


Fig.  2  —  Martensitic  p-c  interface.181  In  (a)  and  (b),  habit  plane  sections  of  the  parent  and  product  structures  related  by  the  lattice  correspondence 
are  shown,  while  (c)  and  (d)  give  the  actual  product  structure  for  single  crystal  and  twinned  martensite,  respectively.  The  figure  is  not  a  true 
representation,  since  a  rational  habit  plane  is  assumed,  but  the  shape  network  that  appears  in  (a),  (c),  and  (d)  as  either  ABCD  or  EFGH  will  be 
present  in  the  more  general  case. 
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experiments19-141  show  that  even  when  the  atomic  mo¬ 
bility  is  high,  some  ordered  products  or  precipitates  ex¬ 
hibit  shape  changes  with  appreciable  shear  components, 
and  it  seems  inappropriate  to  class  these  changes  as  sim¬ 
ply  reconstructive.  An  early  suggestion1151  that  material 
transport  should  remove  the  shape  change  during  growth 
was  tentatively  withdrawn  in  1968  in  view  of  some  con¬ 
trary  experimental  evidence,  and  more  recent  experi¬ 
ments  support  the  conclusion  that  composition  changes 
do  not  exclude  concomitant  shape  changes,  at  least  in  a 
few  cases.  One  possible  reason  for  the  failure  of  the 
original  conclusion  is  that  no  account  was  taken  of  the 
theoretical  difficulty  that  atom/vacancy  sources  and 
sinks  might  not  be  available,  even  under  the  high  driving 
force  of  the  shear  in  a  constrained  particle.  It  is  tenta¬ 
tively  suggested  that  transformations  of  this  type  might 
be  called  “diffusional  displacive,”  where 

(6)  Reconstructive  transformations  have  incoherent 
interfaces,  but  diffusional-displacive  and  pure- 
displacive  transformations  have  coherent  interfaces. 

Any  lattice  may  be  generated  from  any  other  lattice 
by  a  homogeneous  deformation  S;  i.e.,  a  new  set  of  lat¬ 
tice  points  y  may  be  derived  from  an  original  set  x  by 
a  relation  y  =  Sx.  An  unrelaxed  model  of  the  interface 
then  has  the  points  Sx  and  x  on  opposite  sides  of  a  plane 
through  the  common  origin.  There  is  an  infinity  of  pos¬ 
sible  (although  mainly  physically  implausible)  alterna¬ 
tives  to  S.  For  a  stationary  interface,  these  notional 
deformations  all  represent  the  same  unrelaxed  structure 
and  are  thus  equally  valid,  but  if  the  transformation  is 
displacive  and  die  transformed  volume  is  unconstrained, 
one  particular  deformation  S  gives  the  observed  shape 
change.  If  this  physically  significant  deformation  is  an 
IPS,  and  the  interface  plane  is  the  IP,  then  the  two  struc¬ 
tures  match  at  the  interface  that  is  described  as  f-c  and 
is  characterized  by  E  =  S.  An  f-c  interface  may  be  either 
rational  ( e.g .,  type  I  deformation  twins  and  face- 
centered  cubic-hexagonal  close-packed  (fcc-hcp)  mar¬ 
tensites1161)  or  irrational  (type  II  twins  and  certain  Ti-Ta 
alloy  martensites1171). 

A  possible  model  of  a  rational,  f-c  interface  has  a  lat¬ 
tice  plane  with  coincident  sites  (atoms  or  centers  of  sym¬ 
metry)  common  to  the  two  crystals.  Early  theories  of 
grain  boundary  structure  emphasized  orientations  with  a 
high-density  CSL,  but  the  actual  structure  may  require 
a  nonlattice  translation  t  away  from  coincidence,  so  that 

v  =  Su  +  t  [3] 

is  a  more  general  expression  for  the  lattice  sites  of  the 
product  structure.  Nonzero  values  of  t,  have  been  pre¬ 
dicted  by  computer  simulations  for  Kt  interfaces  in 
hep1181  and  even  body-centered  cubic  (bcc)  twins.1191 
Thus,  coherence  on  an  atomic  scale  must  allow  a  trans¬ 
lation  or,  if  the  interface  is  diffuse,  a  curvature  to  break 
the  lattice  continuity  of  the  interface.  Hence 

(7)  An  f-c,  stress-free,  planar  interface  between  two 
single  crystals  is  defined,  irrespective  of  the  detailed 
atomic  structure,  by  the  condition  that  S  in  Eq.  [3] 
is  an  IPS. 

In  all  displacive  transformations,  there  exists,  at  least 
locally,  a  lattice  correspondence  that  specifies  how  “la¬ 
beled”  lattice  points  (and  hence  vectors,  planes,  and  unit 


cells)  of  one  structure  become  correspondingly  labeled 
points  etc.  of  the  other.  The  correspondence  defines  the 
pure  lattice  strain  B,  and  corresponding  cells  contain 
equal  numbers  of  atoms.  For  two  single-lattice  struc¬ 
tures,  the  correspondence  can  (and  usually  does)  relate 
all  the  atom  sites.  Otherwise,  atomic  “shuffles,”  which 
produce  no  macroscopic  effects,  are  required  to  com¬ 
plete  the  structural  change.  Complex  or  lengthy  (more 
than  about  one-half  atom  diameter)  shuffles  are  improb¬ 
able  without  thermal  activation,  so  that  the  observed  cor¬ 
respondences  in  both  deformation  twins  and  martensites 
either  avoid  shuffles  or  have  simple  shuffles.  In  mar¬ 
tensites,  the  correspondence  applies,  within  the  uncer¬ 
tainty  of  possible  shuffles,  to  labeled  atoms,  but  in 
diffusive-displacive  transformations,  atomic  migration 
prevents  such  a  correlation.  These  two  possibilities  have 
been  loosely  described  as  atomic  and  lattice-site  corre¬ 
spondences,  respectively,  but  the  imprecisely  defined 
term  “atomic  correspondence”  is  probably  best  avoided. 
In  summary, 

(8)  A  lattice  correspondence  defines  a  one-to-one  re¬ 
lationship  between  selected  vectors,  planes,  and  cells 
of  the  two  lattices.  A  lattice  correspondence  defines 
the  principal  axes  and  principal  trains  of  S  but  does 
not  specify  R. 

IV.  THE  LATTICE  INVARIANT 
DEFORMATION  AND  THE  PTMC 

Many  measurements  have  confirmed  that  any  macro¬ 
scopic  change  of  shape  is  an  IPS,  or  some  self- 
accommodating  combination  of  different  IPSs.  Except 
for  deformation  twinning,  f-c  structures  are  very  rare, 
because 

(9)  It  is  not  possible,  in  general,  to  select  a  corre¬ 
spondence  for  which  S  is  an  exact  or  approximate 
IPS  because  of  the  restrictive  condition  that  one  prin¬ 
cipal  strain  of  S  must  be  (exactly  or  approximately) 
zero. 

Thus,  for  the  vast  majority  of  phase  transformations,  the 
macroscopic  change  of  shape  is  quite  different  from  that 
of  a  unit  cell.  In  a  martensitic  transformation,  the  lattice 
shape  change  may  be  modified  into  a  macroscopic  IPS 
either  by  averaging  over  the  two  lattice  deformations  of 
a  finely  twinned  product  or  by  forming  an  interface  con¬ 
taining  an  array  of  so-called  “misfit,”  “interface,”  or 
“anticoherency”  dislocations,  each  with  a  lattice  Burgers 
vector.  (In  a  few  martensitic  products,  faults  of  low  en¬ 
ergy  are  tolerated,  so  the  interface  dislocations  may  have 
partial  Burgers  vectors.)  The  array  has  a  quasiuniform 
spacing  and  is  displaced  along  planes  m  of  the  parent  as 
the  product  grows,  or  along  corresponding  planes  m  of 
the  product  if  the  product  shrinks.  The  planes  m  and  m 
meet  edge  to  edge  in  the  interface  along  the  invariant 
line  of  S.  Such  an  array  has  been  called  “glissile”  in 
previous  publications, [20'21-38,391  but  the  term  here  has  an 
entirely  geometrical  meaning,  namely  that  the  number 
of  atoms  is  conserved. 

The  simple  shear  G  produced  by  the  array  of  anti¬ 
coherency  dislocations  is  a  lattice  invariant  deformation 
(LID)  that  is  homogeneous  only  on  a  macroscale,  but  it 
modifies  the  lattice  shape  change  S  into  a  macroscopic 
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shape  change  E  =  SG  =  RBG,  which  is  close  to  an 
IPS.  (An  exact  IPS  is  calculated  in  the  formal  PTMC 
theories,122,231  but  the  required  shear  seldom  corresponds 
to  a  uniform  spacing  of  the  dislocations.)  Hence, 

(10)  In  a  transformation  to  a  single  crystal  of  mar¬ 
tensite,  the  LID  of  the  original  PTMC  is  a  simple 
shear  produced  by  a  single  set  of  discontinuities  in 
the  interface.  These  discontinuities  are  glissile  (anti¬ 
coherency)  dislocations  parallel  to  the  IL  of  the  lattice 
deformation. 

The  conclusion  that  a  martensitic  interface  must  con¬ 
tain  a  glissile  dislocation  array  does  not  imply  that  a 
diffusion-controlled  reaction  may  not  also  incorporate  a 
similar  interface.  Thus, 

(11)  Planar  interfaces  containing  a  single-glissile 
array  of  anticoherency  dislocations  may  also  occur  in 
certain  diffusional  transformations  in  which  the 
growth  rate  is  quite  slow. 

In  the  original  PTMC  theories,  the  dislocation  and  twin 
models  were  shown  to  be  equivalent  if  K\  corresponds 
to  mM,  rji  is  parallel  to  the  Burgers  vector,  and  the  mag¬ 
nitude  of  the  LID  shear  is  a  positive  fraction  of  the  twin¬ 
ning  shear.  The  twinned  product  is  observed  in  many 
martensites. 

The  PTMC  equations  give,  in  the  most  general  case, 
four  independent  solutions  for  the  orientation  relations, 
habit  plane,  and  shape  deformation,  but  certain  sym¬ 
metry  conditions  reduce  the  solutions  to  crystallo- 
graphically  equivalent  variants  of  either  two  solutions  or 
of  a  unique  solution  for  each  set  of  input  data.  The 
choice  of  the  K{  plane  and  up  direction  is  severely  re¬ 
stricted  if  the  two  lattice  correspondences  of  a  twinned 
product  are  equivalent  variants.  Either  the  parent  plane 
m  must  be  a  mirror  plane  or  the  t),  direction  must  be 
derived  from  a  two-fold  axis  of  the  parent  matrix.  More¬ 
over,  when  either  Xj  (=  mM)  or  -q,  is  chosen,  the  other 
crystallographic  parameter  is  fixed,  and 

(12)  The  input  data  for  the  PTMC  are  the  structures 
and  lattice  parameters  of  the  two  phases  and  the 
plane  and  direction  of  the  LID.  If  the  product  is 
twinned,  the  possible  choice  is  limited  to  either  twin 
plane  or  twin  direction  (not  both)  and  is  very  severely 
restricted. 

The  predictions  specify  not  only  the  orientation  rela¬ 
tions  and  the  parameters  of  the  shape  and  LID,  but  also 
the  specific  variants  of  each.  So 

(13)  Experimental  tests  of  the  PTMC  must  include 
measurements  of  associated  specific  variants  of  ori¬ 
entation  relations,  habit  planes,  and  shape  defor¬ 
mation  so  that  many  independent  parameters  are 
compared  with  theoretical  predictions.  Agreement  of 
all  parameters  thus  indicates  a  high  degree  of  prob¬ 
ability  that  the  PTMC  theory  is  at  least  approxi¬ 
mately  correct. 

Elaborations  of  the  original  PTMC  theory  include  inter¬ 
faces  with  small  deviations  from  the  IPS  condition,  e.g., 
the  Bowles-Mackenzie1231  dilatation  parameter,  or  more 
than  one  set  of  anticoherency  dislocations.  If  there  is  not 
an  exact  IPS,  the  interface  is  strained  elastically  and  has 
a  long-range  stress  field.  Two  or  more  sets  of  disloca¬ 
tions  may  still  produce  a  simple  shear  LID  if  they  have 


in  common  either  the  Burgers  vector  or  the  slip  plane, 
but  the  resultant  plane  or  vector  may  then  have  very  high 
indices. 

Hirth1241  has  proposed  a  generalization  of  the  basic 
PTMC  equation  E  =  RBG  to  include  a  uniform  dila¬ 
tation  and  an  additional  lattice  rotation  that  relaxes  the 
stress  field  of  an  array  of  steps  in  an  original  (assumed 
rational)  interface,  as  discussed  in  Section  VI.  The  di¬ 
latation  term  might  similarly  be  relaxed,  at  least  partly, 
by  misfit  dislocations.  Hirth  thus  suggests  that  such  ro¬ 
tational  and  translational  relaxations,  which  are  not  sub¬ 
ject  to  any  symmetry  constraints,  permit  a  range  of 
possible  orientation  relationships,  rather  than  the  unique 
prediction  of  the  PTMC.  Each  orientation  has  an  “equi¬ 
librium”  interface,  i.e.,  one  without  a  long-range  stress 
field.  In  a  formal  sense,  the  additional  rotation  in  Hirth’s 
Eq.  [4]  may  be  incorporated  into  R,  and  the  equation  is 
then  identical  with  the  Bowles-Mackenzie  formulation, 
except  that  the  dilatation  is  not  necessarily  accommo¬ 
dated  elastically.  The  equation  may  also  be  seen  as  a 
generalization  of  the  assumption  in  PTMC  that  the  LID 
is  a  simple  shear,  but  it  is  important  to  note  that  any 
model  which  includes  misfit  of  epitaxial  type  cannot  be 
valid  for  martensitic  growth  because  of  St.  (5)  (see  also 
Sts.  (22)  through  (23)  shown  later).  Finally,  the  most 
general  form  of  the  transformation  matrix  has  to  allow 
for  two  principal  misfits  within  the  interface  plane,  so 
that  instead  of  Hirth’s  Eq.  [4],  the  general  transforma¬ 
tion  matrix  becomes 

A  =  R!  RBG8,  82  [4] 

where  E  =  RBG  is  an  IPS,  R,  is  the  additional  rotation, 
and  8!  and  82  are  uniaxial  misfits  in  the  plane  of  the 
plate.  If  A  also  represents  an  IPS  (on  a  different  plane), 
the  equation  may  be  rewritten  in  the  standard  form  A  = 
R2BG2  where  the  additional  rotation  and  misfit  have 
been  incorporated  into  the  lattice  relationship  and  the 
LID,  respectively. 

V.  ENCLOSED  PARTICLES 
CONSTRAINED  BY  A  MATRIX 

A  very  small  enclosed  particle  of  a  second  phase,  in 
or  near  equilibrium,  has  a  morphology  that  is  mainly  de¬ 
termined  by  the  anisotropic  interfacial  free  energy.  If  the 
misfit  is  appreciable,  however,  the  strain  energy  will  be¬ 
come  increasingly  important  as  the  particle  size  in¬ 
creases.  The  strain  energy  is  due  to  the  resistance  of  the 
matrix  to  the  change  of  shape  that  the  particle  is  trying 
to  impose  on  it,  and  strain  energy  dominance  for  large 
sizes  arises  because  this  energy  is  proportional  to  the 
volume  of  the  particle,  rather  than  to  its  surface  area. 
The  following  is  a  rather  obvious  conclusion: 

(14)  The  minimum  strain  energy  for  an  isolated  con¬ 
strained  particle  is  obtained  when  the  minimum  lin¬ 
ear  misfit  is  parallel  to  a  long  dimension  of  the 
particle  and  the  maximum  misfit  is  parallel  to  a  short 
dimension. 

Thus,  the  preferred  morphology  for  a  large  one¬ 
dimensional  misfit,  is  likely  to  be  plates  with  a  habit 
normal  to  the  misfit  direction,  for  a  two-dimensional 
misfit,  to  be  needles  or  laths  with  the  long  axis  parallel 
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to  the  direction  of  best  fit,  and  for  misfits  of  comparable 
magnitude  in  all  three  dimensions,  to  be  plates,  needles, 
or  equiaxed  shapes  with  small  dimensions  only. 

The  strain  energy  may  also  strongly  influence  the 
microstructures  of  grains  containing  a  number  of  parti¬ 
cles,  since  it  then  includes  contributions  from  their  mu¬ 
tual  interactions.  An  arrangement  in  which  the  strain 
field  of  each  individual  particle  is  largely  cancelled  by 
the  fields  of  other  particles  may  lead  to  a  substantial  de¬ 
crease  in  the  overall  free  energy.  Interaction  effects  can 
be  quite  dramatic,  leading,  for  example,  to  aligned  rows 
of  cuboidal  precipitates  and  to  the  reversal  of  Ostwald 
ripening.  The  influence  of  strain  energy  on  micro¬ 
structure  was  first  treated  in  detail  by  Khachaturyan'251 
and  Roitburd,[26]  and  there  are  now  many  articles  dealing 
with  this  important  subject.  Only  individual,  isolated 
particles  will  be  considered  here. 

A  nucleus  or  a  subcritical  embryo  will  generally  be 
elastically  strained  into  full  coherence  with  the  matrix, 
because  the  interfacial  energies  are  lower  than  those  of 
p-c  or  incoherent  interfaces.  The  matrix  and  particle 
form  a  self-stressed  assembly,  and  the  shape-dependent 
strain  energy  is  proportional  to  the  volume  of  the  par¬ 
ticle.  In  the  exceptional  case  when  S  is  an  IPS,  a  plate¬ 
shaped  particle  parallel  to  the  IP  will  have  a  low  strain 
energy,  because  of  the  good  fit  along  all  major  dimen¬ 
sions.  However,  steps  or  facets  inclined  to  the  IP  are 
unavoidable  in  an  enclosed  particle  and  are  responsible 
for  the  stress  field  in  the  assumed  absence  of  accom¬ 
modating  plastic  deformation  in  the  matrix. 

Essentially  similar  conclusions  follow  for  particles  in 
which  E,  but  not  S,  is  an  exact  or  approximate  IPS.  An 
enclosed  plate  with  the  IP  as  habit  will  again  have  a 
stress  field  attributable  to  the  forced  shape  compatibility 
at  the  steps  or  other  facets.  A  p-c  particle  may,  there¬ 
fore,  be  treated  as  an  f-c  particle  by  replacing  S  by  E. 
This  equivalence  breaks  down  at  very  small  sizes  where 
p-c  particles  are  not  possible.  Hence, 

(15)  An  enclosed  (partly  or  fully)  coherent  particle 
has  a  (shape  or  lattice)  network  in  common  with  the 
surrounding  matrix.  The  continuity  of  the  network 
implies  that  all  interfaces  are  either  naturally  coher¬ 
ent  or  forced  elastically  into  coherence. 

It  follows  as  a  corollary  that 

(16)  It  is  not  possible  for  some  interfaces  or  parts  of 
an  interface  (e.g.,  ledges  or  kinks)  to  be  incoherent 
(i.e.,  disordered)  while  others  (e.g.,  terraces)  are 
(partly  or  fully)  coherent. 

Finally,  even  an  enclosed  incoherent  particle  has  a 
strain  field  if  the  volume  change  cannot  be  eliminated 
by  material  flow  in  the  time  scale  of  an  experiment.  This 
strain  energy  will  be  small  if  atomic  migration  can  en¬ 
sure  that  the  whole  of  the  misfit  is  normal  to  a  plate¬ 
shaped  particle.  Thus,  in  all  types  of  interface,  if  the 
stress-free  lattice  or  shape  deformation  approximates  to 
an  IPS,  the  strain  energy  is  likely  to  be  least  for  a  plate 
shape  with  its  plane  parallel  to  the  IP.  If,  however,  S 
represents  a  pure  expansion  or  contraction,  the  (iso¬ 
tropic)  elastic  energy  of  a  particle  with  the  same  elastic 
stiffnesses  as  the  matrix  is  independent  of  its  shape,  and 

(17)  If  the  stress-free  deformation  is  a  uniform  ex¬ 
pansion  or  contraction,  the  strain  energy  in  isotropic 


linear  theory  is  independent  of  the  particle  shape 
(Crum’s  theorem).  If  the  misfit  is  large  and  has  the 
same  sign  in  all  three  dimensions,  only  small  particles 
can  form  unless  the  misfit  can  be  reduced  or  elimi¬ 
nated  by  material  flow.  Large  equiaxed  particles  can¬ 
not  form  unless  the  net  shape  change  is  very  small. 

More  exact  calculations  utilize  the  virtual  operations 
introduced  by  Eshelby. 127,281  Eshelby’s  procedure  was  to 
remove  some  volume  from  the  matrix  interior,  allow  it 
to  transform  freely  and  displacively  to  a  new  phase  by 
a  lattice  deformation  S,  then  apply  tractions  to  its  sur¬ 
faces  to  return  it  elastically  to  its  original  size  and  shape, 
reinsert  it  in  the  hole,  and  finally  remove  the  surface 
forces  and  allow  the  self-stressed  composite  to  relax 
elastically,  obtaining  the  constrained  strains  in  the  ma¬ 
trix  and  particle  and  the  strain  energy.  The  finite  strains 
of  S  define  a  symmetric  elastic  strain  tensor  with  com¬ 
ponents  [(1  /2)(SU  +  Sj,)  -  8V],  and  these  “stress-free” 
strains  were  used  in  the  linear  elastic  calculations. 

This  calculation  thus  treats  both  the  matrix  and  the 
misfitting  particle  as  linear  elastic  objects  even  though 
S  or  E  are  finite  deformations.  Eshelby  considered  only 
an  f-c  particle,  and  he  obtained  analytical  results  for  par¬ 
ticles  of  varying  shape,  specified  by  ellipsoids  of  dif¬ 
fering  aspect  ratios.  (Within  an  ellipsoid,  the  strain  is 
uniform  in  both  isotropic128'  and  anisotropic'30'  elastic 
treatments.)  The  theory  was  later  generalized  to  include 
anisotropic  effects'31'  and  reformulated  by 
Khachaturyan'25,32'  to  separate  the  shape  function  from 
the  elastic  term.  The  calculation  was  adopted  to  p-c  mar¬ 
tensitic  transformation'34'  by  defining  the  stress-free 
strains  in  terms  of  E  rather  than  S. 

These  calculations  may  be  used  to  justify  the  assump¬ 
tion  of  the  PTMC  that  the  habit  plane  is  the  IP  of  the 
shape  deformation.'33,34'  For  an  oblate-spheroidal  mar¬ 
tensite  plate,  the  strain  energy  is  linear  in  the  aspect  ratio 
(thickness: length),  if  E  is  an  IPS  on  the  plane  of  the 
plate.  Thus,  the  strain  energy  can  be  made  indefinitely 
small  by  reducing  the  aspect  ratio,  whereas  in  other  con¬ 
ditions  (E  not  an  IPS  or  habit  not  parallel  to  IP),  the 
energy  increases  with  the  dimensions  of  the  plate. 
Hence, 

(18)  The  strain  energy  of  an  enclosed  plate-shaped 
particle  can  be  decreased  indefinitely  by  decreasing 
its  aspect  ratio  if  and  only  if  its  stress-free  shape  de¬ 
formation  is  an  IPS  with  the  IP  parallel  to  the  habit 
plane.  The  assumptions  of  the  PTMC  are  thus  con¬ 
sistent  with  minimization  of  the  strain  energy  of  an 
enclosed  plate. 

The  symmetrical  strains  used  in  linear  elastic  theory 
have  the  disadvantage  that  rotations  and,  hence,  orien¬ 
tation  relations  cannot  be  included,  and  incorrect  pre¬ 
dictions  may  be  made.  In  deformation  twinning,  for 
example,  the  linear  theory  predicts  the  equivalence  of  K , 
and  the  plane  normal  to  up.  Thus,  although  there  are 
linearized  versions  of  PTMC, 

(19)  Great  care  is  needed  if  crystallographic  results 
are  obtained  from  the  linear  elastic  theory.  Spurious 
symmetries  may  be  introduced,  especially  in  linear 
elastic  versions  of  the  PTMC. 

More  general  operations  on  the  freely  transformed 
particle  can  be  envisaged'35'  to  follow  S  in  order  to 
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simulate  nonmartensitic  p-c  interfaces  or  even  incoher¬ 
ent  interfaces.  Figure  3  shows  the  Eshelby  operations 
(a),  (b),  and  (e),  while  (c)  maintains  coherency  but  al¬ 
lows  growth  to  include  a  change  in  composition  or  long- 
range  order.  Further  modifications  are  made  if  a  (d)  op¬ 
eration  follows  (b)  or  (c).  In  (d,),  the  shape  change  is 
eliminated  by  the  transfer  of  atoms  to,  from,  and  around 
the  particle,  and  this  requires  high  lattice  diffusivity.  As 
there  is  no  strain  energy,  the  particle  may  well  be 
equiaxed.  The  operation  (d2)  is  similar,  but  the  atomic 
flux  is  only  around  the  particle,  so  the  number  of  atoms 
is  conserved.  This  might  occur  if  an  incoherent  interface 
is  able  to  provide  a  rapid  diffusion  path;  a  similar  flow 
around  a  coherent  particle  would  require  rapid  lattice 
rather  than  interface  diffusion  and  also  suitable  atom/ 
vacancy  sources  and  sinks. 

Operation  (d3)  allows  regularly  spaced  dislocations  to 
pass  through  the  particle  on  their  glide  planes,  thus  pro¬ 
ducing  an  IPS  shape  change  by  displacement  of  a  glissile 
interface  as  in  the  PTMC.  Finally,  (d4)  envisages  the  ad¬ 
dition  or  removal  of  regularly  spaced  atomic  planes,  giv¬ 
ing  a  uniaxial  LID  to  compensate  a  misfit  in  a  rational 
direction.  This  will  also  require  rapid  lattice  diffusion 
unless  the  excess  atoms  can  be  inserted  or  removed  by 
prismatic  punching.  Figure  1  shows  why  such  an  epi¬ 
taxial  interface  cannot  migrate  conservatively.  In 
summary, 

(20)  Plate  shapes  give  the  smallest  strain  energy  for 
coherent  particles  with  stress-free  shape  strains  that 
approximate  to  an  IPS  and  also  for  incoherent  par¬ 
ticles  that  grow  conservatively  with  an  appreciable 
stress-free  volume  change.  With  coherent  particles, 
particular  orientation  relations  and  habit  planes  are 
necessary  to  obtain  low  energy 

and 

(21)  The  energy  is  reduced  in  diffusive  displacive 
transformations  if  material  flow  is  able  to  eliminate 
the  shear  component  of  the  IPS  shape  change. 

Interface  misfits  in  two  perpendicular  directions  may 
be  corrected  by  cross  grids  of  misfit  dislocations,  and 
various  other  possibilities  have  been  extensively  dis¬ 
cussed.  I36-37-85!  If  the  principal  misfits  have  opposite 
signs,  much  of  the  material  flow  may  be  conservative 
( i.e .,  around  the  particle). 

(22)  The  growth  of  partly  coherent  particles  with  ep¬ 
itaxial  interfaces  is,  in  general,  non  conservative  and 
requires  long-range  material  flow  from  or  to  the  mis¬ 
fit  dislocations  which  must  “climb”  in  order  to  re¬ 
main  in  the  interface  when  it  is  displaced 

and 

(23)  Long-range  transport  (St.  (17)  and  (21))  may  be 
rate  limiting  in  some  transformations  unless  there  are 
slower  processes  needed  for  growth. 

VI.  THE  FRANK-BILBY 
AND  BOLLMANN  EQUATIONS 

The  Frank-Bilby  equation151  ■20-34’38  401  for  the  disloca¬ 
tion  content  of  a  general  grain  boundary  or  interphase 


Fig.  3  —  Modifications  of  Eshelby ’s  virtual  operations  to  allow  p-c 
and  incoherent  interfaces  to  be  treated  within  the  same  (linear  elastic) 
framework  as  the  f-c  particles  originally  considered.1351  For  details, 
see  text. 


interface  has  the  same  form  as  Bollmann’s  O-lattice 
equation134’41'  and  may  be  written  as 

bp  =  (S~‘  -  I)p  [5] 

here  bp  and  Sb(,  give  the  net  Burgers  vector  (referred  to 
the  parent  and  product  lattices,  respectively)  of  interface 
dislocations  crossing  any  vector  p  in  the  interface.  This 
equation  is  simply  a  measure  of  the  net  misfit  in  any 
direction  p  of  a  given  interface  plane  n  (i.e. ,  p  •  n  =  0) 
for  two  lattices  connected  by  S.  The  equation  may  be 
interpreted  in  various  ways,  the  most  usual  of  which  is 
to  regard  b;,  as  the  net  effect  of  discrete  interface  dis¬ 
locations  crossing  p.  These  dislocations  form  part  of  one 
or  more  parallel  arrays  and  have  Burgers  vectors  that  are 
repeat  vectors  of  the  lattice  in  which  bp  is  defined.  (A 
slightly  more  general  equation  defines  bp  in  any  refer¬ 
ence  lattice.)  Bollmann’s  O-lattice1411  uses  an  equivalent 
quantized  approach,  and  the  resulting  dislocation  array 
models  are  generalizations  of  the  original  low-angle 
boundary  or  epitaxial-misfitting  boundaries.  The  dislo¬ 
cations  are  “primary”  dislocations,  referred  to  a  single¬ 
crystal  reference  state,  and  they  modify  the  lattice 
deformation  to  give  an  average  shape  deformation  that 
is  an  IPS  on  the  plane  n.  Thus,  as  shown  in  a  famous 
article  by  Bullough  and  Bilby,1421  Eq.  [5]  leads  directly 
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to  the  PTMC  and  enables  n  and  the  rotational  part  of  S 
to  be  determined,  whereas  if  S  and  n  are  specified  in 
advance,  the  misfit  dislocations  will  not,  in  general,  all 
be  glissile. 

An  alternative  interpretation  of  Eq.  [5]  is  that  it  gives 
the  total  density  of  virtual  (or  coherency)  dislocations  in 
an  interface  n  across  which  the  phases  are  forced  elas¬ 
tically  into  coherence.  Christian  and  Knowles1431  empha¬ 
sized  that  the  dislocation  content  of  an  interface  can  be 
defined  only  in  relation  to  a  reference  state  of  agreed 
zero  density.  There  are  two  possible  reference  states, 
namely  either  full  coherence  as  shown  by  a  continuous 
lattice  network,  or  the  absence  of  a  long-range  stress 
field.  The  definitions  coincide  only  if  S  is  an  IPS;  other¬ 
wise,  according  to  the  network  definition,  the  p-c  bound¬ 
ary  has  a  discrete  dislocation  content  specified  by  the 
Frank-Bilby  equation,  while,  with  the  stress  definition, 
the  f-c  boundary  has  a  quasicontinuous  array  of  stress¬ 
generating  (“coherency”)  dislocations  with  fractional 
Burgers  vectors,  and  the  p-c  boundary  has  superimposed 
upon  this  the  discrete  anticoherency  dislocation  array  to 
give  a  net  Burgers  vector  content  of  near  zero.  This  latter 
interpretation  is  largely  due  to  Olson  and  co¬ 
workers,  [44-45'46!  who  suggested  the  terms  coherency  and 
anticoherency,  and  to  Bonnet  and  co- workers,147-501  who 
regards  the  continuous  array  as  a  Somigliana  dislocation 
and  the  discrete  array  as  Volterra  dislocations.  Hence, 

(24)  The  Frank-Bilby-Bollmann  equation  gives  the 
total  Burgers  vector  of  the  stress-generating  coher¬ 
ency  dislocations  in  an  interface  across  which  the  two 
phases  are  elastically  strained  into  full  coherence,  or 
equivalently  the  density  of  discrete  anticoherency  dis¬ 
locations  with  lattice  Burgers  vectors  that  constitute 
a  p-c  interface  with  no  long-range  stress  field. 

The  Frank-Bilby  equation  is  concerned  with  compat¬ 
ible  lattice  and  shape  deformations.  In  Bilby’s  original 
derivation,1511  he  considered  a  three-dimensional  com¬ 
patible  continuous  distribution  of  dislocations,  specified 
by  Nye’s  tensor  dislocation  density,1521  which  he  then 
confined  to  a  thin  layer  and  so  defined  a  “surface  dis¬ 
location.”  If  this  surface  density  is  uniform,  it  exactly 
cancels  the  strain  field  of  the  interface  (or  of  the  coher¬ 
ency  dislocations),  but  there  is  no  network  continuity. 
The  interface  is  now  incoherent  with  a  high  surface  en¬ 
ergy  but  no  strain  energy.  Thus, 

(25)  If  the  density  of  anticoherency  dislocations  given 
by  the  Frank-Bilby  equation  is  uniformly  distributed 
along  the  interface,  all  network  continuity  is  de¬ 
stroyed,  and  the  interface  has  become  incoherent. 

There  are  two  different  approaches  to  interface  struc¬ 
ture.  The  first,  much  used  in  grain  boundary  theory,  ex¬ 
amines  a  selected  CSL  interface  of  given  S  and  n,  the 
energy  of  which  is  then  minimized  by  atomic  relaxation 
using  interatomic  force  laws  (usually  pair-wise  inter¬ 
actions).  Adjacent  interfaces  and  orientation  relations  are 
obtained  by  introducing  “defects”  (e.g.,  displacement 
shift  complete  (DSC)  dislocations)  into  this  reference 
interface.  Although  n  and  the  orientation  relation  are 
also  usually  assumed  to  be  rational  for  an  interphase 
interface,  this  will  not  now  be  an  IP,  and  a  limited  vari¬ 
ation  of  S  or  n  may  be  permitted  in  order  to  lower  the 
energy  (e.g.,  “structural  ledges”  may  be  introduced  to 


rotate  the  interface  plane).  In  the  other  approach,  which 
stems  mainly  from  the  PTMC,  the  aim  is  to  find  an  op¬ 
timum  interface,  and  the  anticoherency  dislocations  or 
other  defects  are  selected  and  used  to  minimize  the  strain 
energy  and,  thus,  to  determine  S  and  n.  In  this  approach, 
rational  orientations  or  habit  planes  are  exceptional. 

As  a  p-c  interface  is  displaced,  the  interface  disloca¬ 
tions  must  glide  or  climb,  and  the  net  effects  of  these 
displacements  produces  the  LID.  In  an  entirely  displa- 
cive  transformation,  only  glide  is  permissible,  but  in  a 
diffusive-displacive  transformation,  some  climb  of  the 
anticoherency  dislocations  might  be  possible.  Thus,  it  is 
not  obvious  whether  a  rational  habit  plane  requiring  ma¬ 
terial  transport  for  its  motion  or  an  irrational  plane  able 
to  move  purely  displacively  will  be  preferred. 

(26)  Partly  coherent  interfaces  normally  have  irra¬ 
tional  (or  high  index)  habits  and  orientation  relations 
if  the  transformation  is  martensitic  (i.e.,  entirely  dis- 
placive)  but  may  have  either  irrational  or  rational 
habits  in  diffusive-displacive  transformations. 


VII.  STEPS,  LEDGES,  AND 
INTERFACE  DISLOCATIONS 

The  literature129,63-68'76-78-811  contains  many  references 
to  ledges,  steps,  terraces,  and  risers,  qualified  by  adjec¬ 
tives  such  as  growth,  structural,  misfit-compensating, 
etc.  Step  and  ledge  are  used  interchangeably  in  this  ar¬ 
ticle,  but  step  will  usually  denote  a  minimum  change  of 
interface  level,  and  larger  changes  will  be  called  ledges, 
superledges,  or  facets.  Terraces  will  denote  the  major 
areas  of  a  stepped  interface  and  risers  the  minor  areas. 
(Riser  is  an  area  in  this  article,  not  a  vector.) 

The  Russian  physicist  Vladimirskij1531  and  (indepen¬ 
dently)  Frank  and  Van  der  Merwe1541  first  defined  a 
“twinning  dislocation”  as  a  step  in  a  rational  coherent 
Ki  interface,  and  Bilby1551  called  the  corresponding  step 
in  an  f-c  interphase  interface  a  “transformation  dislo¬ 
cation.”  Vladimirskij’s  twinning  dislocation  is  shown  in 
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Figure  4,  and  Figure  5  demonstrates  that  a  step  of  height 
h  in  an  f-c  interface  with  S  =  E  =  I  +  gen'  has  a 
Burgers  vector; 

b,  =  hge  =  /;[<5n  +  si]  [6] 

The  angle  between  the  step  direction  and  1  determines 
the  edge,  screw,  or  mixed  character  of  the  step,  and  b, 
is  usually  smaller  than  the  smallest  lattice  vector.  Both 
the  direction  and  the  magnitude  of  b,  may  be  irrational, 
except  in  cubic  twinning.  The  next  statement  is  essen¬ 
tially  a  definition. 

(27)  A  step  in  a  rational,  f-c  interface  is  a  twinning 
or  transformation  dislocation  with  edge,  screw,  or 
mixed  character  and  a  Burgers  vector  in  accordance 
with  Eq.  [6]. 

Note  that  although  the  plane  of  the  riser  may  be  inclined 
at  any  angle  to  the  interface,  h  must  be  measured  normal 
to  the  terrace  interface. 

A  step  normally  separates  two  levels  of  the  interface 
with  identical  structures  so  that  h  must  be  an  integral 
multiple  of  the  spacing  d  of  lattice  planes  parallel  to  the 
interface.  When  two  structures  have  different  numbers 
of  atoms  in  their  primitive  unit  cells,  h  is  a  multiple  of 
d'  =  kd  where  d'  defines  “equivalent”  cells  with  equal 
numbers  of  atoms.  A  parameter  q  gives  the  minimum  h 
in  type  I  twinning;1391  if  hmin  >  d,  the  step  is  called  a 
zonal  twinning  dislocation,  and  a  (possibly  unstable) 
step  of  height  d  is  an  elementary  twinning  dislocation. 
Elementary  steps  are  stable  in  all  single-lattice  twinning 
modes  but  not  in  some  hep  modes.  There  is  a  similar 
but  more  complex  condition1391  for  a  zonal  transforma¬ 
tion  dislocation. 

A  zonal  step  may  dissociate  into  elementary  steps  that 


Fig.  5  —  Burgers  vector  of  a  transformation  dislocation.  A  cut  ending 
on  the  step  in  (a)  becomes  a  fissure  after  transformation  ( b )  with  effec¬ 
tive  Burgers  vector  proportional  to  h.  In  (c),  a  step  becomes  an  intrin¬ 
sic  part  of  the  macroscopic  interface,  while  ( d )  illustrates  that  the 
shear  discontinuity  across  a  step  might  be  largely  eliminated  by  a  lat¬ 
tice  dislocation  of  opposite  sign. 


mutually  repel,  but  their  separation  will  be  limited  by 
the  extra  energies  of  the  interface  structures  between  the 
elementary  steps.  As  in  the  dissociation  of  a  lattice  dis¬ 
location,  the  equilibrium  separation  may  be  negligible, 
appreciable,  or  very  large  on  an  atomic  scale,  so  that  a 
zonal  step  may  be  unextended,  extended,  or  nonexistent. 
In  the  later  case,  the  different  interface  structures  are  en¬ 
ergetically  degenerate,  and  elementary  steps  are  stable. 
It  is  also  possible,  in  principle,  for  two  different  inter¬ 
face  structures  to  have  nearly  equal  energies  and  to  be 
separated  by  defects  with  smaller  Burgers  vectors  than 
those  of  elementary  transformation  dislocations  and  step 
heights  less  than  the  lattice  spacing.  An  elementary  dis¬ 
location  may  then  either  extend  or  dissociate  completely. 
Atomistic  calculations156’571  indicate  that  in  some  bcc 
twins,  for_  example,  structures  with  t  =  0  and  t  = 
(1/12)<11T),  separated  by  a  (1/2 )d  step,  have  nearly 
equal  energies. 

A  transformation  dislocation,  despite  the  normal  com¬ 
ponent  of  its  Burgers  vector,  may  glide  along  the  terrace 
plane,  thereby  conserving  the  number  of  atoms  but  not 
the  volume.  Since  its  motion  displaces  the  interface 
through  h  or  —h,  it  is  also  a  growth  ledge,  as  usually 
defined.129,24’63’661  If  the  transformation  is  entirely  displa- 
cive,  the  mobility  of  the  step  is  limited  only  by  its  own 
oscillating  self-energy,  which  leads  to  a  “frictional”  re¬ 
sistance  or  “Peierls-Nabarro  force”  opposing  the  mo¬ 
tion.  Steps  are  usually  modeled  as  rather  sharp  changes, 
indicating  high  Peierls-Nabarro  forces,  but  some  atom¬ 
istic  calculations156’571  predict  diffuse  steps  and,  thus,  in¬ 
dicate  a  lower  lattice  resistance  to  the  spontaneous 
nucleation  and  growth  of  a  new  layer  than  that  given  by 
a  bulk  elasticity  calculation.  In  a  diffusive-displacive 
transformation,  the  step’s  mobility  may  be  determined 
mainly  either  by  the  interface  kinetics  of  atom  attach¬ 
ment  or  by  any  necessary  ordering  or  long-range  diffu¬ 
sion.  Hence, 

(28)  Twinning  or  transformation  dislocations  are  co¬ 
herent  growth  ledges.  They  may  move  rapidly  along 
the  interface  during  displacive  changes,  but  in 
diffusional-displacive  transformations,  their  veloci¬ 
ties  may  be  limited  by  ordering,  chemical  diffusion, 
or  long-range  atomic  transport. 

The  theory  of  transformation  dislocations  has  largely 
been  developed  for  rational,  stress-free,  f-c  interfaces, 
but  steps  in  interfaces  in  forced  elastic  coherence  or  ra¬ 
tional  p-c  interfaces  have  similar  properties.  Figure  6 


Fig.  6 — A  step  in  the  p-c  interface  of  Fig.  l.,39> 
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shows  a  step  that  has  been  formed  in  the  p-c  interface 
of  Figure  1  by  an  operation  equivalent  to  that  in 
Figure  5.  The  effective  Burgers  vector  is  seen  to  be 
given  by  Eq.  [6]  where  the  parameters  no  longer  relate 
to  S  but  still  specify  the  shape  deformation  E.  The  rea¬ 
son  for  this  is  that  dislocation  descriptions  of  steps  in¬ 
volve  long-range  fields,  and  these  are  clearly  dependent 
on  the  average  shape  deformation,  rather  than  the  local 
deformation.  There  are,  however,  some  additional  prob¬ 
lems  in  p-c  interfaces  at  an  atomic  level,  especially  the 
interaction  between  a  step  and  the  misfit  dislocations  of 
Figures  1  and  6.  The  remainder  of  this  section  will  be 
mainly  concerned  with  f-c  structures,  since  this  is  how 
the  theory  has  developed,  but  most  of  the  conclusions 
are  applicable  also  to  p-c  structures,  since 

(29)  A  coherent  step  in  a  rational  p-c  or  f-c  interface 
is  a  transformation  dislocation/growth  ledge  with  a 
Burgers  vector  given  by  Eq.  [6]  where  the  parame¬ 
ters  are  those  of  the  shape  deformation. 

Note  that  since  E  =  S  for  an  f-c  interface,  St.  (29)  sub¬ 
sumes  St.  (27). 

Since  the  energy  of  a  coherent  step  varies  as  |b,|2,  i.e., 
as  h2,  n  steps  of  height  d  will  have  a  lower  energy  than 
a  “superledge”  of  height  nd.  Thus,  with  large  .v  or  5,  f-c 
superledges  should  dissociate  spontaneously  into  ele¬ 
mentary  steps.  This  agrees  with  observations  of  elemen¬ 
tary  steps  on  bcc,  fee,  and  hep  twins  and  on  some 
fcc-hcp  martensitic  interfaces.  However,  a  superledge 
need  not  be  f-c,  since  the  shape  discontinuity  represented 
by  the  Burgers  vector  «b,  min  may  be  reduced  by  adding 
suitable  anticoherency  dislocations,  or  in  special  cases, 
by  averaging  over  shear  directions  that  are  crystallo- 
graphically  equivalent  but  spatially  distinct.  Such  super¬ 
ledges  may  be  described  as  p-c,  whereas  St.  (30)  is 
restricted  to  f-c  superledges. 

(30)  An  f-c,  multiple  height  step  (or  superledge)  in  a 
rational  f-c  interface  is  unstable,  and  unless  the  lat¬ 
tice  (and  shape)  deformation  is  very  small,  only  ele¬ 
mentary  or  zonal  twinning  or  transformation 
dislocations  of  minimum  permissible  height  should  be 
observed. 

The  dependence  of  the  energy  on  h 2  also  explains  why 
facets  do  not  generally  form  on  f-c  interfaces  and  why 
a  lenticular  plate  may  have  a  lower  energy  than  a  rect¬ 
angular  parallelepiped.  Figure  7(b)  illustrates  how  the 
individual  steps  lose  their  identity  as  they  are  aligned  to 
form  a  superledge  or  small  facet.  The  array  of  virtual 
coherency  dislocations  defines  the  stress  field  of  the  fac¬ 
eted  plate,  just  as  the  separated  dislocations  of 
Figure  7(a)  define  the  field  of  the  lenticular  particle. 
Similar  representations  of  cracks  as  virtual  dislocation 
arrays  are  often  used. 

Equation  [6]  may  also  be  interpreted  in  terms  of  the 
Frank-Bilby  equation.  If  S  is  an  IPS,  Eq.  [5]  gives  bp 
=  ge(n'p)  =  hge  =  b,  for  any  vector  joining  the  top  and 
bottom  edges  of  the  riser  (see  Figure  8).  An  f-c  super¬ 
ledge  of  height  nd  or  nd'  may  thus  be  regarded  either  as 
a  single  dislocation,  with  b,  =  «b,  min,  or  as  an  array  of 
n  coherency  dislocations,  while  a  p-c  superledge  con¬ 
taining  m  anticoherency  dislocations,  with  lattice 
Burgers  vectors  b, ,  is  equivalent  to  a  single  dislocation 
of  Burgers  vector  b,  -  mbL.  (Exact  cancellation  to  give 


(b) 

Fig.  7 — (a)  Step  model  of  the  tip  of  an  enclosed,  f-c,  lenticular  par¬ 
ticle.  In  ( b ),  the  hypothetical  formation  of  facets  by  alignment  of  steps 
in  (a)  is  shown. 


a  pure  step  will  usually  be  impossible  unless  5  =  0  and 
si  is  an  integral  fraction  of  a  lattice  vector,  a  condition 
met  only  in  cubic  twins.)  Any  discrepancy,  Ah  =  h8,  in 
step  heights  will  probably  be  taken  elastically,  since  if 
A h  is  compensated  by  misfit  dislocations,  the  superledge 
must  reject  or  absorb  atoms  as  it  migrates  across  its  ter¬ 
race.  A  superledge  that  tolerates  Ah  elastically  is  a  glis- 
sile  growth  ledge,  moving  conservatively  along  the 
interface  and  producing  a  small  volume  change.  This  is 
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Fig.  8 — The  geometry  of  a  superledge. 


consistent  with  St.  (1),  since  there  are  now  two  IPs,  one 
exact  and  one  approximate.  With  this  model,  the  mini¬ 
mum  p-c  ledge  height  contains  a  single  anticoherency 
dislocation  and,  thus,  may  be  appreciably  larger  than  the 
minimum  height  of  an  f-c  ledge.  However,  ledges  higher 
than  the  minimum  will  still  be  unstable  unless  the  resid¬ 
ual  strain  is  very  small. 

Classification  of  the  possible  steps  in  a  reference  inter¬ 
face,  and  their  associated  Burgers  vectors,  is  a  general 
problem  of  considerable  interest  and  is  independent  of 
the  mechanism  of  formation.  Lattice  dislocations  restore 
the  crystal  structure;  similarly,  perfect  interface  dislo¬ 
cations  reproduce  the  interface  structure,  and  a  (geo¬ 
metrically)  complete  set  of  Burgers  vectors  is  obtained 
for  any  step  by  combining  b,  with  any  lattice  repeat  vec¬ 
tor.  Dislocations  in  a  crystal  are  characterized  by  trans¬ 
lational  symmetry  operations  whereas  in  interfaces  they 
depend  on  combined  symmetry  operations,  one  from 
each  crystal.  Two  grains  in  a  coincident  site  orientation 
and  position,  have  interface  Burgers  vectors  that  are  vec¬ 
tors  of  Bollmann’s  DSC  lattice1411  and  are  not  dependent 
on  t.  In  most  f-c  interfaces,  all  dislocations  will  have 
DSC  vectors,  but  Pond  and  co-workers[58“611  have  re¬ 
cently  developed  a  powerful  general  theory  of  interface 
defects  that  predicts  additional  dislocations  in  some  bi¬ 
crystals.  In  Pond’s  formulation,  the  two  crystal  lattices 
(“black”  and  “white”)  interpenetrate  to  form  a  dichro¬ 
matic  pattern,  and  the  two  structures  similarly  form  the 
dichromatic  complex.  The  DSC  dislocations  arise  from 
the  broken  translational  symmetry  of  the  interface  and 
may  be  introduced  by  a  Volterra  cut  along  the  slip  plane. 
Translational  symmetry  operations  in  the  white  and 
black  crystals  are  denoted  by  vectors  w(A.)  and  w(p.)  so 
that  the  step  on  each  separate  interface  reproduces  the 
interface  configuration  of  its  half  crystal.  When  the  crys¬ 
tals  are  rewelded,  the  mismatch  gives  for  the  Burgers 
vector  of  the  step 

b,  =  w(\)  -  S-‘w(|i)  [7] 

The  Burgers  vector  bv  is  thus  the  difference  between  the 
two  step  vectors  expressed  in  the  same  (white)  coordi¬ 
nate  frame,  and  the  set  of  possible  vectors  are  those  that 
join  white  sites  to  black  sites  in  the  dichromatic  pattern. 
Equation  [7]  may  be  regarded  as  a  form  of  the  Frank- 
Bilby  equation. 

Pond  and  co-workers158-6'1  have  also  shown  that  in 
nonsymmorphic  crystals  with  mirror-glide  planes  or 
screw-rotation  axes,  interface  dislocations  may  also  arise 
from  combinations  of  aligned-point  symmetry  operations 


with  either  unequal  or  nonparallel  intrinsic-glide  com¬ 
ponents.  These  “supplementary  displacement  disloca¬ 
tions”  have  Burgers  vectors  that  are  modified  by  any 
nonlattice  displacement  t  and  usually  form  the  junction 
between  two  (equivalent)  facets,  but  they  can  form  in  a 
single  interface  in  special  conditions.  An  example  is  a 
twinning  dislocation  in  an  hep  {1121}  twin  interface. 

When  possible,  the  atomic  configuration  at  a  step  will 
minimize  its  Burgers  vector,  and  this  means  that  steps 
of  minimum  height  with  Burgers  vectors  other  than  b, 
are  improbable.  However,  superledges  of  height  zd  that 
are  not  required  to  maintain  the  lattice  correspondence 
will  generally  have  Burgers  vectors  smaller  than  zb,,mi„. 
It  follows  that 

(31)  A  superledge  may  be  treated  as  a  p-c  facet  with 
a  small  residual  Burgers  vector  density  or  as  a  single 
dislocation  with  a  particular  Burgers  vector,  which 
is  generally  a  minimum  for  a  superledge  of  given 
height.  The  equivalence  of  the  Frank-Bilby  equation 
with  a  Volterra  procedure  defining  bt  is  formally 
valid  even  for  small  steps. 

(32)  Partly  coherent  superledges  are  unable,  in  gen¬ 
eral,  completely  to  correct  the  misfit  in  their  riser 
planes,  and  they  form  only  if  the  shape  deformation 
is  small.  The  ledge  will  be  (geometrically)  glissile  if 
the  volume  change  of  the  transformation  arises  from 
a  uniaxial  strain,  normal  to  the  habit  plane  of  the 
plate,  and  accommodated  elastically  at  the  ledge. 

The  operations  just  described  have  reduced  the  shape 
deformation  for  a  fixed  lattice  change,  but  the  model 
now  implies  a  lattice  correspondence  that  relates  points 
only  on  every  z  planes  where  zd  is  the  superledge  height. 
This  means  that  unless  z  is  small,  a  majority  of  the  atoms 
must  shuffle,  and  this  is  improbable  (and  contrary  to  ob¬ 
servation)  in  displacive  transformations.  Formally,  the 
principal  strains  of  S  can  always  be  reduced  by  choosing 
larger  corresponding  cells,  but  in  practice,  the  avoidance 
of  complex  shuffles  seems  more  important.  However,  in 
diffusive-displacive  transformations,  shuffles  and  p-c 
superledges  may  be  more  likely.  Hence, 

(33)  Growth  by  p-c  superledges  requires  an  increase 
in  the  proportion  of  atoms  that  shuffle.  In  displacive 
transformations,  this  is  improbable,  but  it  might 
occur  in  some  diffusive-displacive  transformations. 

In  special  cases  (cubic  twinning,  fcc-hcp,  and  related 
“stacking  transformations”  without  a  volume  change), 
pure  steps  may  form.  A  pure  step  of  fixed  height  is  pos¬ 
sible  only  if  the  set  of  vectors  for  that  step  includes  a 
null  vector.  Expressed  otherwise,  a  pure  step  has  a  riser 
plane  that  is  a  lattice  plane  of  a  CSL,  i.e.,  both  8  and  5 
in  Eq.  [6]  must  be  either  zero  or  an  integral  fraction  of 
a  lattice  vector.  There  may,  for  reasons  of  symmetry,  be 
more  than  one  possible  Burgers  vector  for  a  step  of  min¬ 
imum  height;  e.g.,  in  an  fee  deformation  twin,  b,  will 
generally  be  parallel  to  1^,  but  steps  in  annealing  twins 
may  have  Burgers  vectors  in  any  of  the  three  (112)  di¬ 
rections  in  the  {111}  plane.  If  these  three  steps  lie  above 
one  another  on  successive  {111}  planes,  they  form  a  pure 
step,  and  repetition  of  this  alternation  will  lead  to  a  facet 
across  which  there  is  zero  shape  change,  thus  permitting 
any  morphology. 

The  self-accommodation  of  the  three  shear  directions 
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has  interesting  consequences  in  fcc-hcp  and  related 
transformations.  Apart  from  a  small  change  in  the  spac¬ 
ing  of  the  {11 1}//{00. 1}  interface  planes,  the  structural 
change  may  be  obtained  by  the  passage  of  a  (1/6)(112) 
dislocation  (or  growth  ledge)  along  every  second  atomic 
{111}  plane,  whereas  in  fee  twinning,  the  same  dislo¬ 
cation  moves  through  every  plane.  In  a  deformation 
twin,  or  a  martensitic  transformation  under  an  applied 
stress,  successive  planes  will  be  displaced  in  the  same 
direction,  the  steps  will  all  be  of  minimum  height  (St. 
[29]),  and  there  will  be  a  macroscopic  shape  shear  of 
2~1/2  and  8-1/2  for  the  twin  and  the  martensite,  respec¬ 
tively.  The  same  shear  may  be  observed  in  the  absence 
of  an  applied  stress  if  growth  utilizes  a  dislocation  pole 
or  similar  mechanism.1381  However,  if  new  ledges  form 
readily,  the  large  strain  energy  of  the  shear  can  be 
avoided  by  the  previous  alternation.  The  shape  change 
would  be  exactly  zero  for  a  hypothetical  hep  phase  with 
ideal  axial  ratio,  but  in  actual  alloys,  the  step  will  have 
a  small  residual  strain  field  because  of  the  discrepancy 
in  the  spacings  of  the  {111}  and  {00.1}  planes. 

A  pure  step  in  either  a  bcc  or  an  fee  twin  interface 
may  also  be  obtained  from  a  pileup  of  three  identical 
twinning  dislocations.  In  bcc  metals  and  alloys,  b,  = 
(l/6)(TTl),  and  three  identical  steps  on  adjacent  {112} 
planes  may  be  changed  into  a  pure  step  by  addition  of 
a  lattice  Burgers  vector  to  give  a  net  zero  vector.  Rep¬ 
etition  of  this  configuration  gives  a  superledge  with  zero 
net  dislocation  content.  A  similar  result  is  obtained  in 
an  fee  twin  by  adding  a  lattice  vector,  (1/2)(112),  or 
equivalently  (1/2) [Oil]  +  (1/2)[10JL],  to  three  twinning 
dislocations  with  b,  =  (1/6)(112).  If  each  of  the 
(1/2)(01 1)  vectors  is  added  to  one  of  the  original  b,  vec¬ 
tors,  the  pure  step  consists  of  the  three  (1/6)(112)  types 
discussed  earlier;  i.e.,  the  pure  step  is  entirely  equivalent 
to  that  obtained  by  shear  alternation. 

In  both  fee  and  bcc  structures,  it  is  thus  possible  in 
principle  to  form  a  twin  by  migration  of  pure  steps  or 
larger  superledges.  The  twin  does  not  change  its  shape 
so  that  it  need  not  be  a  plate  and  might  form  during  an¬ 
nealing  or  recrystallization.  The  ledge  is  a  p-c  interface 
in  which  the  anticoherency  dislocations  are  so  closely 
spaced  that  their  cores  overlap. 

(34)  The  formation  of  a  pure  step  or  a  pure  super¬ 
ledge  on  a  p-c  or  f-c  plate  is  only  possible  in  a  few 
cases,  notably  cubic  twinning,  where  there  is  a  three- 
dimensional  CSL.  Otherwise,  a  p-c  superledge  may 
be  formed  in  order  to  cancel  all  or  most  of  the  shear 
component  of  the  IPS. 

The  physical  formation  of  a  pure  step  on  an  existing 
lenticular  deformation  twin  requires  a  lattice  dislocation 
to  glide  on  a  {112}  plane  from  the  matrix  into  the  twin 
interface  where  it  forms  a  three-layer  pure  step,  and  a 
succession  of  lattice  dislocations  every  three  planes  will 
give  a  pure  superledge.  The  apparent  inconsistency  be¬ 
tween  the  discontinuous  shape  shear  around  the  remain¬ 
der  of  the  twin  interface  and  the  zero  shear  across  the 
facet  (Sts.  (15)  and  (16))  disappears  when  the  lattice  dis¬ 
locations  are  included  in  the  final  description.  In  prin¬ 
ciple,  these  may  have  nucleated  spontaneously  as 
dipoles  or  loops,  one-half  of  which  glide  into  the  inter¬ 
face.  The  residual  segments  may  all  remain  in  the  ma¬ 
trix,  or  they  may  glide  in  the  opposite  direction  to  a  free 


surface  or  a  high-angle  grain  boundary.  Either  the  matrix 
array  or  the  surface  is  now  the  limit  of  a  slipped  region, 
i.e.,  a  shear  discontinuity  without  structural  change, 
which  has  replaced  the  shape  change  across  the  original 
f-c  facet  (Figures  9  and  5(d)).  The  same  final  result  is 
obtained  by  emissary  slip,  as  shown  in  Figure  10  and 
first  considered  by  Sleeswyk.1621  Indeed,  the  two  hy¬ 
potheses  are  indistinguishable. 

The  bcc  twin  is  a  special  case,  inasmuch  as  {112}  is 
both  the  (AT|)  plane  and  an  observed  slip  plane,  and  the 
Burgers  vector  of  the  cancelling  dislocation  is  that  of  a 
stable  lattice  dislocation.  Emissary  slip  can  thus  exactly 
accommodate  the  shear  discontinuity  at  the  edge  of  a 
constrained  twin.  In  fee  metals,  since  (1/2)(112)  dislo¬ 
cations  are  not  stable,  {1 1 1}(1 10)  slip  on  two  intersecting 
planes  must  be  invoked  to  cancel  the  twinning  shear.  In 
practice,  more  complex  slip  is  likely  to  accommodate  the 
very  high  stresses  near  the  edge  of  a  displacive  product. 
When  plastic  accommodation  is  less  regular,  it  is  diffi¬ 
cult  to  measure  accurately  the  shape  deformation. 

(35)  Emissary  slip  from  the  superledge  {or  equiva¬ 
lent  slip  originating  in  the  matrix)  may  transfer  the 
shape  discontinuity  to  a  limiting  surface  in  the  matrix 
or  relax  it  at  a  free  surface.  Small  deviations  from  a 
CSL  mean  that  steps  or  ledges  with  very  small  resid¬ 
ual  Burgers  vectors  may  be  formed  in  a  similar 
manner. 


Fig.  9  —  To  illustrate  that  if  a  superledge,  AD,  becomes  p-c,  in  order 
to  reduce  its  Burgers  vector,  the  shape  discontinuity  of  the  particle, 
OADP,  is  transferred  to  the  particle  +  slipped  area,  OABCDP,  where 
B  and  C  represent  limiting  dislocation  sources.  If  B  and  C  are  on  a 
free  surface,  the  slip  offset  between  them  will  equal  the  original 
stress-free  shear  strain  across  AD. 
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Fig.  10  —  Sleeswyk’s  model  of  emissary  slip  in  bcc.1621 
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VIII.  IRRATIONAL  STEPS  AND  INTERFACES 

According  to  Eq.  [6],  steps  in  the  rational  Kt  inter¬ 
faces  of  many  noncubic,  type  I  twins  have  Burgers  vec¬ 
tors  in  irrational  directions,  while  in  type  II  twins  the 
habit  plane  interface  itself  is  irrational.  It  is  not  obvious 
how  to  specify  a  step  when  the  spacing  of  lattice  planes 
parallel  to  the  interface  is  indefinitely  small.  The  prob¬ 
lem  is  compounded  in  many  p-c  martensitic  interfaces 
that  have  both  interface  plane  n  and  Burgers  vector  di¬ 
rection  e  irrational. 

A  high-index  (or,  in  the  limit,  irrational)  step  on  a 
rational  interface  may  be  modeled  as  a  long  period  (or, 
in  the  limit,  a  nonperiodic)  set  of  roughly  equispaced 
kinks  in  a  well-defined,  rational  step.  For  example, 
a  first  approximation  to  a  particular  step  might  have 
kinks  every  8,  7,  and  7  lattice  repeat  distances,  and  the 
next  approximation  might  have  a  slightly  longer  repeat 
pattern  .  .  .  8777  .  .  .  while  a  better  (but  still  not 
exact)  model  could  have  a  longer  repeat  of 
.  .  .8777877787787778777.  .  ..  In  the  limit,  when  the 
period  has  become  infinite,  the  step  is  truly  irrational, 
but  the  kink  pattern  remains  ordered.  The  step  may  now 
be  regarded  as  an  example  of  a  one-dimensional 
quasicrystal. 

A  similar  approach  may  be  made  to  the  conceptual 
difficulties  of  an  irrational  interface.  On  an  atomic  scale, 
a  high-index  or  irrational  interface  must  consist  of  fac¬ 
eted  sections  of  relatively  close-packed  (low  index) 
planes.  At  least  three  differently  orientated  facets  are  re¬ 
quired  unless,  as  in  type  II  twinning,  the  interface  con¬ 
tains  a  (low  index)  rational  direction  c,  in  which  case 
two  alternating  facets,  intersecting  along  c,  may  repre¬ 
sent  the  atomic  structure.  Presumably,  these  facets  will 
be  the  two  most  close-packed  planes  in  the  zone  of  c, 
and  the  larger  facets  will  be  those  nearest  in  orientation 
to  the  mean  interface.  If  the  smaller  facets  (H)  are  all 
simply  steps  between  adjacent  lattice  planes  of  the  larger 
facets  ( Q ),  and  are  spaced  along  Q  at  multiples  of  the 
spacing  of  lattice  planes  parallel  to  H  in  an  ordered  pat¬ 
tern  with  a  very  long  or  infinite  period,  as  in  the  previous 
kink  pattern,  then  the  average  interface  will  have  high 
indices  and  will  be  irrational  in  the  limit. 

The  steps  would  be  ordinary  transformation  or  twin¬ 
ning  dislocations  if  the  IP  were  parallel  to  the  larger  fac¬ 
ets  rather  than  to  the  irrational  plane.  For  a  matching 
irrational  plane,  however,  they  are  an  essential  element 
in  the  structure  of  the  boundary  and  have  been  called 
intrinsic  dislocations;139'47’48,821  they  are  also  equivalent  to 
structural  ledges. 

(36)  A  high-index  or  irrational  interface  containing 
a  low-index  direction  may  be  modeled  as  an  adjacent 
close-packed  interface  with  an  ordered  sequence  of 
elementary  or  zonal  steps  parallel  to  this  direction. 
The  steps  are  intrinsic  elements  of  the  structure  if  the 
interface  plane  is  an  IP,  but  the  periodicity  of  the 
pattern  of  separation  increases  to  infinity  if  the  inter¬ 
face  is  truly  irrational. 

Since,  with  the  correct  step  density,  a  planar,  irrational 
IP  boundary  across  a  single  crystal  has  no  long-range 
stress  field,  there  will  be  no  net  force  on  the  individual 
steps  in  the  presence  of  a  chemical  or  mechanical  driving 
force  on  the  interface.  Nevertheless,  the  interface  will 


be  displaced  if  the  steps  are  able  to  move  together  as  an 
array  along  their  respective  close-packed  planes.  With  a 
planar  interface,  the  correct  spacing  would  have  to  be 
maintained  by  forming  new  steps  at  one  edge  of  the 
interface  at  a  rate  that  matches  the  vanishing  rate  at  the 
other  edge.  Comparable  growth  in  an  enclosed  particle 
requires  a  mechanism  for  interior  nucleation  of  new 
steps.  A  step  parallel  to  c  is  an  intrinsic  screw  disloca¬ 
tion  in  type  II  twinning,  where  c  is  parallel  to  T)!,  but 
in  general,  it  has  mixed  character.  If,  as  previously  sug¬ 
gested,  intrinsic  steps  glide  along  their  rational  terraces 
as  the  interface  moves  forward,  they  are  acting  as  trans¬ 
formation  dislocations  and  may  have  local  screw,  edge, 
or  mixed  orientations.  There  may  also  be  fluctuations  in 
the  local  step  density  and  the  excess  or  deficit  steps  are 
then  extrinsic  transformation  dislocations  that  will  re¬ 
spond  to  an  external  stress  in  the  same  way  as  steps  in 
rational  K]  interfaces.  Figure  11  shows  that  these  ex¬ 
trinsic  dislocations  are  steps  in  the  macroscopic  irra¬ 
tional  interface  so  that  their  motion  displaces  this 
interface.  The  magnitude  of  the  effective  Burgers  vector 
is  given  by  Eq.  [6]  with  h  equal  to  the  height  of  the  step 
measured  normal  to  the  irrational  plane,  i.e.,  some  mul¬ 
tiple  of  the  interplanar  spacing  of  the  Q  lattice  planes 
resolved  in  the  direction  of  the  normal  n  to  the  irrational 
habit  plane.  However,  the  structure  of  the  Q  facets  on 
the  two  sides  of  a  step  of  minimum  height  may  not  be 
identical,  and  then  the  equivalent  of  the  zonal  dislocation 
may  have  to  be  defined. 

It  is  not  clear  whether  or  not  the  intrinsic  step  structure 
of  an  irrational  coherent  interface  obviates  the  need  for 
extrinsic  steps  in  growth.  In  the  analogous  situation  in 
crystal  growth  from  the  vapor,  stepped  interfaces  are 
generally  assumed  to  grow  freely  by  migration  of  the 
intrinsic  steps,  but  both  the  formation  of  new  steps  and 
their  migration  may  be  more  difficult  in  a  solid-solid 
interface,  and  there  is  some  experimental  evidence  that 
structural  ledges  are  relatively  immobile.  When  elemen¬ 
tary  steps  give  different  structures  to  successive  Q  fac¬ 
ets,  it  need  not  follow  that  the  intrinsic  steps  of  the 
irrational  interface  will  be  zonal  steps.  It  is  conceivable, 
for  example,  that  an  alternation  of  the  configuration  at 
the  Q  facets  has  a  lower  total  energy  than  a  repetition. 
The  following  is  the  final  assertion: 

(37)  The  intrinsic  steps  of  a  high-index  or  irrational 
interface  might  possibly  act  also  as  transformation 
dislocations  or  growth  ledges  if  new  steps  can  form 
at  a  rate  that  will  maintain  the  required  density.  An 
alternative  growth  mechanism  utilizes  excess  steps 


Fig.  11 — A  local  variation  in  the  density  of  intrinsic  steps 
(structural  ledges)  may  be  regarded  as  an  extrinsic  step  in  the  macro¬ 
scopic  interface. 
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that  are  extrinsic  to  the  structure  and  that  constitute 
transformation  dislocations  or  growth  steps  in  the 
macroscopic  interface. 

The  foregoing  treatment  applies  only  to  interfaces 
containing  a  suitable  low-index  direction;  the  structure 
and  growth  mechanism  for  the  more  complex  general 
high-index  or  irrational  interface  will  presumably  be 
similar,  but  the  facet  intersections  have  not  been  dis¬ 
cussed  in  detail.  The  use  of  structural  features  of  an 
interface  as  a  growth  mechanism  will  probably  be  much 
more  difficult  in  such  cases,  since  there  are  then  two  or 
more  sets  of  intrinsic  steps  that  form  a  network  in  the 
equilibrium  interface. 

An  equivalent  formal  treatment  of  a  faceted  interface 
is  to  use  the  Frank-Bilby  equation  to  calculate  separately 
the  formal  dislocation  content  required  to  correct  the 
misfit  along  each  of  the  facets  H  and  Q.  This  corre¬ 
sponds  to  -b7  for  an  individual  step  facet  P  but  sums 
to  zero  over  a  sufficient  number  of  facets  if  the  relative 
lengths  of  Q  and  H  perpendicular  to  c  give  the  exact  IP 
interface.  More  generally,  a  faceted  high-index  plane 
that  is  not  an  IP  has  a  net  (coherency)  dislocation  content 
of 

bp  =  (I  -  S-')p  =  (I  -  S-')q  +  (I  -  S~‘)h  [8] 

where  p  is  an  average  interface  length  made  up  of  facets 
of  lengths  q  and  h  (Figure  12).  Various  ambiguities  in 
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Fig.  12  —  Step  model1431  of  a  high-index  or  irrational  interface  with  a 
quasicontinuous  distribution  of  coherency  dislocations. 


dislocation  descriptions  of  stepped  interfaces  again  de¬ 
pend  on  how  zero  content  is  defined. [43~47-20'61,821 

IX.  SOME  BONES  OF  CONTENTION 

In  this  section,  an  attempt  will  be  made  to  clarify 
some  of  the  varied  terminology  and  to  resolve  some  of 
the  more  controversial  issues  that  are  found  in  recent  lit¬ 
erature.  The  previous  statements  may  be  quoted,  but  no 
additions  will  be  suggested. 

A.  Martensitic  and  Epitaxial  Interface  Models 

Coherent  planar  interfaces  may  usefully  be  divided 
first  into  those  that  conserve  atom  numbers  (glissile  or 
martensitic)  and  those  that  do  not  (sessile  or  epitaxial). 
All  martensitic  changes  come  into  the  first  category 
(St.  (5))  and  may  be  either  f-c  or  p-c,  while  changes 
involving  some  atomic  mobility  may  have  interfaces  in 
either  category  (St.  (11)).  Fully  coherent  interfaces  re¬ 
quire  S  to  be  an  IPS;  the  main  experimental  examples, 
apart  from  K{  interfaces  in  deformation  twins,  are  the 
rational  interfaces  between  any  two  structures  (fee,  hep, 
dhep,  9R,  etc.)  that  differ  only  in  the  stacking  sequences 
and  interplanar  spacings  of  almost  identical  hexagonal 
close-packed  layers.  Both  martensitic  and  diffusion- 
controlled  changes  then  utilize  the  same  mechanism 
(transformation  dislocations  =  growth  ledges).  Fully  co¬ 
herent  irrational  interfaces  are  rare,  but  they  are  found 
in  some  martensitic  transformations  in  Ti  alloys.1171  The 
p-c  glissile  interfaces  predicted  by  the  PTMC  are  usually 
irrational  because  of  the  IPS  requirement  and  the  as¬ 
sumption  that  the  LID  is  a  simple  shear.  Statement  (37) 
shows  that  intrinsic  steps  (structural  ledges)  may  be  able 
(geometrically)  to  provide  either  martensitic  or  diffu- 
sional  growth  with  PTMC  irrational  interfaces,  but  there 
is  some  experimental  evidence1761  suggesting  that  such 
steps  are  not  mobile  during  diffusional  growth.  In  any 
event,  a  highly  stepped  interface  will  very  probably  con¬ 
tain  a  number  of  extrinsic  steps  because  of  fluctuations. 
The  assumption  that  the  interface  and  lattice  orientation 
relations  are  rational  usually  requires  epitaxial-type  mis¬ 
fit  dislocations,  and  hence,  atomic  and  vacancy  fluxes 
as  the  interface  is  displaced.  More  complex  p-c  inter¬ 
faces  may  also  be  either  conservative  or  non¬ 
conservative.  Curved  interfaces  are  modeled  as  stepped 
planar  interfaces;  they  have  a  long-range  stress  field,  as 
does  any  planar  interface,  the  stress-free  shape  defor¬ 
mation  across  which  is  not  an  IPS. 

Different  interpretations  of  glissile  and  sessile  may  be 
found  in  the  literature,  but  no  such  ambiguity  extends  to 
epitaxial.  If  the  “terraces”  of  rational  interfaces  are  p-c 
and  epitaxial,  a  new  layer,  forming  as  a  growth  ledge 
migrates,  must  contain  either  more  or  fewer  atoms  in  a 
particular  interface  direction  than  did  the  parent  phase 
layer  from  which  it  formed.  In  contrast,  atom  numbers 
are  conserved  as  the  step  moves  over  the  terrace  of  a 
glissile  p-c  interface.  Thus,  the  interface  dislocations  ef¬ 
fectively  either  climb  or  glide  through  the  new  layer 
added  by  the  step. 

Much  confusion,  partly  linguistic  and  partly  scientific, 
has  arisen  in  discussions  of  the  motion  of  (postulated) 
epitaxial  interfaces.  As  such  an  interface  is  displaced, 
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the  misfit  in  any  direction  must  be  corrected  by  addition 
or  removal  of  an  appropriate  fraction  of  the  atoms,  and 
however  achieved,  this  is  correctly  described  as  a  non¬ 
conservative  process. [35’64]  Frequent  references  to  con¬ 
servative  transfer  of  misfit  dislocations  from  an  existing 
terrace  to  the  new  terrace  produced  by  an  approaching 
growth  ledge,  and  an  attempted  justification  of  these 
claims  by  a  later  redefinition  of  conservative,1651  actually 
refer  to  nonconservative  mechanisms  based  on  prismatic 
punching  or  cross  slip  rather  than  on  lattice  diffusion. 
Statements164,681  that  the  misfit  dislocations  must  “climb” 
if  the  interface  is  to  migrate  have  aroused  much  oppo¬ 
sition,  [63,65"67)  but  even  with  prismatic  punching  it  is  dif¬ 
ficult  to  avoid  some  climb.  In  conservative  mechanism 
(1)  of  Howe  et  al.,m]  this  takes  place  when  the  expelled 
loop  either  shrinks  on  to  the  next  terrace  or  disappears 
in  the  matrix;  in  mechanism  (2),  it  occurs  in  the  final 
reorientation  of  the  screw  element  on  the  upper  terrace; 
and  mechanism  (3)  cannot  retain  the  epitaxial  structure 
without  climb.  Prismatic  punching  requires  very  high 
stresses183,841  and  seems  improbable  in  comparison  with 
simple  climb  (e.g.,  addition  or  removal,  at  growth 
ledges,  of  vacancies  as  well  as  atoms)  so  that  the  misfit 
dislocations  move  from  one  terrace  to  the  next  as  the 
growth  ledge  passes  it. 

An  important  result  that  now  follows  is  that  an  epi¬ 
taxial  interface  cannot  be  a  correct  model  for  bainitic  or 
proeutectoidal  plates  of  ferrite  forming  from  austenite  at 
temperatures  where  all  atoms  except  interstitials  are  im¬ 
mobile.  This  implies,  in  turn,  a  rejection  of  the  Rigsbee- 
Aaronson  model1701  for  ferrite  plates  formed  with  a 
Nishiyama  orientation  at  temperatures  as  low  as  400  °C. 
This  criticism  arises  from  the  edge  misfit  dislocations, 
which  ensure  that  displacement  of  this  interface  would 
be  nonconservative,  rather  than  the  structural  ledges  on 
which  much  emphasis  has  been  placed.  Actually, 
Rigsbee  and  Aaronson’s  interesting  transmission  elec¬ 
tron  microscopy  (TEM)  observations  of  the  single  dis¬ 
location  arrays  in  ferrite  plates  showed  on  analysis  that 
in  six  out  of  seven  cases,  the  Burgers  vector  of  these 
dislocations  was  one  of  the  two  fee  (llO)-type  vectors 
that  correspond  to  bcc  (111)  vectors,  whereas  the 
Burgers  vector  of  the  model  interface  shown  in  Figure  1 
of  their  article1701  corresponds  to  a  (100)  bcc  vector.  The 
observed  Burgers  vectors  are  both  consistent  with  the 
usual  application  of  the  PTMC  to  ferrous  martenites,  and 
the  implication1641  that  the  interfaces  they  studied  were 
martensitic,  not  epitaxial,  is  confirmed  by  examining  the 
relation  between  the  Burgers  vector  of  the  dislocation 
array  and  the  macroscopic  habit  plane. 

More  generally,  the  kinetic  restraints  on  epitaxial 
growth  may  mean  that  such  interfaces  do  not  appear  in 
competition  with  possible  martensitic-type  interfaces,  or 
with  habit  planes  or  lattice  orientations  that  are  near  to, 
but  not  exactly  rational,  but  in  which  the  remaining  habit 
plane  misfit  has  been  reduced  to  a  value  that  can  be  tol¬ 
erated  elastically.  This  latter  possibility  would  imply  a 
stress-free  shape  change  A  given  by  Eq.  [4]  (or  Hirth’s 
Eq.  [4]).  A  probable  example  is  the  matrix-y  AlAg2 
interface  where  the  networks  found  by  Laird  and 
Aaronson1861  imply  a  slight  deviation  from  the  rational 


f-c  relation  in  order  to  compensate  for  the  slight  mis¬ 
match  between  the  interatomic  distances  in  the  close- 
packed  {111}  planes  of  the  cubic  matrix  and  the  (00.1) 
planes  of  the  hexagonal  y  precipitate. 

B .  Structural  Ledges  and  Invariant  Lines 

Structural  ledges,  one  to  a  few  atom  planes  high,  were 
introduced  by  Hall  et  a/.169,711  and  Rigsbee  and 
Aaronson1701  who  pointed  out  that  a  regularly  spaced 
array  of  steps  of  atomic  height  may  be  able  to  reduce 
the  misfit  along  the  rational  interface  direction  normal 
to  the  ledge.  A  roughly  equispaced  array  of  such  steps 
rotates  the  interface  about  the  step  direction  c  so  that  the 
interface  vector  normal  to  c  approaches  an  IL. 
Dahmen1721  suggested  that  it  becomes  an  IL,  and  al¬ 
though  this  is  generally  not  possible  (subsequently 
shown),  it  may  be  assumed  as  an  ideal  condition.  If  c  is 
also  an  IL,  the  new  high- index,  or  irrational,  interface 
is  now  an  f-c  IP  of  S,  and  the  structural  ledges  are  the 
intrinsic  steps  of  Sts.  (36)  and  (37).  If  c  is  not  an  IL, 
the  misfit  may  be  corrected  by  a  single  set  of  misfit  dis¬ 
locations  to  give  an  epitaxial  p-c  interface.  This  is  now 
a  Rigsbee- Aaronson  type  model,  but  it  is  instructive  to 
examine  more  closely  the  effects  of  the  structural  ledges. 
By  choosing  orthonormal  coordinates  x,  with  x2  parallel 
to  c  and  x3  normal  to  the  stepped  close-packed  plane, 
and  if  vectors  parallel  to  x,  and  x2  change  lengths  in  the 
ratio  1  +  e,:l  and  1  +  e2:1,  then  S  is 

/ 1  +  e,  0  s  \ 

S  =  0  1  +  e2  0  [9] 

l  0  0  1  +  8l 

The  misfit  dislocations  are  edges  with  Burgers  vectors 
and  spacings  b2,  and  v2  =  b2/e2.  If  there  are  ledges  of 
height  h  and  spacing  v,  in  the  x,  direction,  the  net 
Burgers  vector  of  each  ledge  is  given  by  Eq.  [5]  as  the 
following: 

bh  =  h[s0S]  [10] 

b,  =  v,[E]  0  0]  [11] 

and  the  resultant  Burgers  vector  along  the  rotated,  high- 
index  interface  is  the  sum  of  b;,  and  b).  This  is  zero  if 

h  —  s 

—  =  - — -;  and  5  =  0  [12] 

s 

Thus,  the  discrepancy  in  interplanar  spacing  must  be 
small  if  the  structural  ledges  are  to  be  efficient,  but  the 
shear  on  the  rational  plane  (which  controls  the  “pattern 
advance”1731)  must  not  be  small.  Equation  [12]  is  just  the 
condition,  S[^,,  0,  A]  =  [v,,  0,  h]  for  the  rotated  vector 
normal  to  c  to  be  an  IL;  5  =  0  is  included  because  the 
line  must  be  unrotated  as  well  as  unchanged  in  length. 
The  difference  in  height  is  ignored  in  most  discussions 
of  the  structural  ledge  but  is  included  in  the  recent  work 
of  Van  der  Merwe  et  a/.1731  Hirth,1241  following  Howe  and 
Smith,1741  considers  first  the  case  when  there  is  perfect 
fit  along  the  original  interface  so  that  the  ledge  is  an 
ordinary  transformation  dislocation,  and  he  shows  how 
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a  new  equilibrium  (stress  free)  interface  can  be  con¬ 
structed  either  by  a  planar  array  of  steps  with  their  stress 
field  cancelled  by  a  relative  rotation  of  the  two  lattices 
or  by  having  superledges  of  small  net  Burgers  vectors, 
as  previously  discussed. 

Some  of  the  IL  theories  have  been  related  to  this 
model  by  a  slightly  different  assumption,  namely  that  the 
interface  is  retained  as  two  parallel  rational  planes,  but 
the  azimuthal  orientation  of  the  two  phases  is  rotated 
away  from  one  of  the  “rational”  relations  so  as  to  bring 
an  IL  within  the  interface.  This  has  been  used  to  ration¬ 
alize  some  of  the  measured  relations  in  fcc-hcp-bcc 
structures.1751  However,  an  interface  that  is  planar  has  no 
obvious  energetic  advantage  in  containing  an  IL,  and  it 
follows  from  the  complete  range  of  measured  lattice  pa¬ 
rameters  for  ferrous  alloys  that  there  can  be  no  IL  for 
any  orientation  within  the  usually  reported  Kurdjumov- 
Sachs/Nishiyama  range. 1211  Applications  of  the  IL  con¬ 
cept  to  plate-like  precipitates  may  often  be  treated  as 
simplified  two-dimensional  versions  of  the  PTMC  which 
predicts  that  the  two  close-packed  planes  cannot  be  ex¬ 
actly  parallel.  Unlike  the  IP  conditions,  those  for  an  IL 
are  readily  satisfied,  but  it  is  not  obvious  which  of  the 
cone  of  potential  ILs  should  be  chosen.  The  IL  theory 
should  be  applicable  mainly  to  needles  or  laths. 

In  some  recent  articles,176’77,78  921  a  distinction  is  made 
between  structural  ledges  and  “misfit  compensating 
ledges.”  The  latter  are  stated  to  have  larger  Burgers  vec¬ 
tors  of  the  order  of  one-half  that  of  a  misfit  dislocation 
on  the  close-packed  interface  and  also  have  higher  step 
heights  (but  no  correlation  between  step  height  and 
Burgers  vector  has  been  reported).  They  are  assumed  to 
compensate  for  the  misfit  in  a  similar  manner  to  epitaxial 
misfit  dislocations.  Misfit  compensating  ledges  have 
been  discussed  mainly  in  relation  to  experimental  inves¬ 
tigations  of  the  precipitation  of  a  hep  phase  from  a  bcc 
matrix,  e.g.,  in  Ti-Cr  alloys,  where  the  lattice  defor¬ 
mation  differs  only  slightly  from  an  IPS.  It  is  difficult 
to  believe  that  they  are  somehow  different  from  ordinary 
structural  ledges. 

Distinctions  between  ledges  and  interface  dislocations 
are  usually  unjustified  and  ignore  the  fact  that  the  two 
terms  generally  have  the  same  meaning.  Thus,  the  only 
ledges  without  dislocation  character  are  the  pure  steps  of 
St.  (34),  and  the  only  nonstepped  interface  dislocations 
are  those  with  lattice  Burgers  vectors  in  the  interface. 
Structural  ledges  are  not,  as  often  claimed,  an  alternative 
to  misfit  dislocations;  they  are  intrinsic  structural  ele¬ 
ments  of  an  interface  that  is  different  from  the  rational 
interface  of  the  misfit  dislocations,  and  they  achieve  bet¬ 
ter  matching  because  of  the  pattern  advance,  which  is 
simply  the  geometrical  consequence  of  the  shear  com¬ 
ponent  of  a  nonlattice  Burgers  vector.  On  a  sufficiently 
high  ledge,  the  normal  component  might  be  compen¬ 
sated  by  misfit  dislocations,  but  (St.  (32))  this  would 
prevent  conservative  migration  of  the  ledge. 

C.  Growth  Ledges,  Superledges, 
and  Transformation  Dislocations 

Ledges  of  any  height  that  are  not  an  intrinsic  part  of 
the  interface  structure  may  be  regarded  as  growth  ledges 
or  transformation  dislocations.  Examples  are  isolated 


steps  on  a  coherent  interface  or  locally  excess  or  deficit 
steps  in  a  faceted  high-index  interface.  The  distinction 
between  structural  and  growth  ledges  or,  more  gener¬ 
ally,  between  intrinsic  and  extrinsic  defects,  is  not  al¬ 
ways  very  sharp,  and  one  function  may  merge  into  the 
other.  As  noted  previously,  an  example  of  this  is  given 
in  Hirth’s  articled241 

In  St.  (30),  it  was  emphasized  that  f-c  superledges 
with  large  Burgers  vectors  should  be  unstable,  but  large 
semicoherent  superledges  are  possible  in  some  cases. 
Superledges  with  a  very  small  Burgers  vector  have  been 
observed  in  recent  work  on  fcc-hcp  diffusional  transfor¬ 
mations  in  Al-Ag  alloys179,801  and  on  martensitic  trans¬ 
formation  in  Co-Ni  alloys.1931  Both  observations  are 
consistent  with  the  foregoing  theory  but  apparently  con¬ 
flict  with  earlier  reports  of  a  large-shape 
shear.111’65’66’86-941  Thus,  in  different  experiments,  both 
diffusional  and  martensitic  transformations  utilize  co¬ 
herent  growth  ledges  of  minimum  height  and  a  common 
Burgers  vector  and  multiheight  p-c  growth  superledges 
that  migrate  without  appreciable  shape  strain.  Aaronson 
has  suggested  that  while  an  enclosed  particle  may  prefer 
growth  without  shear,  once  a  plate  has  emerged  at  a  free 
surface,  subsequent  thickening  might  be  facilitated  by 
the  choice  of  a  single  preferred  displacement  direction. 
The  question  of  whether  a  coherent  shape  strain  can  be 
continuously  removed  during  or  after  the  growth  has 
been  addressed  only  by  Liu  and  Aaronson, [11]  whose  in¬ 
teresting  results  showed  that  the  surface  tilt  in  Al-Ag  al¬ 
loys  is  removed  slowly,  subsequent  to  growth. 

D.  Growth  Mechanisms 

The  analogy  with  the  theory  of  crystal  growth  from 
the  vapor  must  be  used  with  caution;  there  is  no  concept 
of  coherency  across  a  solid- vapor  interface,  and  kinks  in 
steps  are  the  ultimate  sites  at  which  atoms  condense  (and 
from  which  they  evaporate)  simply  because  they  are  the 
surface  sites  of  maximum  binding.  In  a  simple  model, 
an  atom  condenses  on  to  the  terraces  and  diffuses  over 
the  surface  until  it  either  evaporates  back  into  the  vapor 
or  finds  a  kink  in  a  step  where  it  remains.  While  growth 
may  also  involve  kinks  in  steps  on  solid-solid  interfaces, 
it  seems  improbable  that  diffusion  of  atoms  along  the 
interface  will  be  important.  In  twinning  and  martensitic 
transformations  such  as  fcc-hcp,  the  evidence  suggests 
that  the  step  can  glide  as  a  unit  with  such  a  high  velocity 
that  separate  kink  motion  seems  unlikely.  The  kinks 
used  in  the  crystal  growth  theories  are  defined  for  ele¬ 
mentary  steps;  a  kink  on  a  superledge  is  presumably  it¬ 
self  a  short  elementary  step,  which  must  be  kinked  again 
in  order  to  give  a  condensation  site  of  atomic 
dimensions. 

Ledge  growth  in  a  diffusional  transformation  requires 
(a)  lattice  diffusion  to  effect  the  composition  change,  (b) 
some  mechanism  for  the  formation  of  new  ledges,  and 
(c)  maintenance  of  the  interface  structure.  In  a  steady 
state,  these  serial  processes  must  all  conform  to  the  over¬ 
all  rate  that  is  fixed  mainly  by  the  parameters  of  the 
“rate-controlling”  process  (i.e.,  that  which  consumes  the 
major  part  of  the  driving  force).  For  an  epitaxially  p-c 
interface,  the  foregoing  process  (c)  implies  that  the  mis¬ 
fit  dislocations  climb.  Any  one  process,  (a),  (b),  or  (c) 
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(and  there  may  be  others),  could  be  rate  controlling; 
what  is  not  permissible  is  to  select  process  (a)  as  rate 
controlling  but  resist  the  implication  that  (b)  and  (c)  must 
then  be  faster  processes  than  (a)  at  a  fixed  driving  force. 

E.  The  Significance  of  a  Shape  Change 
Accompanying  a  Transformation 

A  shape  change  with  a  significant  shear  component 
produces  characteristic  tilting  of  an  originally  flat  sur¬ 
face  and  a  change  of  direction  of  fiducial  lines 
(scratches)  inscribed  on  the  surface  before  transforma¬ 
tion.  Such  a  change  was  for  many  years  regarded  as  the 
hallmark  of  a  martensitic  transformation,  but  there  is 
now  good  evidence  that  shape  changes  can  occur  in 
some  diffusional  transformations  and  indicate  a  lattice  or 
shape  correspondence  that  is  maintained  despite  the  dif¬ 
fusion.  It  was  suggested1151  in  1962  that  the  shear  com¬ 
ponent  of  any  such  shape  change  would  be  removed  by 
a  flux  of  atoms  in  and  around  the  interface  from  highly 
compressed  regions  to  highly  expanded  regions.  The 
driving  force  for  this  flux  is  the  elastic  energy  of  a  con¬ 
strained  particle,  but  it  is  not  clear  whether  Bardeen- 
Herring  sinks  and  sources  are  required  or  whether  the 
critical  nucleus  size  is  so  small  that  individual  atoms  can 
enter  or  leave  the  solid  solution.  The  current  belief  is 
thus  that  a  coherent  diffusional  transformation  can  lead 
to  an  IPS-type  shape  relief  that  may  or  may  not  subse¬ 
quently  disappear. 

In  some  nonmartensitic  transformations,  the  predic¬ 
tions  of  the  PTMC  all  agree  well  with  experimental  re¬ 
sults,  and  there  can  be  a  high  degree  of  confidence  (St. 
(13))  that  the  interface  has  a  martensitic-type  structure. 
Examples  are  the  type  II  ordering  of  AuCu  alloys191  and 
the  precipitation  of  VH0  45  from  a  V-H  solid  solution.1871 
In  other  cases,  some  of  the  predicted  parameters  agree 
fairly  well  with  the  experimental  measurements,  but 
others  do  not.  This  may  indicate  that  the  crystallography 
is  not  that  predicted  by  the  PTMC  and  that  the  interface 
migration  is  nonconservative  (Sts.  (11)  and  (22)),  but  it 
should  be  noted  that  the  PTMC  predictions  are  not 
readily  reconciled  with  experimental  data  in  some  trans¬ 
formations  that  are  quite  clearly  martensitic. 

A  division  suggested  between  the  formal  and  “deriv¬ 
ative”  requirements  of  the  PTMC  assigns  the  crystallo¬ 
graphy  to  the  former  and  the  interface  structure  to  the 
latter  category  that  also  includes  the  absence  of  diffusion 
or  changes  in  long-range  order.  The  last  two  do  indeed 
indicate  a  change  of  rate  control,  but  with  a  different 
interface  structure,  the  crystallography  should  not  follow 
the  formal  requirements  as  already  discussed.  Much  con¬ 
fusion  derives  from  the  belief  that  shear  and  diffusion 
are  somehow  incompatible.  Apart  from  the  large  chem¬ 
ical  effect  on  the  velocity,  there  is  no  distinction  at  the 
atomic  level  between  martensitic  and  nonmartensitic 
growth  when  the  latter  utilizes  a  martensitic-type,  atom- 
conserving  interface.  Statements1651  such  as  “diffusional 
growth  takes  place  by  means  of  individual  thermally  ac¬ 
tivated  diffusion  jumps  across  the  boundary  level”  and 
“growth  by  shear  means  .  .  .  that  individual  atoms 
cross  the  interphase  boundary  by  a  glide-type  process, 
much  more  nearly  akin  to  plastic  deformation  .  .  .’’do 
not  have  an  exact  meaning. 


Measured  shape  changes  are  the  most  difficult  param¬ 
eters  to  fit  to  the  predictions  of  the  PTMC  theory,  and 
this  is  understandable  in  view  of  the  possibility  that  the 
large  stresses  around  even  a  thin  plate-shaped  particle 
may  give  rise  to  some  plastic  deformation  that  will  ac¬ 
commodate  (z'.e.,  conceal)  the  shape  change.  Simple  ex¬ 
amples  in  which  the  shape  discontinuity  was  transferred 
to  the  matrix  were  discussed  in  Section  VI;  however,  if 
the  accommodating  slip  is  less  regular,  the  shape  change 
is  more  diffuse  and  harder  to  measure. 

Accommodating  deformation  along  the  face  of  a  plate, 
rather  than  at  its  edge,  produces  an  opposite  tilt  of  a  free 
surface  and  hence  a  “rooftop”  appearance.  This  is  often 
seen  in  “banded”  products  like  Au-Cd  or  In-Tl  where 
adjacent  bands  are  product  regions  with  almost  the  same 
habit  plane  but  opposite  shape  changes.  Rooftop  struc¬ 
tures  may  also  be  produced  by  slip,  twinning,  or  kink 
band  formation,1381  but  some  controversy  has  arisen  from 
their  appearance  in  some  single-crystal  products  where 
the  conventional  descriptions  are  apparently  invalid.188'891 
More  complex  relief  effects  often  arise  from  the  trans¬ 
formation  of  self  accommodating  groups  of  variants,  es¬ 
pecially  in  shape  memory  alloys.1901 

X.  CONCLUSIONS 

The  statements  are  the  main  conclusions,  but  the  fol¬ 
lowing  are  some  important  assertions: 

1 .  Coherent  interfaces  occur  in  wholly  displacive  (mar¬ 
tensitic)  and  also  in  diffusional-displacive 
transformations. 

2.  Displacive  transformations  have  crystallographies 
predicted  by  the  PTMC  that  ensures  that  atom  num¬ 
bers  are  conserved  during  transformation;  this  also 
applies  to  the  formation  of  bainites  and  ferrites  at 
temperatures  where  only  interstitial  components  are 
mobile. 

3.  Diffusional  transformations  may  follow  the  same 
crystallography  or  may  adopt  interfaces  that  have 
some  epitaxial  character  and  require  material  trans¬ 
port  as  they  migrate.  As  this  may  be  a  slow  process, 
martensitic-type  interfaces  may  be  preferred,  even 
with  diffusion. 

4.  Ledges  (steps)  and  interface  dislocations  are  usually 
interchangeable  terms  for  the  same  defects.  Struc¬ 
tural  ledges  are  the  naturally  occurring  steps  or  facets 
in  a  description  of  a  high-index  or  irrational  plane; 
growth  ledges  are  equivalent  in  appropriate  interfaces 
to  twinning  or  transformation  dislocations. 

5.  Coherent  superledges  have  high  energies  and  only 
minimum  height  ledges  should  form.  Partly  coherent 
superledges  have  small  residual  Burgers  vectors  and 
produce  only  small  shape  discontinuities. 

6.  Step  growth  in  displacive  transformations  probably 
involves  the  continuous  displacement  of  elementary 
steps  without  the  need  for  an  explicit  kink 
mechanism. 

7.  Diffusional  growth  may  be  limited  by  the  interdif¬ 
fusion  rates  of  various  components,  by  matter  trans¬ 
port  (dislocation  climb)  if  the  interface  is  epitaxial, 
by  step  nucleation,  or  by  interface  processes. 
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Application  of  the  Theory  of  Martensite 
Crystallography  to  Displacive  Phase 
Transformations  in  Substitutional  Nonferrous  Alloys 


B.C.  MUDDLE,  J.F.  NIE,  and  G.R.  HUGO 

It  has  been  demonstrated  that  the  theory  of  martensite  crystallography  is  capable  of  accounting 
successfully  for  the  form  and  crystallography  of  a  range  of  plate-  or  lath-shaped  transformation 
products,  even  when  the  formation  of  the  product  phase  involves  significant  substitutional  dif¬ 
fusion.  These  transformations  include  the  precipitation  of  metastable  hexagonal  y'  (Ag2Al) 
plates  in  disordered  face-centered  cubic  (fee)  solid-solution  Al-Ag  alloys,  the  formation  of  or¬ 
dered  AuCu  II  plates  from  disordered  fee  solid  solution  in  equiatomic  Au-Cu  alloys,  and  the 
formation  of  metastable  9 R  a,  plates  in  ordered  (B2)  Cu-Zn  and  Ag-Cd  alloys.  The  application 
of  the  theory  to  these  transformations  is  reviewed  critically  and  the  features  common  to  them 
identified.  It  is  confirmed  that,  in  all  three  transformations,  the  product  phase  produces  relief 
at  a  free  surface  consistent  with  an  invariant  plane-strain  shape  change  and  that  the  transfor¬ 
mations  are  thus  properly  described  as  displacive.  The  agreement  between  experimental  obser¬ 
vations  and  theoretical  predictions  of  the  transformation  crystallography  is  in  all  cases  excellent. 
It  is  proposed  that  successful  application  of  the  theory  implies  a  growth  mechanism  in  which 
the  coherent  or  semicoherent,  planar  interface  between  parent  and  product  phases  maintains  its 
structural  identity  during  migration  and  that  growth  proceeds  atom  by  atom  in  a  manner  con¬ 
sistent  with  the  maintenance  of  a  correspondence  of  lattice  sites.  In  the  case  of  the  coherent, 
planar  interfaces  associated  with  y'  precipitate  plates  in  Al-Ag  alloys,  there  is  direct  experi¬ 
mental  evidence  that  this  is  accomplished  by  the  motion  of  transformation  dislocations  across 
the  coherent  broad  faces  of  the  precipitate  plates;  the  transformation  dislocations  define  steps 
that  are  two  atom  layers  in  height  normal  to  the  habit  plane  and  have  a  Burgers  vector  at  least 
approximately  equivalent  to  an  (a/6){\\2)  Shockley  partial  dislocation  in  the  parent  fee  struc¬ 
ture.  However,  for  AuCu  II  plates,  where  the  product  phase  is  twinned  on  a  fine  scale,  and  for 
a!  plates,  for  which  the  lattice  invariant  strain  leads  to  a  substructure  of  finely  spaced  stacking 
faults,  the  structures  of  the  semicoherent  interphase  boundaries  and  thus  the  details  of  the  trans¬ 
formation  mechanism  remain  less  clearly  defined. 


I.  INTRODUCTION 

In  the  approximately  40  years  since  the  original  for¬ 
mulations11,21  of  the  crystallographic  theory  of  martens¬ 
itic  transformations  first  appeared,  the  theory131  has  been 
applied  successfully  to  classically  diffusionless  martens¬ 
itic  transformations  in  a  wide  range  of  metallic14'5-61  and 
ceramic  systems.171  The  theory  has  not  yet  proved  to  be 
of  universal  applicability  to  such  transformations.  How¬ 
ever,  the  large  number  of  transformations  to  which  it  has 
been  shown  to  be  applicable,  and  the  accuracy  with 
which  it  has  proved  capable  of  accounting  for  the 
crystallographic  features  of  these  transformations,  have 
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led  to  general  acceptance  of  the  theory  as  providing  a 
reliable  basis  for  predicting  transformation  crystallo¬ 
graphy.  During  that  same  period,  the  theory  has  also 
been  applied  to  a  number  of  transformations  for  which 
the  transformation  product  exhibits  morphology  and 
crystallography  typical  of  a  martensitic  product,  but 
which  involve  significant  long-range  diffusion  or  atomic 
interchange  over  distances  exceeding  unit  cell  dimen¬ 
sions.  These  transformations  include  the  formation  of 
Widmanstatten181  and  bainitic  ferrite19^121  in  steels,  and 
the  precipitation  of  a  range  of  hydride,113'141  nitride,1151 
and  oxide116171  products,  where  it  is  conveniently  as¬ 
sumed  that  the  displacive  component  of  the  transfor¬ 
mation  involves  the  substitutional  constituents  alone  and 
that  the  compositional  change  accompanying  transfor¬ 
mation  is  accomplished  by  essentially  independent  inter¬ 
stitial  diffusion. 

However,  there  are  also  members  of  this  class  of 
transformations  which  involve  a  composition  change  or 
ordering  reaction  that  inevitably  requires  vacancy  dif¬ 
fusion  and  for  which  it  is  thus  more  difficult  to  reconcile 
the  displacive  and  diffusional  components  of  transfor¬ 
mation.  It  is  the  purpose  of  the  present  article  to  review 
the  applicability  of  the  formal  crystallographic  theory  to 
selected  transformations  in  this  latter  category  and  to  ex¬ 
amine  critically  the  implications  of  successful  applica¬ 
tion  of  the  theory  for  the  mechanism  of  transformation. 
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The  three  transformations  examined  are  those  that  have 
attracted  by  far  the  most  attention  and  controversy:  the 
face-centered  cubic  (fee)  to  hexagonal  close-packed 
(hep)  transformation  associated  with  the  precipitation  of 
metastable  y'  phase  in  Al-Ag  alloys,1 118-231  the  formation 
of  ordered  orthorhombic  CuAu  II  plates  from  disordered 
fee  solid  solution  in  equiatomic  Cu-Au, 124-301  and  the  B2 
to  9 R  transformation  associated  with  the  formation  of 
metastable  a,  plates  in  Cu-Zn(-X)131-391  and  Ag-Cd 
alloys. 140,411 


II.  CRYSTALLOGRAPHIC  THEORY 

The  initial  step  in  the  application  of  the  crystallo¬ 
graphic  theory  to  any  transformation  involves  the  iden¬ 
tification  of  the  correspondence  between  parent  and 
product  lattices  that  is  characteristic  of  martensitic  trans¬ 
formations  and  which  relates  uniquely  vectors,  planes, 
and  unit  cells  of  the  parent  with  corresponding  vectors, 
planes,  and  cells  in  the  product  phase.  It  is  the  main¬ 
tenance  of  this  lattice  correspondence  that  allows  the 
change  in  structure  to  be  described  by  a  homogeneous 
lattice  deformation,  B.  When  combined  with  an  appro¬ 
priate  rigid  body  rotation,  R,  this  homogeneous  strain 
defines  a  total  lattice  strain,  ST  =  RB,  that  generates 
the  product  lattice  in  its  observed  orientation  relationship 
with  the  parent  phase.  For  a  given  transformation,  it  is 
commonly  assumed1421  that  the  operative  lattice  corre¬ 
spondence  will  be  that  which  involves  the  minimum 
principal  deformations  (rj,)  for  the  strain  B,  and  this  cor¬ 
respondence  may  often  be  identified  simply  by  inspec¬ 
tion  of  the  crystal  structures  of  parent  and  product  phases 
and  the  observed  orientation  relationship  between  them. 
The  homogeneous  strain  B  is  completely  defined  by  the 
assumed  lattice  correspondence  and  the  lattice  parame¬ 
ters  of  parent  and  product  lattices. 

The  total  lattice  strain  ST  is  rarely  such  that  it  leaves 
a  plane  of  the  parent  structure  undistorted  and  unrotated 
in  the  product,  and,  for  most  transformations,  it  is  in¬ 
compatible  with  a  plate-shaped  transformation  product 
with  an  invariant  habit  plane  and  a  macroscopic  shape 
deformation  that  is  an  invariant  plane  strain.  This  dis¬ 
crepancy  is  resolved  by  considering  the  shape  strain  SR 
to  be  the  product  of  the  total  lattice  strain  ST  and  a  sec¬ 
ond  strain  L,  which  is  lattice  invariant  and  which  occurs 
inhomogeneously  throughout  the  transformed  volume  so 
as  to  maintain  an  interface  plane  that  is  macroscopically 
undistorted,  i.e.,  SR  =  Sx-L.  In  the  simplest  form  of 
the  theory,  the  lattice  invariant  strain  L  is  assumed  to  be 
the  product  of  slip  or  a  partial  twinning  shear  in  parent 
or  product  lattices.  Alternatively,  the  total  lattice  strain 
ST  may  be  represented  as  the  product  of  consecutive  in¬ 
variant  plane  strains,  i.e.,  ST  =  SR’L_1,  and  is  thus  an 
invariant  line  strain,  with  the  invariant  line  parallel  to 
the  line  of  intersection  of  the  habit  plane  and  the  plane 
of  lattice  invariant  shear  (LIS).  Given  as  input  the  lattice 
correspondence  and  lattice  parameters  of  initial  and  final 
lattices,  and  the  plane  and  direction  of  LIS,  the  theory 
permits  calculation  of  the  magnitude,  plane,  and  direc¬ 
tion  of  the  shape  strain  SR,  the  magnitude  of  the  LIS, 
and  the  predicted  orientation  relationship  between 
lattices. 


Solutions  to  the  theory  can  exist  only  if  the  homo¬ 
geneous  lattice  deformation  B  is  such  that  at  least  one 
of  the  principal  deformations  is  less  than  unity  and  one 
greater  than  unity.  If,  in  addition,  the  remaining  prin¬ 
cipal  deformation  is  exactly  unity,  then  Sx  is  itself  an 
invariant  plane  strain  and  there  is  no  requirement  for  an 
LIS.  In  such  a  transformation,  the  two  lattices  related  by 
B  may  be  fully  coherent  across  a  planar  interface.  The 
classic  example  of  such  a  transformation  is  the  fee  (f)  to 
hep  (h)  transition  occurring  in  pure  Co,1 1431  certain  Co¬ 
based  alloys, 144,45,461  and  a  range  of  highly  alloyed  steels 
of  relatively  low  stacking  fault  energy.16,471  In  this  case, 
the  interatomic  spacings  within  parallel  close-packed 
planes  are  very  nearly  identical  in  the  fee  and  hep  struc¬ 
tures,  and  the  change  in  structure  may  be  simply  accom¬ 
plished  by  a  shear,  equivalent  to  one-half  the  twinning 
shear,  between  alternate  pairs  of  {1 1  l}f  planes  in  any  one 
of  the  three  (112)f  twinning  directions  in  a  given  { 1 1 1  }f 
plane.1481  The  magnitude  of  this  shear  is  (8  T/2)*  and,  if 

*This  value  is  based  on  the  assumption  that  the  two  structures  are 
perfectly  coherent  in  the  habit  plane  and  that  the  hep  structure  has  the 
ideal  axial  ratio  of  (8/3)1/2. 


the  shear  occurs  on  a  single  shear  system,  then  the  shear 
component  of  the  shape  deformation  is  appreciable 
(—0.35).  If,  however,  shear  occurs  in  all  three  (112)f 
directions  in  a  given  {11 1  }f  habit  plane,  then  the  trans¬ 
formation  may  be  partially  or  wholly  self- 
accommodating  and  the  shear  component  of  the  shape 
strain  may  vary  from  a  maximum  of  8  1/2  to  zero.  In 
the  latter  extreme,  the  shape  deformation  SR  may  be  con¬ 
sidered  to  be  the  average  of  equal  volumes  of  the  three 
possible  lattice  deformations  such  that  SR  =  I,  where  I 
is  the  identity  matrix.1491 

The  glissile  motion  of  a  rational,  coherent  interface  as 
an  entity  is  energetically  unfavorable,  and  it  is  com¬ 
monly  assumed  that  transformations  for  which  the  inter¬ 
face  is  fully  coherent  proceed  via  the  formation  and 
migration  of  transformation  dislocations  across  the 
otherwise  planar  interface  (Figure  1).  The  transforma¬ 
tion  dislocations  constitute  atomic  scale  steps  on  the 
interface  and,  following  Christian,148,49,501  have  an  effec¬ 
tive  Burgers  vector  of 

bx  =  hmd  —  hrt  +  hi;  n  [1] 

where  h  is  the  step  height,  m  is  the  magnitude  of  the 
shape  strain,  d  is  a  unit  vector  defining  the  direction  of 
the  shape  strain,  t  is  a  unit  vector  in  the  direction  of  the 
shear  component  of  the  strain,  n  is  a  unit  vector  normal 
to  the  habit  plane,  and  r  and  £  are  the  magnitudes  of  the 
shear  and  normal  components  of  displacement,  respec¬ 
tively.  In  general,  the  Burgers  vector  is  not  a  lattice  vec¬ 
tor  in  either  parent  or  product  lattices.  In  the  specific 
case  of  the  fee  to  hep  transformation,  the  minimum  step 
height  corresponds  to  the  spacing  of  two  close-packed 
planes  normal  to  the  coherent  interface  plane,  and  a 
transformation  dislocation  that  will  accomplish  the  re¬ 
quired  structural  adjustment  in  the  packing  of  the  close- 
packed  planes  has  the  following  Burgers  vector:1491 

bx  =  -  <1 12)  +  — <1 1 1)  [2] 
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Fig.  1  —  (a)  The  (lll)J|(0001)h  interface  between  fee  and  hep  struc¬ 
tures  containing  a  step  that  is  two  atom  layers  in  height  normal  to  the 
interface.  Open  and  filledcircles  represent  atoms  on  successive  planes 
of  the  type  (220),  or  (11 20)h.  Note  that  planes  1  and  2  are  common 
to  both  structures,  (b)  Schematic  representation  of  the  resulting  trans¬ 
formation  dislocation  with  Burgers  vector  (<a/6)[l  12]. 


This  transformation  dislocation  reduces  to  a  simple 
Shockley  partial  dislocation  of  the  fee  structure  if  there 
is  no  change  in  the  spacing  of  the  close-packed  planes 
normal  to  the  habit  plane  ( i.e .,  £  =  0).  In  the  schematic 
representation  of  the  fee  to  hep  transition  shown  in 
Figure  1 ,  the  transformation  dislocation  has  the  specific 
Burgers  vector  (a/6)[l  12] . 

In  those  transformations  for  which  the  total  lattice 
strain  ST  does  not  itself  allow  a  plane  between  parent 
and  product  lattices  to  remain  invariant,  the  crystallo¬ 
graphic  theory  allows  for  the  total  strain  to  be  combined 
with  a  lattice  invariant  strain  L  to  define  a  habit  plane 
which  is  macroscopically  invariant  and  across  which 
there  is  sufficient  structural  continuity  to  permit  rapid 
glissile  motion  of  the  interface.  Two  simple  models  of 
a  semicoherent  martensitic  interface,  compatible  with 
the  formal  requirements  of  the  theory,  have 
emerged. [5-48]  In  the  first,  the  LIS  is  assumed  to  involve 
slip  in  either  parent  or  product  lattices,  and  the  misfit  in 
the  interphase  boundary  is  accommodated  discontin- 
uously  by  a  single  array  of  parallel  interface  dislocations 
with  a  common  Burgers  vector  and  a  spacing  determined 
by  the  magnitude  of  the  LIS  required  to  preserve  a  planar 
interface.  The  dislocation  lines  lie  parallel  to  the  inter¬ 
section  of  the  LIS  plane  and  the  habit  plane,  and  are  thus 
parallel  to  the  invariant  line  1  of  ST.  The  interface  is  glis¬ 
sile  and  may  move  readily  as  an  entity  normal  to  itself, 


provided  that  the  individual  dislocations  may  move  con¬ 
servatively  with  the  interface  on  slip  planes  in  parent  and 
product  lattices  that  meet  edge-on  in  the  interface.  This 
will  be  the  case  provided  that  the  Burgers  vector  of  the 
dislocations  is  either  not  parallel  to  the  interface  or,  in 
the  case  of  pure  screw  dislocations,  is  parallel  to  the  in¬ 
variant  line  1. 

In  the  second  of  the  models  of  a  semicoherent  mar¬ 
tensitic  interface,  the  mismatch  at  the  interface  is  cor¬ 
rected  periodically  by  what  is  normally  fine-scale 
twinning  of  the  product  phase,  and  the  LIS  corresponds 
to  a  partial  twinning  shear  of  the  product  lattice.  In  this 
case,  the  accommodation  within  the  habit  plane  extends 
over  the  widths  of  individual  twins,  and  the  theory  deter¬ 
mines  the  relative  widths  of  the  twin-related  crystals  re¬ 
quired  to  achieve  a  habit  plane  that  is  macroscopically 
invariant.  If  the  fractions  of  the  two  twin  orientations  are 
ft  and  (1  -  f),  then  there  are  two  solutions  for  the  equiv¬ 
alent  lattice  invariant  shear  with  magnitudes: 

8i=fs  and  g2  =  (l  ~ f)s  [3] 

where  5  is  the  magnitude  of  the  twinning  shear  on  the 
appropriate  system  in  the  product  lattice.  In  the  simplest 
form  of  this  model,  the  segments  of  interface  between 
each  of  the  twin  orientations  and  the  parent  phase  are 
assumed  to  be  in  a  state  of  forced  elastic  coherence  and 
the  interface  is  dislocation-free.1501  The  elastic  strain  field 
associated  with  the  interface  has  a  periodicity  equivalent 
to  the  average  combined  width  of  adjacent  twin  pairs, 
which  is  to  be  compared  with  the  spacing  of  the  interface 
dislocations  in  the  dislocation  model  discussed  previ¬ 
ously.  The  interface  is  readily  glissile,  and  growth  of  the 
product  phase  is  assumed  to  involve  motion  of  the  inter¬ 
face  as  an  entity  normal  to  itself. 

These  models  of  coherent  and  semicoherent  martens¬ 
itic  interfaces  are  such  as  to  permit  a  correspondence  of 
lattice  sites  to  be  preserved  between  parent  and  product 
lattices,  and,  provided  that  this  correspondence  is  not 
destroyed  by  simultaneous  diffusion,  they  imply  a  shape 
change  over  the  transformed  volume  that  may  be  de¬ 
scribed  by  an  invariant  plane  strain.  The  assumption  of 
a  lattice  correspondence  is  intrinsic  to  the  application  of 
formal  crystallographic  theory,  and  successful  applica¬ 
tion  of  the  theory,  together  with  the  observation  of  an 
invariant  plane-strain  shape  change,  would  seem  to 
imply  the  maintenance  of  a  lattice  correspondence.  It  is 
to  be  emphasized  that,  being  phenomenological  in  na¬ 
ture,  the  theory  requires  a  correspondence  of  equivalent 
lattice  sites  and  not  necessarily  the  maintenance  of  a  cor¬ 
respondence  of  atoms  occupying  equivalent  positions.  It 
has  been  commonly  assumed,  however,  that  any  signif¬ 
icant  atomic  interchange  over  distances  typically  larger 
than  the  dimensions  of  the  unit  cell  would  destroy  the 
correspondence  of  lattice  sites  and  any  associated  shape 
change.15'1  This  argument  is  usually  justified  on  thermo¬ 
dynamic  grounds;  the  additional  strain  energy  that  would 
necessarily  accompany  a  change  of  shape  is  considered 
likely  to  provide  a  driving  force  for  the  elimination  of 
the  correspondence  under  conditions  permitting  rapid 
atomic  interchange.15'1  A  potential  exception  to  this  pro¬ 
posal  has  been  identified  in  those  cases,  such  as  the  for¬ 
mation  of  Widmanstatten  or  bainitic  ferrite,  where  a 
change  in  composition  is  achieved  through  diffusion  of 
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a  highly  mobile  interstitial  constituent,  while  the  displa- 
cive  component  of  the  transformation  is  sustained  by  a 
constituent  for  which  the  range  of  atom  movements  re¬ 
main  less  than  the  scale  of  the  unit  cell.  However,  it  has 
long  been  considered  unlikely  that  a  shape  change  would 
be  sustained  and  that  the  crystallographic  theory  would 
be  proved  applicable  for  those  transformations  that  in¬ 
volve  significant  long-range  substitutional  (/.<?.,  va¬ 
cancy)  diffusion.  The  transformations  reviewed  here 
appear  to  constitute  notable  exceptions  to  this  expecta¬ 
tion  and  thus  continue  to  attract  significant  attention. 


and  the  composition  has  been  confirmed  to  be  consistent 
with  the  compound  Ag2Al  to  within  ~4  at.  pet. 1231  De¬ 
spite  this  composition  change,  there  is  ample  evidence 
that  there  may  be  a  shape  change  associated  with  the 
formation  of  y'  and  y  plates,  and  that  those  plates 
formed  at  a  free  surface  produce  a  surface  relief  consis¬ 
tent  with  a  shape  deformation  that  is  an  invariant  plane 
strain.11 9,2 1]  Measurements  of  the  surface  tilt  for  single 
plates  have  been  reported  to  be  consistent  with  a  simple 
shear  equivalent  to  one-half  of  the  twinning  shear 
(0.354)  in  the  hep  lattice. [21] 


III,  PRECIPITATION  OF 
y'  PHASE  IN  Al-Ag  ALLOYS 

A.  Experimental  Observations 

In  Al-Ag  alloys  containing  typically  15  to  20  wt  pet 
Ag,  solution-treated  (550  °C,  0.5  hour),  quenched,  and 
aged  (350  °C  to  400  °C,  0.5  hour),  the  supersaturation 
of  Ag  in  fee  solid  solution  is  relieved  initially  by  the 
precipitation  of  a  metastable  y'  phase  and  eventually  by 
formation  of  the  equilibrium  y  (Ag2Al)  precipitate 
phase.  The  transition  from  y'  to  y  phase  occurs  directly 
within  individual  precipitate  particles  and  is  described1191 
as  being  associated  with  a  loss  of  coherency  of  the  y' 
particles.  The  coherent  y'  and  semicoherent  y  phases  are 
both  hep,  differ  by  only  small  changes  in  lattice  param¬ 
eters,119221  and  are  thus  difficult  to  distinguish  by  most 
conventional  diffraction  techniques.  However,  most  of 
the  very  extensive  and  detailed  experimental  work  that 
has  been  carried  out  on  the  system1'8  231  has  been  con¬ 
cerned  with  the  initial  stages  of  precipitation.  The  pres¬ 
ent  discussion  will  thus  focus  on  the  formation  of  the 
y'  phase. 

The  crystal  structure  that  has  been  proposed1231  for  the 
y'  phase  is,  as  shown  in  Figure  2,  hep  ( a  =  0.2858  nm, 
c  =  0.4607  nm,  c/a  =  1.612),  with  alternating  close- 
packed  A  and  B  layers  of  pure  Ag  and  Al2Ag,  respec¬ 
tively,  to  give  an  average  precipitate  composition  of 
Ag2Al.  Although  yet  to  be  confirmed,  this  structure  is 
qualitatively  consistent  with  detailed  contrast  analysis  of 
high-resolution  images  of  y'  plates,  and  electron  dif¬ 
fraction  evidence  confirms  that  the  phase  exhibits  long- 
range  order  on  alternate  basal  planes  during  at  least  the 
initial  stages  of  growth.  The  y'  phase  precipitates  as 
thin,  hexagonal-shaped  plates  with  large  aspect  ratios 
(10:1  to  100:1)  on  { 1 1 1  }„  planes  of  the  a-Al  matrix 
(a0  =  0.4059  nm).  The  orientation  relationship  between 
parent  and  product  structures  is  such  that  (0001)7||(lll)a 
and  [1120]7|[lT0]a.  The  two  lattices  are  almost  perfectly 
coherent  within  the  (0001)7||(1 1  l)a  habit  plane,  and  there 
is  a  difference  of  only  —1.7  pct[23]  in  the  spacing  of  the 
close-packed  planes  normal  to  the  habit  plane. 

The  transformation  associated  with  the  formation  of 
y'  plates  is  thus  structurally  similar  to  the  martensitic 
fee  to  hep  transformation  in  Co  and  Co-based 
alloys.  143~46'48-501  However,  there  can  be  no  question  that 
there  is  a  substantial  composition  change  involving  long- 
range  substitutional  diffusion  of  Ag  associated  with  the 
formation  of  the  y'  plates.  Plates  of  the  y'  phase  have, 
for  example,  been  extracted  from  the  a-Al  matrix  and 
analyzed  using  energy-dispersive  X-ray  spectroscopy. 


B.  Application  of  the  Theory 

The  structural  change  from  fee  to  hep  associated  with 
the  precipitation  of  the  y'  phase  is  readily  interpreted  in 
terms  of  the  formal  crystallographic  theory.148,49'501  Based 
on  the  lattice  parameters  discussed  previously,  the  misfit 
in  interatomic  spacings  along  parallel  close-packed 
directions  within  the  common  close-packed  planes  is 
<0.5  pet.  If  it  is  assumed  that  the  structures  are  perfectly 
coherent  in  the  habit  plane  at  the  transformation  tem¬ 
perature,  and  that  there  is  no  change  in  the  spacing  of 
the  close-packed  planes  normal  to  the  habit  plane,  then 
the  structural  change  may  be  considered  to  be  accom¬ 
plished  by  a  simple  shear  of  magnitude  8  1/2  on  the 
(lll)f  plane  in  the  [112]f  direction.  In  the  formalism  of 
the  theory,  the  total  strain  ST  is  an  invariant  plane  strain 
equivalent  in  this  case  to  the  shape  deformation  SR: 

ST  =  SR  =  I  +  mdp'  [4] 


where  I  is  the  identity  matrix,  m  is  the  strain  magnitude, 
d  is  a  unit  vector  in  the  direction  of  displacement,  and 
p'  is  a  unit  vector  normal  to  the  shear  plane.  Using  a 
three-axis  system  to  define  the  basis  of  the  hep  lattice, 
the  lattice  correspondence  between  hep  and  fee  lattices 
compatible  with  the  observed  orientation  relationship  is, 
as  shown  in  Figure  3,  of  the  form 
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and  hCf  =  - 
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The  total  strain  may  be  expressed1481  as 


!  13  1  1 

ST  =  —  1  13  1 

12  2  2  10 


[6] 


For  the  present  transformation,  the  lattice  parameters 
imply  a  reduction  of  ~  1 .7  pet  in  the  spacing  of  the  close- 
packed  planes  parallel  to  the  habit  plane,  and  the  dis¬ 
placement  vector  md  thus  has  a  component  normal  to 
the  habit  plane.  From  Eq.  [2], 


a  -  2  x  0.017a 

md  =  bT  =  -  [1 12] - [111]  [7] 

6  3 

and  the  total  lattice  strain 


ST  = 


1.0364 

0.0364 

-0.0808 


0.0364  0.0364 
1.0364  0.0364 
-0.0808  0.9192 


[8] 
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Fig.  2  —  Schematic  representation  of  the  crystal  structure  proposed 
for  the  y  phase  (Ag2AI)  in  Al-Ag  alloys.1231 
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Fig.  3  —  Schematic  representation  of  the  lattice  correspondence 
between  parent  and  product  lattices  for  the  fee  to  hep  transformation. 


is  an  invariant  plane  strain  rather  than  a  simple  shear. 
This  total  lattice  strain  ST  defines  phenomenologically 
both  the  change  in  structure  and  the  shape  deformation. 


IV.  FORMATION  OF  ORDERED  AuCu  II 
PLATES  IN  EQUIATOMIC  Au-Cu 

A.  Experimental  Observations 

Equiatomic  Au-Cu  has  a  disordered  fee  structure 
(, ac  =  0.3872  nm)  at  temperatures  above  410  °C  and  is 
ordered  below  this  temperature.  Below  380  °C,  the  prod¬ 
uct  of  ordering  (AuCu  I)  is  face-centered  tetragonal  (fet) 
Ll0  (at  =  0.395  nm,  ct  =  0.368  nm,  c/a  =  0.932), 1251 
with  alternate  layers  of  Au  and  Cu  atoms  parallel  to  the 
(001)  basal  plane.  In  the  interval  between  380  °C  and 
410  °C,  a  one-dimensional  long-period  superlattice  des¬ 
ignated  AuCu  II  is  formed.  The  orthorhombic  unit  cell 
of  the  AuCu  II  corresponds  to  an  assembly  of  ten  Lla 
unit  cells  stacked  parallel  to  [010],  with  antiphase  do¬ 
main  boundaries  every  five  unit  cells  characterized  by  a 
displacement  vector  of  the  form  V2[101](010).  Each  Ll0 
cell  suffers  a  small  additional  distortion  parallel  to  [010], 
and  it  has  become  common  to  describe  the  AuCu  II 
structure  in  terms  of  the  resulting  orthorhombic  (o) 
pseudocell  with  a0  =  0.3979  nm,  b0  =  0.3963  nm,  and 
c0  =  0.3678  nm.[25] 

The  ordered  AuCu  II  phase  forms  characteristically  as 
plates  in  pairs  or  pyramidal  groups  of  four  which,  as 
shown  schematically  in  Figure  4,  share  a  common  apex 


Fig.  4 — Schematic  representation  of  the  morphology  of  AuCu  II 
plates  forming  a  pyramidal  group  of  four. 12,1 


and  grow  cooperatively  by  motion  of  the  inner  apex  par¬ 
allel  to  the  [Oil]  axis  of  the  pyramid.1291  The  forms  that 
the  plates  are  observed  to  take  in  section  depends  on  the 
location  and  orientation  of  the  plane  of  section  with  re¬ 
spect  to  the  pyramid  axis.  The  range  of  forms  consistent 
with  the  pyramid  morphology  proposed  in  Figure  4  are 
shown  in  the  reflected-light  micrograph  of  Figure  5(a). 
At  a  free  surface,  the  plates  produce  a  well-defined  sur¬ 
face  relief  (Figure  5(b)),  which  has  been  shown1251  to  be 
consistent  with  an  invariant  plane-strain  shape  defor¬ 
mation.  The  inner  and  outer  surfaces  of  the  AuCu  II 
plates  are  not  parallel,  leading  to  some  uncertainty  in  the 
determination  of  the  true  habit  plane.  However,  it  is  well 
established  that  the  habit  plane  is  irrational  and  close  to 
{01 1}.  Within  a  pyramidal  group  of  four  plates,  the  habit 
plane  poles  cluster  close  to  a  single  (Oil)  plane,  as 
shown  schematically  in  Figure  4.  The  results  of  habit 
plane  measurements  from  one  such  group,  determined 
from  trace  measurements  in  two  surfaces,1251  are  repro¬ 
duced  in  Figure  6,  where  it  is  clear  that  they  are  equiv¬ 
alent  variants  of  a  single  irrational  plane  to  within 
±1  deg. 

The  orientation  relationship  between  ordered  AuCu  II 
and  disordered  cubic  (c)  matrix  is  such  that  the  principal 
axes  of  the  ordered  phase  are  approximately  parallel  to 
those  of  the  matrix.125'521  This  is  illustrated  using  electron 
diffraction  in  Figure  7,  where  the  AuCu  II  plate  in 
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Figure  7(a)  is  oriented  with  a  (001)o  direction  parallel  to 
the  incident  electron  beam.1521  The  accompanying 
selected-area  electron  diffraction  (SAED)  pattern 
(Figure  7(b))  includes  reflections  from  the  cubic  matrix 
and  from  two  [00 1  ]0  variants  of  the  ordered  orthorhom¬ 
bic  structure,  twin-related  about  a  { 1 0 1  }0  plane.  For  the 
indexing  adopted  in  Figure  7(c),  the  measured  deviation 
of  the  (001)o  plane  from  (001)c  is  on  the  order  of  2  deg, 
and  that  between  (100)  planes  is  also  approximately 
2  deg.  More  accurate  measurements  of  the  angles  be¬ 
tween  principal  axes  determined  in  previous  work1251 
using  X-ray  diffraction  are  reproduced  in  Figure  8  for  a 
plate  with  habit  plane  variant  equivalent  to  variant  B  in 
Figures  4  and  6. 


(b) 

Fig.  5  —  Reflected  light  micrographs  of  (a)  polished  and  etched  sec¬ 
tion  showing  AuCu  II  plates  in  an  equiatomic  Au-Cu  alloy  aged 
0.75  h  at  390  °C;1521  and  ( b )  surface  relief  on  a  prepolished  surface 
associated  with  growth  of  AuCu  II  plates  produced  under  similar  con¬ 
ditions.1521 


[001]c 


Pig.  6 — Stereographic  projection  comparing  the  positions  of  mea¬ 
sured  habit  plane  normals  for  a  pyramidal  group  of  four  AuCu  II 
plates1291  with  the  locus  of  predicted  habit  planes  plotted  as  a  function 
of  lattice  parameter  ratio  a„/ac,  where  ac  refers  to  the  fee  matrix  and 
aa  refers  to  the  orthorhombic  product,  for  fixed  values  of  the  ratios 
b0/ao  =  0.9960  and  cja0  =  0.9244.  The  measured  habit  planes  have 
been  converted  by  symmetry  operations  to  that  variant  B  consistent 
with  the  assumed  variant  of  the  LIS,  i.e.,  ( 10 1)[  101  ]0.  Measured  lat¬ 
tice  parameters1251  give  a0/ac  =  1.0276. 


Fig.  7  —  (c)  Transmission  electron  micrograph  of  single  AuCu  II  plate 
recorded  with  the  electron  beam  parallel  to  a  (100)  fee  matrix  direc¬ 
tion;  ( b )  corresponding  SAED  pattern;  and  (c)  schematic  indexed  solu¬ 
tion  to  (b)  showing  two  [010]o  variants  of  the  orthorhombic  product 
phase  (open  and  filled  circles)  twin-related  about  (101)o.  Those  reflec¬ 
tions  represented  by  open  squares  define  an  [010]c  zone  of  the  matrix 
phase.1521 


[010]c 


-w 


|[100]c 


Fig.  8  —  Local  sections  of  stereographic  projections  comparing  mea¬ 
sured1251  (crosses)  and  calculated  (closed  circles)  positions  of  the  prin¬ 
cipal  axes  of  the  orthorhombic  unit  cell  of  AuCu  II  plotted  with 
respect  to  the  principal  axes  of  the  parent  fee  lattice.  The  variant  of 
the  orientation  relationship  shown  corresponds  to  the  variant  B  of  the 
habit  plane  in  Fig.  6. 
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As  indicated  in  Figure  7,  the  AuCu  II  plates  have  a 
substructure  of  fine-scale  twins  on  a  {101}o  twin  plane. 
The  pair  of  AuCu  II  plates  shown  in  Figure  9  were  im¬ 
aged  with  the  electron  beam  parallel  to  (1 1  l)c  matrix  and 
to  corresponding  (1 1 1)Q  axes  in  each  of  the  plates.  In  this 
orientation,  the  twin  planes  in  both  plates  and  the  junc¬ 
tion  plane  between  plates  are  parallel  to  the  electron 
beam,  and  the  habit  planes  of  both  plates  are  also  ap¬ 
proximately  edge-on.  Electron  microdiffraction  patterns 
recorded  from  the  plates  have  been  used  to  confirm1521 
that  each  comprises  twin-related  variants  of  the  ordered 
structure  and  that  the  variant  that  is  in  the  lesser  fraction 
is  common  to  each.  If  the  plates  are  interpreted,  as  in¬ 
dicated,  as  an  A,B  pair  ( c.f .  Figure_4)  and  the  electron 
beam  is  assumed  to  be  parallel  to  [1 1  l]c,  then  the  twin 
plane  for  plate  B  is  (101)o  and  the  trace  normal  to  the 
habit  plane  is_  observed  to  deviate  by  approximately 
3  deg  from  (0Tl)o  toward  (101)o.  These  electron  micro¬ 
scope  observations  are  thus  consistent  with  earlier  re¬ 
sults,1251  which  established  that  the  twin  plane 
corresponding  to  the  habit  plane  variant  B  was  (101)o, 
derived  from  the  corresponding  (101)c  plane  of  the  par¬ 
ent  phase. 

When  the  { 1 0 1  }0  twin  plane  is  oriented  parallel  to  the 
electron  beam,  as  in  Figure  9,  it  is  possible  to  make  ac¬ 
curate  measurements  of  the  relative  thicknesses,  xx  and 
x2,  of  the  two  twin-related  orientations  in  the  AuCu  II 
plates.  The  results  of  measurements1521  of  the  average 
twin  widths  for  a  series  of  six  different  plates  imaged 
under  these  conditions  are  recorded  in  Table  I.  Each 
value  of  twin  width  represents  an  average  of  at  least  15 
individual  measurements  on  a  given  plate.  The  twin 
width  ratio,  x2/xl,  has  an  average  value  of  0.49  ±  0.05. 

B.  Application  of  the  Theory 

The  crystallographic  theory  has  been  applied1251  to  the 
formation  of  AuCu  II  plates  assuming  that  the  corre¬ 
spondence  between  parent  and  product  lattices  is  identity 
and  that  the  LIS  comprises  a  partial  twinning  shear  on 


Fig.  9 — Transmission  electron  micrograph  showing  a  pair  of  AuCu  II 
plates  recorded  with  the  electron  beam  parallel  to  a  (111),  axis  and 
to  corresponding  (111)„  axes  in  each  of  the  plates.  The  twin  planes 
in  both  plates  and  the  junction  plane  between  plates  are  parallel  to  the 
electron  beam,  and  the  habit  planes  of  both  plates  are  also  approxi¬ 
mately  edge-on. 


the  system  {101}o(101)o.  The  predictions  of  the  theory, 
for  the  specific  variant  of  the  correspondence 


O 


Cc  = 


1  0  0 
0  1  0 
0  0  1 


[9] 


and  an  LIS  on  the  system  (101)[101],  are  presented  in 
Table  II.  These  predictions  vary  with  a  variation  in  the 
input  lattice  parameters,  and  a  segment  of  the  locus  of 
predicted  habit  planes  as  a  function  of  lattice  parameter 
ratio  for  the  low  shear  solution  (2 A)  is  shown  in 
Figure  6.  The  curve  passes  close  to  (Oil)  and,  for  the 
measured  lattice  parameter  ratio  of  1 .0276,  the  predicted 
habit  plane  is  within  3  deg  of  the  measured  habit  plane 
variant  B ,  for  which  the  twin  plane  variant  has  been  con¬ 
firmed  experimentally  to  be  ( 1 0 1  )0  (Figure  9).  In  the 
original  application  of  the  theory,  this  difference  be¬ 
tween  measured  and  predicted  habit  planes  was  inter¬ 
preted1251  in  terms  of  a  dilatation  parameter  8,  which  was 
considered  a  component  of  the  shape  strain  and  in  es¬ 
sence  relaxed  the  condition  that  the  habit  plane  remains 
completely  undistorted  by  allowing  a  small  uniform  di¬ 
latation  of  the  habit  plane.  However,  there  is  little  or  no 
direct  evidence  to  support  such  a  dilatation  in  this  or 
other  such  transformations,  and  it  appears  likely  that  this 
difference  is  attributable  to  the  difficulty  of  identifying 
the  true  habit  plane  for  the  tapered  plates  and  to  ex¬ 
perimental  errors  in  measurement. 

For  the  previous  low  shear  solution,  the  predicted 
shape  strain  direction  is  approximately  parallel  to  [01  l]f 
and  the  magnitude  of  the  shape  deformation  is  ~0.047. 
Although  there  have  been  no  direct  measurements  of  the 
shape  strain  to  date,  the  predicted  shape  strain  has  been 
used  to  calculate  the  surface  tilts  expected  for  CuAu  II 
plates  in  certain  orientations,  and  both  the  sense  and 
magnitudes  of  these  tilts  have  been  found  to  be  in  ex¬ 
cellent  agreement  with  experimental  observations.1251 

Aside  from  providing  accurate  predictions  of  the  com¬ 
ponents  of  the  shape  strain  consistent  with  the  observed 
crystallographic  variants,  it  is  also  to  be  emphasized 
that,  by  considering  appropriate  variants  of  the  lattice 
correspondence  and  the  LIS,  the  theory  permits  four 
variants  of  the  low  shear  solution,  for  which  the  habit 
plane  poles  cluster  about  (0Tl)f,  in  the  manner  observed 
experimentally.  The  theory  is  thus  capable  of  accounting 
for  the  crystallography  of  each  pyramidal  group  of  four 
plates,  for  which  the  shape  strain  directions  cluster  about 
[011]f.  Each  group  of  four  may  be  considered  to  com¬ 
prise  two  pairs  in  which  the  shear  components  of  the 
shape  strain  are  largely  self-accommodating  to  minimize 
the  net  shape  deformation. 

As  indicated  in  Table  II,  the  principal  axes  of  the 
product  phase  are  predicted  to  be  close  to  parallel  to 
those  of  the  cubic  parent  phase  and,  as  shown  in 
Figure  8 ,  the  agreement  between  the  predicted  and  mea¬ 
sured1251  orientation  relationship  for  variant  B  is  excel¬ 
lent.  The  twinned  substructure  of  the  AuCu  II  plates 
implies  an  LIS  whose  magnitude  is  determined  by  the 
relative  proportions  of  the  twin-related  orientations 
within  the  plates.  The  magnitude  g  of  the  LIS  has  been 
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Table  I.  Measurements  of  the  Relative  Twin  Widths  and  the 
Magnitude  (g )  of  Lattice  Invariant  Shear  in  AuCu  II  Plates1521 


Plate 

Xl 

(nm) 

x2 

(nm) 

x2/x, 

g 

1 

12.71 

6.32 

0.497 

0.052 

2 

21.32 

11.32 

0.531 

0.055 

3 

30.87 

13.64 

0.442 

0.048 

4 

21.83 

10.87 

0.498 

0.052 

5 

21.13 

11.37 

0.538 

0.055 

6 

24.25 

10.73 

0.442 

0.048 

Average: 

0.49  ±  0.05 

0.052  ±  0.005 

Table  II.  Predictions  of  the  Crystallographic  Theory  for  the  Disordered  fee  to 
Ordered  Orthorhombic  Transformation  Associated  with  the  Formation  of  AuCu  II  Plates 
Lattice  Parameters:  ac  =  0.3872  nm 

a0  =  0.3979  nm,  bQ_-  0.3963  nm,  c0  =  0.3678  nm 
Lattice  Invariant  Shear  System:  (101)0[101]0 
Lattice  Correspondence:  Identity 


Orientation  Relationship: 


Solution 

g* 

Habit  Plane  Normal 
Direction  Cosines 

Shape  Strain 

Direction  Cosines 

m** 

Direction  Cosines  of  Product  Axes 

no 

bo 

Co 

1A 

0.1024 

0.7044,  -0.7087,  0.04104 

-0.7209,  -0.6918,  -0.04200 

0.04736 

0.9984 

0.02364 

0.05121 

-0.02364 

0.9997 

-0.002587 

-0.05126 

0.001377 

0.9987 

IB 

0.1024 

0.7044,  0.7087,  0.04104 

-0.7209,  0.6918,  -0.04200 

0.04736 

0.9984 

-0.02364 

0.05121 

0.02354 

0.9997 

0.002587 

-0.05126 

-0.001377 

0.9987 

2A 

0.0546 

0.04104,  -0.7087,  0.7044 

-0.04200,  -0.6918,  -0.7209 

0.04736 

0.9996 

0.001377 

0.02730 

-0.000731 

0.9997 

-0.02367 

-0.02732 

0.02364 

0.9994 

2B 

0.0546 

0.04104,  0.7087,  0.7044 

-0.04200,  0.6918,  -0.7209 

0.04736 

0.9996 

-0.001377 

0.02730 

-0.000731 

0.9997 

0.02367 

-0.02732 

-0.02364 

0.9994 

*g  is  the  magnitude  of  the  lattice  invariant  strain. 
**m  is  the  magnitude  of  the  shape  strain. 


calculated1521  from  the  measured  twin  widths  xt  and  x2 
reported  in  Table  I  using  the  following  expression: 

g=(~—\=f2s  [10] 

V*1  +  *2/ 

where  5  is  the  magnitude  of  the  twinning  shear  and  f2 
represents  the  volume  fraction  of  orientation  2  in  the 
orthorhombic  product.  For  these  lattice  parameters,  the 
magnitude  of  the  twinning  shear,151  5  =  [( a/c  +  c/a)2 
-  4]1/2  is  0.1575  and  the  resulting  magnitudes  of  g  in 
Table  I  vary  between  0.048  and  0.055  for  the  six  plates 
examined.1521  The  average  value  for  g  over  the  six  plates 
is  0.052  ±  0.005  and  is  thus  in  excellent  agreement  with 
the  predicted  value  of  0.055  shown  in  Table  II. 

V.  FORMATION  OF  a,  PLATES 
IN  Cu-Zn(-X)  AND  Ag-Cd  ALLOYS 

A.  Experimental  Observations 

When  body-centered  cubic  (bcc)  /3-phase  alloys, 
based  on  the  systems  Cu-Al,  Cu-Sn,  Cu-Zn,  and  Ag-Cd, 
are  quenched  from  temperatures  at  which  the  /3  phase  is 
stable,  there  is  invariably  an  ordering  transition  to  a 


CsCl-type  ( B2 )  structure  (/S')-  The  f3'  phase  is  metastable 
and,  on  cooling  below  room  temperature,  undergoes 
martensitic  transformation  to  one  or  more  transformation 
products.  In  Cu-Zn  alloys,  two  forms  of  martensite  have 
been  reported,  one  which  inherits  the  ordered  CuAu  I 
structure  (fet)  from  the  matrix  /S'  phase  and  has  a  sub¬ 
structure  of  fine-scale  twinning,  and  a  second  needlelike 
martensite  that  has  a  faulted  substructure  and  the  9 R 
crystal  structure,  which  may  be  regarded  as  a  variant  of 
the  conventional  close-packed  fee  (f)  structure  (3 R)  with 
an  (a/6)(l  12)  {111}  displacement  on  every  third  close- 
packed  plane.  However,  if  the  /3'  phase  in  Cu-Zn  alloys 
containing  typically  38  to  44  wt  pet  Zn  is  reheated  to 
temperatures  in  the  two-phase  (a  +  /S')  field,  isothermal 
decomposition  occurs  and,  at  the  lower  end  of  the  trans¬ 
formation  temperature  range,  a  metastable  plate-shaped 
product  designated  a,  is  formed.  The  a,  plates  produce 
a  surface  relief  consistent  with  an  invariant  plane-strain 
shape  deformation131,32'361  and  have  a  morphology,  struc¬ 
ture,  and  crystallography  closely  similar  to  that  of  the 
needlelike  9 R  martensite  formed  athermally  at  low 
temperatures.153'541 

Figure  10(a)  shows  the  results  of  habit  plane  measure¬ 
ments  for  a,  plates  formed  isothermally  in  two  Cu-Zn 
alloys1361  and  a  Ag-Cd  alloy,1401  plotted  with  respect  to 
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Fig.  10 — Stereographic  projections  showing  (a)  measured  habit  plane 
normals  for  a,  plates  formed  in  two  Cu-Zn  alloys1361  and  a  Ag-Cd 
alloy!401  and  (£)  theoretical  predictions  of  the  habit  plane  for  the  B2 
to  9 R  transformation. 


the  parent  bee  (b)  lattice  in  stereographic  projection.  The 
circle  of  radius  3.5  deg  represents  the  scatter  of  two- 
thirds  of  individual  measurements  recorded  for  a 
Ag-45  at.  pet  Cd  alloy,1401  while  the  individual  mea¬ 
surements  are  reproduced  for  the  Cu-Zn  alloys.  The 
habit  plane  is  irrational  and  some  3.5  deg  from  (l44)b 
or  (I55)b;  in  the  case  of  the  Cu-41  wt  pet  Zn  alloy,  it  is 
described1361  as  being  close  to  (2,11, 12)b.  The  large  scat¬ 
ter  in  individual  results  reflects  in  part  the  limited 
accuracy  of  measurements  made  on  what  are  very  fine- 
scale  plates,  but  it  has  also  been  suggested1361  that  there 
is  a  significant  variation  in  habit  plane  between  the  two 
Cu-Zn  alloys  due  to  a  variation  in  lattice  parameters.  In 
both  alloys,  it  is  common  for  the  cq  plates  to  form  in 
chevron  pairs,  with  the  habit  plane  poles  of  the  pair  crys- 
tallographically  equivalent  and  symmetrically  distributed 
with  respect  to  the  nearest  {01  l}b  pole.  Given  the  fine 
scale  of  the  plates,  complete  measurements  of  the  shape 


strain  have  not  been  made,  but  the  surface  tilts  associ¬ 
ated  with  plates  formed  at  free  surfaces  have  been  re¬ 
ported  to  range  up  to  11.75  deg  in  the  case  of  Cu-Zn 
alloys1361  and  12.0  ±1.0  deg  for  the  Ag-Cd  alloy.1401 

Figure  11(a)  shows  an  electron  micrograph  of  an  a, 
plate  formed  during  the  early  stages  of  transformation  in 
a  Ag-45  at.  pet  Cd  alloy.1411  Given  the  limited  scale  of 
such  plates,  the  orientation  relationship  between  the  /S' 
and  9 R  at  structures  has  commonly  been  determined  ap¬ 
proximately  using  conventional  SAED  patterns  such  as 
that  of  Figures  11(b)  and  (c),  in  which  a  (110)w  zone 
axis  is  approximately  parallel  to  a  (1 1  l)b  zone  of  the  par¬ 
ent  phase  and  the  close-packed  planes  of  the  a,  phase, 
(009)9R,  are  parallel  to  the  electron  beam.  The  relation¬ 
ship  that  may  be  derived136,38’40,411  from  this  and  other 
zone  axis  patterns  is  irrational  and  is  usually  described 
approximately  by  the  relationships  between  planes 
shown  in  Table  III.  The  variant  of  the  orientation  rela¬ 
tionship  recorded  in  Table  III  corresponds  to  the  variant 
of  the  habit  plane  shown  in  Figure  10. 

The  a,  plates  have  a  substructure  of  parallel  stacking 
faults  distributed  regularly  along  the  length  of  each  plate 
(Figure  11).  For  the  variant  of  the  habit  plane  shown  in 
Figure  10  and  the  orientation  relationship  reported  ear¬ 
lier,  it  has  been  established  that  the  fault  plane  is  (1 1  l)f, 
derived  from  a  { 1 0 1  }b  plane  of  mirror  symmetry  in  the 
parent  bcc  phase.  With  extended  isothermal  aging,  the 
faulted  substructure  observed  in  freshly  formed  plates  is 
annealed  from  the  plates,  and  this  recovery  is  accom¬ 
panied  by  a  transition  in  structure  from  the  metastable 
9 R  to  the  equilibrium  3 R  packing  of  close-packed  planes 
(a).136,40,411  Local  growth  of  the  plates  proceeds  behind 
incoherent,  faceted  interfaces,  with  interface  facets  bear¬ 
ing  no  apparent  relationship  to  the  original  habit  plane. 

B.  Application  of  the  Theory 

The  formal  theory  has  been  applied  to  the  formation 
of  a,  plates  in  Cu-Zn[36)  and  Ag-Cd[40]  alloys  assuming 
a  product  structure  that  is  fee  (3 R)  or  fet  (c/a  ~  0.98). 
The  correspondence  between  bcc  and  fet  lattices,  iden¬ 
tified  as  compatible  with  the  observed  orientation  rela¬ 
tionship,  is  equivalent  to  the  reverse  of  the  familiar  Bain 
correspondence  observed  in  association  with  the  fee  to 
bet  transformation  in  ferrous  martensites.14,421  When  a 
strict  correspondence  of  atom  positions  is  preserved 
during  transformation,  this  correspondence  requires  that 
the  product  phase  remain  ordered  and  acquire  the  fet 
CuAu  I  structure  ( Ll0 ).  If  the  stacking  faults  within  the 
plates  are  taken  as  evidence  of  the  LIS,  then  the  fault 
plane  consistent  with  the  variant  of  the  correspondence 
is  (1 1  l)f  and,  of  the  three  (1 12)f  directions  in  this  plane, 
only  a  shear  in  the  [1 12]  f  direction  preserves  the  ordered 
arrangement  in  the  product  structure.1361  It  has  thus  been 
assumed  that  the  LIS  comprises  a  shear  on  the  system 
(11  l)f[l  12]f,  which  corresponds  to  a  {110}b(110)b  shear 
system  in  the  bcc  matrix  phase. 

Based  on  these  assumptions,  the  predictions  of  the 
theory  for  the  components  of  the  shape  strain  and  the 
orientation  relationship  have  been  shown  to  be  in  good 
general  agreement  with  experimental  observations.  The 
magnitude  of  the  LIS  predicted  is  in  the  range  of 
0.2341361  to  0.2381401  (corresponding  to  shear  angles  of 
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Fig.  11 — (a)  Transmission  electron_micrograph_ of  a ,  plate  in  Ag-45  at.  pet  Cd  alloy  aged  30  s  at  240  °C;  (b)  corresponding  SAED  pattern 
indicating  approximately  parallel  [11 1]b  and  [110]9*  zone  axes  from  matrix  and  precipitate  phases,  respectively;  and  (c)  schematic  indexing 
of  (b). 


13.18  to  13.56  deg)  and  is  almost  exactly  equivalent  to 
the  shear  of  (a/6)[l  12]f  on  every  third  (1 1  l)f  plane  that 
is  required  to  generate  the  9 R  stacking  from  a  regular 
3 R  fee  structure  (i.e.,  a  shear  of  13.26  deg).  However, 
given  the  periodicity  of  these  displacements,  it  is  not  ex¬ 
pected  that  the  modulation  in  stacking  characteristic  of 
the  9R  structure  will  be  resolvable  using  conventional 
electron  imaging  techniques.  The  stacking  faults  that  are 
readily  resolved  within  the  a,  plates  are  much  more 
widely  spaced  and  less  regularly  distributed  than  those 
that  would  be  required  to  produce  the  9 R  structure  from 
conventional  fee,  and  this  approach  to  application  of  the 
theory  does  not  yield  an  obvious  explanation  of  these 
faults.  To  account  for  faulting  on  the  scale  observed  re¬ 
quires  a  more  rigorous  application  of  the  theory,  assum¬ 
ing  that  the  product  structure  is  9 R  rather  than  fcc(t). 
Indeed,  there  is  evidence  to  suggest  that  the  9 R  structure 
might  properly  be  treated  as  a  structure  intermediate  be¬ 
tween  the  B2  parent  and  the  equilibrium  3 R  phase,  and 
that  it  is  inappropriate  to  interpret  the  transformation  as 
B2  to  fee  3 R. 

As  indicated  schematically  in  Figure  12,  the  9 R  struc¬ 
ture  may  be  described  by  a  unit  cell  that  is  orthorhombic 


if  the  structure  is  ideally  close-packed  and  monoclinic 
(with  a  monoclinic  /3  angle  close  to  90  deg)  if  there  is 
a  significant  deviation  from  close  packing  normal  to  the 
close-packed  planes.1541  The  correspondence  between 
parent  bcc  and  product  monoclinic  (m)  9 R  lattices  is 
such  that  the  vectors  [101]b,  [010]b,  and  [504]b  become 
the  base  vectors  [100]m,  [010]m,  and  [001  ]m,  respec¬ 
tively,  in  the  product  lattice.  The  LIS  system_  corre¬ 
sponding  to  (101)[10T]bcc  and  to  (lll)[112]fct  is 
(001)[100]cW.  Reliable  measurements  of  the  lattice  pa¬ 
rameters  of  the  isothermal  9 R  product  are  not  readily 
available,  but  a  range  of  parameters  has  been  reported 
for  the  9 R  martensite  in  Cu-Zn  and  Cu-Al  systems. 136,541 
Table  IV  presents  a  set  of  solutions  to  the  crystallo¬ 
graphic  theory  based  on  the  above  lattice  correspondence 
and  LIS,  and  a  monoclinic  9 R  structure  with  a  repre¬ 
sentative  set  of  lattice  parameters. 

For  the  lattice  parameters  used  in  the  compilation  of 
Table  IV,  the  predicted  habit  plane  for  low  shear  solu¬ 
tion  1A,  shown  in  Figure  10(b),  is  irrational.  It  lies 
within  approximately  1.5  deg  of  (155)b  and  1  deg  of 
(2,11, 12)b  and  is  thus  in  good  agreement  with  experi¬ 
mental  observations  of  the  habit  plane  for  the  Cu-41Zn 
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Table  III.  Comparison  of  Measured  and  Predicted  Orientation 
Relationships  for  the  B2  to  9R  Transformation  in  Cu-Zn  and  Ag-Cd  Alloys 


Cu-Zn[361 

Measured  Angles  (deg) 
Ag-Cd1401 

Ag-Cd'411 

Predicted 

Angles*  (deg) 

[llOkf  A  [Ill]b 

-0.0 

0.7  ±  0.2 

<1.0 

0.54 

(009k,  A  (101)„ 

5.5 

4.3  ±  0.4 

5.0  ±  1.0 

4.10 

(Il4)w  A  (011)b 

0.0  ±  0.5 

— 

<0.5 

0.24 

(1 15k,  A  (Il0)b 

5.5  ±  0.5 

— 

4.0  ±  1.0 

3.90 

^Calculated  using  the  lattice  parameters  shown  in  Table  IV. 
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Fig.  12 — Schematic  representation  of  the  structural  transformation 
from  B 2  to  9 R,  indicating  the  lattice  correspondence  that  is  sustained. 


alloy  reproduced  in  Figure  10(a).  The  habit  plane  pre¬ 
dicted  for  the  bee  to  9 R  transformation  using  the  param¬ 
eters  of  Comelis  and  Wayman136-531  (Figure  10(b))  is 
similar  to  that  reported  by  those  authors  for  the  bcc  to 
fet  transformation  and  is  in  good  agreement  with  ex¬ 
perimental  observations  for  the  Cu-40.5Zn  alloy  in 
Figure  10(a).  It  is  clear  that  the  position  of  the  predicted 
habit  plane  normal  is  sensitive  to  small  variations  in  lat¬ 
tice  parameters  and  that  the  theory  is  capable  of  ac¬ 
counting  for  the  variation  in  the  observed  habit  planes 
in  Cu-Zn  and  Ag-Cd  alloys,  allowing  for  reasonable 
variations  in  the  lattice  parameters  of  the  parent  and 
product  phases  with  varying  alloy  compositions. 

For  the  habit  plane  variant  shown  in  Figure  10  (low 
shear  solution  1A),  the  predicted  shape  strain  direction 
is  also  irrational,  and  approximately  8  deg  from  [01  l]b 
and  within  2  deg  of  being  parallel  to  the  habit  plane. 
The  predicted  shape  strain  displacement  (m)  is  approx¬ 
imately  0.203.  If  an  a,  plate  were  to  form  at  a  free  sur¬ 
face  in  such  a  way  that  the  shear  component  of 
displacement  was  parallel  to  the  surface  normal,  then  the 
shape  strain  displacement  would  lead  to  a  maximum  sur¬ 
face  tilt  of  —11.48  deg.  The  predicted  shape  strain  is 
thus  capable  of  accounting  well  for  observed  surface 
tilts,  which  range  up  to  a  maximum  of  11.75  deg  and 


Table  IV.  Predictions  of  the  Crystallographic  Theory  for  the  B2 
(b)  to  Monoclinic  (m)  9R  Transformation  Associated  with  the  Formation  of  a,  Plates 
Lattice  Parameters:  Parent  bcc:  ah  =  0.2930  nm 

Product  monoclinic  9R:  am  =  0.4439  nm,  bm  =  0.2638  nm,  cra  =  1.921  nm,  pm  =  89  deg 
Lattice  Invariant  Shear:  (101)[101]bcc  — >  (lll)[112]fct  and  (001)[100]9/f 
Lattice  Correspondence:  [101]b  — >  [100]9R  [100]b  -»  1/9  [4011  w 

[010]b  -»  [0101*  [010]b  ->  [010]» 

[504]b  -»  [001k,  [001]b  ->  l/9[501k, 


Solution 

8 

Habit  Plane  Normal 
Direction  Cosines 

Shape  Strain 

Direction  Cosines 

m 

Orientation  Relationship: 
Direction  Cosines  of  Product  Axes 

am  bm  cm 

1A 

0.00571 

0.1325, 

-0.6821,  -0.7192 

0.1193,  0.7527,  -0.6475 

0.2031 

0.67368 

-0.01836 

0.75044 

0.08596 

0.99485 

-0.05215 

-0.73400 

0.09965 

0.65888 

IB 

0.00571 

0.1325, 

0.6821,  -0.7192 

0.1193,  -0.7527,  -0.6475 

0.2031 

0.67368 

0.01836 

0.75044 

-0.08596 

0.99485 

0.05215 

-0.73400 

-0.09965 

0.65888 

2A 

0.18294 

0.7192, 

-0.6821,  -0.1325 

0.6475,  0.7527,  -0.1193 

0.2031 

0.73400 

-0.09965 

0.68450 

0.08596 

0.99485 

0.05515 

-0.67368 

0.01836 

0.72692 

2B 

0.18294 

0.7192, 

0.6821,  -0.1325 

0.6475,  -0.7527,  -0.1193 

0.2031 

0.73400 

0.09965 

0.68450 

-0.08596 

0.99485 

-0.05515 

-0.67368 

-0.01836 

0.72692 
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12.0  ±  1.0  deg  in  Cu-Zn[36]  and  Ag-Cd[401  alloys,  re¬ 
spectively.  Measured  and  predicted  orientation  relation¬ 
ships  are  also  in  excellent  agreement,  as  shown  in 
Table  III.  The  angles  between  the  pairs  of  planes  and 
directions  identified  conveniently  from  SAED  patterns 
agree  to  within  experimental  error  on  the  measurements, 
and  it  is  possible,  on  closer  analysis,  to  confirm  that  the 
sense  of  the  rotations  predicted  agrees  with  those 
observed. 

An  interesting  feature  of  the  solutions  to  the  theory 
for  the  B2  to  9 R  transformation  presented  in  Table  IV  is 
that  they  show  that,  for  the  lattice  parameters  employed, 
the  total  lattice  strain  may  approximate  to  an  invariant 
plane  strain  and  that  the  magnitude  of  the  LIS  required 
is  small  ( g  —  0.006).  Indeed,  as  indicated  in  Figure  13, 
the  predicted  magnitude  of  LIS  may  be  reduced  to  zero 
with  small  changes  in  lattice  parameters.  Figure  13 
shows  the  predicted  variation  in  g  with  systematic  vari¬ 
ation  in  the  parameters  of  the  product  monoclinic  9 R 
phase  about  the  commonly  reported  values,  for  a  con¬ 
stant  value  of  ab  =  0.2930  nm.  For  the  low  shear  so¬ 
lutions,  the  magnitude  of  LIS  is  seen  to  be  independent 
of  bm,  but  to  vary  significantly  with  am,  cm,  and  /3m  and 
to  approach  zero  at  values  of  each  of  these  parameters 
that  are  close  to  those  used  in  the  calculations  for 
Table  IV.  For  g  =  0,  the  product  phase  would  be  ex¬ 
pected  to  have  a  fault-free  91?  structure  and  to  be  co¬ 
herent  with  the  matrix  /3'  phase  across  the  irrational  habit 
plane.  However,  for  lattice  parameters  leading  to  a  finite 
value  of  g,  the  plates  would  be  expected  to  have  a 
substructure  of  coarsely  spaced  stacking  faults,  in  qual¬ 
itative  agreement  with  common  observations  for  a, 
plates  in  Cu-Zn  and  Ag-Cd  alloys.  The  magnitude  of  g 
and  thus  the  spacing  of  the  stacking  faults  arising  as  the 
result  of  the  LIS  would  be  expected  to  vary  with  vari¬ 
ation  in  lattice  parameters.  For  the  parameters  employed 
by  Comelis  and  Wayman, 136531  for  example,  the  pre¬ 
dicted  magnitude  of  g  rises  to  —0.012  and  the  corre¬ 
sponding  c*!  plates  would  be  expected  to  contain  a  higher 
density  of  internal  faulting  arising  from  the  LIS. 


VI.  DISCUSSION 

As  is  the  case  for  the  martensitic  fee  to  hep  transfor¬ 
mation,  the  structural  change  associated  with  the  y'  pre¬ 
cipitate  plates  in  Al-Ag  alloys  may  be  considered  to  be 
accomplished  by  the  passage  of  transformation  disloca¬ 
tions  across  the  broad  faces  of  the  plates. 148,491  Defining 
steps  that  are  two  close-packed  planes  in  height  normal 
to  the  habit  plane,  these  transformation  dislocations  have 
a  Burgers  vector  that  is  of  the  form  (a/6)(l  12)  in  the 
case  of  coherent  transformation  to  an  ideal  hep  structure 
with  zero  volume  change,  but  that  must  acquire  a  small 
additional  component  of  magnitude  £  normal  to  the  habit 
plane,  i.e.,  (2a£/3)(lll),  for  the  y'  phase.  For  such 
transformations,  formal  application  of  the  crystallo¬ 
graphic  theory,  assuming  the  total  lattice  strain  ST  to  be 
an  invariant  plane  strain  on  the  (1 1  l)f  habit  plane  with 
a  displacement  md  equivalent  to  the  Burgers  vector  of 
the  transformation  dislocations,  provides  a  complete  de¬ 
scription  of  the  transformation  crystallography. 

For  both  the  martensitic  fee  to  hep  transformation  and 
the  formation  of  y'  plates,  there  is  strong  experimental 
evidence  to  support  the  proposal  that  the  fee  to  hep  tran¬ 
sition  involves  the  lateral  migration  of  steps  across  the 
otherwise  coherent  broad  faces  of  the  product  phase, 
with  the  steps  having  the  configuration  of  the  transfor¬ 
mation  dislocations  required  by  the  theory.  High- 
resolution  electron  microscope  images  L[22,231  recorded 
parallel  to  close-packed  {i.e.,  (110)f||(1120)h)  directions 
in  the  habit  plane,  reveal  that  the  interface  commonly 
contains  steps  normal  to  the  habit  plane  that  are  invari¬ 
ably  an  even  multiple  of  close-packed  layers  in  height 
and  that  may  be  interpreted  as  an  accumulation  of 
(a/6)(112)  Shockley  partial  transformation  dislocations 
on  every  second  close-packed  (1 1  l)f  plane.  Single  trans¬ 
formation  dislocations  are  observed,  but  it  is  more  com¬ 
mon  for  the  observed  steps  to  comprise  multiple 
dislocations.  Since  the  layer  of  atoms  (1)  immediately 


Pig.  13 _ Predicted  variation  in  the  magnitude  ( g )  of  the  LIS  with  variation  in  each  of  the  product  lattice  parameters  am,  fcm,  cm,  and  /3m  for  the 

B2  to  9 R  transformation.  The  lattice  parameter  of  the  parent  phase  ab  is  assumed  constant. 


1852  — VOLUME  25A,  SEPTEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


ahead  of  the  interface  in  Figure  1  (a)  may  be  regarded  as 
common  to  the  fee  and  hep  lattices,  it  has  been  sug¬ 
gested123’  that  there  may  be  some  adjustment  in  com¬ 
position  in  this  layer  ahead  of  the  passage  of  a 
transformation  dislocation.  However,  the  completion  of 
the  structural  transition  requires  the  migration  of  a  trans¬ 
formation  dislocation  over  the  next  adjacent  layer  in  the 
fee  phase  and  an  adjustment  in  the  composition  that  al¬ 
lows  this  plane  of  the  precipitate  to  contain  wholly  Ag 
atoms.  It  is  inferred  that  passage  of  the  transformation 
dislocation  involves  atom  by  atom  transfer  between  par¬ 
ent  and  product  phases,  with  Ag  atoms  attaching  them¬ 
selves  preferentially  at  kink  sites  along  the  Shockley 
partial  transformation  dislocations.  The  rate  of  migration 
may  be  controlled  either  by  long-range  transport  of  Ag 
atoms  ahead  of  the  migrating  transformation  dislocations 
or  by  the  substitutional  diffusion  of  Ag  atoms  across  the 
kinks.  Although  there  is  a  substantial  compositional 
change  associated  with  the  transformation,  the  diffusion- 
controlled  migration  of  the  transformation  dislocations  in 
the  manner  described  permits  a  coherent  interface  to  be 
sustained  and  to  migrate  normal  to  the  habit  plane  to 
sustain  thickening  of  the  plate  and  the  maintenance  of  a 
correspondence  of  lattice  sites. 

In  a  given  { 1 1 1  }f  habit  plane  there  are  three  equivalent 
(112)f  twinning  directions,  and  the  passage  of  a  trans¬ 
formation  dislocation  with  a  Burgers  vector  given  by 
Eq.  [2]  in  any  one  of  these  directions  will  generate  the 
observed  hep  structure.  If  the  transformation  involves 
migration  of  transformation  dislocations  in  a  single 
(112)f  direction  on  alternate  (1 1  l)f  planes,  then  an  ap¬ 
preciable  shape  change  will  accumulate  over  the  trans¬ 
formed  volume.  When  the  component  of  displacement 
normal  to  the  habit  plane  is  zero,  this  shape  change  will 
be  a  simple  shear,  but  if  the  normal  component  of  dis¬ 
placement  is  finite,  then  the  shape  change  will  have  the 
more  general  form  of  an  invariant  plane  strain.  If,  al¬ 
ternatively,  transformation  dislocations  are  generated  in 
all  three  (112)f  directions  and  the  transformed  volume 
contains  equal  volume  fractions  of  all  three  variants  of 
the  hep  structure,  then  the  variants  will  be  self- 
accommodating  and  the  shear  component  of  the  net 
shape  deformation  over  the  transformed  volume  will  be 
zero.  Of  course,  it  is  possible  to  imagine  situations  be¬ 
tween  these  two  extremes,’491  but  for  transformation 
product  forming  within  the  bulk  constraints  of  the  parent 
phase  it  is  to  be  expected  that  all  three  transformation 
variants  will  operate  within  a  given  product  plate  to  min¬ 
imize  the  shape  deformation,  which  is  consistent  with 
direct  experimental  observations  for  bulk  y'  plates  in 
Al-Ag.’23’  If,  however,  the  transformation  were  to  occur 
under  the  influence  of  an  applied  stress  with  a  significant 
shear  component,  then  an  interaction  that  relaxed  the  po¬ 
tential  of  the  stress  field  might  be  expected  to  favor  the 
adoption  of  one  preferred  shear  component  of  transfor¬ 
mation  and  the  development  of  a  significant  shape 
change.  Similarly,  for  those  plates  nucleating  at  or  in  the 
immediate  vicinity  of  a  free  surface,  the  relaxed  matrix 
constraints  may  lead  to  preference  for  a  single  set  of 
transformation  dislocations  and  the  accumulation  of  a  fi¬ 
nite  shape  deformation  that  approaches  one-half  the 
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twinning  shear  in  magnitude.  Such  is  the  explanation  of¬ 
fered’551  for  the  observation  of  invariant  plane-strain  sur¬ 
face  relief  associated  with  at  least  some  y'  precipitate 
plates  at  free  surfaces  in  Al-Ag  alloys. 

The  formation  of  the  ordered  orthorhombic  phase 
AuCu  II  from  disordered  fee  parent  phase  also  generates 
invariant  plane-strain  surface  relief  and  conforms  with 
predictions  of  the  crystallographic  theory.’25’  Based  on 
the  assumptions  that  the  lattice  correspondence  is  iden¬ 
tity  and  the  LIS  is  a  partial  twinning  shear  on  the  system 
(101)[101],  the  theory  is  capable  of  accounting  consis¬ 
tently  and  accurately  for  the  observed  habit  plane,  sur¬ 
face  relief,  and  orientation  relationship.  With 
appropriate  choice  of  variants  of  the  lattice  correspon¬ 
dence,  it  is  also  capable  of  generating  crystallographic 
variants  of  the  habit  plane  normal  and  displacement  di¬ 
rection  that  each  cluster  about  common  (1 10)f  directions, 
and  thus  account  for  the  growth  of  AuCu  II  plates  in 
partially  self-accommodating  pairs  or  pyramidal  groups. 
Moreover,  recent  measurements’52’  have  confirmed  that 
the  observed  fine-scale  twinning  within  AuCu  II  plates 
is  on  the  appropriate  twinning  system  required  by  the 
theory  and  that  the  relative  fraction  of  the  twin-related 
variants  within  a  given  plate  is  accurately  consistent  with 
the  magnitude  of  the  LIS  required  to  ensure  that  the  ir¬ 
rational  habit  plane  is  macroscopically  invariant.  It  is 
thus  strongly  suggested  that  the  twinned  substructure  of 
the  plates  is  a  direct  manifestation  of  the  LIS. 

The  AuCu  II  plates  have  a  form  and  substructure  sim¬ 
ilar  to  those  of  martensite  plates  in  which  the  LIS  in¬ 
volves  twinning  of  the  product  structure,  and  the  faceted 
interface  between  twinned  product  and  single-crystal 
matrix  that  is  evident  in  Figures  7  and  9  is  typical  of  one 
of  the  two  common  models  proposed  for  a  semicoherent 
martensite  interface.’48,49-50’  In  this  model,  the  interface 
facets  define  areas  of  coherence  between  parent  and 
product  lattices,  separated  periodically  in  the  product 
phase  by  twin  boundaries.  For  a  diffusionless,  martens¬ 
itic  transformation,  such  an  interface  is  considered  to  be 
glissile  and  capable  of  migration  as  an  entity  normal  to 
the  habit  plane  through  homogeneous  transformation  of 
the  coherent  regions  combined  with  extension  of  the 
twin  boundaries  to  preserve  an  invariant  habit  plane. 
However,  for  an  ordering  transformation  involving 
nearest-neighbor  exchange  of  atoms,  such  as  the  for¬ 
mation  of  AuCu  II  plates,  it  is  currently  not  clear  that 
migration  of  such  a  semicoherent  interface  in  the  direc¬ 
tion  of  its  normal  will  sustain  the  coordinated  atom  dis¬ 
placements  necessary  to  the  maintenance  of  a 
correspondence  of  lattice  sites. 

To  resolve  this  apparent  difficulty,  it  has  been  pro¬ 
posed’29’  that  both  lengthwise  growth  and  thickening  of 
AuCu  II  plates  involve  the  generation  and  glide  of  trans¬ 
formation  dislocations  parallel  to  the  habit  plane.  For  a 
pyramidal  group  of  four  plates  such  as  that  illustrated 
schematically  in  Figure  4,  it  is  suggested  that  the  dis¬ 
locations  responsible  for  growth  on  the  inner  surfaces  of 
the  pyramid  would  be  generated  cooperatively  at  the 
common  inner  apex.  The  Burgers  vectors  md  of  the  dis¬ 
locations  on  the  four  plates  would  be  equal  in  magnitude 
and  approximately  parallel  to  the  same  [110],  direction. 
It  is  anticipated  that  the  individual  dislocation  segments 
would  form  a  continuous  loop  around  the  inner  surface 
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of  the  pyramid  and  that  cooperative  glide  across  the 
broad  inner  surfaces  of  the  plates  would  allow  the  four 
plates  to  grow  at  the  same  rate,  with  the  inner  apex  mov¬ 
ing  parallel  to  the  [01  l]f  axis  of  the  pyramid.  The  inner 
surfaces  of  the  pyramid  would  likely  contain  steps  cor¬ 
responding  to  single  or  multiple  transformation  dislo¬ 
cations  and,  if  growth  were  largely  confined  to  the  inner 
surfaces  of  the  pyramid,  the  plates  would  become  ta¬ 
pered  in  section,  with  the  inner  surfaces  and  their  junc¬ 
tion  lines  deviating  significantly  from  the  corresponding 
habit  planes  and  habit  plane  intersections. 

The  form  and  crystallography  of  the  proposed  trans¬ 
formation  dislocations  have  not  been  addressed  in  detail, 
and  the  compatibility  of  the  transformation  dislocations, 
which  generate  the  observed  shape  deformation,  with  the 
internal  twinning,  which  must  occur  within  the  lattice 
created  by  the  shape  strain  and,  on  this  interpretation, 
constitutes  evidence  of  the  complementary  strain  of  the 
original  Bowles-Mackenzie  formulation  of  the  crystallo¬ 
graphic  theory,121  requires  further  examination.  How¬ 
ever,  it  has  been  demonstrated  that  the  model  of  the 
growth  mechanism  based  on  such  transformation  dislo¬ 
cations  is  consistent  with  the  morphology  of  AuCu  II 
plates  and  with  measurements  of  both  the  lengthening 
and  thickening  kinetics  of  plate  growth.  The  migration 
of  transformation  dislocations  within  the  habit  plane  also 
provides  a  plausible  mechanism  by  which  a  correspon¬ 
dence  of  lattice  sites  may  be  sustained  in  the  face  of  the 
atomic  interchange  necessary  to  accomplish  the  ordering 
reaction.  The  atomic  displacements  are  restricted  to  co¬ 
ordinated  atom  transfer  at  single  dislocation  steps,  and 
it  is  suggested  that  the  dislocations  will  migrate  at  a  rate 
determined  by  the  rate  of  ordering  of  atoms  at  the  steps. 
It  is  in  the  nature  of  these  steps  and  the  mechanism  of 
atom  transfer  across  the  steps  that  the  proposed  mech¬ 
anism  differs  significantly  from  earlier  models, 127  281  in 
which  separate  mechanisms  were  proposed  for  length¬ 
ening  and  thickening  of  plates  and  in  which  plate  thick¬ 
ening  was  proposed  to  involve  the  migration  of 
disordered  ledges  across  the  habit  plane  interface.  It  re¬ 
mains  difficult  to  reconcile  the  maintenance  of  a  lattice 
correspondence  and  the  resulting  generation  of  an  in¬ 
variant  plane-strain  shape  change  with  a  mechanism  in 
which  random  atom  transfer  occurs  across  disordered 
ledges  in  the  interface.  Unlike  the  y'  precipitate  plates 
in  Al-Ag  alloys,  there  have  to  date  been  no  detailed  stud¬ 
ies  of  the  interface  structure  in  AuCu  II  plates,  and  there 
thus  remains  little  direct  evidence  on  which  to  assess  the 
proposed  transformation  mechanisms. 

While  there  is  no  composition  change  associated  with 
the  growth  of  ordered  AuCu  II  plates,  the  question  of 
whether  there  is  a  change  in  composition  accompanying 
the  initial  formation  of  a,  plates  in  Cu-Zn(-X)  and 
Ag-Cd  alloys  is  central  to  the  present  discussion  and  the 
answer  remains  controversial.  [41'56“62)  The  bulk  of  current 
evidence  strongly  suggests  that  there  is  a  significant  dif¬ 
ference  in  composition  between  the  a,  plates  and  f3'  ma¬ 
trix  at  the  earliest  stages  of  transformation  for  which 
measurements  can  presently  be  made.  There  is  also  evi¬ 
dence  from  some  studies137'38  411  that  the  order  present  in 
the  matrix  /S'  phase  is  not  necessarily  preserved  in  the 
formation  of  the  9 R  plates,  confirming  the  existence  of 
significant  atomic  interchange  accompanying  initial 


growth.  In  the  Ag-Cd  system  it  has  been  confirmed1411 
that  the  a,  plates  have  a  disordered  9 R  structure,  in  con¬ 
junction  with  a  composition  approaching  that  of  the 
equilibrium  a  phase,  well  before  any  evidence  of  the  9 R 
to  3 R  structural  transition  that  accompanies  prolonged 
isothermal  aging.  It  is  thus  difficult  to  sustain  an  argu¬ 
ment  that  initial  growth  is  diffusionless  with  a  subse¬ 
quent  adjustment  in  composition,  for  it  would  require 
this  adjustment  in  composition  to  preserve  the  9 R  struc¬ 
ture,  only  to  have  it  subsequently  transform  to  equilib¬ 
rium  3 R.  Even  if,  as  has  been  suggested,141601  the 
a,  plates  lengthen  in  a  displacive  (diffusionless)  manner 
and  then  thicken  at  a  rate  controlled  by  substitutional 
volume  diffusion,  there  is  no  evidence  to  suggest  that 
the  plates  are  composite  in  structure  and  the  lateral 
growth  must  thus  occur  in  such  a  way  that  the  9 R  struc¬ 
ture,  lattice  correspondence,  and  shape  change  are  sus¬ 
tained  during  diffusional  growth. 

Formation  of  the  a,  plates  produces  a  shape  change 
compatible  with  an  invariant  plane  strain,  and  the 
crystallographic  theory  again  provides  an  excellent  basis 
for  accounting  for  the  observed  crystallographic  features 
of  the  transformation.  Although  initial  applications136401 
of  the  theory,  which  assumed  for  convenience  the  prod¬ 
uct  structure  to  be  fcc(t),  produced  predictions  in  general 
agreement  with  experimental  observations,  the  present 
analysis  suggests  that  this  interpretation  may  be  in  part 
misleading.  In  the  early  analyses,  the  magnitude  of  the 
LIS  on  the  observed  slip  system  required  to  preserve  an 
invariant  habit  plane  was  found  to  be  approximately 
equivalent  to  the  shear  of  (a/6)[112]  on  every  third 
(111)  plane  that  would  generate  9 R  stacking  of  the  close- 
packed  planes  of  a  3 R  fee  structure.  This  approach  thus 
has  the  potential  to  create  the  impression  that  the  9 R 
structure  of  the  aj  plates  is  a  consequence  of  the  LIS 
component  of  the  shape  strain,  rather  than  the  preferred 
product  structure  in  the  initial  stages  of  decomposition 
of  supersaturated  fi'  phase.  It  also  fails  to  provide  a 
sound  basis  for  accounting  for  the  substructure  of  stack¬ 
ing  faults  in  aY  plates,  for  those  faults  detectable  are 
much  more  widely  spaced  than  every  third  {111}  plane. 

If  a  comparison  is  made  of  the  principal  distortions 
(r i)  of  the  homogeneous  lattice  deformations  B  for  the 
B2  to  9 R  and  B2  to  fcc(t)  transformations,  then,  as 
shown  in  Table  V,  those  associated  with  the  B2  to  9 R 
transition  are  much  closer  to  unity  than  those  for  the 
transformation  to  the  fcc(t)  structure.  This  implies  that 
the  lattice  distortion  associated  with  formation  of  the  9 R 
structure  is  significantly  less  than  that  required  to  form 
the  fee  structure  and  suggests  that  it  is  more  appropriate 
to  regard  the  9 R  structure  as  a  preferred  metastable 
phase,  intermediate  between  the  parent  B2  /3'  and  equi¬ 
librium  product  a.  In  support  of  this  interpretation,  it  is 
to  be  noted  that  the  magnitude  ( g )  of  the  LIS  required 
for  the  B2  to  9 R  transition  approaches  zero  for  small 
variations  in  lattice  parameters  from  observed  values. 
For  g  =  0,  the  a,  plates  would  be  expected  to  be  fully 
coherent  with  the  parent  phase  and  grow  fault-free.  This 
may  account  for  the  recent,  and  yet  to  be  confirmed, 
observation  of  coherent  ax  plates  free  of  faulted  sub¬ 
structure  in  the  very  early  stages  of  transformation  in  a 
Cu-Zn  alloy.1391  It  has  been  suggested1391  that  such  plates 
represent  the  initial  growth  stage  for  at  plates  and  that 
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Table  V.  Comparison  of  the  Principal  Distortions  r/j  of  the  Homogeneous 
Lattice  Strain  B  for  the  B2  to  fcc(t)  and  B2  to  9 R  Transformations  in  Cu-Based  Alloys 


Transformation 

V\ 

b2 

V3 

B2  -»  fee1361 

0.891894 

0.891894 

1.26133 

*B2  9R[54] 

0.900341 

0.997322 

1.10645 

**B2  -»  9/? 1361 

0.891891 

0.994588 

1.13109 

*Calculated  using  the  lattice  parameters  of  Kajiwara1541  (Table  IV). 

“Calculated  using  9R  lattice  parameters  equivalent  to  those  of  Comelis  and  Wayman.1361 

the  plates  subsequently  acquire  the  faulted  substructure 
in  a  second  stage  of  growth,  during  which  they  lose  co¬ 
herency  with  the  matrix.  In  formal  terms,  the  crystallo¬ 
graphic  theory  allows  for  the  magnitude  of  the  LIS  to 
become  finite,  with  small  local  variations  in  the  lattice 
parameters  at  the  transformation  interface,  perhaps  as  a 
result  of  local  changes  in  composition.  The  theory  thus 
allows  for  the  development  of  a  faulted  substructure,  al¬ 
though  the  mechanism  by  which  faults  apparently  prop¬ 
agate  through  the  existing  volume  of  plate  established 
during  the  initial  coherent  growth  stage  perhaps  needs 
further  attention.  Irrespective  of  the  outcome  of  such 
analysis,  it  is  to  be  emphasized  that,  for  the  B 2  to  9 R 
transition  and  the  available  lattice  parameters,  the  theory 
requires  a  small  finite  value  of  g  and  thus  a  substructure 
of  relatively  widely  spaced  stacking  faults  that  is  qual¬ 
itatively  consistent  with  observations. 

Following  a  recent  study  of  the  structure  of  the  broad 
faces  of  a,  plates  in  a  Cu-Zn  alloy,  it  was  reported  that 
the  plates  develop  growth  ledges  during  the  second  stage 
of  growth  and  suggested  that  growth  proceeds  via 
diffusion-controlled  ledge  wise  thickening. 139  631  The  ob¬ 
servation  of  an  invariant  plane-strain  shape  change  and 
the  well-established  applicability  of  the  crystallographic 
theory  imply  that  this  growth  should  proceed  in  such  a 
way  that  a  correspondence  of  lattice  sites  is  preserved. 
It  thus  seems  likely  that  the  growth  ledges  responsible 
for  thickening  should  have  the  form  of  transformation 
dislocations  gliding  across  the  broad  faces  of  the  plates 
at  a  rate  that  is  diffusion  controlled.  It  is  possible  that  a 
correspondence  of  sites  may  be  maintained  if  there  is  a 
coordinated  atom  by  atom  transfer  from  parent  to  prod¬ 
uct  phase  at  individual  dislocation  steps  in  the  interface, 
but  again  unlikely  that  this  will  be  so  if  the  risers  of  the 
growth  ledges  are  disordered  or  incoherent.  The  form 
and  crystallography  of  any  such  ledges  or  transformation 
dislocations  on  the  broad  faces  of  a,  plates  remain  un¬ 
resolved  in  detail,  and  it  would  seem  that  prospects  for 
progress  in  resolving  details  of  the  mechanism  of  the 
transformation  rest  with  further  detailed  high-resolution 
studies  of  the  interface  and,  as  in  the  case  of  AuCu  II 
plates,  analysis  of  the  compatibility  of  potential  trans¬ 
formation  dislocations  with  those  responsible  for  the  lat¬ 
tice  invariant  shear. 


VII.  SUMMARY 

1.  The  transformation  products  associated  with 

(a)  precipitation  of  hep  Ag2Al  (y')  plates  in  Al-Ag 
alloys; 


(b)  formation  of  ordered  orthorhombic  AuCu  II  plates 
in  equiatomic  Au-Cu;  and 

(c)  formation  of  9 R  a,  plates  in  ordered  B 2  Cu-Zn(-X) 
and  Ag-Cd  alloys 

produce  relief  at  a  free  surface  consistent  with  an  in¬ 
variant  plane-strain  change.  The  transformations  are 
thus  properly  described  as  displacive. 

2.  The  observed  shape  change  implies  that  a  lattice  cor¬ 
respondence  is  maintained  between  parent  and  prod¬ 
uct  phases.  The  existence  of  such  a  lattice 
correspondence  is  fundamental  to  justifying  the  ap¬ 
plication  of  the  theory  of  martensite  crystallography 
to  this  class  of  transformations. 

3.  The  theory  of  martensite  crystallography  may  be  ap¬ 
plied  successfully  to  account  for  the  crystallographic 
features  of  each  of  these  transformations.  The  agree¬ 
ment  between  experimental  observations  and  theo¬ 
retical  predictions  is  exceptionally  good  in  all  cases. 

4.  Although  it  has  been  common  to  assume  that  atomic 
interchange  or  a  compositional  change  involving 
long-range  substitutional  diffusion  is  incompatible 
with  the  maintenance  of  a  lattice  correspondence,  the 
formal  crystallographic  theory  does  not  necessarily 
require  a  correspondence  of  atom  positions  and  thus 
does  not  preclude  interchange  of  atom  positions  or  a 
change  in  composition.  Successful  application  of  the 
theory  does,  however,  imply  a  transformation  mech¬ 
anism  that  is  compatible  with  the  maintenance  of  a 
correspondence  of  lattice  sites. 

5.  It  seems  likely  that  the  mechanism  of  transformations 
in  this  group  involves  the  migration  of  transformation 
dislocations  in  the  planar  interface  between  parent 
and  product,  and  coordinated  atom  by  atom  transfer 
across  the  interface  associated  with  motion  of  the  cor¬ 
responding  dislocation  steps  in  the  interface.  The  rate 
of  migration  of  the  transformation  dislocations  is 
controlled  by  the  rate  at  which  the  required  atoms 
assemble  ahead  of  the  migrating  dislocation  steps. 
The  migration  of  the  transformation  dislocations  pro¬ 
duces  the  displacements  that  generate  the  surface 
relief. 
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A  Comparison  between  Three  Simple 
Crystallographic  Principles  of  Precipitate  Morphology 


U.  DAHMEN 

The  connection  between  the  optimum  shape  and  orientation  relationship  of  precipitates  in  a  solid 
is  examined.  Three  simple  criteria  for  precipitate  morphology  are  compared  and  illustrated  sche¬ 
matically:  the  principle  that  precipitate  dimensions  tend  to  be  inverse  to  the  magnitude  of  the 
transformation  strain;  the  postulate  that  precipitates  are  bounded  by  unrotated  planes  (eigen- 
planes);  and  the  proposal  that  interfaces  are  parallel  to  the  planes  of  three  independent  dis¬ 
location  loop  arrays  necessary  to  accommodate  the  transformation  strain  completely.  These 
principles  are  illustrated  for  different  orientation  relationships,  and  it  is  shown  that  special  fea¬ 
tures  are  displayed  by  invariant-line  precipitates.  The  implications  of  these  criteria  for  experi¬ 
mental  studies  of  precipitate  morphologies  are  discussed  and  their  predictions  compared  with 
results  from  a  recent  study  of  lath-shaped  precipitates  in  Cu-Cr  alloys. 


I.  INTRODUCTION 

THE  morphology  of  precipitates  in  a  solid  matrix  is 
of  fundamental  importance  in  materials  science.  Under¬ 
lying  most  investigations  of  microstructures  and  their  de¬ 
velopment  is  the  assumption  that  the  shape,  orientation 
relationship,  and  interface  structure  of  a  product  forming 
in  a  parent  phase  are  interlinked.  However,  the  nature 
of  this  link  is  not  well  understood,  and  morphological 
prediction  is  of  limited  success.  It  is  generally  implied 
that  the  link  lies  in  the  mechanism  of  strain  accommo¬ 
dation,  either  during  nucleation  or  in  the  process  of  co¬ 
herency  loss  or  growth.11,21  Yet,  for  most  cases,  there  is 
still  no  clear  and  simple  relationship  between  the 
crystallographically  observable  features  of  a  solid  inclu¬ 
sion  and  its  mechanism  of  formation. 

A  notable  exception  is  the  phenomenological  theory 
of  martensitic  transformations  (e.g.,  Reference  3), 
which  has  been  remarkably  successful  in  many  of  its 
predictions.  However,  its  application  is  limited  to  inclu¬ 
sions  that  are  dominated  by  a  single  planar,  glissile  inter¬ 
face,  and  to  cases  where  diffusion  is  negligible,  so  that 
an  atomic  correspondence  is  maintained  during  trans¬ 
formation.  Most  inclusions  do  not  fulfill  these  condi¬ 
tions,  since  diffusion  prohibits  an  atom-by-atom 
correspondence,  and  interfaces  are  neither  constrained  to 
be  glissile  nor  to  be  planar.  In  fact,  inclusions  are  found 
in  a  great  variety  of  shapes  and  orientations,  depending 
on  crystal  structure  and  transformation  conditions. 

Since  no  atomic  (as  opposed  to  lattice)  correspon¬ 
dence  can  be  maintained  during  bainitic  or  diffusional 
transformations,  one  might  expect  random  shapes  and 
orientations,  determined  only  by  the  parameters  govern¬ 
ing  diffusion.  Instead,  most  diffusional  transformation 
products  adhere  to  well-defined  orientation  relationships 
and  exhibit  a  narrow  range  of  shapes.  In  fact,  a  large 
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number  of  common  precipitation  systems  form  plate¬ 
shaped  inclusions  similar  to  those  of  martensitic  trans¬ 
formation  products141  which  offer  themselves  readily  to 
application  of  the  concepts  of  martensite  crystallo¬ 
graphy,  regardless  of  their  formation  mechanism.  Such 
attempts  have  often  met  with  some  degree  of  success,15  61 
showing  that  a  lattice  correspondence  can  be  maintained 
during  precipitation  reactions. 

Other  evidence  for  a  lattice  correspondence  in  a  dif¬ 
fusional  transformation  was  shown  by  Ryder  and 
Pitsch,171  who  observed  a  limited  range  of  orientation  re¬ 
lationships  during  precipitation  in  a  Co-Fe  alloy.  More 
recently,  detailed  studies  have  shown  that  many  precip¬ 
itation  systems  exhibit  a  single  preferred  orientation  re¬ 
lationship  and  corresponding  shape.  The  orientation 
relationship  is  often  found  to  be  such  that  the  transfor¬ 
mation  strain  is  of  the  invariant-line  type,  and  the  cor¬ 
responding  shape  is  a  needle  or  lath  along  the  invariant 
line.  Experimental  observations  indicate  that  for  surface 
precipitates,  the  invariant  line  lies  at  the  intersection  of 
the  cone  of  unextended  lines  with  the  surface,181  while 
bulk  precipitates  lie  along  invariant  lines  at  the  inter¬ 
section  of  the  cone  with  a  low-index  crystallographic 
plane.18'9'101  These  observations  are  clear  evidence  that  an 
optimum  orientation  relationship  and  shape  are  main¬ 
tained  during  many  diffusional  transformations. 

It  is  the  intent  of  the  present  contribution  to  outline 
some  crystallographic  principles  linking  precipitate 
shapes  and  orientation  relationships,  and  to  examine  the 
relationship  between  the  geometrically  observable  fea¬ 
tures  and  the  underlying  principles. 

II.  RESULTS  AND  DISCUSSION 

A.  Shape  and  Orientation  Relationship 

The  optimum  shape  of  an  inclusion  depends  on  the 
transformation  strain,  which  in  turn  depends  on  the  lat¬ 
tice  orientation  relationship.  To  illustrate  this  inter¬ 
relationship,  consider  the  simple  transformation  shown 
in  Figure  1.  When  a  precipitate  lattice  is  derived  from 
the  matrix  lattice  by  an  expansion  a  along  the  x  direction 
and  a  contraction  b  along  the  y  direction,  the  transfor¬ 
mation  B  =  (o  °)  can  be  illustrated  schematically,  as 
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shown  in  Figure  1(a).  The  unit  circle  is  transformed  into 
the  strain  ellipse,1111  here  shown  for  the  specific  case  of 
a  =  1.12  and  b  =  0.91.  Directions  at  the  intersection  of 
the  unit  circle  with  the  ellipse  are  unextended  but  rotated 
by  the  transformation.  If  one  of  these  unextended  lines 
is  rotated  back  to  its  original  orientation  (dashed  line  in 
Figure  1),  it  becomes  an  invariant  line;  i.e.,  it  will  be 
unextended  and  unrotated  and  therefore  a  direction  in 
which  the  two  lattices  match  without  strain.  This  is  il¬ 
lustrated  in  Figure  1(b),  where  a  small  lattice  rotation  of 
a  =  5.76  deg  has  changed  the  orientation  relationship 
such  that  the  transformation  A  =  RB  = 
cos“)  (o  b)  is  an  invariant-line  strain. 

Both  the  direction  of  the  invariant  line  and  the  lattice 
rotation  to  produce  it  depend  on  the  lattice  parameters 
of  the  matrix  and  precipitate  phase  and  therefore  are  usu¬ 
ally  not  rational.  The  angle  6  of  the  invariant  line  with 
the  v-axis  is  given  by1 101 


and  the  angle  a  of  lattice  rotation  necessary  to  form  an 
invariant  line  is  found  from 


is  seen  more  clearly  from  the  displacement  field  dia¬ 
grams.  Figure  1(c)  illustrates  the  displacement  field  of 
the  transformation  for  a  =  0  deg.  The  displacement  vec¬ 
tors  take  on  all  directions  in  the  plane.  Wherever  the 
displacement  is  tangential,  the  corresponding  radius  vec¬ 
tor  is  an  unextended  line  that  is  simply  rotated.  By  add¬ 
ing  an  equal  and  opposite  rotation  of  a  =  5.76  deg,  we 
change  the  displacement  field  dramatically  to  that  shown 
in  Figure  1(d).  The  displacements  have  been  eliminated 
along  one  direction  (the  invariant  line)  and  increased  in 
other  directions.  In  addition,  all  displacements  are  now 
parallel  (or  antiparallel)  to  each  other. 

It  is  apparent  from  these  schematics  that  the  two  dis¬ 
placement  fields  would  demand  very  different  shapes, 
even  though  the  transformations  differ  only  by  a  small 
relative  rotation.  Intuitively,  it  would  be  expected  for  a 
precipitate  to  choose  a  shape  of  minimum  strain  and 
hence  be  elongated  for  the  invariant-line  strain,  while  a 
more  equiaxed  inclusion  would  be  expected  for  the  un¬ 
rotated  case.  Several  different  criteria  have  been  given 
for  the  optimum  shape  of  an  inclusion,  and  the  three  that 
are  most  commonly  implied  will  be  reviewed  in 
Sections  C  through  E.  Since  the  corresponding  shapes 
are  strongly  affected  by  the  orientation  relationship,  the 
effect  of  a  lattice  rotation  a  will  be  illustrated  for  all  of 


are  unextended  but  rotated  to  the  positions  shown  by  solid  lines.  In 
(b),  a  5.76  deg  rotation  has  turned  one  of  the  unextended  lines  into 
an  invariant  line.  In  (c)  and  ( d ),  the  same  transformations  are  illus¬ 
trated  as  vector  fields,  showing  the  magnitude  and  direction  of  dis¬ 
placements.  In  (d),  the  displacements  vanish  along  the  invariant  line, 
and  all  displacement  vectors  have  become  parallel  to  each  other. 


Fig.  2 — Behavior  of  eigenvectors  for  the  example  transformation  as 
a  function  of  orientation  relationship  (rotation  angle  a).  With  increas¬ 
ing  rotation,  the  eigenvectors  approach  each  other  in  angle  as  the 
eigenvalues  approach  each  other  in  magnitude.  No  real  eigenvalues 
exist  beyond  a  -  5.797  deg. 
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them.  Figures  2  through  6  show  different  features  for  the 
same  sequence  of  orientation  relationships  described  by 
rotation  angles  a  =  0,  3,  5.76,  5.797 ,  and  8  deg.  This 
parallel  presentation  simplifies  a  direct  comparison  be¬ 
tween  different  figures  illustrating  the  three  criteria. 

B .  Effect  of  Orientation  Relationship  on  Eigenvectors 
of  the  Transformation 

Because  the  eigenvectors  and  eigenvalues  of  the  ma¬ 
trix  A  =  RB  have  a  strong  bearing  on  the  optimum 
shape,  it  is  useful  to  illustrate  briefly  their  behavior  as 
a  function  of  orientation  relationship.  Figure  2  shows 
this  behavior  for  the  five  different  rotation  angles  a, 
using  the  strain  ellipse  for  representation.  For  a  =  0  deg, 
the  eigenvectors  are  the  principal  axes,  enclosing  an 
angle  of  90  deg.  With  increasing  lattice  rotation,  the 
eigenvectors  approach  each  other  in  direction  as  the 
eigenvalues  approach  each  other  in  magnitude.  For 
a  =  3  deg,  the  eigenvalues  are  1.10  and  0.93,  while  the 
eigenvectors  enclose  an  angle  of  59  deg.  For 
a  =  5.76  deg,  the  eigenvalues  are  1.0  (invariant  line) 
and  ab  =  1.02,  and  the  eigenvectors  enclose  an  angle 


Fig.  3  —  Behavior  of  displacement  fields  for  the  same  cases  illustrated 
in  Fig.  2.  The  inscribed  elliptical  shapes  are  surfaces  of  constant  mag¬ 
nitude  of  the  displacement  vector;  i.e.,  their  dimensions  are  inverse 
to  the  size  of  the  displacement.  As  the  orientation  relationship 
approaches  5.76  deg,  the  aspect  ratio  increases,  and  the  major  axis 
approaches  the  invariant-line  direction. 


of  6  deg.  For  a  =  5.797  deg,  the  eigenvalues  are  equal, 
with  Vab  =  1.01,  and  the  eigenvectors  are  parallel  to 
each  other,  enclosing  an  angle  of  6  =  tan-1  \fajb  = 
47.9  deg  with  the  x-axis.  Any  further  lattice  rotation 
leads  to  the  loss  of  real  eigenvalues,  and  no  directions 
remain  unrotated.  These  different  cases  are  illustrated  in 
Figures  2(a)  through  (e).  Notice  how  a  small  lattice  ro¬ 
tation  a  can  have  a  large  effect  on  the  orientation  of  the 
eigenvectors.  For  example,  between  Figures  2(c)  and 
(d),  the  lattice  rotation  differs  by  only  0.03  deg,  causing 
the  eigenvectors  to  rotate  toward  each  other  by  about 
3  deg  each.  This  magnification  is  related  to  the  moire 
effect  and  is  of  practical  importance  for  the  crystallo¬ 
graphic  analysis.  To  distinguish  the  cases  in  Figures  2(c) 
and  (d)  experimentally  by  their  orientation  relationships 
requires  an  accuracy  on  the  order  of  0.01  deg,  whereas 
to  distinguish  the  two  cases  by  their  eigenvectors,  an  ac¬ 
curacy  of  1  deg  is  sufficient. 

Figure  3  illustrates  the  displacement  fields  for  the 
same  transformation  and  orientation  relationships  as 
Figure  2.  Unextended  lines  are  radius  vectors  pointing 
to  tangential  displacements,  whereas  unrotated  lines 
(eigenvectors)  are  radius  vectors  pointing  to  radial  dis¬ 
placements.  The  eigenvectors  shown  schematically  in 
Figure  2  can  be  verified  by  inspection  in  Figure  3 .  It  can 
also  be  seen  from  Figure  3(e)  that  with  an  8  deg  rotation, 
the  transformation  has  no  eigenvectors  because  all  di¬ 
rections  suffer  some  tangential  displacement  (a  net  ro¬ 
tation).  For  the  special  case  of  an  invariant-line  strain 
(Figure  3(c)),  the  displacement  vectors  are  aligned  in  a 
single  direction  parallel  to  the  eigenvector  e2,  while  the 
invariant  line  is  parallel  to  e1;.  The  angle  between  these 
two  directions  reflects  the  volume  change  of  the  trans¬ 
formation.  Because  the  volume  change  for  this  example 
is  small  (det  B  =  ab  =  1.02),  the  angle  between  e,  and 


Fig.  4 — Precipitate  shapes  bounded  by  eigenvectors  of  the  transfor¬ 
mation  with  aspect  ratios  given  by  the  eigenstrains.  The  eigenvectors 
are  those  in  Fig.  2.  At  5.76  deg  rotation,  there  are  two  eigenvectors 
and  hence  two  corresponding  facets,  but  the  aspect  ratio  is  infinite. 
At  5.797  deg  rotation,  there  is  only  one  degenerate  eigenvector,  and 
the  shape  is  indeterminate.  At  8  deg  rotation,  no  eigenshape  exists, 
because  there  are  no  real  eigenvalues. 
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Fig.  5  —  Precipitate  shapes  bounded  by  dislocation  loops  with 
Burgers  vectors  b, ,  b2  parallel  to  the  coordinate  axes,  illustrated  for 
the  same  cases  as  shown  in  Figs.  1  through  4.  As  the  lattice  rotation 
approaches  5.76  deg,  the  loop  arrays  rotate  toward  each  other  and 
become  parallel  to  the  invariant  line  (c),  and  the  aspect  ratio  increases, 
as  seen  for  the  other  two  criteria. 


approaches  5.76  deg,  the  behavior  is  similar  to  that  shown  in  Fig.  5, 
but  the  dislocation  spacing  is  different.  At  a  given  orientation  rela¬ 
tionship,  aspect  ratios  and  shape  alignments  are  similar  in  Figs.  3 
through  6. 


e2  is  small,  and  the  transformation  in  Figure  3(c)  is  close 
to  a  simple  shear. 

C.  Inverse  Strain  Shape 

The  most  elementary  principle  governing  precipitate 
shapes  is  the  postulate  that  their  dimensions  tend  to  be 
inverse  to  the  magnitude  of  the  transformation  strain.19121 
Thus,  inclusions  tend  to  be  long  in  directions  of  small 
strain  and  short  in  directions  of  large  strain.  (Conversely 
stated,  the  transformation  strain  tends  to  be  small  in  di¬ 
rections  of  large  extent.  We  assume  here  a  linear  inverse 
relationship  to  help  illustrate  the  principle,  even  though 
the  actual  form  of  the  dependence  will  be  more  complex 
and  has,  in  fact,  not  been  established  for  a  general  in¬ 
clusion.)  Thus,  a  precipitate  that  has  formed  by  a  trans¬ 
formation  A,  for  example,  the  Bain  distortion 


where  a  and  c  are  the  principal  deformations,  would  be 
expected  to  have  a  shape  with  aspect  ratio  |l  -  c\/ 


|l  -  a\.  According  to  this  principle,  the  shape  would  be 
an  ellipsoid,  given  by  the  condition  that  the  magnitude 
of  the  displacement  be  constant: 

|s|  =  |(A  -  I)r|  =  const  [4] 

The  corresponding  elliptical  shapes  derived  from 
Eq.  [4]  for  the  example  under  consideration  are  inscribed 
in  Figure  3,  where  it  can  be  seen  that  on  each  ellipse, 
the  length  of  displacement  vectors  remains  constant.  No¬ 
tice  how  the  aspect  ratio  increases  and  the  long  axis  ro¬ 
tates  toward  the  invariant  line  as  the  orientation 
relationship  deviates  from  0  deg.  Even  the  small  3  deg 
change  in  lattice  orientation  between  Figures  3(a)  and  (b) 
changes  the  orientation  of  the  inclusion  by  about  35  deg 
and  increases  its  aspect  ratio  by  70  pet.  At  the  invariant¬ 
line  orientation  in  Figure  3(c),  the  aspect  ratio  tends  to 
become  infinite  and  the  displacement  vectors  parallel  to 
each  other.  At  a  lattice  rotation  of  8  deg,  the  optimum 
shape  is  again  a  finite  ellipse  with  its  major  axis  near 
the  invariant-line  direction.  However,  the  displacement 
field  has  a  net  rotation  component,  and  even  the  long 
axis  of  the  inclusion  undergoes  a  rotation. 

D.  Eigenplane  Shape 

An  alternative  suggestion  for  the  optimum  shape  is 
based  on  the  postulate  that  one  plane  and  one  direction 
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within  that  plane  remain  unrotated.  Ryder  and  Pitsch 
used  this  criterion  to  predict  orientation  regions  for  grain 
boundary  precipitates.171  Luo  and  Weatherly  subse¬ 
quently  extended  this  to  include  more  than  one  plane, 
implying  that  inclusions  tend  to  exhibit  facets  that  are 
defined  by  unrotated  directions  (eigenvectors)  of  the 
transformation.1131  Thus,  it  may  be  postulated  that  inclu¬ 
sions  tend  to  be  faceted  on  unrotated  planes  (eigen- 
planes)  of  the  transformation,  where  each  eigenplane  is 
defined  by  two  eigenvectors  (if,  in  fact,  the  transfor¬ 
mation  is  one  that  has  three  real  eigenvectors).  The 
shape  predicted  on  that  criterion  will  be  a  parallelepiped 
with  edges  parallel  to  the  eigenvectors  and,  hence,  faces 
parallel  to  the  eigenplanes.  Its  aspect  ratio  would  tend 
to  be  inverse  to  the  magnitude  of  the  eigenstrains. 

For  the  case  of  the  example  considered  here,  the  cor¬ 
responding  shapes  are  illustrated  in  Figure  4.  The  rect¬ 
angle  shown  in  Figure  4(a)  has  edges  along  the  principal 
axes.  The  aspect  ratio  inverse  to  the  eigenstrains  be¬ 
comes  0.12/0.09  =  1.3.  The  eigenplane  shapes  for  the 
other  orientation  relationships  can  be  derived  similarly 
from  the  eigenvectors  shown  in  Figure  2,  with  the  aspect 
ratios  given  by  the  corresponding  eigenstrains.  This 
principle  does  not  predict  a  shape  for  the  case  of  8  deg 
rotation  because  no  eigenvectors  exist. 

E.  Dislocation  Loop  Shape 

A  third  proposal  for  the  optimum  shape  of  inclusions 
is  embodied  in  Bilby’s  theory  of  surface  dislocations1141 
and  Bollmann’s  O-lattice  theory,1151  which  tries  to  find 
a  network  of  dislocations  that  accommodates  a  transfor¬ 
mation  strain  at  the  interface  between  two  crystalline  re¬ 
gions.  An  optimum  interface  is  one  that  lies  parallel  to 
planes  of  the  O-lattice  cell.  An  inclusion  that  undergoes 
a  transformation  A  can  be  accommodated  by  a  network 
of  three  dislocations  with  noncoplanar  Burgers  vectors 
whose  combined  effect  is  the  deformation  A-1  which  ex¬ 
actly  cancels  the  transformation  A.  Because  dislocations 
cannot  end  in  a  crystal,  they  must  form  closed  loops 
around  the  inclusion.  Forwood  and  Clarebrough  have 
shown  that  in  the  O-lattice  formalism,  these  dislocations 
form  regularly  spaced  planar  loops.1161  Each  array  of 
planar  loops  can  be  described  as  an  invariant  plane 
strain1121  given  by  the  outer  product  b  *  n,  where  b  is 
the  Burgers  vector  and  n  the  loop  plane  normal.  The 
deformation  resulting  from  the  three  sets  of  dislocation 
loops  enveloping  the  inclusion  is  thus 

A  1  =  I  -  bj  *  n,  -  b2  *  n2  -  b3  *  n3  [5] 

For  a  given  set  of  noncoplanar  Burgers  vectors  b,,  the 
corresponding  loop  plane  normals  n,  are  found  as1171 

n,  =  (I  -  A-’fbf  [6] 

where 

b2  x  b3 

bf  = -  [7] 

(b2  x  b3)  ■  b, 

The  loop  plane  normals  n2  and  n3  are  obtained  by  per¬ 
mutation  of  the  indices.  The  spacing  between  loops  in 
the  z'th  array  is1181 

d ,  =  7“7  [8] 


If  the  optimum  shape  is  one  bounded  by  dislocation 
loop  planes  (equivalent  to  O-lattice  planes),  then  a  par¬ 
allelepiped  will  be  predicted,  or,  for  the  two- 
dimensional  case,  a  parallelogram.  It  is  interesting  to 
note  that  the  loop  plane  iij  in  Eq.  [6]  is  independent  of 
the  Burgers  vector  bj  to  ensure  that  the  three  sets  of  dis¬ 
location  loops  are  independent.  The  aspect  ratio  of  each 
shape  is  assumed  to  be  proportional  to  the  ratio  of  the 
loop  spacings.  Figures  5  and  6  illustrate  this  for  the  cases 
considered  in  this  section,  assuming  two  alternative  sets 
of  dislocation  Burgers  vectors.  (For  the  two-dimensional 
case,  bf  in  Eq.  [7]  is  given  by  bf  =  bf/(bf  •  b]),  with 
bf  •  b2  =  0.)  Figure  5  shows  the  predicted  shapes  for  the 
different  orientation  relationships  considered  in  this  sec¬ 
tion,  assuming  dislocations  with  Burgers  vectors  b],  b2 
along  the  principal  axes.  As  the  lattice  rotation  a  in¬ 
creases,  the  aspect  ratio  increases,  and  the  loop  planes 
approach  each  other.  At  the  invariant-line  orientation, 
the  two  sets  of  loops  are  exactly  parallel  to  each  other 
and  to  the  invariant  line.  However,  the  loop  plane  spac¬ 
ings  d{  and  d2  are  slightly  different.  Notice  that  dislo¬ 
cation  loops  are  predicted,  even  though  the  displacement 
is  not  parallel  to  a  lattice  translation  anywhere.  How¬ 
ever,  the  combination  of  the  two  sets  of  dislocations  pre¬ 
cisely  cancels  the  displacement  field.  The  aspect  ratio  is 
infinite  since  the  two  sets  of  dislocation  loops  do  not 
intersect. 

At  5.79  deg  rotation,  both  sets  of  dislocation  loops 
deviate  by  about  0.2  deg  from  the  invariant-line  direc¬ 
tion,  thus  enclosing  an  angle  of  0.4  deg.  At  8  deg  lattice 
rotation,  this  angle  has  increased  to  17  deg,  producing 
a  shape  and  orientation  very  similar  to  that  for  a  =  3  deg 
but  with  the  two  sets  of  dislocations  interchanged. 

Figure  6  shows  the  same  case  for  a  different  pair  of 
Burgers  vectors  b3,  b4  of  the  accommodating  disloca¬ 
tions.  The  effect  of  changing  Burgers  vectors  on  the 
shape  is  most  noticeable  for  small  lattice  rotations  and 
disappears  for  the  invariant-line  orientation.  However, 
even  though  at  5.76  deg  rotation  the  loop  planes  are 
again  both  parallel  to  the  invariant  line,  their  spacings 
are  now  vastly  different  because  b3  is  nearly  parallel  to 
the  direction  of  the  strain  (Figure  3(c))  and  b4  nearly 
perpendicular.  Most  dislocation  loops  will  therefore  be 
of  the  b3  type,  shown  as  solid  lines.  The  dislocation 
spacings  for  the  two  arrays  are  in  the  ratio  of  about 
1:300. 

In  comparing  the  overall  shapes,  /.<?.,  the  aspect  ratio 
and  alignment  of  the  long  axis,  it  is  found  that  for  the 
same  orientation  relationship,  the  predicted  shapes  are 
quite  similar  for  all  three  criteria.  This  can  be  seen,  for 
example,  by  comparing  the  shapes  for  the  3  deg  angle 
of  rotation  in  Figures  3  through  6.  Although  the  facets 
are  very  different,  the  long  precipitate  axis  always  lies 
near  the  invariant  line,  and  the  aspect  ratio  is  near  3:1. 
This  is  particularly  apparent  for  the  invariant-line  ori¬ 
entation,  where  all  three  criteria  and  both  sets  of  Burgers 
vectors  predict  an  inclusion  shape  that  is  infinitely  elon¬ 
gated  along  the  irrational  invariant-line  direction. 

F.  The  Three-Dimensional  Case 

Although,  for  simplicity,  the  three  principles  dis¬ 
cussed  in  Sections  C  through  E  were  illustrated  with 
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two-dimensional  schematics,  they  are  equally  valid  for 
the  three-dimensional  case  and  can  be  transferred 
directly. 

The  first  principle  of  a  shape  that  tends  to  be  inverse 
to  the  magnitude  of  the  strain  predicts  an  ellipsoid  for 
the  three-dimensional  case,  with  major  axes  given  by  the 
principal  strains. 

The  second  principle  of  a  shape  bounded  by  eigen- 
planes  applies  only  if  three  real  eigenvalues  exist,  a  con¬ 
dition  that  is  met  only  by  a  limited  range  of  orientation 
relationships.  For  the  case  illustrated  above,  this  range 
is  5.797  deg.  Any  further  lattice  rotation  eliminates  the 
eigenvectors  and  leads  to  imaginary  eigenvalues.  For  the 
Bain  correspondence  between  face-centered  cubic  (fee) 
and  body-centered  cubic  (bcc)  lattices,  this  range  is 
about  11  deg.m  In  fact,  the  condition  of  Ryder  and 
Pitsch17]  (one  unrotated  plane  and  an  unrotated  direction 
in  that  plane)  requires  that  there  be  three  real 
eigenvalues. 

The  third  principle  of  dislocation  loop  planes  bound¬ 
ing  the  optimum  shape  is  also  directly  applicable  to  three 
dimensions,  using  the  procedure  given  in  Eqs.  [5] 
through  [7].  The  inclusion  will  be  enveloped  by  three 
arrays  of  planar  dislocation  loops  whose  planes  will  de¬ 
pend  on  the  triplet  of  (noncoplanar)  Burgers  vectors  b,, 
b2,  b3.  The  shape  defined  by  the  loop  planes  is  a 
parallelepiped. 

Thus,  all  principles  outlined  in  this  Section  will  predict 
three-dimensional  precipitate  shapes  for  any  given  ori¬ 
entation  relationship.  Some  of  the  underlying  differences 
were  illustrated  by  showing  predicted  shapes  for  several 
different  orientation  relationships.  However,  as  men¬ 
tioned  in  Section  I,  many  precipitation  systems  are  ac¬ 
tually  observed  to  exhibit  needle-  or  lath-shaped 
precipitates  along  invariant-line  directions.  This  is  there¬ 
fore  the  most  important  orientation  relationship  to 
consider. 

As  seen  in  Figures  2  through  6,  the  aspect  ratio  tends 
to  infinity  as  the  orientation  approaches  the  critical 
value,  predicting  a  needle-shaped  precipitate  regardless 
of  the  criterion  used.  However,  for  a  three-dimensional 
inclusion,  the  cross-sectional  shapes,  normal  to  the 
needle  axis,  will  be  different.  The  first  principle  predicts 
an  elliptical  cross  section,  while  the  second  criterion  de¬ 
mands  a  parallelogram  given  by  the  projection  of  the 
eigenvectors  e2  and  e3  along  the  direction  e!  of  the  in¬ 
variant  line. 

For  the  third  principle,  there  will  be  three  sets  of  dis¬ 
location  loops,  with  the  invariant  line  as  the  common 
zone  axis.  Thus,  all  dislocations  are  parallel  to  the 
needle  axis.  However,  they  generally  have  three  differ¬ 
ent  Burgers  vectors,  and  they  lie  on  different  loop 
planes.  According  to  the  third  principle,  precipitate  cross 
sections  normal  to  the  invariant-line  direction  can  there¬ 
fore  have  three  distinct  facets,  one  for  each  loop  plane 
in  this  zone,  leading  to  an  unusual  cross-sectional  shape 
bounded  by  three,  rather  than  only  two,  separate  facets. 
The  three  independent  arrays  of  dislocation  loops  which 
together  exactly  cancel  the  transformation  A  rotate  to¬ 
ward  a  common  zone  as  the  invariant-line  orientation  is 
approached. 

Equation  [6]  shows  that  at  the  critical  orientation,  all 


loop  planes  lie  in  the  zone  of  the  invariant  line,  regard¬ 
less  of  their  Burgers  vectors.  Only  the  individual  array 
spacings  will  depend  on  the  operating  triplet  of  Burgers 
vectors.  This  behavior  is  seen  in  Figures  5  and  6,  where 
the  two  dislocation  arrays  rotate  toward  each  other  and 
become  parallel  to  the  invariant  line  at  the  critical  lattice 
rotation  of  5.76  deg.  In  the  three-dimensional  case,  this 
process  may  be  thought  of  as  an  infinite  elongation  of 
the  parallelepiped  (defined  by  the  three  dislocation  loop 
planes  in  Eq.  [6])  along  its  body  diagonal,  until  all  three 
faces  lie  in  the  common  zone  of  the  body  diagonal  which 
has  become  parallel  to  the  invariant  line.  For  different 
dislocation  Burgers  vectors,  the  shape  is  identical,  but 
the  array  spacings  are  different.  Of  the  two  Burgers  vec¬ 
tors  in  Figure  6,  one  is  almost  exactly  aligned  with  the 
single  direction  of  the  displacement  (Figure  3).  The 
dominant  dislocation  loop  array  has  this  Burgers  vector 
and  almost  perfect  shear  loop  character.  The  second 
array  has  a  spacing  that  is  almost  300  times  as  large, 
and  has  near-edge  loop  character. 

It  should  be  noticed  that  the  three  sets  of  dislocation 
loops  exactly  cancel  the  transformation  strain,  even  if 
none  of  the  displacements  of  the  transformation  are 
aligned  with  a  Burgers  vector.  For  example,  to  accom¬ 
modate  an  invariant  plane  strain  with  irrational  plane  and 
direction  of  displacement,  three  arrays  of  loops  parallel 
to  the  irrational  invariant  plane  are  added  in  the  right 
proportion  to  produce  the  irrational  direction  of  displace¬ 
ment  from  the  sum  of  three  rational  Burgers  vectors. 

G.  Implications  for  Experimental  Studies 

Experimental  investigation  of  precipitate  shapes,  ori¬ 
entation  relationships,  and  interface  structure  is  partic¬ 
ularly  difficult  for  invariant-line  precipitates.  As 
illustrated  in  Section  B,  a  very  small  change  in  orien¬ 
tation  relationship  can  make  a  very  large  difference  in 
the  crystallography.  For  example,  a  rotation  of  0.03  deg 
makes  the  difference  between  an  invariant-line  strain  and 
a  transformation  with  degenerate  eigenvectors.  This  sen¬ 
sitivity  is  highest  near  the  invariant-line  condition.  Since 
the  orientation  relationship  cannot  be  determined  with  an 
experimental  accuracy  of  0.03  deg,  it  is  not  possible  to 
rule  out  either  case  from  diffraction  measurements.  On 
the  other  hand,  the  invariant-line  direction  varies  rapidly 
with  a  very  small  change  in  orientation  relationship.  For 
large  aspect-ratio  precipitates,  the  corresponding  change 
in  needle  axis  can  be  measured  with  sufficient  accuracy 
to  distinguish  between  different  cases. 

Similarly,  an  experimental  determination  of  the  dis¬ 
location  Burgers  vectors  is  extremely  difficult  because 
the  loops  are  often  closely  spaced  and  have  small  aniso¬ 
tropic  strain  fields.  In  addition,  an  image  matching  anal¬ 
ysis  applied  to  fee /bcc  interfaces  in  Cu-Fe  alloys  has 
shown  that  the  Burgers  vectors  of  interfacial  dislocations 
are  not  lattice  vectors,  as  commonly  assumed,  but  vec¬ 
tors  of  the  displacement  shift  complete  lattice. [16) 

Although,  for  the  three-dimensional  case,  the  loops  all 
lie  in  the  zone  of  the  invariant  line,  different  loop  planes 
will  be  predicted  for  different  sets  of  Burgers  vectors.  It 
is  thus  important  to  measure  cross-sectional  shapes  care¬ 
fully  when  making  comparisons  between  observed  and 
predicted  morphologies.  In  Cu-Cr  alloys,  three  planar 
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facets  were  found  to  characterize  the  cross-sectional 
shape  of  bcc  Cr  laths  in  an  fee  Cu-rich  matrix.1191  These 
facets  corresponded  to  a  triplet  of  Burgers  vectors  in 
three  close-packed  {111 }Cu  planes,  in  agreement  with  the 
predictions  of  the  third  principle.  Two  of  these  facets 
were  also  parallel  to  eigenplanes  of  the  transformation, 
as  demanded  by  the  second  shape  criterion. 

H.  Orientation  Relationship 

Finally,  it  should  be  noted  that  for  the  three- 
dimensional  case,  the  orientation  relationship  is  not 
uniquely  determined  by  the  invariant-line  criterion,  even 
if  its  location  on  the  cone  of  unextended  lines  is  known. 
Experimentally,  it  is  found  that  the  invariant  line  lies  at 
the  intersection  of  a  close-packed  plane  with  the  cone  of 
unextended  lines  and  that  the  corresponding  close- 
packed  planes  remain  parallel. [1319’20,211  This  is  unlike  the 
case  of  martensite  crystallography,  where  usually  no  ra¬ 
tional  elements  remain  parallel.  It  has  been  suggested 
that  this  preference  for  a  parallel  set  of  low-index  ra¬ 
tional  lattice  planes  serves  to  maximize  coincidence  in 
an  interface.1121  Thus,  the  observed  crystallography  is 
usually  one  in  which  a  set  of  corresponding  low-index 
planes  are  parallel  to  each  other  and  twisted  to  contain 
an  invariant  line. 

This  preference  is  the  reason  for  the  choice  of  trans¬ 
formation  strains  used  in  Figures  1  through  6.  The  prin¬ 
cipal  strains  are  those  characteristic  for  Cu-Cr  in  the 
Nishiyama-Wassermann  orientation  relationship.  The 
rotation  necessary  to  produce  an  invariant  line  with  par¬ 
allel  close-packed  planes  is  5.76  deg,  0.5  deg  beyond 
that  necessary  for  the  Kurdjumov-Sachs  orientation  re¬ 
lationship.  This  has  recently  been  confirmed  experimen¬ 
tally  and  correlated  with  careful  observations  on  the 
precipitate  morphology.1191 

III.  SUMMARY 

The  link  between  orientation  relationship  and  opti¬ 
mum  shape  of  a  solid  inclusion  is  investigated  and  il¬ 
lustrated  schematically.  Three  alternative  criteria  for  the 
optimum  shape  of  precipitates  are  presented  and  com¬ 
pared:  the  principle  that  precipitate  dimensions  tend  to 
be  inverse  to  the  magnitude  of  the  transformation  strain; 
the  postulate  that  precipitates  are  bounded  by  unrotated 
planes  (eigenplanes);  and  the  proposal  that  interfaces  are 
parallel  to  the  planes  of  three  independent  dislocation 
loop  arrays  necessary  to  accommodate  the  transforma¬ 
tion  strain  completely.  The  results  of  this  investigation 
are  as  follows. 

(1)  It  is  shown  that,  although  the  degree  of  faceting  and 
type  of  facets  differ,  all  three  criteria  predict  broadly 
similar  shapes.  Near  an  invariant-line  orientation  rela¬ 
tionship,  the  difference  between  the  three  criteria  is 
minimized. 

(2)  Small  changes  in  orientation  relationship  can  lead  to 
large  changes  in  optimum  shape  and  orientation  of  an 
inclusion. 

(3)  Many  precipitates  prefer  an  invariant-line  orientation 


relationship  and  take  the  shape  of  a  needle  or  a  lath, 
aligned  along  the  invariant  line.  The  direction  of  an  in¬ 
variant  line  and  the  corresponding  orientation  relation¬ 
ship  depend  on  the  lattice  parameters  and  are  usually 
irrational.  The  orientation  relationship  usually  maintains 
a  pair  of  parallel  low-index  planes  which  contain  an  in¬ 
variant  line. 

(4)  The  cross-sectional  shape  predicted  for  invariant¬ 
line  precipitates  is  an  ellipse  for  the  first  criterion,  a  par¬ 
allelogram  for  the  second  criterion,  and  bounded  by 
three  planar  facets  for  the  third  criterion. 
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The  Invariant  Line  and  Precipitate 
Morphology  in  Fcc-Bcc  Systems 


G.C.  WEATHERLY  and  W.-Z.  ZHANG 

Second-phase  precipitates  in  many  face-centered  cubic-body-centered  cubic  (fcc-bcc)  systems 
( e.g .,  Ni-Cr,  Cu-Cr,  Fe-Cu,  and  a- y  stainless  steels)  have  a  lath-shaped  morphology,  the  long 
axis  of  the  lath  being  an  invariant  line  of  the  transformation.  The  invariant  line  direction  and 
major  (habit)  facet  plane  of  the  product  phase  can  be  predicted  by  O-lattice  (O-line)  models. 
For  N-W-  and  AAS-oriented  precipitates,  the  habit  plane  is  shown  to  be  an  unrotated  plane  of 
the  transformation.  This  contains  a  single  set  of  dislocations  lying  parallel  to  the  invariant  line, 
with  their  Burgers  vector  in  the  habit  plane.  Structural  ledge  models  for  the  habit-plane  interface 
also  are  considered.  For  the  range  of  lattice  parameter  ratios  of  interest  in  this  study,  structural 
ledge  and  O-line  models  can  make  almost  identical  predictions  as  to  the  optimum  habit  plane. 
A  variety  of  elasticity  calculations  for  the  energy  of  fully  constrained  or  fully  relaxed  precipitates 
is  presented.  These  models  are  shown  to  have  limited  predictive  capabilities.  It  is  suggested 
that  better  atomic  matching  along  or  near  to  the  invariant  line  direction  might  explain  the  pref¬ 
erence  for  A'-.S-related  precipitates  in  many  systems. 


I.  INTRODUCTION 

ALTHOUGH  the  importance  of  the  invariant  line  in 
martensite  transformations  was  first  appreciated  some 
forty  years  ago,11,21  its  role  in  diffusion-controlled  phase 
transformations  involving  close-packed  [hexagonal 
close-packed  (hep)  or  face-centered  cubic  (fee)]  and 
body-centered  cubic  (bcc)  parent  and  product  phases  was 
only  recognized  thirty  years  later. 13,4,51  With  hindsight, 
this  is  somewhat  surprising,  as  it  now  is  clear  that  both 
types  of  transformation  can  share  a  common  lattice  cor¬ 
respondence  (the  Bain  strain,  B)  and  a  similar  or  iden¬ 
tical  rigid  body  rotation,  R,  with  the  invariant  line  x 
given  by 

x  =  Ax  [1] 

where  A  =  RB.  However,  the  two  types  of  transfor¬ 
mation  differ  in  two  important  respects.  The  correspon¬ 
dence  of  lattice  sites  in  a  martensitic  transformation  must 
involve  a  correspondence  of  atom  positions;  i.e.,  each 
atom  in  the  parent  phase  is  predestined  to  move  to  a 
unique  site  in  the  product  phase  as  the  transformation 
front  passes.  In  a  diffusion-controlled  transformation, 
this  clearly  will  not  be  the  case.  The  second  difference 
lies  in  the  role  of  the  lattice  invariant  shear.  This  shear 
is  an  integral  part  of  nearly  all  martensitic  transforma¬ 
tions  and  leads  to  an  invariant  plane  strain  shape  change 
for  the  product  phase.  Although  there  may  be  a  lattice 
invariant  shear  in  some  diffusional  phase  transforma¬ 
tions,151  there  is  no  strong  evidence  for  one  in  any  of  the 
systems  of  interest  here,  viz.,  Cu-Cr,16,7,81  Ni-Cr,191 
Fe-Cu,110,111  and  two-phase  a- y  stainless  steels.112,13,141  In 
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the  analysis  which  follows,  we  will  assume  that  the  ma¬ 
trix  A  in  Eq.  [1]  is  fully  described  by  B  and  one  (or 
more)  rigid  body  rotations  R. 

Each  of  the  four  systems,  Cu-Cr,  Ni-Cr,  Fe-Cu,  and 
ot-y  stainless  steel,  has  a  lattice  parameter  ratio  ( af/ab ) 
close  to  1.25,  the  value  for  pure  Fe.  They  also  share  a 
number  of  common  crystallographic  and  morphological 
features. 

(a)  The  product  phase  has  a  lath-shaped  morphology. 
The  long  direction  of  the  lath  is  the  invariant  line  (x  in 
Eq.  [1]),  and  the  lath  is  bounded  by  two  or  more  well- 
developed  facet  planes. 

(b)  The  orientation  relationship  is  close  to  either 
Nishiyama-Wasserman1151  or  Kurdjumov-Sachs.1161  In 
some  systems  {e.g.,  Ni-Cr, [9])  the  precipitates  have  a 
unique  orientation  relationship,  while  in  others  (e.g., 
Cu-Cr16,7,81  and  a-y  stainless  steels,112,13,141),  a  range  of 
orientation  relationships  has  been  reported. 

(c)  For  /f-S-related  precipitates,  the  invariant  line  x  is 
always  close  to  the  common  close-packed  direction  in 
the  two  phases  ((ill)*  or  (lTO)^).  If  the  orientation  re¬ 
lationship  varies  in  a  system,  each  particle  grows  along 
a  unique  direction  which  can  be  predicted  from  Eq.  [1] 
once  R  has  been  determined  from  experimental  data. 

(d)  All  sets  of  misfit  dislocations  or  ledges  observed  at 
the  facet  planes  lie  parallel  to  the  invariant  line.18,13,171 

Given  this  wealth  of  experimental  information,  one 
would  anticipate  that  rapid  progress  might  have  been 
made  in  understanding  the  factors  which  control  the  se¬ 
lection  of  x  and  the  development  of  facets  bounding  the 
precipitate.  This  is  not  the  case.  Although  several  dif¬ 
ferent  hypotheses  have  been  advanced,  based  on  elastic 
strain  energy  minimization,13,11,18,19,201  O-lattice 
models,18,9,21,221  or  structural  ledge  models,16,23,24,251  none 
of  them  is  able  to  account  for  all  of  the  experimental 
observations.  Each  of  these  models  is  considered  below. 
Our  discussion  is  restricted  to  transformations  in  fcc-bcc 
systems  with  a  ratio  af/ab  —1.25  ( af  and  ah  are  the  lat¬ 
tice  parameters  of  the  fee  and  bcc  phases,  respectively). 
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II.  ELASTIC  STRAIN  ENERGY  MODELS 


The  starting  point  for  any  discussion  of  the  elastic 
strain  energy  of  the  transformation  product  is  the  Bain 
strain  ( B )  given  by 


B  = 


m 

0 

0 


0 

Vi 

0 


0 

0 

1?2 


[2] 


with  tj  i  =  \fl  j]2  and  r/2  =  ab/af,  referred  to  axes  [110], 
[110],  and  [001]  in  the  fee  lattice.  If  17,  >  1  and  17,  <  1, 
the  minimum  elastic  strain  energy  of  a  fully  constrained 
particle  corresponds  to  a  plate-shaped  product  in  a  state 
of  uniaxial  stress15  261  with  the  habit  plane  inclined  at  an 
angle 


An  arbitrary  unit  vector  1  lying  in  the  interface  can  be 
expressed  as 

1  =  cos  y\m  +  sin  yv,  [6] 

with  V/,  a  unit  vector  parallel  to  the  invariant  line,  given 

by  Kato1201  as 


while  v,„  is  perpendicular  to  v,  (Figure  1). 

The  displacement  of  the  unit  vector  1  after  the  trans¬ 
formation  is 

b  =  1  -  A1  =  cos  y(I  -  A)\m  [8] 


9  =  tan 


1  +  v 
rj  +  \  +  v 


[3] 


to  [001],  where  v  is  Poisson’s  ratio  and  rj  =  rj2  - 
Tji/l  +  17,. 

Equation  [3]  has  been  used  successfully  to  predict  the 
habit  plane  of  plate-shaped  precipitates  in  a  number  of 
different  alloy  systems15’261  where  the  strains  are  rela¬ 
tively  small,  but  this  approach  does  not  explain  any  of 
the  observations  in  systems  with  af/ab  ~  1.25. 

Most  authors  have  concentrated  instead  on  the  role  of 
the  invariant  line  and  followed  the  approach  first  sug¬ 
gested  by  Dahmen.131  It  is  tacitly  or  explicitly  assumed 
that  the  rotation  to  an  invariant  line  position  leads  to  a 
reduction  in  the  elastic  strain  energy  of  the  product 
phase.  However,  as  the  following  simple  example 
shows,  if  the  rotation  is  in  the  plane  of  a  plate-shaped 
particle,  one  must  be  very  careful  in  reaching  such  a 
conclusion.  Consider  a  particle  in  the  N-W  orientation 
relationship.  This  position  can  be  obtained  by  rotating 
9.74  deg  about  [110]/  from  the  Bain  relationship  given 
in  Eq.  [2].  After  transformation  to  a  new  set  of  axes 
defined  by  [lT2]/,  [110]/,  and  [111]/  in  the  fee  lattice, 
the  transformation  matrix  becomes 


B'  = 


1  +  Bi 
0 


731 


0 

1  +  s2 

0 


0 

0 

1  +  e3 


[4] 


For  the  systems  of  interest  here,  the  strains  e,  <  0  and 
e2  >  0;  an  invariant  line  can  be  found  by  rotating  about 
the  normal  to  the  common  close-packed  plane,  (111)/ 
and  (101)*.  This  is  the  procedure  adopted  by  Dahmen131 
and  followed  by  Fuji  et  al.  ,[11]  Kato  and  Mishima,1191  and 
Kato. 1201  If  the  product  of  the  transformation  is  a  thin 
plate  lying  on  the  close-packed  plane  (or  is  an  epitaxial 
thin  film  deposited  on  a  (111)/  substrate),  the  elasticity 
problem  reduces  to  one  of  plane  stress,  as  the  compo¬ 
nents  £3  or  y31  do  not  contribute  to  the  strain  energy  in 
this  case.  If  nl  =  1  +  £1  and  n2  =  1  +  e2,  the  two- 
dimensional  (2-D)  invariant  line  transformation  becomes 


cos  9 
-sin  9 


sin  6 
cos  9 


77,  0 

0  n2 

[5] 


where  cos  6  =  (1  +  nln2)/{n{  +  n2)  (Dahmen131). 


The  displacement  of  1  is  parallel  to  (/  —  A)\m,  and  the 
maximum  displacement  occurs  when  y  =  0;  i.e.,  I  is 
parallel  to  v,„.  If  the  maximum  value  of  b  (bmax)  is  ex¬ 
pressed  relative  to  a  set  of  axes  lying  along  the  normal 
to  and  parallel  to  the  invariant  line  respectively,  then  its 
components  are 

bmax  =  [1  -  «1«2»  “  V(«2  -  1)  (1  “  «l)]  PI 

One  can  also  show  that  |bmax|  =  |et|  +  l^l-  This  implies 
that  if  the  misfit  were  relieved  by  one  or  two  sets  of 
necessary  dislocations,  the  density  of  dislocations  re¬ 
quired  before  and  after  rotation  would  be  the  same  (as¬ 
suming  the  magnitudes  of  the  Burgers  vectors  are 
identical,  and  the  misfit  before  rotation  is  relieved  by 
two  orthogonal  sets  of  edge  dislocations). 

We  can  now  compare  the  elastic  strain  energies  before 
and  after  the  rotation  to  produce  an  invariant  line,  using 
the  plane  stress  relationship, 


Fig.  1  — The  circle-to-ellipse  transformation  illustrating  the  orienta¬ 
tions  of  axes  (1,2)  and  (VhV,„)  used  for  the  2-D  invariant  line  model. 


1866  —  VOLUME  25 A,  SEPTEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


Ee,  =  1/2  ( alel  +  <t2£2  +  TnJ  12)  for  the  elastic  strain 
energy,  with 


line  is  needed.  As  shown  in  Section  III,  this  single  set 
might  have  a  lower  energy  than  the  network. 


0"i 

02 

T12 


2/x 
1  -  v 


1  v 

V  1 


0 

0 


0  0  (1  -  v)/2 


£1 

£2 

712 


[10] 


From  Eqs.  [4]  and  [10],  we  find  that  before  the 
rotation 


Eel  =  - -  [e*  +  £2  +  2v£l£2] 

1  -  V 

while  after  the  rotation,  from  Eqs.  [9]  and  [10], 
/r 


1 


,  ,  1  +  v 

e,  +  e 2  H - - —  £162(1  +  2 e, 

/3v-l\ 

+  2e2  +  £i£2)  +  I - ]  £,£2 


[11] 


[12] 


Since  a  calculation  of  elastic  strain  energy  can  only  de¬ 
pend  on  terms  of  0[e2],  Eqs.  [11]  and  [12]  predict  es¬ 
sentially  identical  values  of  Eel;  indeed,  if  v  =  1/3  the 
two  results  are  identical. 

The  analysis  just  presented  clearly  illustrates  the  short¬ 
comings  of  plane  stress  (plate-shaped  product),  elastic 
strain  energy  arguments  in  explaining  the  selection  of  the 
invariant  line  in  fee  ^  bcc  transformations  and  in 
fcc/bcc  epitaxial  growth.  While  the  orientation  relation¬ 
ships  and  invariant  lines  predicted  from  this  approach  lie 
close  to  the  observations  in  a  variety  of  systems,16-141  the 
strain  energy  is  independent  of  whether  the  habit  plane 
contains  an  invariant  line  or  not,  if  the  rotation  is  re¬ 
stricted  to  lie  in  the  common  close-packed  plane.  How¬ 
ever,  a  further  reduction  in  strain  energy  can  be  realized 
if  a  plate-shaped  particle  contains  the  invariant  line,  but 
the  rotation  of  the  habit  plane  is  not  restricted  in  the  way 
prescribed  above. 151 

There  are  several  limitations  to  the  model  presented 
above.  The  terms  y3!  and  e3  in  Eq.  [4]  should  not  be 
ignored.  A  plate-shaped  morphology  maximizes  the  sur¬ 
face  energy-to-volume  ratio  of  the  particle.  On  the  other 
hand,  a  lath-  or  needle-shaped  morphology  has  a  lower 
surface  energy-to-volume  ratio  and  can  partly  accom¬ 
modate  all  the  strain  components  out  of  the  invariant  line 
direction.  Intuitively,  a  lath  or  needle  morphology  is  the 
one  which  makes  most  effective  use  of  the  invariant  line 
direction  while  trying  to  accommodate  the  large  dis¬ 
placements  in  the  other  directions. 

Before  considering  O-lattice  models  in  Section  III,  it 
will  be  helpful  to  the  arguments  developed  therein  to 
point  out  that  although  Eqs.  [11]  and  [12]  lead  to  es¬ 
sentially  identical  values  of  Eeh  the  nature  of  the  dis¬ 
placement  field  at  the  interface  approaches  a  simple 
shear  on  rotating  to  the  invariant  line;  i.e.,  «,«2  —  1. 
Before  rotation  (i.e.,  at  the  N-W  position),  a  network  of 
three  af/ 2  (110)  dislocations,  one  pure  edge,  the  other 
two  mixed,  would  be  required  to  accommodate  the  mis¬ 
fit  strains  at  the  common  close-packed  interface.  After 
rotation  to  the  invariant  line  position,  a  single  set  of 
near-screw  dislocations  lying  parallel  to  the  invariant 


III.  O-LATTICE  MODELS 

Geometric  Considerations 

The  O-lattice  (O-line)  model  has  been  described  a 
number  of  times. l9’21,22,27’28,291  In  constructing  O-lattice 
models  for  fcc-bcc  transformations  with  an  invariant 
line,  the  rules  governing  allowable  displacement  fields 
at  any  facet  plane  of  the  product  phase  must  be  consid¬ 
ered.  These  are: 

(a)  The  displacements  at  any  facet  must  lie  in  the  plane 
of  the  invariant  normal;  and 

(b)  The  displacements  at  a  particular  facet  plane  are 
aligned  in  the  direction  (/  - 

Note  that  this  expression  for  the  displacement  is  con¬ 
sistent  with  the  usual  convention  adopted  in  Bollmann’s 
O-lattice  model.  In  Section  II,  the  displacement  was  ex¬ 
pressed  as  (7  -  A)I  to  be  compatible  with  the  definitions 
of  strain  used  in  elastic  strain  energy  calculations.  The 
displacement  now  need  not  lie  in  the  facet  plane,  as  was 
the  case  for  the  2D  model  considered  in  Eq.  [8].  These 
two  results  were  first  used  in  the  development  of  the 
phenomenological  theory  of  martensite  crystallo¬ 
graphy.1'  21  If  the  displacements  at  the  interface  are  par¬ 
allel  to  a  Burgers  vector  compatible  with  either  the  fee 
or  bcc  lattice,  the  solution  to  the  O-lattice  problem  then 
reduces  to  a  set  of  parallel  lines.  We  assume,  following 
Bollmann,1271  that  the  interface  adopted  by  nature  would 
be  one  which  conserves  the  optimum  periodic  structure. 
For  a  facet  containing  the  invariant  line,  the  lowest  en¬ 
ergy  interface  then  would  correspond  to  one  where  a  sin¬ 
gle  set  of  parallel  lattice  dislocations  completely 
accommodates  the  misfit.  Although  more  complex  dis¬ 
location  arrays  could  be  envisaged  at  a  facet,1341  these 
would  have  a  larger  residual  strain  and  greater  energy 
than  an  array  composed  of  a  single  set  of  lattice  dis¬ 
locations.  In  the  analysis  which  follows,  we  seek  solu¬ 
tions  to  the  O-line  problem  where  the  displacements  are 
parallel  to  bf. 

Descriptions  equivalent  to  those  given  in  Section  II 
can  be  defined  in  a  reciprocal  lattice  formulation. 128,291 
This  leads  to  a  number  of  useful  relationships.  We  can 
define  a  displacement  in  the  reciprocal  lattice  Ag  as 

Ag  =  g,  -  g2  =  [/  -  (AT'te,  [13] 

provided  that  g,  and  g2  are  related  by 

g2  =  t AT ’  gi  [14] 

where  A'  is  the  transpose  of  A  defined  in  Eq.  [1].  gt  and 
g2  are  reciprocal  vectors  of  lattices  correlated  through  the 
transformation  A .  A  list  of  low-index  planes  and  direc¬ 
tions  related  by  the  Bain  correspondence  is  given  in 
Table  I.  The  facet  plane  containing  the  O-lines  will  be 
normal  to  a  Ag,  provided  the  corresponding  g,  (or  g2)  is 
contained  in  the  zone  axis  of  the  Burgers  vector,  b,  (or 
b2),  associated  with  the  O-lines. 1291  As  a  result,  once  the 
Burgers  vector  is  known  the  facet  plane  containing  the 
O-lines  can  be  determined  simply  from  Ag. 
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Table  I.  Correlated  Sets  of  Low-Index  Planes  and  Directions  in  the  Fee  and  Bcc  Lattices 


Fee  Bcc  Fee  Bcc 


[ 

0  -1 

-1] 

[1 

-1 

-1] 

0 

1 

-1) 

(0 

1 

-1) 

[ 

1  0 

-1] 

[1 

1 

-1] 

0 

1 

1) 

(0 

1 

1) 

[ 

1  -1 

0] 

[2 

0 

0] 

(2 

0 

0) 

(1 

1 

0) 

[ 

0  -1 

1] 

[1 

-I 

1] 

0 

-1 

-1) 

(1 

0 

-1) 

[ 

1  0 

1] 

[1 

1 

1] 

0 

-1 

1) 

(1 

0 

1) 

[- 

-1  -1 

0] 

[0 

-2 

0] 

(0 

0 

-2) 

(0 

0 

-2) 

(0 

-2 

0) 

(1 

-1 

0) 

As  there  are  an  infinite  number  of  choices  for  the  in¬ 
variant  line  (x  in  Eq.  [1]),  we  have  restricted  our  search 
to  those  solutions  where  at  least  one  set  of  O-lines  exists. 
Starting  from  the  N-W  orientation  relationship,  one  can 
specify  three  rotation  angles  (a,  6,  and  <p)  to  define  the 
final  orientation  relationship.  The  first  rotation  (a)  lies 
in  the  common  close-packed  plane,  (111)/||  ( 101)h,  and 
is  limited  to  Jhe  range  from  0  deg  to  -6  deg.  If  a  = 
-5.26  deg,  [101]/ 1|  [111]*,  and  the  rotation  corresponds 
to  an  exact  K-S  relationship.  The  second  and  third  ro¬ 
tation  angles  ( 6 ,  <p)  are  used  to  define  a  small  mis- 
orientation  between  the  close-packed  planes.  The 
rotation  axis,  defined  by  6,  lies  in  this  plane  but  can  vary 
from  6  =  0  deg  to  6  =  180  deg.  The  rotation  angle  cp 
is  restricted  to  the  range  from  —1.5  deg  to  +1.5  deg. 
Because  of  the  symmetry  of  the  N-W  relationship,  this 
angular  range  covers  any  orientation  relationship  lying 
within  ±1.5  deg  between  the  K-S  and  N-W  positions. 
The  N-W  and  K-S  orientation  relationships  are  defined 
by  (a,  6,  <p)  =  (0  deg,  0  deg,  0  deg)  and  (-5.26  deg, 
60  deg,  0  deg),  respectively. 

Figure  2  summarizes  the  results  of  searching  for  pos¬ 
sible  O-line  solutions  for  Ni-Cr  (af/ab  =  1.255)  and 
Cu-Cr  (af/ah  =  1.267)  over  the  angular  range  noted.  A 
single  set  of  O-lines  is  found  for  only  three  (110)/ 
Burgers  vectors,  viz.,  [110]/,  [01 1]/,  and  [101]/,  lying  in 
(111)/.  These  are  shown  in  Figure  2  for  each  combina¬ 
tion  of  a  and  6  and  are  found  to  correspond  to  invariant 


Fig.  2  —  O-line  solutions  for  Ni-Cr  and  Cu-Cr  in  the  angular  range 
-6  deg  <  a  <0  deg  and  0  deg  £  0  s  180  deg,  for  bf  =  [1 10]/, 
[011]/,  and  [101]/.  The  solid  and  dotted  lines  represent  the  angular 
range  within  which  O-line  solutions  were  found  for  the  lattice  param¬ 
eter  ratios  of  Ni-Cr  and  Cu-Cr.  The  numbers  in  the  rectangular  boxes 
are  the  angles  between  the  direction  of  bf  and  the  normal  to  the  habit 
plane.  When  a  =  6  =  0  deg  [110]  and  a  =  -5.26  deg,  8  =  60  deg 
[101],  b/lies  in  the  habit  plane. 


normals  lying  close  to  (776)/,  (433)/,  and  (343)/,  re¬ 
spectively,  over  the  angular  range  defined  in  Figure  2. 
We  find  that  there  is  no  solution  which  simultaneously 
can  be  used  to  predict  two  different  sets  of  O-lines  as¬ 
sociated  with  (1 10)/ Burgers  vectors,  because  (111)/ is 
not  the  plane  of  the  invariant  normal  for  the  Cu-Cr  and 
Ni-Cr  systems.  (The  implications  of  this  are  considered 
in  this  section.)  In  general,  the  Burgers  vectors  of  the 
dislocations  do  not  lie  in  the  plane  of  the  O-lines,  but 
there  are  two  important  exceptions  to  this  observation. 
These  two  exceptions  occur  when  the  first  rotation  (a) 
leaves  the  Burgers  vector  in  the  parent  lattice  (fee)  par¬ 
allel  to  its  counterpart  in  the  product  lattice  (bcc);  i.e., 
at  the  exact  N-W  or  K-S  orientation  relationship.  The 
second  rotation,  defined  by  ( 6 ,  <p),  keeps  this  vector  un¬ 
rotated;  i.e.,  the  rotation  axis  coincides  with  the  Burgers 
vector.  The  corresponding  facet  plane  will  then  be  an 
unrotated  plane  of  the  transformation,  containing  the  in¬ 
variant  line  and  the  Burgers  vector  which  defines  a  sin¬ 
gle  set  of  dislocations  that  accommodates  the  misfit  most 
effectively.  We  have  also  found  that  at  these  two  posi¬ 
tions,  the  unrotated  direction  of  minimum  misfit  strain 
exists  in  the  habit  plane.  Both  these  orientation  relation¬ 
ships  lie  within  ~0.5  deg  of  K-S  or  N-W  and  were  se¬ 
lected  to  compare  with  experimental  observations  in 
Ni-Cr191  and  Cu-Cr. [8) 

The  results  of  the  calculations  for  Ni-Cr  and  Cu-Cr 
are  compared  in  Tables  II  and  III.  The  predictions  of  the 
O-line  model  are  almost  identical  for  the  two  systems  at 
either  orientation  relationship.  The  data  listed  in 
Tables  II  and  III  all  can  be  verified  experimentally;  viz., 
the  orientation  relationship,  the  invariant  line  (x),  the 
facet  planes,  the  Burgers  vectors  and  spacings  of  dis¬ 
locations  at  facets,  and  step  heights  at  facet  planes  can 
be  found  by  transmission  electron  microscopy  (TEM). 
The  step  height  should  be  related  to  integer  multiples  of 
the  corresponding  |l/Ag|  values  (Eq.  [13]).  Three  of  the 
correlated  planes  in  Table  I,  (111)/,  (111)/,  and  (020)/ 
contain  the  lattice  vector  bL  =  U//2[101],  and  any  one 
of  them  can  be  used  to  predict  the  “major”  observed 
facet  plane,  close  to  (121)/.|9]  However,  each  of  these 
three  planes  has  associated  with  it  a  different  Ag.  When 
only  one  set  of  O-lines  is  available,  growth  steps  con¬ 
necting  equivalent  habit-plane  interfaces  will  always 
have  a  residual  strain  field  associated  with  them.  The 
“correct”  choice  for  the  correlated  planes  is  made  by  as¬ 
suming  that  the  residual  strain  would  be  kept  to  a  min¬ 
imum.  This  corresponds  to  the  condition  where  the 
correlated  g  ({111}/  type)  lies  closest  to  the  plane  of  the 
invariant  normal.  For  the  Cu-Cr  and  Ni-Cr  systems,  this 
leads  to  the  (111)/,  (Oil)*  pair  as  the  optimum  choice, 
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Table  II.  Predictions  of  O-Line  Model  for  Near  K-S-Oriented  Precipitates  in  Cu-Cr  and  Ni-Cr  Systems 


Systems 

Cu-Cr 

Ni-Cr 

af/ab 

1.267 

1.255 

Orientation  relationship 

a  =  —5.26  deg,  6  =  6 0  deg,  (j>  =  0.51  deg 

a  =  -5.26  deg,  9  =  60  deg,  <f>  =  0.44  deg 

Invariant  line  (x) 

[1.23,  0.13,  -1]/ 

[1.16,  0.09,  -1]/ 

Major  facet  plane  A 

(1,  -1-70,  1)/ 

(1,  -1.87,  1)/ 

Correlated  gs,  (l/|Ag|) 

(1  1  l)//(0  1  \)b,  (10.5  A) 

< 

OO 

o 

© 

b„  (b,  A  d) 

[-1  0  1  ]// 2 ,  (0  deg) 

[-1  0  l]//2,  (0  deg) 

Dislocation  spacing  (Z) 

9.9  A 

9.7  A 

Minor  facet  plane  B 

(1,  0.21,  1.26)/ 

(1,  0.24,  1.18)/ 

Correlated  gs,  (l/|Ag[) 

(1  1  — 1)//(0  1  -1)„,  (8.4  A) 

(1  1  — 1)//(0  1  -1),  (8.5  A) 

bi,  (b,  A  d) 

[0  1  l]//2,  (9.7  deg) 

[0  1  l]//2,  (7.1  deg) 

Dislocation  spacing  (/) 

13.6  A 

13.2  A 

Minor  facet  plane  C 

(1,  -0.41,  1.18)/ 

(1,  -0.42,  1.13)/ 

Correlated  gs,  (l/|Ag|) 

(1  -1  -1)//(1  0  -1)*,  (5.8  A) 

(1  -1  -1)//(1  0  -l)b,  (5.9  A) 

b„  (b,  A  d) 

[1  1  0]//2,  (9.7  deg) 

[1  1  0]//2,  (7.1  deg) 

Dislocation  spacing  (Z) 

19.8  A 

19.1  A 

Table  III.  Predictions  of  O-Line  Model  for  Near  N-W-Oriented  Precipitates  in  Cu-Cr  and  Ni-Cr  Systems 

Systems 

Cu-Cr 

Ni-Cr 

Orientation  relationship 
Invariant  line  (x) 

Major  facet  plane 
Correlated  gs,  (1/  Ag|) 
b„  (b,  A  d) 

Dislocation  spacing  (Z) 

1.267 

a  =  0  deg,  6  =  0  deg,  $  =  0.54  deg 
[1,  -1,  -1.14]/ 

(1,  -1,  1.75)/ 

(1  -1  -1)//(1  0  -1)*,  (6.2  A) 

[1  1  0]//2,  (0  deg) 

24.6  A 

1.255 

a  =  0  deg,  6  =  0  deg,  <f>  =  0.35  deg 
[1,  -1,  -1.21]/ 

(1,  -1,  1.65)/ 

(1  -1  -1)//(1  0  -l)t,  (6.3  A) 

[1  1  0]//2,  (0  deg) 

23.0  A 

with  |l/Ag|  =  10.5  A  or  10.8  A.  This  should  be  the 
minimum  height  of  growth  or  dissolution  steps.  This 
agrees  with  the  experimental  observations  in  Ni-Cr.1171 
As  noted  earlier,  the  calculations  summarized  in  Table  II 
assume  a  priori  that  the  single  dislocation  array 
( bL  =  af/2\\0\\)  at  the  major  facet  plane,  A,  completely 
accommodates  the  misfit  there.  One  can  use  the  O-lattice 
model  to  describe  dislocation  arrays  at  the  other  two  po¬ 
tential  side  facet  planes191  (B  and  C  in  Table  II),  but  these 
will  not  completely  annul  the  misfit  at  these  facets.  A 
measure  of  this  is  provided  by  noting  the  angle  between 
bL  and  the  net  displacement  d  at  the  facet  plane 
(Table  II).  This  leaves  a  residual  long-range  strain  at  the 
side  facet  plane,  which  has  been  detected  by  TEM.1171 

The  predictions  of  the  O-lattice  model  are  in  reason¬ 
able  agreement  with  the  experimental  measurements  re¬ 
ported  on  the  Ni-Cr  system. 19171  The  close-packed  planes 
are  predicted  to  be  misoriented  by  approximately  0.5  deg 
(Table  II),  while  the  experimental  TEM  observations 
suggest  that  these  planes  are  parallel.191  Figure  3  shows 
the  cross-section  of  a  Cr-rich  lath  in  a  Ni-45  wt  pet  Cr 
alloy,  aged  for  10  minutes  at  1000  °C.  The  diffraction 
pattern  superimposed  on  the  image  (without  rotation) 
comes  from  the  common  zone  axis  of  the  [l01]/,  [TT  \]b 
K-S  orientation  relationship.  Since  the  major  facet  plane, 
A,  contains  [l01]/,  it  lies  parallel  to  the  incident  beam 
in  this  figure.  The  diffraction  spots  associated  with_the 
correlated  pairs  of  planes  (111)/,  (01 1  )b  and  (020)/, 
(ll0)A  are  marked.  Both  Ag  vectors  are  perpendicular  to 
the  facet  plane,  in  agreement  with  the  predictions  of 
Eq.  [13].  This  observation  confirms  the  existence  of  a 


Fig.  3  —  Ni-45  wt  pet  Cr  alloy,  solution  treated  at  1200  °C,  water 
quenched,  and  aged  for  10  min  at  1000  °C.  A_  Cr-rich  lath  is  seen  in 
cross  section  with  the  superimposed  [101]y,  [111];,  diffraction  pattern. 
The  correlated  diffraction  spots  (111)/,  (101),,  and  (020)y,  (110)*  are 
marked,  with  Ag  in  each  case  normal  to  the  major  facet  plane  A.  The 
insert  (at  higher  magnification)  shows  a  series  of  line  defects,  spacing 
~1.2  nm,  at  the  side  facet  planes.  Note  also  the  long-range  strain 
field  (black-white  contrast)  in  the  matrix  associated  with  the  side  facet 
planes. 


true  invariant  line,  as  described  earlier  in  both  experi¬ 
mental19171  and  theoretical  studies.1291  The  minor  facet 
plane  predicted  by  the  analysis,  B  in  Table  II,  is  not 
quite  edge-on  in  Figure  3 .  The  measured  angle  between 
the  two  facets  is  63  deg,  compared  to  a  predicted  value 
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of  61.8  deg.  A  third  facet  also  is  seen  in  Figure  3.  This 
is  not  predicted  by  the  O-line  analysis;  i.e. ,  it  is  not  facet 
C  in  Table  II. 

Two  other  features  should  be  noted  in  Figure  3.  A 
series  of  finely  spaced  defects  are  visible  at  facet  B, 
lying  parallel  to  the  invariant  line.  The  measured  spacing 
of  these  defects,  —1.2  nm,  compares  to  a  predicted 
value  of  1.3  nm.  If  we  are  correct  in  hypothesizing  that 
this  array  will  not  completely  compensate  for  the  misfit 
at  the  side  facet,  a  long-range  residual  strain  field  should 
be  observed.  This  could  account  for  the  pronounced 
black-white  contrast  effects  visible  at  either  end  of  the 
faceted  particle  in  Figure  3.  On  continued  aging,  this 
long-range  strain  field  is  relaxed  by  the  accumulation  of 
a  second  set  of  dislocations1171  (from  the  matrix)  and  at 
the  same  time,  the  side  facet  plane  changes  its  orienta¬ 
tion  by  about  10  deg. 191  The  major  facet  plane  shown  in 
Figure  3  does  not  contain  any  visible  steps  or  ledges. 
These  are  most  clearly  seen  at  coarser  particles  after  pro¬ 
longed  aging.1171  Figure  4  shows  individual  growth  or 
dissolution  ledges  imaged  under  diffraction  conditions 
similar  to  those  used  in  Figure  3.  Although  the  diffrac¬ 
tion  contrast  at  the  interface  is  complicated  here  by 
Fresnel  effects,  it  is  a  simple  matter  to  measure  the  ledge 
height  directly  from  the  image.  One  finds  an  average 
ledge  height  of  1  nm,  in  good  agreement  with  the  pre¬ 
dicted  minimum  value  of  1.1  nm  (Table  II). 

There  are  several  important  differences  between  the 
predictions  made  for  the  near  K-S  (Table  II)  and  N-W 
(Table  III)  orientations.  At  the  K-S  orientation  relation¬ 
ship,  the  dislocations  at  the  major  facet  plane  are  in  near¬ 
screw  orientation,  while  at  the  N-W  orientation,  they  are 
in  exact-edge  orientation.  The  invariant  line  is  close  to 
the  common  close-packed  direction,  [101]/  —  ||  [111 j^,, 
in  the  K-S  case  but  is  not  very  close  to  either  of  the 
principal  axes,  [110]/  or  [112]/,  in  the  N-W  case.  The 
dislocation  spacing  in  the  N-W  habit  plane  is  about  2.5 
times  larger  than  the  K-S  case  (24.6  A  v.v  9.9  A  for 
Cu-Cr).  Finally,  it  is  worth  noting  that  the  major  facet 
planes  predicted  for  either  orientation  of  Cu-Cr  both  be¬ 
long  to  a  family  which  can  be  indexed  as  being  near 
“{335}.”  This  is  fortuitous,  but  it  highlights  the  impor¬ 
tance  of  correctly  establishing  the  orientation  of  facet 
planes  relative  to  the  orientation  relationship  for  a  par¬ 
ticular  crystallographic  variant. 

The  results  shown  in  Table  III  are  similar  to  those 


Fig.  4 — The  alloy  from  Figure  3,  aged  for  15  h  at  1050  °C.  A  series 
of  ledges,  marked  by  arrows,  are  visible  at  the  major  facet  plane. 


published  by  Hall  et  al.[22]  for  A-IV-related  Cr  laths  in  a 
Cu-Cr  alloy.  Although  these  authors  did  not  consider 
O-line  solutions  explicitly,  they  were  aware  that  their 
analysis  reduced  to  the  O-line  model  at  certain  orienta¬ 
tion  relationships.  Hall  and  Aaronson181  report  inter¬ 
dislocation  spacings  (/)  of  2.55  nm,  with  a  single  set  of 
dislocations  aligned  along  an  irrational  direction  in  a 
“near”  (335)/  habit  plane  for  Cr  laths.  Although  the 
Burgers  vectors  of  finely  spaced  arrays  of  dislocations 
are  difficult  to  determine,  the  results  found  by  Hall  and 
Aaronson  were  also  in  good  agreement  with  the  predic¬ 
tions  of  the  O-line  model. 


IV.  INTERFACE  DISLOCATION 
STRAIN  ENERGY 

In  view  of  the  apparent  success  of  O-line  models  in 
explaining  the  results  in  Cu-Cr16-81  and  Ni-Cr, 19,171  it  is  of 
some  interest  to  explore  whether  strain  energy  arguments 
might  help  to  rationalize  the  choice  of  the  prominent 
facet  planes  found  in  these  systems.  If  a  single  set  of 
parallel  dislocations  relieves  the  misfit  at  the  facet  plane, 
the  energy  can  be  evaluated  by  a  method  suggested  by 
Bonnet  et  al.. 13 1,321  Three  possible  configurations  are 
shown  in  Figure  5.  In  the  first  (Figure  5(a)),  the  facet  is 
coherent,  and  the  displacement  at  the  interface  can  be 
represented  by  a  continuous  distribution  of  infinitesimal 
dislocations,  db,  defined  by  db  =  b  dx/l,  -  1/2  <  x  < 
Z/2.  In  the  second  (Figure  5(b)),  the  displacement  of  the 
facet  can  be  described  by  a  Somigliana  dislocation.  Here 
two  discrete  dislocations,  Burgers  vectors  =  -b/2,  lo¬ 
cated  at  either  end  of  the  facet,  are  added  to  the  array 
shown  in  Figure  5(a).  In  the  third  (Figure  5(c)),  repe¬ 
tition  of  the  basic  Somigliana  dislocation  unit  side  by 
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Fig.  5 — Three  different  dislocation  arrays  used  in  the  text  to  estimate 
the  strain  energy  of  faceted  interfaces  in  invariant-line  strain  models. 
(a)  The  facet  is  coherent,  and  the  misfit  is  represented  by  an  array  of 
infinitesimal  dislocations.  ( b )  The  strain  field  of  the  facet  is  described 
by  a  Somigliana  dislocation.1311  (c)  The  facet  is  represented  by  an  array 
of  discrete  epitaxial  dislocations,  spacing  /,  superimposed  on  the 
infinitesimal  array. 
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side  along  the  interface  leads  to  the  familiar  one¬ 
dimensional  array  of  epitaxial  dislocations,  Burgers  vec¬ 
tor  =  -b,  spacing  =  l.  The  energies  of  the  first  two 
arrays*  can  be  evaluated  by  considering  the  work  done 

*If  a  lath-shaped  particle  were  to  be  bounded  on  all  faces  by  co¬ 
herent  boundaries  or  Somigliana  dislocations,  the  total  strain  energy 
of  the  particle  would  be  determined  by  summing  the  contribution  of 
each  facet  with  the  interaction  terms  between  facets.1311 


in  making  the  cut  at  the  facet  interface  in  the  stress  field 
of  the  continuous  (and  discrete)  dislocations.1311 

The  analysis  is  described  in  more  detail  in  the 
Appendix.  For  the  three  arrays  shown  in  Figure  5,  the 
corresponding  strain  energies  are 
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where  r0,  the  cut-off  radius  at  the  singularity  (dislocation 
core  or  end  of  the  facet),  is  assumed  to  be  <  l-El  and 
E2  are  the  energies  per  unit  length  of  a  facet  of  width  /, 
while  E3  is  the  energy/unit  area  of  the  array  seen  in 
Figure  5(c).  For  the  coherent  array,  b  in  Eq.  [15a]  is 
interpreted  as  the  product  of  /  and  the  misfit  strain.  Nei¬ 
ther  the  K-S-  nor  A-W-related  systems  satisfy  the  con¬ 
dition  r0  -4  l,  as  /  ~  4 b  and  9b,  respectively.  More 
complete  expressions  for  Eu  E2,  and  £3  valid  over  a 
wide  range  of  l/r0  values  (including  l/r0  >  1)  can  be 
found  in  the  Appendix  and  in  References  43  and  44. 
Equations  [15a]  through  [15c]  hold  for  edge  disloca¬ 
tions.  The  results  are  readily  extended  to  mixed  or  screw 
dislocations  by  replacing  fib2/ 4^(1  -  v)  with  fib2 / 
47r[sin2  0/(1  -  v)  +  cos2  0],  where  0  is  the  angle  be¬ 
tween  the  Burgers  vector  and  the  dislocation  line. 

Since  b/l  is  the  misfit  strain  at  the  facet  (8)  and 
r0  ~  b,  Eq.  [15c]  reduces  to  the  familiar  form  E  ~ 

-fib8/4jr[\n  8  +  A]  or  E - /ibS/ 47r(l  -  r>)[ln  8  +  A] 

respectively  for  screw  or  edge  misfit  dislocations,  where 
A  is  a  constant,  of  order  unity.  For  a  fixed  misfit,  the 
screw  dislocation  array  will  have  a  lower  strain  energy 
by  a  factor  1/1  -  v.  This  might  explain  why  epitaxial 
thin  films  deposited  on  close-packed  fee  or  bcc  sub¬ 
strates  often  “rotate”  to  the  invariant  line  position.1201  As 
we  showed  earlier,  this  rotation  does  not  lower  the  elas¬ 
tic  strain  energy  of  a  coherent  film,  but  in  a  relaxed  film, 
one  can  demonstrate  that  the  single  set  of  near-screw  dis¬ 
locations  required  at  the  invariant  line  position  will  have 
a  lower  energy  than  the  two  (or  more)  sets  of  edge  or 
mixed  dislocations  required  before  rotation. 

Equation  [15c]  also  may  be  used  to  compare  the  ener¬ 
gies  of  the  different  facet  planes.  Similar  expressions 
have  been  used  in  previous  studies  to  rationalize  the 
choice  of  habit  plane  in  fcc-bcc  systems.122-30-33-341  How¬ 
ever,  it  is  obvious  from  an  inspection  of  Table  II  and 
the  results  presented  by  Hall  et  al.l22]  that  the  near  (121)/ 
habit  plane  in  Ni-Cr  does  not  correspond  to  a  minimum 


in  strain  energy,  even  allowing  for  the  fact  that  the  dis¬ 
locations  are  in  near-screw  orientation.  Indeed,  the  dis¬ 
locations  are  so  closely  spaced  at  the  habit  plane, 
/  ~  1  nm,  that  the  validity  of  any  continuum  strain  en¬ 
ergy  argument  becomes  highly  questionable.  The  answer 
might  lie  in  the  application  of  structural  or  misfit- 
compensating  ledges  to  the  problem,  as  discussed  in  the 
Section  V.  Before  considering  these  models,  however, 
two  key  points  which  emerge  from  the  O-line  analysis 
should  be  recognized.  The  three  possible  Burgers  vec¬ 
tors  of  fee  dislocations  compatible  with  the  O-line  model 
for  the  angular  range  (a,  0,  <p)  and  af/ab  ratios  consid¬ 
ered  in  our  analysis  all  lie  in  the  common  close-packed 
plane  (lTl)//(101)fc.  Secondly,  for  the  K-S  or  N-W  ori¬ 
entations,  the  optimum  set  of  dislocations  have  their 
Burgers  vector  lying  in  the  habit  plane,  which  must  then 
be  an  unrotated  plane  of  the  transformation. 

V.  STRUCTURAL  LEDGE  MODELS 

The  structural  ledge  model  was  introduced  by  Hall 
et  a/.161  and  further  developed  by  Rigsbee  and 
Aaronson1231  to  explain  the  experimental  observations  of 
irrational  habit  planes  associated  with  bcc  precipitates  in 
fee  matrices.  The  close-packed  planes  (ill)/ and  (101)* 
were  assumed  to  be  parallel,  and  regions  of  good  atomic 
matching  were  sought  in  successive  close-packed  planes 
by  introducing  an  array  of  regular  steps  or  structural 
ledges  up  to  3  atom  planes  high.  In  later  versions  of  the 
model,135-361  steps  up  to  6  atom  planes  high  were  incor¬ 
porated  into  the  analysis.  It  was  postulated  that  these 
might  play  a  dual  role,  relieving  the  misfit  strains  normal 
or  parallel  to  the  terrace  as  well  as  optimizing  the  regions 
of  good  fit  in  the  terrace  plane.  The  energy  associated 
with  simple  versions  of  these  models  has  been  deter¬ 
mined  by  van  der  Merwe  et  al.l2A]  Although  the  structural 
ledge  and  O-lattice  models  were  quite  independent  de¬ 
velopments,  recent  studies  have  explored  the  relation¬ 
ship  between  these  two  approaches. 122,371  The  application 
of  moire  models,  as  first  described  by  Bollmann,1271  is  a 
particularly  incisive  way  of  analyzing  the  problem, 
which  we  shall  follow. 

A  set  of  orthogonal  axes  (x,y,z)  is  used  to  define  di¬ 
rections  lying  in  and  normal  to  the  atomic  habit  plane, 
which  is  assumed  to  be  (ill)/  ||  (101)*,  the  x-y  plane. 
Superposition  of  layers  of  atoms  corresponding  to  the 
arrangements  in  these  two  planes  gives  a  moire  pattern. 
If  one  lattice  is  translated  with  respect  to  the  other,  the 
moire  pattern  (O-lattice)  shifts  by  an  amount  which  can 
be  simply  calculated,1271  but  the  pattern  itself  does  not 
change.  The  relative  in-plane  displacement  (d,,)  between 
pairs  of  correlated  lattice  points  (in  the  next  bcc  plane) 
can  be  described  by 

d*  =  b/  -  hb  —  K  Ad  [16] 

where  b,,  =  Abf  and  A d  =  d(Ui)[  -  d{m)b-  b/  and  b*  are 
pairs  of  correlated  lattice  points  in  the  fee  and  bcc  lat¬ 
tices,  respectively  (see  also  Eqs.  [1]  and  [14]),  K  is  a 
unit  vector  pointing  in  the  z  direction,  and  d{lu)]  and 
d{10l)b  are  the  spacings  of  the  close-packed  planes. 
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The  corresponding  translation  of  the  O-lattice  with  re¬ 
spect  to  b*  is  d0(),  given  by1271 

(/  -  A)d0f,  =  ~Adb  [17a] 

or 


parallel  to  the  “effective”  invariant  line.*  The  predicted 

*An  effective  invariant  line  was  defined  by  Zhang  and  Purdy1  1  as 
one  satisfying  the  condition  Ax  =  (1  +  e)x  where  £  <  10  .  By  ana¬ 
lyzing  orientation  relationships  very  close  to  those  needed  to  satisfy 
the  exact  invariant  line  criterion,  one  can  then  invert  the  matrix  T 
(Eq.  [17])  and  find  an  effective  invariant  line. 


Td0p  =  d„  [17b] 

This  translation  with  respect  to  the  origin  becomes 

d0  =  d0p  +  bh  [18] 

(Note  that  in  this  description  we  have  taken  lattice  (1) 
in  Bollmann’s  formulation  to  be  the  bcc  lattice.) 
Equations  [16],  [17],  and  [18]  can  be  combined  to  yield 

do=-MT~'K  [19] 

where  d0  is  a  vector  that  defines  the  shift  of  the  center 
of  the  “coherent  patches,”  as  described  by  Rigsbee  and 
Aaronson,1231  in  the  subsequent  layer  of  (101)*  planes; 
i.e.,  it  defines  the  step  vector  associated  with  the  struc¬ 
tural  ledge.  Equation  [19]  provides  a  simple  method  to 
determine  the  orientation  of  the  stepped  interface,  which 
is  equivalent  to  the  one  constructed  by  the  computer 
graphic  technique.1231  This  interface  is  defined  by  d0  and 
an  O-lattice  vector  contained  in  (111 )// (101  )h  planes. 
Since  K  is  parallel  to  [111]/,  the  interface  plane  must 
correspond  to  the  O-lattice  plane  related  to  one  of  (112)/, 
(121)/,  or  (211),. 

Equations  [16]  through  [19]  can  be  used  to  discuss  a 
number  of  interesting  cases  from  the  literature. 

(a)  If  Ad  =  0  and  (111),  ||  (101)*,  a  true  invariant  line 
(x)  inclined  to  the  close-packed  planes  can  be  predicted 
from  the  structural  ledge  model,  the  O-lattice  model,1271 
or  the  invariant  line  approach.125’361  If  Ad  ~  0  and  the 
close-packed  planes  are  parallel,  Eq.  [19]  can  be  ex¬ 
pressed  (in  approximate  form)  as  either 

Edo  =  0  or  Ad0  ~  d0 

As  noted,  these  expressions  can  be  used  to  define  a 
“pseudo”  or  “near-invariant”  line,  d0,  implicit  in  the 
original  structural  ledge  model.16  351 

(b)  If  Ad  ^  0,  an  invariant  line  can  be  obtained  in  the 
common  close-packed  plane  by  rotating  the  two  lattices 
about  the  plane  normal.131  In  this  situation,  there  is  an 
O-line  passing  through  the  origin,  but  the  O-line  may 
not  exist  in  the  next  pair  of  correlated  planes.  The  rea¬ 
son,  as  Bollmann1271  has  demonstrated,  is  that  the  O-line 
disappears  on  translation  unless  the  vector  db  is  con¬ 
tained  in  the  plane  of  the  invariant  normal.  Since  db  = 
bf  -  bh  -  Ad  K,  and  bf  -  bb  by  definition  lies  in  the 
plane  of  the  invariant  normal,  this  condition  can  only  be 
satisfied  in  the  special  case  when  K  lies  in  this  same 
plane.  For  af/ab  ~  1.25,  this  condition  is  not  met  for 
any  rotation  which  leads  to  an  invariant  line  in  the  close- 
packed  planes. 

(c)  If  Ad  #  0  and  af/ab  ~  1.25,  a  small  rotation 
(if/  <  1  deg)  is  necessary  to  produce  a  true  invariant  line 
lying  out  of  the  close-packed  planes,1381  as  discussed  pre¬ 
viously.  Under  these  conditions,  the  solutions  for  the 
O-lattice  vectors  associated  with  K  Ad  always  lie  nearly 


values  of  d0  found  from  the  structural  ledge  approach 
are  within  1  deg  of  the  true  invariant  line  determined 
from  the  O-line  model.  Provided  the  correct  choice  is 
made  for  the  in-plane  Burgers  vector,  effectively  the 
same  habit  plane  containing  a  single  set  of  dislocations 
can  be  obtained  from  either  the  O-line  or  structural  ledge 
models.  Hall  et  al.l22]  also  compared  the  structural  ledge 
and  O-lattice  model  predictions  of  habit  planes  for  fcc- 
bcc  systems  and  demonstrated  the  close  similarities  in 
the  two  approaches,  while  Furuhara  and  Aaronson1361  re¬ 
cently  have  analyzed  a  similar  situation  in  the  hcp-bcc 
case. 

It  is  interesting  to  note  that  a  (335)/  habit  plane  can 
also  be  predicted  from  surface  dislocation  models  for 
N-W  related  precipitates.  Knowles  and  Smith1391  have 
shown  that  this  interface  plane  is  one  of  minimum  net 
Burgers  vector,  and  this  is  also  the  plane  of  minimum 
mismatch  predicted  from  O-lattice  analysis.1291  The  cor¬ 
relations  between  these  different  approaches  are  impres¬ 
sive,  but  they  also  highlight  the  problems  in  making  a 
clear  choice  between  the  models.  As  we  have  seen,  any 
one  of  them  predicts  the  near  (335)/  habit  plane  for  the 
N-W  orientation  relationship,  but  none  can  be  used  to 
predict  the  ~(121),  habit  plane  for  K-S-oriented 
precipitates. 

Clearly,  the  underlying  assumption  of  these  different 
models — that  the  interfacial  energy  varies  monotonically 
with  the  average  misfit — is  not  always  valid.  One  of  the 
obvious  drawbacks  to  the  O-lattice  model  is  that  the  dis¬ 
tribution  of  misfit  on  an  atomic  scale  is  not  considered. 
This  is  simply  illustrated  by  estimating  the  atom  mis¬ 
match  along  the  direction  defined  by  bf.  The  atom  match 
is  best  at  a  position  nearest  to  the  O-line,  but  it  is  not 
perfect.  If  |b/|  >  |b*|,  the  residual  misfit  (dr)  at  this  lo¬ 
cation  can  be  expressed  as 

dr  =  mbf  —  (m  +  l)b*  [20] 

where  m  is  an  integer  nearest  to  the  distance  from  the 
origin  along  b/to  the  adjacent  O-line.  If,  as  before,  l  is 
the  O-line  spacing  and  6  is  the  angle  between  the  O-line 
and  the  Burgers  vector,  m  is  given  by 

(m  +  s)|b/|  =  — -  t21] 

sin  6 

where  |s|  <  0.5.  By  following  the  approach  of  Purdy  and 
Zhang1401  in  their  analysis  of  misfit  normal  to  the 
O-plane,  one  can  then  show  that  the  magnitude  of  the 
residual  misfit  at  the  O-line  is 


|dr| 


S' 

m  +  s 


M 


[22] 


If  m  >  s,  |dr|  -»  0.  This  condition  is  satisfied  when  the 
spacing  of  the  O-lines  >  |b/|  or  the  dislocations  are  in 
near-screw  orientation.  More  detailed  calculations  for 
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lattice  parameter  ratios,  af/ab  ~  1.25,  show  that  m  +  s 
*  9  and  40,  respectively,  for  near  N-W  and  K-S  O-line 
orientations.  From  this  point  of  view,  the  K-S  orientation 
relationship  would  be  favored.  A  second  factor  which  is 
not  considered  in  the  O-line  approach  is  the  low  density 
of  lattice  points  on  the  invariant  line,  which  usually  is  a 
high-index,  irrational  direction  (see  Tables  II  and  III). 
On  an  atomic  scale,  the  invariant  line  must  be  stepped. 
This  again  should  favor  A’-S-oriented  variants,  as  the  in¬ 
variant  line  is  close  to  the  common  close-packed  direc¬ 
tion  for  this  case  (Table  II),  but  not  for  the  A- IT  case 
(Table  III). 

In  concluding  this  section,  the  similarities  found  be¬ 
tween  the  O-line  and  structural  ledge  models  encourage 
us  to  believe  that  further  refinements  of  the  structural 
ledge  model[24]  (guided  by  the  principles  dictated  by 
O-line  theory)  would  be  useful.  These  refinements  in¬ 
clude:  (1)  a  small  rotation  (<1  deg)  between  ( 1 1 1  )7  and 
(101*),  as  discussed  in  the  O-line  model;  (2)  a  recog¬ 
nition  that  the  in-plane  displacement,  dfc,  need  not  be 
parallel  to  either  the  corresponding  lattice  vector  b6,  or 
the  pattern  translation  vector,  d0/>;  and  (3)  substitution  of 
the  O-lattice  translation  condition,  Td0p  =  d,„  as  a  more 
general  cancellation  criterion  (for  the  relief  of  misfit 
within  the  interface)  than  that  proposed  by  van  der 
Merwe  et  al.J24]  which  restricted  d0p  to  take  values  equal 
to  2 mhb. 


VI.  SUMMARY 

The  factors  which  control  the  choice  of  the  invariant 
line  and  the  development  of  particular  facet  planes  in 
diffusion-controlled  precipitation  reactions  in  fcc-bcc 
systems  have  been  discussed  from  several  different  per¬ 
spectives.  Elastic  strain  energy  considerations,  based  on 
plate-shaped  transformation  products  and  rotations  about 
the  normal  to  the  close-packed  planes,  cannot  account 
for  the  formation  of  an  invariant  line,  as  there  is  no  re¬ 
duction  in  energy  at  the  invariant  line  position.  On  the 
other  hand  O-lattice  (O-line)  and  structural  ledge  models 
are  able  to  account  for  many  of  the  experimental  obser¬ 
vations.  In  particular,  we  find  that  the  O-line  model  is 
in  excellent  agreement  with  observations  in  Cu-Cr  and 
Ni-Cr,  if  the  misfit  at  the  habit  plane  is  accommodated 
by  a  single  set  of  dislocations  parallel  to  the  invariant 
line  which  has  Burgers  vectors  which  lie  in  the  habit 
plane.  The  habit  plane  is  then  an  unrotated  plane  of  the 
transformation.  Many  features  of  the  structural  ledge 
model  are  also  implicit  in  the  O-lattice  approach,  pro¬ 
vided  the  spacings  of  the  close-packed  planes  are  similar 
and  the  habit  plane  is  reasonably  close  to  the  common 
close-packed  (ill)/,  (101)*  planes.  With  these  restric¬ 
tions,  we  have  demonstrated  that  one  can  define  a  set  of 
structural  ledges  compatible  with  an  O-line  solution  hav¬ 
ing  a  single  set  of  dislocations  parallel  to  the  invariant 
line.  However  a  number  of  problems  remain  with  O-line 
or  structural  ledge  models.  Energy  arguments,  based  on 
identifying  the  habit  plane  of  minimum  mismatch  or 
minimum  net  Burgers  vector  content,  can  account  for  the 
near-{335}  habit  planes  in  Cu-Cr  (A- IT- related),  but  not 
the  near-{l 2 Inhabit  planes  in  Ni-Cr  (AAS'-related).  In  the 
latter  case,  although  the  observed  habit  plane  does  not 


contain  the  minimum  net  Burgers  content,  the  set  of 
dislocations  predicted  by  the  O-line  analysis  are  in  near¬ 
screw  orientation.  We  have  shown  that  the  atom  mis¬ 
match  at  the  facet  plane  is  then  reduced.  This  factor, 
coupled  with  the  observation  that  the  invariant  line  lies 
close  to  the  common  close-packed  directions  in  the  two 
phases,  might  account  for  the  formation  of  AAS-related 
precipitates  in  fcc-bcc  systems. 


APPENDIX 

The  Elastic  Strain  Energy  of  Misfit  Dislocation  Arrays 


Consider  first  the  two  finite  arrays  shown  in 
Figures  5(a)  and  (b).  The  elastic  strain  energy  of  the  sec¬ 
ond  array  may  be  calculated  by  integrating  the  work 
done  by  the  force  —<ryx  dx  dz  acting  over  the  length,  /, 
of  the  cut  used  to  define  the  Somigliana  dislocation.1311 
c Tyx  can  be  evaluated  from  the  stress  fields  given  by  the 
separate  contributions  of  the  uniform  array  of  infinites¬ 
imal  dislocations  and  [for  the  case  depicted  in 
Figure  5(b)]  the  two  discrete  dislocations,  —  b/2,  located 
at  either  end  of  the  facet. 

For  the  uniform  array  of  infinitesimal  dislocations 
(Figure  5(a)),  the  elastic  strain  energy,  Eu  per  unit 
length  (in  the  z  direction)  is  given  by 


Ei  =  2Eh  where  Eh  = 


1 


ayx  Am,  dx 


(ib 

47t(1  -  v)l 
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LAI] 


and 


bx  l  l 

A  ux  =  —  for - <  x  <  — 

/  2  2 

b  l 

=  -  for  x  >  - 
2  2 


b  l 

—  for  x  <  — 
2  2 


The  upper  cut-off  limit  for  the  integral  ( R )  has  its  usual 
meaning  in  dislocation  theory.  Evaluating  Eq.  [Al] 
leads  to  the  result  that 
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If  r0  l  <  R,  then 


fib2 


477(1  —  v ) 


R  3 
In  -  +  - 
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[A3] 


For  the  Somigliana  dislocation,  A ux  =  0  for  |x|  >  in, 
but  the  stress  field  in  the  region  |*|  <  1/2  now  includes 
the  contributions  of  the  two  discrete  dislocations  located 
at  x  -  ±1/ 2. 1311  The  energy  of  the  array  shown  in 
Figure  5(b)  is 
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The  energy  of  the  third  array  (Figure  5(c))  has  been 
considered  by  a  number  of  authors.141-441  Although  the 
approach  to  the  calculation  of  the  total  energy  in  these 
studies  is  different,  the  final  form  of  the  energy  of  the 
epitaxial  array  is  very  similar.  By  following  the  method 
of  Willis1431  and  Jain  et  al. ,44)  one  can  show  that  in  the 
limit  of  /  r0 
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On  the  Role  of  Interphase-Boundary  Structure 
in  Plate  Growth  by  Diffusional  Mechanisms 

GARY  R.  PURDY  and  WENZHENG  ZHANG 

The  structures  of  planar  phase  interfaces  and  of  interfacial  defects  responsible  for  their 
diffusional  migration  are  discussed  in  terms  of  extensions  of  the  O-lattice  concept,  in  which  the 
intersection  of  the  two  structures  is  treated  analytically.  Two  cases  are  considered  and  illustrated 
with  well-characterized  experimental  examples:  one  in  which  two-dimensional  structural  match¬ 
ing  leads  to  O-planes,  and  a  second  in  which  linear  matching  yields  an  array  of  O-lines.  It  is 
suggested  that  growth  ledges  moving  normal  to  the  O-lines  will  often  require  lateral  kink  for¬ 
mation  and  motion  for  their  propagation.  The  misfit  associated  with  transformation  ledges  is 
modeled  in  terms  of  real  (screened)  dislocations,  which  may  coexist  with  virtual  (unscreened) 
dislocations  representing  a  residual  component  of  misfit.  A  macroscopic  shear  can  result  from 
the  cumulative  action  of  transformation  ledges  with  shear  components  parallel  to  the  habit  plane. 


I.  INTRODUCTION 

THIS  article  focuses  on  the  role  of  interfacial  struc¬ 
ture  in  the  formation  of  platelike  precipitates  on  initial 
growth  from  supersaturated  solid  solution.  Faceted  pre¬ 
cipitates  formed  on  initial  growth  can  take  shapes  far 
from  equilibrium,  and  we  believe  that  these  shapes  are 
dictated  primarily  by  anisotropies  of  interfacial  mobility. 

Thus,  the  question  of  solid-solid  interfacial  structure 
and  its  relationship  to  interfacial  mobility  (and  aniso¬ 
tropy  of  interfacial  mobility)  takes  preeminence.  Many 
of  the  main  points  of  this  article  will  be  illustrated 
through  specific  examples;  the  characterization  of  inter¬ 
facial  structure  through  high-resolution  microscopy  has 
developed  into  a  high  art  in  the  past  few  decades,  but 
the  number  of  observations  that  speak  directly  to  the 
question  of  migration  modes  and  mobilities  of  the  same 
interfaces  is  remarkably  few.  Many  of  these  studies  are 
due,  directly  or  indirectly,  to  Aaronson  and  his  co¬ 
workers.111 

When  one  speaks  of  mobility  as  a  property  of  an  inter¬ 
phase  boundary,  it  is  implied  that  there  exists  some 
unique  response  function  that  relates  the  speed  of  bound¬ 
ary  migration  to  an  imposed  normal  force  per  unit  area, 
or  pressure.  This  function  in  general  will  be  influenced 
by  the  structure  and  migration  modes  of  the  boundary, 
and  these  will  often  in  turn  be  strong  functions  of  the 
crystallographic  parameters  (structures  and  lattice  pa¬ 
rameters  of  parent  and  daughter  phases,  orientation 
relationship,  and  interface  orientation)  attending  the 
phase  transformation.  In  certain  cases,  the  form  of  the 
response  function  will  also  depend  on  the  magnitude  of 
the  force  itself.121  Finally,  it  seems  that  finite  perturba¬ 
tions  or  singularities  are  often  needed  to  permit  the  mi¬ 
gration  of  simple  interphase  boundaries. 
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The  concept  of  a  “force”  for  interface  migration  also 
requires  examination.  It  is  conventional  practice  to  re¬ 
gard  the  components  of  a  normal  force  for  interface  mi¬ 
gration  as  being  additive  and  derived  from  several 
distinct  sources.  Thus,  for  example,  one  speaks  of  a  cap¬ 
illary  force,  expressed  as  the  product  of  the  specific  sur¬ 
face  free  energy  cr  and  the  interface  curvature  K.  Other 
forces  of  a  chemical,  mechanical,  or  frictional  nature 
have  been  invoked  and  a  local  force  balance  applied  to 
the  moving  boundary.13,41  This  concept  has  been  ex¬ 
tended  in  several  recent  treatments  to  include  both  the 
finite  thickness  of  the  interface  and  the  nature  of  diffu¬ 
sional  processes  within  the  interfacia]  region.151  It  has 
also  been  challenged,161  on  the  basis  that  the  coupling 
mechanism  of  the  force  to  the  migration  process  is  not 
always  evident.  The  formalism  remains  of  conceptual 
value,  but  clearly  does  need  further  examination  in  terms 
of  its  generality  of  application. 

This  article  addresses  the  nature  of  the  discontinuity 
at  an  interface  between  structurally  dissimilar  crystalline 
phases.  However,  in  the  context  of  diffusional  phase 
transformations,  it  may  be  important  to  note  first  that  a 
chemical  concentration  difference  will  generally  be  pres¬ 
ent,  and  coincident  or  nearly  coincident  with  the  struc¬ 
tural  discontinuity.  The  “pure”  chemical  phase 
boundary,  perfectly  coherent,  has  been  described  in  its 
equilibrium  condition  by  Cahn  and  Hilliard,171  and  its  ki¬ 
netic  response  has  been  modeled  by  Langer  and 
Sekerka.181  These  elegant  treatments,  arguably  the  most 
complete  descriptions  of  a  phase  interface,  yield  insight 
into  the  behavior  of  the  fully  coherent  interface  between 
structurally  similar  or  identical  phases.  They  represent 
the  opposite  extreme  of  the  cases  dealt  with  here,  and 
they  remind  us  of  the  existence  of  a  chemical  component 
capable  of  contributing  to  the  anisotropy  of  interface 
properties,  and  perhaps  not  generally  separable  from  the 
structural  component.  For  the  present  purpose,  we  will 
isolate  the  “pure”  structural  boundary,  so  that  the  prob¬ 
lem  becomes  geometrical.  Because  it  ignores  the  chem¬ 
ical  differences,  it  is  unlikely  that  any  such  approach, 
informative  as  it  may  be,  will  yield  results  of  complete 
generality. 
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II.  SYSTEMS  EXHIBITING  TWO- 
DIMENSIONAL  MATCHING 

We  will  first  consider  systems  where  the  habit  plane 
is  one  which  admits  the  perfect,  or  nearly  perfect, 
matching  of  the  two  structures.  Two  prototypical  sys¬ 
tems  are  chosen  for  discussion:  O'  in  Al-Cu  and  y'  in 
Al-Ag. 

Precipitation  from  a  Al-Cu  solid  solution  has  received 
perhaps  more  attention  from  experimentalists  than  any 
other  system.  The  planar  interfaces  (habit  planes)  of  te¬ 
tragonal  O'  precipitates  are  often  found  to  be  fully  co¬ 
herent.  These  interfaces  hold  rigidly  to  a  {100}„ 
orientation;  extrinsic  defects  in  the  form  of  ledges  are 
necessary  for  the  motion  of  the  habit  plane,  which  occurs 
by  a  lateral  mechanism.  Growth  is  therefore  extremely 
anisotropic,  so  much  so  that  newly  grown  plates  have 
aspect  ratios  far  from  equilibrium  and  determined  in  part 
by  the  anisotropy  of  mobility  of  the  interphase  inter¬ 
faces.  The  origin  and  nature  of  the  growth  ledges  (or  the 
similar  edges  of  the  platelike  precipitates)  have  been 
studied  in  some  detail. I9,10,111  In  recent  discussions,112131 
the  elastic  properties  of  growth  ledges  on  these  precip¬ 
itates  and  the  nature  and  magnitude  of  the  elastic  inter¬ 
actions  between  ledges  were  examined  as  a  function  of 
elastic  misfit  components  perpendicular  to  and  parallel 
to  the  habit  plane. 

By  first  considering  systems  where  the  misfit  is  one¬ 
dimensional  and  perpendicular  to  the  habit  plane,  we  can 
demonstrate  certain  useful  principles.  Referring  to 
Figure  1 ,  which  is  a  schematic  intersection  of  two  struc¬ 
tures  with  one-dimensional  misfit  perpendicular  to  the 
habit  plane,  it  is  seen  that  periodicities  may  occur  in  the 
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Fig.  1  —  Schematic  intersection  of  two  structures  exhibiting  planar 
structural  matching.  Five  interplanar  spacings  in  a  correspond  exactly 
to  four  such  spacings  in  /3,  leading  to  O-planes  spaced  h  apart.  The 
misfit  in  the  vertical  c  direction  can  be  accommodated  entirely  by  a 
“screened”  edge  dislocation,  with  Burgers  vectors  aligned  in  the 
c  direction.  A  transformation  ledge  of  height  h  would  then  require  the 
climb  of  the  misfit  dislocation  for  its  motion. 


direction  of  the  misfit.  Adopting  Bollman’s  terminol¬ 
ogy,1141  the  planes  of  best  matching  are  termed  O-planes. 
The  spacing  of  these  planes  will  give  an  indication  of 
the  plate  (or  growth  ledge)  thickness  (or  height)  corre¬ 
sponding  to  optimum  matching  between  structures  in  the 
direction  normal  to  the  O-planes,  and  this  distance  will 
correspond  to  an  absolute  minimum  in  the  elastic  misfit 
associated  with  a  growth  ledge. 

Thus,  in  the  case  illustrated  in  Figure  1,  where  there 
is  a  perfect  matching  of  every  five  interplanar  spacings 
of  a  with  four  spacings  of  /3,  we  can  expect  the  misfit 
to  be  accommodated  completely  by  a  prismatic  dis¬ 
location  loop.  There  will  be  no  long-range  strain  field 
associated  with  the  growth  ledge  of  height  h,  however, 
and  we  will  therefore  term  this  misfit-accommodating 
dislocation  “screened.” 

Note  that  it  is  not  generally  possible  to  achieve  perfect 
matching  in  the  direction  of  misfit  (especially  if  growth- 
ledge  heights  are  restricted  to  relatively  small  numbers 
of  structural  units)  and  that  a  residual  elastic  misfit  (er) 
will  exist,  as  suggested  by  the  schematic  diagram  shown 
in  Figure  2.  Precipitate  thicknesses  or  ledge  heights  that 
minimize  this  elastic  component  of  the  energy  will  tend 
to  be  favored,  especially  for  interfaces  nearer  equilib¬ 
rium  with  respect  to  diffusion,  e.g.,  those  formed  during 
coarsening,  as  studied  by  Sargent  and  Weatherly.191  In  a 
study  of  the  distribution  of  ledge  heights  on  O'  precipi¬ 
tates  during  initial  growth  from  solid  solution,  Stobbs 
and  Purdy  encountered  a  number  of  ledges  that  did  not 
correspond  to  this  minimum  in  the  elastic  energy,  but 
which  were  identified  with  other,  shallower  minima.1111 
Following  the  procedures  used  in  a  previous  treatment 
of  elastic  misfit  and  its  effect  on  interactions  among 
growth  ledges,  we  can  simulate  the  residual  elastic  misfit 
normal  to  the  habit  plane  in  terms  of  virtual  dislocations 
(with  b  =  erd,  where  d  is  the  distance  between  virtual 
dislocations)  and,  in  the  current  nomenclature,  these  will 
be  termed  “unscreened”  to  indicate  that  they  carry  a 
long-range  strain  field.  For  smaller  ledge  heights,  it  is 
appropriate  to  associate  a  single  virtual  dislocation  with 


Fig.  2  — In  this  case,  the  misfit  is  taken  up  by  an  edge  dislocation, 
as  in  Fig.  1  (dashed  line),  which  coexists  with  a  residual  elastic  misfit 
(£r).  This  residual  component  of  misfit  can  be  simulated  in  approxi¬ 
mation  by  a  virtual  “unscreened”  edge  dislocation  loop  with  Burgers 
vector  of  magnitude  \s,h\. 
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each  growth  ledge,  in  which  b  =  eTh.  Then  a  transfor¬ 
mation  ledge  might  have  an  associated  misfit- 
compensating  real  (screened)  dislocation  as  well  as  a 
residual  misfit,  represented  by  an  unscreened  virtual 
dislocation. 

Treating  the  systematics  of  the  situation  more  for¬ 
mally,  we  begin  with  the  general  definition  of  an  in¬ 
variant  plane  transformation1151 

5  =  7  =  ev'  [1] 


where  v  is  the  normal  to  the  invariant  plane;  if  v  is  a 
unit  vector,  then  e  defines  the  displacement  associated 
with  v.  Indeed,  the  displacement  due  to  the  transfor¬ 
mation  of  any  vector  is  parallel  to  e  and  I  is  the  identity 
matrix. 

Suppose  a  Burgers  vector  b,  is  parallel  to  e.  An 
O-plane  defined  by  any  two  vectors  from  the  set  x°  can 
then  be  determined  from 

7x°  =  b!  [2a] 

with 

T  =  I-S~'  [2b] 


if  lattice  1  is  taken  as  the  reference  lattice.  It  can  be 
shown  that  the  O-plane  is  normal  to  v  and  has  a  spacing 

,  (1  +  A)  N 

e 


where  A  =  v  •  e.  For  the  special  case  where  b,  ||  v,  and 
hence  b,  ||  .Sb, ,  the  spacing  of  the  O-planes  is  simply 
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[4a] 


where 

Ab=  |b2|  -  |b,|  =  b,-e  [4b] 


Here,  e  represents  the  average  strain  normal  to  the  habit 
plane.  We  next  define  l/|e|  =  m  +  s,  with  |s|  <  0.5 
and  m  a  positive  integer.  Then,  with  Ab  <  0,  h0  = 
(m  +  5,)jb2J  =  (m  -  1  +  j)|b,|. 

The  minimum  height  of  the  semicoherent  step  is  likely 
to  be  m|b2|  vsirn  -  l)|b,|.  When  s  A  0,  these  quantities  are 
not  equal;  there  will  be  a  residual  strain  (i‘/m)(Ab/|b2|) 
normal  to  the  terrace.  (This  residual  strain  will  generally 
be  smaller  than  that  of  a  coherent  single-layer  step.)  The 
step  may  then  be  represented  by  a  real  screened  dis¬ 
location,  and  an  unscreened  virtual  dislocation  with 
Burgers  vector  sAb  normal  to  the  terrace. 

A  more  stable  semicoherent  step  may  consist  of 
several  layers  of  near-matching  planes  such  that  the  re¬ 
sidual  strain  is  further  reduced.  We  further  defined  5  = 
(/  +  q)/n,  with  n  and  /  integers  and  \q\  <  1.  The  height 
of  the  multilayer  is 

hm  =  (mn  +  l  +  #)|b2|  =  ( mn  -  n  +  l  +  <?)|b,|  [5] 


The  residual  strain  associated  with  a  step  of  height  ( mn 
+  Z)jb2|  vs  ( mn  —  n  +  /) | b \ |  is  {q/(nm  +  /}{|Ab|/|b2|} 
with  \q/(nm  +  1)|  <  1.  It  seems  that  much  of  the  known 
behavior  of  6’  in  Al-Cu  is  covered  by  these  consider¬ 
ations.  Assuming  that  the  atomic  correspondence  within 
the  habit  plane  is  [002V  vs  [001]Q  and  therefore  |b2|  = 


2.9  A,  |b]|  =  4.04  A,  we  have  estimated  the  first  inter- 
planar  spacing  as  10.27  A  (|e|  =  0.28,  m  =  4,  s  = 
-0.46).  Rather  large  step  heights  of  approximately  2  nm 
are  commonly  observed,  and  these  correspond  to  two 
planes  (n  =  2,1=  -1  ,q  =  0.088)  with  an  elastic  strain 
of  0.5  pet.  This  strain  is  concentrated  at  the  growth 
ledge,  leaving  the  terraces  essentially  strain  free. 
Smaller  steps  have  also  been  reported,  with  considerably 
higher  strains  (-4.5  pet)  corresponding  to  more  “meta¬ 
stable”  elastic  energy  minima.1111  These  observations  are 
confirmed  by  the  more  recent  studies  of  Dahmen  and 
Westmacott,1161  who  further  consider  possible  detailed 
unit  processes,  conservative  and  nonconservative,  of 
ledge  migration  in  this  system.  They  note  that  the  basic 
principles  underlying  the  proposed  growth  modes  are  the 
minimization  of  shape  and  volume  strain.  Thus,  certain 
of  their  models  involve  coupled  unit  ledges  with  equal 
and  opposite  shear  components,  which  cancel  one  an¬ 
other,  and  net  displacements  in  the  direction  perpendic¬ 
ular  to  the  habit  planes. 

As  noted  previously,  the  residual  elastic  strains  can  be 
modeled  in  approximation  using  “unscreened”  virtual 
dislocations.  They  will  often  be  responsible  for  long- 
range  elastic  interactions  among  growth  ledges  and  for 
the  main  strain  contrast  associated  with  images  of  ledges 
in  transmission  electron  microscopy  (TEM). 

We  also  note  in  passing  that  there  is  some  evidence 
in  this  system  for  faceting  of  the  precipitate  edges  and 
those  of  ledges,  both  of  which  tend  to  lie  along  (100)„ 
directions,  particularly  for  growth  under  conditions  of 
low  supersaturation.  This  point  invites  further  systematic 
experimental  study,  as  it  appears  that  this  faceting  be¬ 
havior  is  lost  at  higher  supersaturations. 

A  second  well-studied  case  with  planar  matching  is 
the  precipitation  of  hexagonal  close-packed  (hep) 
y’  plates  in  a  Al-Ag  face-centered  cubic  (fee)  solid  so¬ 
lution.1171  Here,  the  structural  matching  is  in  some  ways 
simpler  than  that  for  6' ,  discussed  earlier.  The  stacking 
of  closed-packed  planes  in  the  precipitate  differs  from 
that  of  the  matrix,  in  the  sense  that  two-thirds  of  the 
precipitate  planes  are  sheared  with  respect  to  their  matrix 
counterparts;  unlike  the  previous  example  of  6'  in 
Al-Cu,  the  main  atomic  displacements  are  parallel  to  the 
habit  plane  segments,  rather  than  normal  to  them.  The 
plates  were  found  by  Liu  and  Aaronson  to  give  rise  to 
reliefs  on  a  prepolished  surface1181 — clear  indication  that 
shears  can  result  from  the  cumulative  diffusional  motion 
of  ledges  possessing  an  associated  shear  component. 
However,  within  the  interior  of  a  specimen,  it  seems  that 
there  is  no  macroscopic  shear  associated  with  the  trans¬ 
formation,  and  that  the  individual  a/ 6(1 12)  Shockley 
partial  transformation  dislocations  are  constrained  to 
have  their  Burgers  vectors  distributed  in  such  a  way  that 
they  sum  to  zero.117,191 

One  next  asks  the  question:  What  can  the  study  of  the 
geometrical  intersection  of  the  two  structures  tell  us 
about  the  growth  process?  Noting  that  the  interplanar 
(basal  plane)  spacing  (here  termed  <f>)  in  the  y'  phase  is 
rather  close  to  the  corresponding  {111}  spacing  in  the 
parent  phase  (within  about  2  pet1201),  and  that  the  two 
structures  are  brought  into  near-coincidence  every  6(f>, 
we  might  expect  the  unit  transformation  ledge  height  to 
be  equal  to  6 <j).  This  is  a  very  incomplete  picture,  as 
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demonstrated  by  a  number  of  TEM  studies.121,221  The 
most  recent  and  elegant  of  these  is  due  to  Howe, 
Dahmen,  and  Gronsky,1191  who  confirm  that  this  element 
of  transformation  is  dissociated  into  Shockley  partial  dis¬ 
locations  spaced  2 4>  apart  in  the  c  direction  and  distrib¬ 
uted  such  that  their  shear  components  sum  to  zero.  Thus, 
we  can  consider  that  the  individual  Shockley  growth 
ledges  are  unscreened,  but  that  the  shear  components  of 
the  precipitate  edges  or  of  ledges  of  height  6<£  will  be 
self-screened.  Howe  et  al.im  also  present  evidence  for 
a  terrace-ledge-kink  growth  structure,  indicating  that  the 
edges  of  the  ledges  are  coherent,  and  suggest  that  the 
limiting  process  is  probably  related  to  the  diffusion  of 
silver  atoms  across  kinks  in  partial  dislocation  ledges. 

We  conclude  that  certain  features  of  transformation 
ledges  can  often  be  inferred  directly  from  the  study  of 
the  intersection  of  the  two  structures,  but  that  the  de¬ 
tailed  transformation  process  cannot  generally  be  pre¬ 
dicted.  Bollman’s  O-lattice  approach  has  been  of  value 
in  the  rationalization  of  precipitate  habit  planes  and,  as 
we  will  note  in  Section  III,  as  an  aid  in  envisioning  in 
a  rather  idealized  and  simplified  way  the  essential  ele¬ 
ments  of  interfacial  structures.  When  coupled  with  the 
general  requirement  that  strain  energy  be  minimized 
within  the  degrees  of  freedom  available  to  the  system, 
the  geometrical  theory  can  give  limited  but  useful  in¬ 
sights  into  the  probable  modes  of  growth  of  faceted 
precipitates. 


III.  SYSTEMS  EXHIBITING 
LINEAR  MATCHING 

It  is  often  observed  that  the  habits  of  platelike  precip¬ 
itates  formed  by  diffusional  processes  from  structurally 
dissimilar  parent  crystals  contain  an  invariant  line  of  the 
transformation.123,241  Indeed,  many  of  the  articles  in  this 
symposium  are  devoted  to  this  topic. 

We  have  recently  reported  on  experimental  studies  of 
the  structure  of  the  Widmanstatten  a/ (3  habit  plane  inter¬ 
face  in  a  Zr-2.5Nb  alloy  and  on  the  crystallographic  data 
relevant  to  this  transformation.1251  In  analyzing  these  re¬ 
sults,  we  have  hypothesized  that  the  optimum  orientation 
relation  is  that  (invariant  line  orientation  relation)  which 
minimizes  the  interfacial  misfit  in  the  habit  plane.126,271 
In  the  general  invariant  line  orientation,  it  is  quite  pos¬ 
sible  that  no  periodic  array  of  O-lines  (lines  of  best 
matching,  or  extended  O-lattice  points)  exists.  The 
search  for  an  optimum  misfit  is  therefore  confined  to 
those  orientation  relationships  that  admit  of  a  habit  plane 
containing  O-lines;  the  habit  plane  selected  is  the  pri¬ 
mary  O-lattice  plane  with  the  smallest  interplanar  spac¬ 
ing  and,  by  inference,  the  largest  interdislocation 
spacing.*  In  this  plane,  the  misfit  is  highly  concentrated 

*The  primary  O-lattice  plane  is  defined  as  that  O-lattice  plane  as¬ 
sociated  with  the  closest-packed  plane  of  the  reference  lattice.1361 


and  can  in  principle  be  accommodated  completely  by  a 
single  set  of  dislocations  which  alternate  with  the 
O-lines,  as  suggested  by  Figure  3.  Figure  4  shows  a 
cross  section  of  a  lath-shaped  a  precipitate. 

The  comparison  of  this  analysis  with  the  experimental 
data  is  summarized  in  Table  I.  The  (irrational)  habit 


Fig.  3  —  An  array  of  O-lines  (shown  here  as  full  lines),  generated 
through  the  geometrical  intersection  of  the  two  structures.  The  O-lines 
alternate  with  misfit-accommodating  (screened)  dislocations  in  the 
habit  plane.  A  transformation  ledge  is  also  shown,  which  carries  its 
own  edge  dislocation  (also  screened),  and  whose  lateral  motion  is 
required  for  the  advance  of  the  habit  plane  interface.  Ledge  faces 
lying  parallel  to  the  O-lines  (p)  are  expected  to  experience  stronger 
periodicities  in  their  migration  than  those  (shaded)  lying  normal  to  the 
O-lines  (n). 


Fig.  4 — TEM  micrograph  of  an  a  lath,  isothermally  grown  from  a 
j3  at  650  °C  in  a  Zr-llNb  alloy.  The  top  surface  is  the  habit  plane, 
characterized  by  regularly  spaced  linear  defects  approximately  10  nm 
apart  and  lying  parallel  to  the  invariant  line  (see  Table  I).  A  series  of 
widely  spaced  growth  steps  in  the  habit  plane  is  also  imaged,  as  is  a 
more  complex  array  of  linear  and  curvilinear  defects  in  the  lath  edge 
lying  parallel  to  the  invariant  line,  g  =  (01 1)^. 


plane  is  indeed  characterized  by  a  single  set  of  misfit 
dislocations,  whose  direction  is  coincident  with  the  op¬ 
timal  invariant  line  and  whose  spacing  in  the  habit  plane 
is  equal  to  the  calculated  distance  between  the  O-lines 
(—10  nm).  The  micrographs  in  Figures  4  and  5  attest  to 
the  rather  perfect  dislocation  structure  of  the  undeviated 
habit  plane  interface.  These  dislocations  are  found  to 
have  Burgers  vectors  of  the  type  ( 1 00)^,  nearly  perpen¬ 
dicular  to  the  dislocation  line  direction.  The  full  geo¬ 
metrical  characterization  of  the  habit  plane  interface1281 
indicates  that  there  exist  “structural  ledges”  running  ap¬ 
proximately  perpendicular  to  the  invariant  line. 

We  note  that  it  may  not  always  be  possible  to  find 
appropriate  direct  interatomic  vectors  in  the  habit  plane 
to  serve  as  Burgers  vectors  for  the  misfit- 
accommodating  dislocations  and  that  significant  out-of- 
plane  components  may  be  geometrically  necessary,  even 
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Table  I.  Comparison  of  Experimental  and  Calculated  Results 
for  the  Widmanstatten  Habit  Plane  Interface;  a  in  p  Zr-Nb 


hcp(a)/bcc(/3) 

Orientation 

Relationship 

Habit  Plane 

Invariant  Line 
(Dislocation  Direction) 

Burgers 

Vector 

Dislocation 

Spacing 

Experimental 

(0  0  0  1).  ~  //(l  1  0), 

[1  1  —2  0]„  ~  //[  1  -1  1], 

(3.0  -2.2  -3.0), 

[2.0  -1.0  2.5], 

[0  1  0], 

—9.5  to  10  nm 

Theory 

y  =  -0.290  deg; 

cf>  =  1.015  deg;  8  =  —2  deg 

(3  -2.16  -3.05), 

[2  -1.02  2.69], 

[0  1  0], 

9.9  nm 

Fig.  5 —  An  undeviated  habit  plane  interface,  viewed  in  plan,  indi¬ 
cating  the  extremely  regular  nature  of  the  linear  interfacial  defects. 
*  =  (101),. 


though  this  will  not  contribute  to  the  accommodation  of 
misfit.  Thus,  just  as  we  have  insisted  earlier  that  the  in¬ 
variant  line  correspond  physically  to  an  O-line,  we  now 
require  that  real  interatomic  vectors  be  available  to  ac¬ 
commodate  misfit  efficiently.  In  some  cases,  the  choice 
of  habit  plane  may  be  influenced  by  this  second 
criterion. 

Continuing  in  a  general  sense,  we  note  that  the  habit 
plane  interface  defined  by  these  geometrical  consider¬ 
ations  will  normally  possess  very  low  symmetry.  One 
needs  only  to  examine  the  symmetry  of  intersection  of, 
say,  fee  and  body-centered  cubic  (bcc)  crystals  in  the 
Kurdjumov-Sachs  orientation  relationship  to  see  that 
nearly  all  of  the  symmetry  elements  of  the  individual 
structures  are  lost  in  the  intersection.  Thus,  the  two  ex¬ 
amples  of  Section  II,  in  which  two-dimensional  struc¬ 
tural  matching  occurs  on  high-symmetry  of  the  habit 
plane  is  that  crystallographic  degeneracy  of  Burgers  vec¬ 
tors  of  the  transformation  dislocations  (as  found  in  the 
Al-Ag  system)  will  also  be  the  exception,  rather  than 
the  rule.  Further  consequences  arise  when  we  consider 
the  nature  of  possible  transformation  ledges  in  these 
invariant-line  transformations. 

We  turn  next  to  consideration  of  these  ledges  and  their 
properties.  Since  we  have  selected  the  habit  plane  as  that 
primary  O-lattice  plane  containing  maximal  spacing  be¬ 
tween  O-lines,  the  normal  spacing  between  primary 
O-lattice  (habit)  planes  would  seem  a  reasonable  choice 
for  the  transformation  ledge  height,  as  suggested  by 
Figure  3.  However,  as  in  the  previous  discussion  of 
plane-matching  systems,  we  must  distinguish  between 
the  cases  where 


(a)  the  spacing  of  adjacent  habit  planes  and  any  micro¬ 
scopic  translations  parallel  to  the  habit  plane  are  such 
that  the  misfit  can  be  accommodated  completely  by 
(screened)  misfit  dislocations  and 

(b)  real  (unscreened),  misfit  dislocations  coexist  con¬ 
ceptually  with  virtual  (unscreened)  dislocations. 

First,  let  us  consider  case  (a).  Figure  6  is  a  schematic 
section  of  an  O-lattice,  in  which  the  O-lines  are  viewed 
end-on  and  the  traces  of  the  primary  O-lattice  planes  of 
least  interplanar  spacing  are  shown  as  bold  lines.  We  see 
immediately  that  the  ledge  structure  is  not  symmetrical; 
growth  ledges  moving  to  the  right  and  to  the  left  have 


Fig.  6 — A  lattice  of  extended  O-points  (O-lines)  viewed  end-on.  The 
habit  plane  is  shown  as  the  primary  O-lattice  plane  with  the  smallest 
interplanar  (and  largest  interdislocation)  spacing.  A  transformation 
step  of  height  h  would  contain  a  single  dislocation  and  possess  no 
long-range  strain  field. 
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Fig.  7  —  Schematic  illustration  of  the  ledge  structure  of  a  habit  plane 
interface,  suggesting  that  for  a  ledge  face  lying  parallel  to  the  invari¬ 
ant  line,  double-kink  nucleation  is  required  to  bring  the  ledge  element 
into  a  new  equilibrium  position. 


different  rise  orientations  with  respect  to  the  habit  plane, 
but  the  same  height,  h.  It  is  also  apparent  that  in  the 
general  case,  the  face  of  the  transformation  ledge  joining 
O-lines  is  not  perpendicular  to  the  habit  plane. 

Again,  from  Figure  6,  which  shows  two  orientations 
of  a  transformation  ledge  on  the  habit  plane,  along  with 
the  misfit-accommodating  dislocations,  a  further  distinc¬ 
tion  becomes  apparent.  Those  ledge  risers  which  lie  par¬ 
allel  to  the  O-lines  (and  to  the  primary  misfit 
dislocations)  will  necessarily  experience  strongly  peri¬ 
odic  energy  profiles  as  a  function  of  the  distance  from 
the  primary  misfit  dislocations.  We  expect  that  the  equi¬ 
librium  configurations  for  ledges  in  this  orientation  will 
be  straight  and  parallel  to  the  O-lines  by  torques  whose 
magnitudes  depend  as  usual  on  the  variation  of  ledge 
energy  with  orientation.  The  main  effect  of  these  torques 
will  be  to  see  that  the  motion  of  these  ledges  tends  to 
proceed  by  the  motion  of  kinks,  as  suggested  by 
Figure  7  and  by  the  micrographs  of  Figure  8. 
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Fig.  8  —  TEM  micrographs  illustrating  the  morphologies  of  growth  ledges  on  Widmanstatten  a  lath  habit  plane  interfaces  in  Zr-2.5Nb.  (a)  A 
regular  array  of  growth  ledges;  in  general,  these  ledges  are  observed  to  terminate  at  the  foil  surface,  or  at  the  matrix  dislocation  (out  of  contrast 
in  this  image),  g  =  (II 0)e .  ( b )  Growth  ledges  on  a  lath  a  precipitate.  Note  that  the  ledges  appear  to  “lock”  into  the  invariant-line  orientation 
at  the  sides  of  the  lath,  g  =  (1 10)^.  (c)  Images  of  kinks  (arrows)  on  growth  ledges.  The  kinks  become  more  pronounced  as  the  invariant-line 
orientation  is  approached,  and  the  kink  height  appears  to  be  equal  to  the  spacing  between  interfacial  dislocations,  g  =  (110)p.  (d)  An  a/p  interface 
viewed  along  the  invariant  line,  demonstrating  the  repeatability  of  the  transformation  ledge  height  (approximately  2  nm).  g  =  (1212)„. 
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In  contrast,  those  ledge  segments  lying  perpendicular 
to  the  O-lines  (including  the  kink  interface)  will  expe¬ 
rience  much  weaker  periodicities  in  their  motion  and  will 
more  likely  be  capable  of  uniform  diffusional  motion. 
Ledge  interfaces  rotated  from  the  O-line  orientation  will 
contain  kinks  as  a  (geometrically)  necessary  part  of  their 
structure,  but  ledge  interfaces  lying  parallel  to  the 
O-lines  must  somehow  acquire  kinks,  e.g.,  by  a  nucle- 
ation  process.  This  strongly  suggests  that  there  must  be 
different  mobilities  for  the  two  orientations  of  ledge,  and 
this  difference  should  tend  to  favor  the  development  of 
lath  morphologies  with  the  long  axis  of  the  lath  parallel 
to  the  invariant  line.  (Of  course,  this  tendency  might  also 
be  favored  by  other  factors,  such  as  the  elastic  misfit  of 
the  entire  precipitate.)  Similar  arguments  have  been  ad¬ 
vanced  by  Prabhu  and  Howe[29'30)  and  supported  by  ref¬ 
erence  to  experiments  on  Al-Ag  alloys. 

A  second  inference  that  can  be  drawn  from  the  model 
concerns  the  possibility  of  a  macroscopic  shear  associ¬ 
ated  with  the  growth  of  the  plate.  It  is  known  that  many 
diffusional  precipitates  generate  shear  strains,  or  tilts, 
where  they  intersect  a  previously  planar  surface.  If  the 
transformation  ledges  contain  a  shear  component,  the 
cumulative  effect  of  the  emergence  of  like  ledges  at  a 
free  surface  will  be  to  generate  shear-type  reliefs,  re¬ 
gardless  of  the  actual  mechanism  of  ledge  migration.  If 


the  (plastic)  deformation  causing  the  relief  is  accom¬ 
panied  by  substantial  elastic  deformation,  creep  pro¬ 
cesses  will  tend  to  moderate  the  surface  relief  in  time.1311 

We  turn  next  to  case  (b).  Recalling  that  the  preceding 
discussion  has  assumed  that  a  lattice  of  extended 
O-points  (O-lines)  exists  (in  the  sense  of  Figure  3)  and 
that  the  semicoherent  ledges  have  no  unscreened  elastic 
strain  fields,  we  ask  if  this  condition  is  likely  to  be  gen¬ 
eral.  By  analogy  with  the  case  of  6'  in  Al-Cu,  it  seems 
that  it  is  much  more  likely  that  some  unscreened  elastic 
strain  is  necessary  to  recreate  the  terrace  structure  on 
either  side  of  the  transformation  ledge.  The  choice  of 
transformation  ledge  character  then  becomes  ambiguous. 
Figure  9(b)  is  a  schematic  indication  of  the  need  for  fur¬ 
ther  components  of  deformation  required  to  accomplish 
the  condition  of  structural  similarity;  the  ledge  becomes 
a  center  of  unscreened  elastic  strain.  We  believe  that  this 
is  the  case  for  the  example  of  a//3  Zr-Nb  for  two  rea¬ 
sons.  First,  our  calculations  admit  of  no  opportunity  for 
establishing  structural  equivalence  on  adjacent  terraces 
in  the  absence  of  residual  strain;  and  second,  the  ledges 
do  possess  long-range  strain  fields,  as  determined  using 
appropriate  images  in  conventional  TEM. 

To  continue  with  discussion  of  the  calculations, 
based  on  studies  of  the  geometry  of  several  hcp/bcc 
and  fcc/bcc  systems,  we  have  determined  that  a 


(a) 


(b) 


Fig.  9  —  (a)  Schematic  illustration  of  the  general  transformation  ledge  for  the  case  of  no  residual  distortion.  The  habit  plane  is  again  characterized 
by  misfit  dislocations  lying  parallel  to  an  invariant  line,  and  the  ledge  is  shown  in  its  equilibrium  position.  ( b )  For  the  case  where  the  ledge 
defect  is  insufficient  to  accommodate  the  total  displacement  required  to  replicate  the  terrace  structure  on  either  side  of  the  transformation  ledge, 
a  residual  long-range  elastic  strain  field  is  developed. 
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two-dimensional  array  of  O-lines  is  not  generally  avail¬ 
able.  We  can,  however,  always  obtain  a  single  set  of 
O-lines.  The  habit  plane,  which  is  the  plane  contain¬ 
ing  these  O-lines,  can  be  determined  from  Ag*,  with 
Ag*p  =  g*  -  g|,  where  g*  and  g^  represent  the  corre¬ 
lated  close-packed  (or  nearly  close-packed)  planes  in  the 
two  crystals.  Either  of  the  g*’s  must  contain  the  Burgers 
vector  that  defines  the  displacement  between  adjacent 
O-lines;  we  can  demonstrate  that  the  minimum  step 
height  is  given  by  the  smallest  value  of  l/|Ag*p|.  In  ad¬ 
dition  to  the  strain  accommodated  by  the  dislocations, 
there  will  generally  exist  unscreened  components  of 
strain,  both  parallel  and  perpendicular  to  the  terrace,  and 
necessary  to  recreate  the  terrace  structure  on  either  side 
of  the  ledge. 

We  therefore  take  the  probable  step  height  as 
l/|Ag*p|.  We  have  previously  noted  that  the  O-lattice 
planes  are  described  by  the  same  expressions  as  “moire 
planes,”  defined  by  Ag*  =  g*  -  g$  when  the  two  sets 
of  planes  are  related  by  the  transformation  strain. 126,271 
Thus,  the  experimental  study  of  moire  patterns  can  be 
of  help  in  identifying  the  probable  transformation  step 
height  as  well  as  the  habit  plane.  The  residual  compo¬ 
nents  of  misfit  will  be  responsible,  as  before,  for  a 
long-range  elastic  strain  field  associated  with  (and  con¬ 
centrated  at)  the  growth  ledge. 

We  believe  that  it  is  now  of  great  interest  to  study  the 
characteristics  of  growth  ledges  (in  terms  of  structure  as 
well  as  strain  fields)  in  more  complex  systems,  such  as 
Zr-Nb,  where  the  characterization  of  the  undeviated 
habit  plane  interface  is  now  well  advanced. 

IV.  CONCLUSIONS 

1.  The  structural  contribution  to  interphase-boundary 
properties  can  often  be  understood  on  purely  geo¬ 
metrical  grounds.  The  habit  plane  of  a  platelike  pre¬ 
cipitate  is  postulated  to  be  one  of  optimum  interfacial 
misfit.  Anisotropy  of  mobility  (of  habit  planes  vs  pre¬ 
cipitate  edges  and  ledges,  and  of  growth  ledges 
within  the  habit  plane)  is  considered  an  important  de¬ 
terminant  of  growth  morphology. 

2.  For  systems  exhibiting  planar  structural  matching,  it 
is  found  that  transformation  ledges  are  often  centers 
of  “unscreened”  elastic  strain,  joining  structurally 
equivalent  habit  plane  terraces.  A  similar  conclusion 
is  reached  for  systems  with  linear  matching. 

3.  Invariant  line  transformations  are  modeled  in  terms 
of  an  extended  O-lattice,  in  which  O-lines  alternate 
with  misfit-accommodating  dislocations  lying  paral¬ 
lel  to  the  invariant  line.  The  habit  plane  is  considered 
to  be  one  of  optimum  misfit,  with  consequent  max¬ 
imal  spacing  between  misfit-accommodating  defects. 
Transformation  ledges  will  experience  torques  that 
tend  to  rotate  the  ledges  into  the  invariant-line  ori¬ 
entation.  In  the  general  case,  the  transformation 
ledges  will  possess  a  short-range  strain  field,  and  a 
longer-range  strain  field  due  to  a  residual  component 
of  misfit.  The  transformation  ledges  can  interact  with 
habit  plane  misfit-accommodating  defects,  and  this 


interaction  may  be  important  in  considerations  of 
double  kink  nucleation  for  ledges  lying  parallel  to  the 
invariant  line.  An  operational  selection  rule  has  been 
proposed  for  the  transformation  ledge  height. 
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Ledges  and  Dislocations  in  Phase  Transformations 


J.P.  HIRTH 

The  coupling  of  dislocations  and  ledges  in  phase  transformations  is  considered  in  terms  of  the 
symmetry  of  phases  meeting  at  an  interface.  Growth  and  structural  ledges  and  a  variety  of 
dislocation  arrays  are  treated.  Symmetry  and  the  absence  of  long-range  strain  fields  alone  are 
shown  to  produce  few  restrictions  on  possible  interface  structures. 


I.  INTRODUCTION 

STEMMING  from  the  work  of  Gibbs,111  Kossel,121 
Stranski,131  and  Burton  et  al.m  on  the  role  of  ledges  in 
crystal  growth  from  the  vapor,  ledge  models  have  been 
developed  for  a  variety  of  diffusional  and  diffusionless 
phase  transformations  in  crystalline  solids.  The  concept 
of  structural  ledges,  introduced  to  minimize  the  inter¬ 
facial  free  energy,  has  also  appeared.151  In  many  cases, 
interfacial  dislocations  are  associated  with  the  ledges  and 
an  extensive  literature  has  evolved  in  the  description  of 
the  ledge/dislocation  interactions  as  reviewed  and  dis¬ 
cussed  in  References  6  through  12. 

These  concepts  are  related  to  the  prediction  of  the  habit 
plane  and  orientation  relationship  of  two  adjoining  phases. 
The  general  guidelines  to  such  theories  are  that  the 
mechanism  of  transformation  should  be  simple  (ledges, 
dislocations,  shuffles)  and  that  the  habit  planes  should 
have  low  interfacial  free  energy.  In  turn,  low  interfacial 
free  energy  has  been  associated  with  favorable  lattice 
matching  at  the  interface.  The  theories  broadly  fall  into 
three  categories.  The  first,  based  on  the  phenomenolog¬ 
ical  theory113,141  of  martensite  formation,  is  the  invariant 
line  theory. 115,16,171  The  second  is  the  theory  of  structural 
ledges,15,18,191  which  minimizes  the  atom  mismatch  in  the 
sense  of  broken  bonds  at  the  interface.  The  third  derives 
from  the  concepts  of  the  O-lattice  model120,211  and  of  the 
coincidence  site  lattice  and  displacement  shift  complete 
models.16,8,91  A  recent  symmetry  theory  developed  by 
Pond1221  and  based  on  the  union  of  the  crystal  symmetry 
of  the  two  crystals,  i.e.,  the  dichromatic  complex,  pro¬ 
vides  a  general  description  of  defects,  faults,  and  habit 
planes  that,  in  some  cases,  reduces  to  the  above  lattice 
models. 

A  succinct  comparison  of  these  theories,  except  for 
the  latter,  is  provided  by  Smith  and  Shiflet1231  and  by 
Howe  and  Smith,1241  a  treatment  that  is  the  starting  point 
for  the  present  work.  Here,  we  focus  on  the  equilibrium 
dislocation  stmcture  for  interfaces,  including  those  con¬ 
taining  ledges.  In  some  cases,  this  leads  to  the  expec¬ 
tation  of  deviations  from  a  simple  habit  plane  and 
orientation  relationship.  We  first  review  salient  features 
of  grain  boundary  theory  and  then  turn  to  dislocation/ 
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ledge  structures  for  several  classes  of  interfaces,  con¬ 
sider  ledge  bunching,  and  show  that  second-order  co¬ 
herency  effects  can  exist.  We  follow  many  earlier  workers 
and  treat  interfaces  that  are,  on  the  average,  planar  and 
with  unidirectional  ledge /dislocation  structures.  The  lat¬ 
ter  restriction  is  removed  in  some  instances  and,  in  any 
case,  the  two-dimensional  (2-D)  arrays  follow  the  same 
physical  principles.  Consideration  of  three-dimensional, 
curved,  or  faceted  second  phases,  with  attendant  more 
complicated  considerations  of  dislocation  formation  and 
matrix  dislocation  configurations,  is  beyond  the  scope  of 
the  present  work. 

II.  ARRAYS  OF  DISLOCATIONS 

The  treatment  of  the  equilibrium  structure  of  grain 
boundaries125,261  requires  some  modification  for  inter¬ 
faces.  For  illustration,  we  follow  the  specific  example 
in  Reference  27.  We  imagine  two  symmetrically  ledged 
vicinal  surfaces  (Figure  1(a))  brought  together  to  form  a 
symmetric  tilt  boundary  with  angle  of  tilt  6  (Figure  1(b)). 
As  discussed  subsequently,  the  Burgers  vector  content 
of  the  boundary  is  determined  by  means  of  a  circuit  in 
a  perfect  reference  lattice.  The  actual  dislocation  spacing 
D  is  related  to  that  in  the  reference  lattice  DR,  as  shown 
in  Figure  1(c).  The  skewed  dislocations  in  Figure  1(b) 
can  react  to  form  grain  boundary  dislocations,  as  in 
Figure  1(d).  As  discussed  by  Bullough,1281  the  relation¬ 
ships  among  the  above  quantities,  which  are  forms  of 
Frank’s  formula,1271  are 

Dr  =  b/2  tan  (6/2) 

D  =  b/2  sin  (0/2)  =  bj sin  6  [1] 

where  b  and  bg  are  the  Burgers  lengths  of  lattice  and 
grain  boundary  dislocations,  respectively. 

For  an  interface,  ledges  may  be  more  easily  formed 
in  one  of  the  phases  (Figure  2(a)).  The  interface  dis¬ 
location  array  formed  in  this  case  (Figure  2(b))  is  no 
longer  symmetric.  Indeed,  an  array  of  dislocations  of  type 
A  no  longer  forms  an  equilibrium  array  with  no  long- 
range  stresses,  and  dislocations  of  type  B  must  be  added 
to  create  an  equilibrium  array.  A  specific  example  of  this 
sort1271  is  depicted  in  Figure  3(a).  Simple  counting  in¬ 
dicates  that  there  are  n  =  7  dislocations  of  type  A  in  the 
interval  of  boundary  shown.  Construction  of  an  FS/RH 
Burgers  circuit1291  and  its  equivalent  in  the  perfect  ref¬ 
erence  lattice  (Figure  3(b)),  gives  the  total  Burgers  vec¬ 
tor  br  of  the  boundary.  Consistent  with  counting,  there 
are  seven  dislocations  with  Burgers  length  bA  and  one 
with  length  bB  in  the  boundary.  These  suffice  to  establish 
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[2] 


Fig.  i — Joining  of  ledged  surfaces  (a)  to  form  ( b )  a  symmetric  tilt 
boundary,  (c)  detail  of  section  of  boundary,  and  ( d)  boundary  rep¬ 
resented  by  grain  boundary  dislocations. 


an  equilibrium  array  in  the  sense  of  no  long-range  stresses 
in  the  isotropic  elastic  case.  The  array  would  have  one 
dislocation  of  type  B  every  eighth  dislocation  in  the  ex¬ 
ample  shown.  Also,  because  of  the  difference  in  both 
ledge  propensity  and  atomic  bonding  in  the  two  phases, 
a  symmetric  tilt  array  may  not  be  the  equilibrium  struc¬ 
ture  at  an  interface. 

The  spacing  of  dislocations  is  related  to  0  =  0,  +  02 
and  </>  =  6l  -  02  by  the  relations1271 


Fig.  2 — Joining  of  ledged  surfaces  ( a )  to  form  (b)  an  asymmetric  tilt 
boundary. 


DA  =  b/2  sin  (6/2)  cos  <f> 
Db  =  b/2  sin  (6/2)  sin  </> 


In  the  extension  to  interfaces,  the  Burgers  vectors  of  type 
A  dislocations,  in  general,  will  differ  in  the  two  phases, 
as  illustrated  in  Figure  4,  identical  to  Figure  3  except  for 
the  magnitude  of  ba.  In  this  case,  the  total  Burgers  vec¬ 
tor  in  a  and  j8  scales  as  tan  6{  and  tan  62,  respectively, 
so  Da  further  partitions  to127,301 


= 


Dap 


tan  0!  +  tan  62 
tan  0, 

tan  0j  +  tan  02 
tan  02 


ba/2  sin  (0/2)  cos  <f> 
bp/2  sin  (0/2)  cos  (j>  [3] 


For  a  twist  boundary,  a  square  array  of  screw  dis¬ 
locations,  as  in  Figure  5(d),  satisfies  equilibrium  in  the 
isotropic  elastic  case.  If  the  Burgers  vectors  of  one  of 
the  sets  of  dislocations  were  larger  by  some  factor,  the 
spacing  of  that  set  would  be  larger  by  the  same  factor 
in  the  equilibrium  array.  An  equilibrium  array  could  also 
be  produced  by  a  hexagonal  array  of  three  sets  of  screws 
with  equal  Burgers  lengths. 

For  low  symmetry  crystals,  the  examples  of  Figures  3 
through  5  may  not  be  possible.  For  example,  if  the  ft 
crystal  in  Figure  3  were  monoclinic,  the  only  dis¬ 
locations  with  a  tilt  component  might  also  perforce  have 
a  screw  component.  An  added  set  of  screw  dislocations 
would  then  be  required  to  compensate  for  the  elastic  field 
of  the  screw  components  of  the  mixed  (3  dislocations.  In 
such  a  case,  three  sets  of  dislocations  might  be  needed, 
but  three  would  suffice  for  a  general  boundary  if  the  strain 
components  with  plane  normals  in  the  boundary  were 
unconstrained.  In  general,  five  sets  of  dislocations  could 
be  required. 

Another  case  of  an  equilibrium  array  is  that  of  misfit 
dislocations.  In  the  well-known  case1311  of  crystals  with 
cube  habit  planes  misfitting  in  biaxial  tension/compression, 
the  equilibrium  array  is  a  square  grid  of  like-sign  edge 
dislocations  with  spacing  A  =  b  (a)/Aa.  Here,  (a)  and 
A  a  are  the  average  and  difference  in  the  two  respective 
lattice  (or  sub/superlattice)  parameters.  In  the  rare  case 
when  A  a  is  large,  >0.1  (a),  a  more  complicated  exact 
expression  is  needed  for  A. 1321  For  tetragonal  or  ortho¬ 
rhombic  habit  planes,  the  array  would  be  rectangular  with 
A  ,b,  a,  and  A  a  scaling  with  the  respective  in-plane  (100) 
direction. 

For  lower  symmetry  habit  planes  or  crystals,  in-plane 
shear  misfit  can  also  be  present.  The  misfit  relieving  array 
of  dislocations  can  be  described  by  the  reversible  hy¬ 
pothetical  path  of  formation  illustrated  in  Figure  5.  The 
same  model  is  useful  in  the  computation  of  the  misfit. 
We  consider  two  coincident  tetragonal  crystals  a  and  /3 
with  matching  (001)  surfaces  (Figure  5(a)).  These  crys¬ 
tals  are  then  deformed  to  a  cubic  reference  state  with  a 
lattice  parameter  d  that  is  the  average  of  the  parameters 
a  and  c  of  the  (001)  surface  (Figure  5(b)).  Crystal  /3  is 
then  rotated  with  respect  to  a  by  an  angle  0  (Figure  5(c)). 
This  rotation  can  be  accomplished  without  added  lattice 
strain  by  the  generation  of  an  orthogonal  set  of  right- 
handed  screw  dislocations  (Figure  5(d)).  The  spacing  D 
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of  the  dislocations  is  given  by  Eq.  [1],  The  line  direc¬ 
tions  of  the  dislocations  are  inclined  to  crystal  a  by  (6/2), 
and  the  spacing  decreases  with  increasing  6  to  a  mini¬ 
mum  value  at  6  =  irf 4.  For  greater  rotations,  symmetry 
indicates  that  6  in  Eq.  [1]  should  be  replaced  by  (tt/2) 
-  6  and  D  increases  with  increasing  6  until  a  dislocation 
free  state  is  restored  at  6  =  tt/2. 

The  crystals  are  then  returned  to  their  equilibrium  te¬ 
tragonal  shape  (Figure  5(e)).  This  does  not  change  the 
spacing  or  character  of  the  twist  array  in  Figure  5(d). 
However,  because  of  the  prior  rotation,  the  interface  strain 
of  the  two  crystals  relative  to  the  reference  cubic  crystal 
is  incompatible,  producing  misfit.  The  misfit  can  be  re¬ 
moved  by  a  set  of  orthogonal  misfit  dislocations 
(Figure  5(f)).  According  to  standard  grain  boundary  the- 
ory, [3o,33i  pne  directions  are  rotated  relative  to  the 
cube  axes  of  crystal  a  by  an  angle  of  (6/2)  and  they  are, 
in  general,  mixed  dislocations.  For  small  6,  however, 
they  are  close  to  screw  orientation  and,  as  indicated  in 
Figure  5(f),  are  of  mixed  sign,  right-,  and  left-handed 
screws.  The  spacing  A  of  the  misfit  dislocations,  to  be 
determined  subsequently,  decreases  monotonically  with 
increasing  6  to  a  minimum  value  at  6  =  tt/2.  Near  6  — 
tt/2,  as  shown  in  Figure  5(g),  the  misfit  is  a  state  of 
balanced  biaxial  tension  and  compression.  The  misfit 
dislocations  in  this  case  are  almost  pure  edge  in  character 
and  are  of  opposite  sign. 

For  an  arbitrary  degree  of  misfit  at  the  interface,  the 
in-plane  misfit  strain  tensor  can  be  decomposed  into  equal 
biaxial  stresses  and  a  pure  shear  stress.  The  appropriate 
misfit  dislocation  array  is  then  the  superposition  of  the 
traditional  edge  array1311  and  that  of  Figure  5. 

For  either  tilt  or  twist  boundaries  or  for  misfit  arrays, 
a  regular  spacing  is  not  stable  unless  D  or  A,  respec¬ 
tively,  is  an  integral  number  of  lattice  spacings.  If  D 
differs,  say  by  0.011ft,  from  such  an  integral  number, 
an  extra  misfit  dislocation  would  be  needed  every  100 
lattice  spacings  and  every  1000  spacings  for  equilibrium 
to  hold.  A  series  of  such  dislocations  of  ever  increasing 
spacing  would  be  required  if  the  above  difference  were 
irrational.  Locally,  however,  intervals  with  a  regular 
spacing  would  be  present. 


III.  STEPPED  INTERFACES 

We  follow  the  clear  exposition  of  Howe  and  Smith1241 
as  a  starting  point.  Figure  6(a)  shows  their  view  of  a 
ledge  in  an  otherwise  perfectly  matching  interface  be¬ 
tween  a  simple  cubic  (3  crystal  and  a  tetragonal  a  crystal. 
They  note  that  such  a  ledge  produces  atom  mismatching 
that  can  only  be  relieved  by  a  dislocation  and  suggest 
that,  therefore,  there  is  no  reason  for  such  a  ledge  to  be 
present  in  an  equilibrium  array,  though  it  could  be  pres¬ 
ent  as  a  growth  ledge.  We  pursue  this  point  and  dem¬ 
onstrate  that  the  ledge  can  be  part  of  an  equilibrium 
interface  structure,  albeit  perhaps  not  the  lowest  energy 
one,  if  a  rotation  is  involved  in  creating  the  equilibrium 
as  they  suggest.  There  is  no  constraint  against  the  relax¬ 
ation  of  the  ledge  to  the  configuration  of  Figure  6(b), 
which  has  ledge  character  with  height  h  =  (aa  +  a^)/ 2, 
translational  dislocation  character1341  with  Burgers  vector 
b,  =  8a,  and  corresponds  to  a  special  case  of  a  structural 


>  FS 


(ft) 


Fig.  3  —  Representation  of  asymmetric  tilt  boundary  in  (a)  real  crys¬ 
tals  a  and  and  (b)  perfect  reference  crystal. 

ledge.151  As  an  explicit  example,  we  consider  Aa  =  0.1 
(a).  In  terms  of  the  symmetry  theory  of  Pond,1221  see  also 
Pond  and  Hirth,1341  the  structurally  identical  regions  on 
either  side  of  the  ledge  in  Figure  6(b)  are  related  by  the 
exchange  symmetry  operation  W(R,  t).  In  the  present 
case,  the  rotation  R  =  17,  where  17  — »  0  for  a  single  ledge 
on  a  large  interface  region  and  the  translation  length  is 
given  by  t  =  (a)  —  ft,. 

An  array  of  such  ledges  is  depicted  in  Figure  7.  The 
dislocations  are  misorientation  dislocations  in  the  sense 
that  they  are  in  a  tilt  array.  Locally,  between  the  ledges, 
the  (001)  habit  plane  is  retained.  Yet  the  tilt  array  pro¬ 
duces  a  global  rotation  of  0.716  deg  so  that  the  average 
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boundary  has  become  a  (1  0  80)  boundary.  The  ledge 
offset  of  the  dislocations,  i.e.,  the  rotation  of  the  average 
interface  relative  to  a  pure  tilt  boundary,  has  the  con¬ 
sequence  that  the  array  is  of  the  type  illustrated  in  Figure 
2(b)  with  cj>  =  7.13  deg.  In  order  that  the  boundary  be 
an  equilibrium  array  with  no  long-range  stress  field,  per¬ 
fect  dislocations  of  the  type  denoted  as  B  in  Figure  7  are 
necessary,  with  D  given  by  Eq.  [1]  as  645a.  The  mag¬ 
nitude  of  the  global  rotation  scales  directly  with  b,  and 
inversely  with  the  ledge  spacing  DA,  while  DB  scales  in¬ 
versely  with  b,.  Hence,  arbitrary  rotations  about  the  low- 
index  (001)  habit  plane  are  possible  for  interfaces  in 
equilibrium  in  the  sense  of  having  no  long-range  strain 
fields.  An  unstepped  boundary  would  probably  have  the 
lowest  energy  in  the  example  given,  but  the  opposite  is 
not  impossible.  Indeed,  the  analysis  of  van  der  Merwe 
et  alP5]  indicates  that  unstepped  boundaries  are  favored 
for  large  misfits  and  small  values  of  the  misfit  dis¬ 
location  Burgers  vector,  while  stepped  boundaries  are 
favored  for  small  misfits  and  large  values  of  the  Burgers 
vector. 

As  discussed  in  Section  IV,  unit  height  ledges  are  those 
with  translation  vectors  of  the  coset  of  the  symmetry  of 
the  dichromatic  complex,1221  the  interpenetrating  pair  of 
lattices.  In  Figure  7,  these  are  equivalent  to  the  unit  cell 
parameter  of  the  two  crystals;  in  general,  the  unit  ledges 
in  the  complex  can  be  several  multiples  of  the  inter¬ 
atomic  spacing  in  either  crystal. 

The  short-range  elastic  field  can  be  relieved  by  fac¬ 
eting.  For  the  above  case,  a  10  unit  high  ledge  would 


I - 1  I  |J> 

Fig.  5  —  Tetragonal  crystals  a  and  ft:  (a)  with  aligned  (001)  faces; 
(b)  strained  to  a  cubic  shape:  (c)  rotated  about  [001]  by  an  angle  0; 
( d )  twist  boundary  array  of  right-handed  screws  at  interface;  (e)  con¬ 
figuration  ( d )  relaxed  back  to  tetragonal  shape;  (/)  misfit  dislocations 
array  to  accommodate  relaxation;  (g)  relaxed  configuration  for  large 
8  ~  -nil ;  and  ( h )  corresponding  misfit  dislocation  array. 


accumulate  a  translational  dislocation  strength  of 
10 b,  =  b.  Thus,  a  superposed  perfect  misfit  dislocation 
with  Burgers  length  b  would  cancel  the  field  of  the  trans¬ 
lational  dislocations,  as  in  Figure  8.  If  the  step  were  20 
units  high,  two  perfect  misfit  dislocations  would  be  needed 
and  so  forth.  This  would  remove  the  tilt  wall  strain  field, 
extending  over  a  distance  ~DA  in  Figure  7,  and  replace 
it  with  a  dipole  field  extending  over  a  distance  ~H.  Also, 
the  rotation  associated  with  the  tilt  wall  would  be  re¬ 
moved  and  the  (001)  habit  restored.  If  b,  were,  for  ex¬ 
ample,  irrational,  there  would  be  a  small  residual  8b,  after 
the  process  of  Figure  8  occurred,  leaving  a  small  residual 
tilt  which  could,  in  turn,  be  removed  at  ledges  with  a 
larger  period,  and  so  forth.  The  change  in  strain  energy 
in  achieving  the  configuration  of  Figure  8  could  be  one 
of  the  reasons  for  the  typical  observation  of  multiple  height 
growth  ledges  in  certain  diffusional  phase  trans- 
formations.136-391 
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Fig.  6 — (a)  Unrelaxed  ledge  at  interface;1241  ( b )  and  relaxed  ledge 
with  translational  dislocation. 


Fig.  7  —  Array  of  ledges  of  the  type  in  Fig.  6(b). 


In  both  Figures  7  and  8,  a  pattern  advance  is  accom¬ 
plished  by  the  motion  of  ledges  and  their  associated  dis¬ 
locations.  In  symmetry  theory,1221  this  pattern  advance  is 
described  by  means  of  the  exchange  operations  W(t),  t) 
and  W(0,  t)  for  the  cases  of  Figures  7  and  8,  respectively. 

The  other  simple  case  treated  by  Howe  and  Smith1241 
is  that  of  a  translation  in  the  habit  plane  with  no  rotation 
(Figure  9(a)).  The  symmetry  description  is  W(0,  t),  with 
t  in  the  habit  plane.  Here,  the  translational  dislocation 
(Figure  9(b))  is  also  a  transformation  dislocation  with 
b  =  (1/3)  [100]  in  the  depicted  example.  Again,  the 
ledges  and  associated  dislocations  separate  interface  re¬ 
gions  of  the  same  atomic  structure  and,  hence,  would 
produce  pattern  advance  if  they  were  to  move.  A  simple 
example  of  this  case  is  the  X  3,  (111)  twin  in  fee  metals, 
where  the  transformation  (twinning)  dislocation  is  a 
Shockley  partial.  An  array  of  such  dislocations  would 
generate  a  long-range  strain  field.  An  equilibrium  array 
can  be  restored  in  two  ways.  First,  opposite-sign,  perfect 
dislocations  can  be  introduced  with  a  spacing  3A 
(Figure  9(c)).  Second,  ledges  with  a  height  equal  to  3 
unit  ledges  can  be  formed  and  a  perfect  dislocation  su¬ 
perposed  at  the  ledge.  The  result  is  essentially  a  shuffle 


Fig.  8  —  Multiple  height  ledge  variant  of  Fig.  7. 


set  of  dislocations  with  no  net  Burgers  vector  (Figure 
9(d)).  Any  lattice  mismatch  in  the  habit  plane  can  be 
accommodated  in  an  analogous  manner  by  the  super¬ 
position  of  misfit  dislocations  on  the  arrays  of  Figure  9. 

The  preceding  discussion  shows  that  there  is  no  sym¬ 
metry  restraint  to  the  glide-like  motion  of  the  unit  ledges, 
with  their  translational  dislocation  character,  in  which 
case  they  could  act  both  as  structural  and  growth  ledges. 
Whether  the  unit  ledges  can  move,  however,  is  an  open 
question  that  has  led  to  differing  viewpoints  in  the  lit¬ 
erature,  as  reviewed  in  the  present  conference  proceed¬ 
ings.  While  a  detailed  discussion  of  this  issue  is  beyond 
the  scope  of  the  present  article,  we  can  outline  possible 
mechanisms  for  dislocation  motion  or  pinning.  If  they 
were  to  move,  analogous  to  lattice  dislocation  motion, 
they  would  likely  move  by  the  formation  of  double-kinks 
over  a  Peierls  barrier,  as  seen  by  Howe  and  Prabhu,1401 
a  process  that  would  require  thermal  activation.  Lateral 
kink  motion  could  also  involve  a  secondary  Peierls  bar¬ 
rier  and  could  require  thermal  activation.  With  large 
driving  forces  (supersaturations),  the  barriers  could  be 
overcome  athermally,  in  which  case  photon /electron 
damping,  jog  drag,  or  solute  drag  could  become  rate 
controlling.  Solute  pinning  could  also  influence  kink 
motion.  With  very  low  driving  forces,  the  lateral  motion 
of  thermal  kinks,  present  in  equilibrium  concentrations, 
could  control  dislocation  motion.  Alternatively,  any  of 
these  constraints  could  cause  the  unit  ledges/dislocations 
to  be  immobile.  All  of  these  processes  are  discussed,  and 
model  calculations  for  them  are  presented  in  Reference 
27.  With  regard  to  the  synchronous  motion  of  ledge  trains, 
motion  by  kink  nucleation/ lateral  motion  tends  to  lead 
to  the  same  velocity  of  dislocation  motion,  so  in  the  ab¬ 
sence  of  drag  effects,  considered  later  in  connection  with 
multiple  height  ledges,  a  nominally  equally  spaced  array 
of  ledges  would  tend  to  persist,  on  the  average,  as  a 
regular  array.  Moreover,  both  diffusional  interactions141 
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Fig.  9  —  (a)  Ledge  at  interface,1241  (b)  relaxed  version  of  ledge,  (c) 
array  of  such  ledges  with  misfit  relaxed,  and  ( d )  multiple  height  ledge 
with  superposed  misfit  dislocation. 


and  elastic  interactions  of  the  translational  dislocations 
would  tend  to  stabilize  the  ledges  at  a  regular  spacing. 
Hence,  there  are  reasons  for  ledges  to  fluctuate  locally 
in  spacing  because  of  the  stochastic  nature  of  kink  nu- 
cleation  and  lateral  motion  but  to  maintain  a  nominally 
regular  average  spacing. 

Since  the  most  general  2-D  transformation  involves 
the  superposition  of  a  simple  shear  and  an  in-plane  and 
out-of-plane  expansion  or  contraction,  the  two  cases  dis¬ 
cussed  previously  can  be  added  to  produce  equilibrium 
interface  structures  in  the  general  case.  The  same  con¬ 
cepts  apply:  that  single  or  multiple  ledge  sequences  can 
be  equilibrium  structures  and  can  act  as  growth  or  struc¬ 
tural  ledges  or  both.  All  that  is  necessary  is  that  the  local 
interface  regions  on  either  side  of  the  ledges  be  struc¬ 
turally  identical  and  that  the  exchange  operation  W(R,  t) 


is  a  proper  vector  of  the  coset  of  the  symmetries  of  the 
two  crystals,  i.e.,  the  dichromatic  complex.1221  In  terms 
of  matrix  transformation  theory,113,141  the  general  trans¬ 
formation  matrix  is 

A  =  0RBS8  [4] 

where  B  is  the  Bain  strain,  0  is  the  lattice  invariant  ro¬ 
tation  associated  with  any  translational  dislocations  in  a 
misorientation  tilt  array,  R  is  the  remaining  rigid  body 
rotation  accompanying  the  transformation,  S  is  the  lat¬ 
tice  invariant  shear,  and  8  is  a  uniform  lattice  dilatation. 
The  separate  definition  of  0  and  8  is  not  necessary:  0 
could  be  incorporated  in  R  and  8  in  S.  However,  they 
are  separated  here  to  emphasize  the  physical  significance 
of  these  extra  factors. 

From  the  aspect  of  defects,  0  and  8  represent  devia¬ 
tions  from  a  perfect  transformation  RBS  that  results  in 
a  lattice-matched,  equilibrium  interface.  The  quality  8 
allows  for  an  in-plane  lattice  mismatch  that  is  accom¬ 
modated  by  misfit  dislocations  for  an  equilibrated  sys¬ 
tem  and  permits  a  broader  range  of  habit  planes  than  the 
simple  theory.  This  role  of  8  has  been  demonstrated  and 
exemplified  in  the  work  of  Srinivasan  and  Wayman.14 1,421 
The  quantity  0  allows  for  lattice  rotation  in  addition  to 
that  associated  with  RBS,  is  accommodated  by  misori¬ 
entation  dislocations  for  an  equilibrated  system,  and  per¬ 
mits  a  broader  range  of  lattice  orientation  relationships 
than  the  simple  theory.  If  the  systems  in  S  correspond 
to  transformation  dislocations,143,441  for  example,  resid¬ 
ual  long-range  stresses  are  left  as  a  consequence  of  the 
geometry,  as  discussed  here.  The  added  dislocations 
needed  to  remove  the  remaining  stresses  and  leave  the 
final  boundary  free  of  long-range  stresses  contribute  in¬ 
directly,  as  a  geometric  necessity,  to  8  and  0.  In  a  sense, 
there  can  be  a  tradeoff  between  these  parameters:  a  co¬ 
herent,  planar  interface  would  have  maximum  8  and  zero 
0,  while  as  ledges  were  introduced,  0  would  increase 
and  8  would  decrease. 

The  various  equilibrium  arrays  discussed  here  are  con¬ 
sistent  with  Eq.  [4].  Among  these  arrays,  those  that  have 
the  lowest  energy  would  be  expected  in  equilibrated 
microstructures  and  those  that  naturally  follow  from  the 
transformation  mechanism  would  be  expected  in  un¬ 
equilibrated  microstructures.  There  is  no  fundamental 
symmetry  principle  that  bars  any  of  these  structures. 

Concepts,  such  as  the  invariant  line  model,115,16,171  and 
the  structural  ledge  model15, 181  have  capability  in  pre¬ 
dicting  the  lowest  energy  structures,  but  other  structures 
seem  possible.  Indeed,  if  one  were  to  relax  the  require¬ 
ments  of  these  models  to  predict  habit  plane/ orientation 
relationships  within  a  few  degrees  of  the  strict  predic¬ 
tions  of  the  models,  essentially  all  of  the  structures  con¬ 
sidered  here  would  be  included.  Such  relaxations  could 
be  associated  with  lattice  rotations,  as  discussed  previ¬ 
ously,  with  incomplete  misfit  accommodation,  with  mixed 
misfit  dislocation/structural  ledge  accommodation,  and 
with  matrix  deformation,  to  give  some  examples.  In  par¬ 
ticular,  if  the  difference  between  the  t  vector  and  a  per¬ 
fect  vector  of  the  dichromatic  complex  is  small,  the  above 
models  would  be  favored  with  the  small  extra  effects 
accommodated,  as  discussed  previously.  Hence,  if  b,  were, 
e.g.,  0.01a,  single  ledges  in  a  configuration  close  to  that 
predicted  in  the  preceding  models  would  be  favored  from 
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a  combined  minimum  bond-breaking/low  strain  energy 
criterion.  On  the  other  hand,  if  b,  were  0.3a,  a  triple 
height  ledge  with  an  accommodating  misfit  dislocation 
would  be  favored  by  a  minimum  strain  energy  criterion, 
since  the  strain  energy  of  single  ledges  would  be  much 
larger  than  in  the  previous  example. 

IV.  STRUCTURAL  AND  GROWTH  LEDGES 

A.  Small  Ledges 

Howe  and  Smith[24]  have  commented  on  the  similarity 
of  the  structural  ledge  and  invariant  line  models  in  some 
cases.  We  present  here  a  somewhat  different  viewpoint, 
in  terms  of  dislocations,  that  leads  to  the  same  result. 
As  discussed  in  the  original  developments,15,181  structural 
ledges  replace  misfit  dislocations  as  a  way  of  retaining 
low- index  terraces  between  the  respective  defects.  From 
the  dislocation  viewpoint,  the  misfit  dislocations  are  still 
present  but  have  been  lifted  into  the  ledges.  An  illustra¬ 
tion  of  this  is  the  interface  in  Figure  10  of  a  lattice  mis¬ 
matched  hcp-fcc  pair  with  low-index  terraces. 

Figure  10(a)  shows  a  semicoherent  interface  with  per¬ 
fect  lattice  dislocations,  indexed  on  the  fee  Thompson 
tetrahedron,  acting  as  misfit  dislocations  to  relieve  co¬ 
herency  strain.  The  alternating  AB-AC  dislocations  also 
have  extraneous  alternating  sign  screw  components,  a 
possible  configuration  chosen  because  it  can  directly  relax 
to  that  of  Figure  10(b).  In  this  view,  the  misfit  dis¬ 
locations  are  pure  edge,  AS  partial  dislocations  separat¬ 
ing  a  repeating  sequence  of  interfaces  in  which  every 
third  region  is  the  interface  equivalent  of  an  extrinsic 
stacking  fault  with  one  adjacent  intrinsic  fault  and  every 
third  partial  has  an  extended  core.1451  The  faulted  re¬ 
gions,  discussed  in  more  detail  in  the  next  section,  arise 
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Fig.  10 — (a)  Perfect  misfit  dislocations  at  fcc-hcp  interface,  (£>)  par¬ 
tial  dislocation  version  with  dashed  line  indicating  extrinsic-type  fault, 
and  (c)  structural  ledge  version  of  crystals  with  same  orientation  re¬ 
lationship:  the  ledges  are  two  planes  high  in  this  case. 


because  the  t  vector  corresponding  to  b  =  A8  in  Wfrf, 
t)  is  not  a  proper  vector  of  the  dichromatic  complex. 
Continuous  infinitesimal  coherence  dislocations  of  op¬ 
posite  sign17,101  are  present  at  the  interfaces  in 
Figures  10(a)  and  (b)  but  are  not  shown  to  simplify  the 
presentation. 

If  (double  height)  structural  ledges  are  present,  as  re¬ 
quired  for  this  fcc/hcp  case146,471  (Figure  10(c)),  they  in¬ 
corporate  the  misfit  dislocations.  If  there  is  no  mismatch 
in  lattice  spacing  normal  to  the  terraces,  Figure  10(c) 
also  corresponds  to  the  invariant  line  habit  plane  of 
Dahmen’s1161  Figure  9(c),  adjusted  to  have  low-index  ter¬ 
races.  In  a  generic  sense,  the  same  duality  is  illustrated 
in  Figure  4  of  Reference  24,  but  there,  Figure  4(b)  is 
the  unadjusted  invariant  line  view  equivalent  to  Dahmen’s 
Figure  9(b)  and  requires  local  rearrangement  on  the  ter¬ 
races  to  create  the  Figure  9(c)  configuration  of  coherent 
terraces  and  dislocated  ledges  (the  rearrangement  is 
equivalent  to  the  combination  of  distributed  misfit  dis¬ 
locations  into  discrete  ones).  Construction  of  Burgers 
circuits171  in  the  cases  illustrated  in  References  16  and  24 
verifies  that  the  misfit  dislocations  are  present  along  with 
the  ledges.  Indeed,  since  a  circuit  can  be  constructed  re¬ 
mote  from  the  boundary,  a  local  rotation  of  the  boundary 
cannot  change  the  net  misfit  Burgers  vector  (although  it 
can  lead  to  the  need  for  misorientation  dislocations).  Since 
misfit  dislocations  perforce  have  a  spacing  related  to  the 
lattice  vectors  of  both  lattices,  the  structural  ledges  are 
also  spaced  in  such  a  manner.  Depending  on  A  a,  a  reg¬ 
ular  array  may  satisfy  equilibrium  or  occasional  added 
dislocations  may  be  needed  with  a  regular  array  appli¬ 
cable  only  locally.  Whatever  the  situation  for  the  misfit 
array,  so  it  is  for  the  structural  ledges. 

In  terms  of  Eq.  [4],  the  structural  ledges  allow  an  in¬ 
plane  dilatation  related  to  8,  accommodated  by  misfit 
dislocations,  that  permits  low-index  terraces  while  at  the 
same  time  producing  a  rotated  habit  plane  as  a  conse¬ 
quence  of  the  ledges.  When  the  out-of-plane  strain  is 
zero,  the  invariant  line  model  and  the  invariant  plane 
strain  model  leading  to  Eq.  [4]  coincide,  and  if  8  is  small, 
the  prediction  of  the  invariant  line  and  structural  ledge 
models  should  then  be  the  same,  as  demonstrated  by  Howe 
and  Smith.1241 

In  the  case  of  Figure  10(c)  the  terraces  are  all  identical 
in  structure.  In  the  symmetry  operation  relating  them, 
W(t?,  t),  the  translation  vector  t  =  b  +  h,  where  h  is 
the  step  height  vector,1341  is  a  proper  vector  of  the  di¬ 
chromatic  complex  even  though  neither  b  nor  h  is.  Hence, 
a  dislocation  interpretation  of  the  structural  ledges  is  that 
they  are  ledges  of  the  proper  height  h  to  convert  a  faulted 
configuration,  such  as  Figure  10(a),  to  that  where  ter¬ 
races  are  perfect  by  converting  t  to  a  proper  vector  of 
the  dichromatic  complex.  Moreover,  the  dislocation/ledge 
defects  in  Figure  10(c)  are  precisely  the  transformation 
dislocations1481  for  the  fcc-hcp  phase  transformation.  These 
parallels  show,  as  already  stated  by  Smith,1491  that,  geo¬ 
metrically,  the  phenomenological  theories  of  martensite/ 
invariant  line  models,  the  structural  ledge  models,  and 
the  transformation  dislocation  models  are  closely  related 
for  single  ledge  arrays,  such  as  Figure  10(c).  In  addition, 
there  is  no  symmetry  constraint  to  the  structural  ledges 
acting  as  growth  ledges  as  well  in  this  case. 

There  are  starting  configurations  other  than  Figure  10(a) 
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that  can  lead  to  the  same  result.  If  all  the  initial  dis¬ 
locations  were  of  one  type,  say  AB,  they  could  relax  to 
Figure  10(b)  or  (c)  provided  that  emissary  BC  screw  dis- 
locations[50]  were  emitted  from  the  interface  to  shed  the 
screw  components  of  the  initial  dislocations.  Also,  trans¬ 
formation  could,  in  principle,  be  produced  by  alternating 
AS,  8B,  and  8C  transformation  dislocations.1431  These 
would  have  no  net  misfit  relieving  component,  however, 
and  in  the  case  considered  here,  would  again  have  to 
emit  emissary  dislocations  to  produce  the  misfit  reliev¬ 
ing  array  of  Figure  10(b)  or  (c).  Alternatively,  CB  screw 
dislocations  could  be  absorbed  from  the  matrix  with  the 
same  consequences.  The  emission  or  absorption  of  ma¬ 
trix  dislocations  would,  of  course,  change  the  strain  field 
in  the  matrix. 

B.  Multiple  Height  Steps 

Of  the  unit  (or  double  for  Figure  10)  height  ledges 
illustrated  here,  there  is  no  symmetry  constraint  to  them 
acting  as  growth  ledges.  Those  of  Figure  7  could  move 
by  local  diffusion  jumps  (most  likely  at  kink  sites)  and 
would  produce  no  large  shear-type  offset  but  would  pro¬ 
duce  a  weak  lattice  rotation.  Those  of  Figure  9(a)  or  (b) 
or  Figure  10(c)  could  move  under  diffusion  control  at 
kinks  or  by  standard  kink  motion,  would  produce  a  shear- 
type  offset,  and  would  produce  a  large  lattice  rotation. 
Why  then  are  multiple  height  ledges  often  observed  in 
growth?  There  are  at  least  two  possibilities  for  the 
bunching  of  unit  steps  into  multiple  height  steps,  al¬ 
though  these  would  be  opposed  by  elastic  interaction  ef¬ 
fects  for  cases  such  as  Figures  9(b)  and  10(c).  We  consider 
a  general  case  of  this  type  (Figure  11)  with  the  dis¬ 
locations  having  both  a  translational/misfit  character  and 
a  misorientation  character. 

First,  if  the  ledges  are  moving  under  diffusional  con¬ 
trol,  any  local  drag  force  that  is  selectively  imposed  on 
a  unit  ledge  leads  to  a  pileup  of  ledges151-551  that  is  stable 
against  redissociation  into  unit  ledges.1561  A  local  drag 
force  could  be  produced  by  intersection  with  an  extrinsic 
dislocation  or  an  orthogonal  misfit  dislocation,  by  im¬ 
purity  adsorption  at  the  ledge,  or  by  a  local  concentration 
fluctuation.  Once  a  sharp  pileup  formed,  for  the  case  of 
the  transformation  dislocations  in  Figure  10(c),  the  local 
dislocation  interactions  would  tend  to  snap  the  array  into 
a  tilt  configuration  (Figure  11(b)).  This  would  cause  a 
long-range,  concentrated  stress  field  to  emerge1571  and 
would  strongly  favor  the  addition  of  accommodation  dis¬ 
locations  of  type  B  in  Figure  11(b).  Even  with  accom¬ 
modation  dislocations  present,  there  would  be  no 
constraint  additional  to  drag  forces  hindering  the  motion 
of  this  multiple-height  ledge.  Dislocation  B  could  com¬ 
bine  with  a  tilt  dislocation  to  form  an  alternate  shuffle 
arrangement  in  Figure  11(b)  as  well. 

The  other  situation  would  arise  if  the  transformation 
dislocations  had  a  weak  misorientation  dislocation  com¬ 
ponent,  as  in  Figure  11(a).  Dislocations  of  this  type  have 
been  discussed  by  Olson.1581  Then,  perhaps  initiated  by 
the  previous  mechanism,  the  configuration  of  Figure  11(c) 
could  form  with  a  dislocation  C  reducing  strain  energy 
by  accommodating  the  accumulated  strain  associated  with 
the  misorientation  component  of  the  unit  defects.  The 


Fig.  11 — ( a )  Unit  ledges  with  associated  dislocations,  (£>)  multiple- 
height  ledge,  and  (c)  multiple-height  ledge. 


presence  of  dislocation  C  would  provide  an  added  con¬ 
straint  to  the  motion  of  the  ledge,  since  C  could  only 
move  by  climb,  with  vacancy  production  or  annihilation, 
as  the  multiple-height  ledge  moved.  If  the  absence  of 
long-range  stress  were  an  important  energetic  require¬ 
ment  for  Figure  11(c),  the  number  of  ledges  that  must 
condense  to  balance  the  Burgers  vector  of  dislocation  B 
or  C  would  provide  a  prediction  of  the  height  of  the  mul¬ 
tiple  ledge.  The  array  in  Figure  11(c)  could  also  relax, 
as  mentioned  previously. 

For  the  cases  of  Figure  11(a),  (b)  and/or  (c),  it  ap¬ 
pears  possible  for  both  unit  and  multiple  height  ledges 
to  act  as  growth  ledges.  If  both  operated,  the  unit  ledges 
would  move  faster  and  would  move  in  and  out  of  the 
multiple  ledge,  as  suggested  by  the  view  in  Figure  1 1(c). 
Since  the  unit  ledges  have  dislocations  with  both  trans¬ 
formational  and  misfit  character,  there  is  no  problem  with 
the  misfit  dislocations  ascending  the  multiple  ledge.  If 
the  ledge  were  to  encounter  a  pure  misfit  dislocation, 
i.e.,  one  with  no  ledge  character,  it  would  require  added 
accommodation. 136,591  As  unit  ledges  joined  the  ledge  of 
Figure  11(b),  the  dislocation  B  (or  as  many  of  such  dis¬ 
locations  as  were  present)  would  be  displaced  from  a 
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symmetric  position  on  the  ledge.  Then  climb  would  be 
required  to  restore  the  symmetric  configuration  and  an 
added  drag  resistance  would  be  connected  to  this  pro¬ 
cess.  Unit  ledges  could  similarly  join  the  ledge  in 
Figure  11(c).  Again,  climb  would  be  required  for  dis¬ 
location  B,  but  dislocation  C  could  glide  to  maintain  a 
symmetric  position. 

The  models  in  Figures  10  and  11  are  2-D  in  nature, 
as  in  Reference  21,  implying  no  misfit  and  perfect  ac¬ 
commodation  (or  their  neglect)  in  the  direction  normal 
to  the  page.  If  there  were  misfit  in  the  latter  direction, 
misfit  dislocations  (or  structural  ledges)  with  Burgers 
vectors  normal  to  the  page  would  also  be  required.  These 
too  would  require  added  accommodation  at  unit  or  mul¬ 
tiple  height  ledges.1111 

As  for  single  ledges,  there  is  the  issue  of  the  mobility 
of  multiple  height  ledges.  If  the  risers  are  faceted,  they 
too  could  move  by  unit  or  small  multiple  ledges  sweep¬ 
ing  the  surface  by  kink  motion.1471  Alternatively,  the  ori¬ 
entation  of  the  riser  may  differ  from  the  terraces,  so  that 
for  configurations  such  as  those  in  Figures  9(b)  and  1 1 , 
the  riser  could  be  considered  as  a  set  of  overlapping  dis¬ 
location  cores.  A  nonlinear  array  of  this  type  could  fa¬ 
cilitate  kink  nucleation  compared  to  the  unit  ledge  case 
or  could  even  favor  surface  roughening  of  the  riser.  Either 
case  would  provide  an  expectation  for  easier  motion  of 
multiple  height  ledges  than  unit  ledges. 

V.  FAULTED  INTERFACES 


As  has  been  discussed  earlier, 110,601  ledges  and  trans¬ 
lational  dislocations  can  separate  interfacial  regions  of 
differing  structure,  analogous  to  the  misfit  case  of 
Figure  10(b).  The  ledges  in  such  cases  are  partial  ledges 
and  bound  domain  boundaries,  either  in  the  interface  or 
in  the  bulk.1341  In  such  a  case,  t  in  W(R,  t)  is  not  a  per¬ 
fect  lattice  vector  of  the  coset  of  the  dichromatic  com¬ 
plex.1341  In  circumstances  where  the  energies  of  the  two 
different  interfacial  structures  do  not  differ  markedly,  as 
for  intrinsic/extrinsic  faults  and  certain  related  interfa¬ 
cial  faults  in  fee  crystals,1101  other  equilibrium  arrays,  also 
without  long-range  strain  fields,  are  possible.  As  an  ex¬ 
ample,  we  consider  the  simple  cubic  /3  to  complex  cubic 
a  transformation  in  Figure  12,  with  an  (001)  habit  plane 
and  a  X  5  coincident  site  lattice.  A  perfect  unit  ledge  is 
four  planes  high  in  crystal  a  and  five  planes  high  in  crys¬ 
tal  /3  (Figure  12(a)).  In  this  instance,  the  ledge  height 
H  =  t  and  t  is  a  vector  of  the  dichromatic  complex. 
Figure  12(b)  shows  the  ledge  split  into  two  partial  ledges. 
In  the  latter  case,  t  is  not  a  perfect  lattice  vector  of  the 
complex  and  the  atomic  structure  differs  on  the  two  sides 
of  the  ledge.  When  such  differing  configurations  are 
possible,  further  ledge  structures  involving  partial  ledges 
and  any  accompanying  dislocations  would  be  possible. 
Their  descriptions  would  follow  those  of  the  preceding 
examples,  except  that  the  differing  interfacial  energies 
could  lead  to  local  relaxation  and  to  slightly  differing 
ledge  spacings  in  the  array. 

VI.  ANISOTROPIC  ELASTIC  EFFECTS 

Anisotropic  elasticity,  through  an  influence  on  the  fields 
of  dislocations,  can  introduce  some  subtle  effects  in  the 
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interface  structure.  For  example,  we  suppose  that  two 
crystals  have  a  habit  plane  of  the  type  illustrated  in 
Figure  5,  with  a  twist  dislocation  array  of  screw  dislo¬ 
cations  and  an  added  screw  dislocation  array  to  accom¬ 
modate  a  pure  shear  misfit  in  the  interface  plane.  In  the 
isotropic  elastic  case,  the  two  superposed  dislocation  ar¬ 
rays  would  produce  an  equilibrium  interface  with  no  long- 
range  stresses.  In  the  anisotropic  elastic  case,  the  relative 
rotations  of  the  two  crystals  reduce  the  symmetry  (to  that 
of  the  dichromatic  complex)  and  rotate  the  dislocation 
line  directions  relative  to  the  crystal  symmetry  axes.  Both 
effects  lead  to  added  normal  stresses  in  the  boundary  re¬ 
gion,  which  give  rise  to  long-range  coherency  stresses 
in  both  crystals  (a  specific  example  has  been  presented 
for  2  5  and  2  13  twist  boundaries).1611  Thus,  a  long- 
period  added  misfit  array  of  edge  dislocations  would  be 
needed  to  restore  equilibrium.  Without  such  an  added 
array,  the  interface  could  exist  in  a  state  of  partial  re¬ 
laxation  (of  in-plane  shear  stresses)  and  partial  coher¬ 
ency  (with  associated  normal  stresses).  Observations  of 
such  partial  relaxation  are  common  in  artificial  inter¬ 
phase  interfaces  for  thin  films  and  multilayers.1621 
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Indeed,  rotations  of  the  type  illustrated  in  Figure  11(a) 
have  been  observed1631  and  analyzed  by  symmetry 
theory.1641 

VII.  CONCLUSIONS 

1.  Unit  ledges  can  act  as  structural  ledges  if  specific 
symmetry  requirements  are  satisfied,  provided  that 
translational  and  misfit  arrays  of  dislocations  are 
present  to  remove  long-range  stress  fields;  there  is  no 
symmetry  constraint  to  these  ledges  acting  as  pattern 
shifting  growth  ledges  as  well. 

2.  When  the  translational  dislocations  have  a  tilt  com¬ 
ponent,  deviations,  usually  small,  from  low-index  habit 
planes  and  orientation  relationships  are  expected. 

3.  Multiple  height  ledge  arrays  generally  reduce  the  short- 
range  elastic  fields  of  the  arrays,  a  factor  that  may 
favor  the  presence  of  such  arrays,  both  during  growth 
and  at  equilibrium. 

4.  Faulted  partial  ledge  configurations  are  possible  for 
low-symmetry  crystals  and  crystals  with  large  unit 
cells. 
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The  Role  of  Structural  Ledges  as  Misfit-Compensating 
Defects:  fcc-bcc  Interphase  Boundaries 


G.J.  SHIFLET  and  J.H.  VAN  DER  MERWE 

An  energetic  justification  is  given  for  structural  ledges  as  interfacial  misfit  compensating  defects, 
based  on  elastic  considerations.  We  detail  the  NW-r  configuration  in  which  the  orientation  is 
imposed  by  close  matching  along  the  (21  l)fcc  and  (1 10)bcc  directions  and  {1 1  ljfcc  and  {1 lOjbcc 
planes,  respectively.  Special  prominence  is  given  to  the  terrace  between  structural  ledges,  where 
it  is  shown  that  an  elastic  relaxation  obtains  at  specific  terrace  lengths  based  on  atomic  matching. 
It  is  this  relaxation  that  makes  a  stepped  interface  more  stable  than  a  planar  one  at  all  meaningful 
values  of  misfit. 


I.  INTRODUCTION 

This  article  will  review,  extend,  and  elucidate  our 
previous  work  on  fccrbcc  interfaces  containing  linear 
defects  that  accommodate  misfit.11  61  Emphasis  in  our 
analysis  will  be  placed  on  consideration  of  the  relative 
energy  savings  by  inclusion  of  structural  ledges171  as  a 
misfit-compensating  defect.  However,  rather  than  du¬ 
plicate  extensive  mathematics  that  has  already  been  pub¬ 
lished  for  the  fcc:bcc  interface  in  our  previous  efforts, 
we  will  discuss  certain  aspects  of  the  theory,  to  make 
clear  the  advantages  of  such  an  approach  toward  under¬ 
standing  the  energetics  of  interfacial  structures.  A  large 
portion  of  this  article  will  be  concerned  with  the  terraces 
between  structural  ledges.  We  will  consider  a  rigid  lat¬ 
tice  calculation  as  well  as  allow  the  interface  to  relax 
elastically.  As  the  interfacial  atomic  planes  of  the  most 
studied  interfaces  have  rhombohedral  symmetry  this  will 
be  dealt  with  here;  rectangular  meshes  have  been  ad¬ 
dressed  in  earlier  papers1  '~4]  and  differ  only  in  the  sym¬ 
metry  of  the  interaction  potential. 

A.  The  {1 1  l}fcc-{l J0}bcc  Interface 

The  {11  ljfcc  closed  packed  surface  interacting  with 
the  {llOjbcc  surface  at  azimuthal  orientation  of  current 
interest  is  shown  in  Figure  1,  which  is  a  “map”  of  the 
relative  energetics  of  the  primary  fcc:bcc  orientation  re¬ 
lationships. [8)  In  this  figure,  the  azimuthal  rotations  vary 
from  8  =  0  to  18  deg,  with  the  rotation  relative  to 
the  Nishiyama-Wasserman  (NW)  orientation  placed  at 
0  deg;  r  is  the  ratio  of  nearest  neighbor  atoms,  b/a,  see 
(Figure  2(a)).  Although  a  larger  angular  range  would  il¬ 
lustrate  other  energy  minima,  this  is  sufficient  to  high¬ 
light  the  two  most  commonly  observed  fcc:bcc  orientation 
relationships.  The  deep  minima  corresponding  to  NW19101 
and  Kurdjumov-Sachs  (KS)[111  (r  =  rd  =  1.09,  8  = 
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5.26  deg)  orientation  relationships  are  indicated.  The  NW 
is  further  divided  into  NW-x  (r  =  rx  =  0.94,  0  =  0)  and 
NW-y  (r  =  ry  =  1.15,  8  =  0),  where  atomic  matching 
is  in  the  x  or  y  direction,  respectively. 

A  plot  of  the  overlapping  rhombuses  is  shown  in 
Figure  2(a).  Here,  the  various  parameters  used  to  con¬ 
struct  Figure  1  are  shown  geometrically.  By  varying  r 
and  8,  the  geometric  patterns  associated  with  the  NW 
and  KS  relationships  can  be  mapped  out  (Figures  2(b) 
through  (d)).  This  can  be  understood  by  comparing 
Figure  1  with  the  atomic  sketches  in  Figures  2(b)  and 
(c)  for  the  NW-x  and  -y,  respectively,  and  Figure  2(d) 
for  the  KS  orientation  relationship.  The  relative  lattice 
rotations  and  alignments  with  respect  to  the  x  and  y  axes 
make  the  correlations  clear.  The  importance  of  Figure  1 
is  that  it  reveals  a  method  of  ascertaining  relative  ener¬ 
gies  of  the  orientations.  From  an  analysis  of  Figures  1 
and  2,  the  following  important  conclusion  can  be  made, 
viz.,  ideality  is  equivalent  to  row  matching.  This  im¬ 
portant  statement  was  first  made  by  Dahmen1121  and,  sub¬ 
sequently,  for  epitaxial  interfaces,  by  van  der  Merwe.181 
A  close  examination  of  Figures  2(b)  through  (d)  reveals 
that  each  corresponds  to  alignment  of  rows  of  atoms  of 
crystals  A  and  B.  Specifically,  Figure  2(b)  corresponds 
to  the  minimum  r  =  rx,  9  =  0  in  Figure  1,  while 
Figure  2(c)  corresponds  to  r  =  ry,  9  =  0  and  for  KS 
(Figure  2(d)),  r  =  rd,  9  =  5.26  deg. 

Depending  on  the  interfacial  misfit,  the  plot  clearly 
shows  the  continuum  between  the  orientation  relation¬ 
ships.  It  is  expected  that  each  orientation  relationship  will 
dominate  over  a  range  of  r.  Previously,  we  chose  0.95  < 
r  <  1  for  NW-x  and  1  <  r  <  1.1  for  KS.  In  most  in¬ 
stances,  these  ranges  cover  common  fcc-bcc  interfaces. 

II.  GEOMETRY 

An  understanding  of  the  interface  geometry  that  leads 
to  the  concept  of  pattern  advance  and  hence  structural 
ledges  necessitates  that  relevant  geometric  concepts  be 
reviewed.  This  is  useful  because  it  lends  itself  to  a  sim¬ 
ple  introduction  of  the  theory.  A  Cartesian  coordinate 
system  is  employed  (Figure  2(a)).  The  z-axis  is  normal 
to  the  interface,  and  the  x  and  y  axes  are  parallel  to  the 
interface  plane.  A  reference  lattice  is  used  to  describe 
the  macroscopic  interface.1131  For  the  x  direction,  the  ref¬ 
erence  has  a  lattice  spacing  cx,  where  cx,  the  vernier  pe¬ 
riod  px,  and  the  misfit  fx  can  be  expressed  in  terms  of 
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Fig.  1 — Surface  map  of  the  mean  energy  per  atom  for  a  rectangular 
island  containing  rhombohedral  meshes  of  atoms.  The  interaction  is 
between  the  {llljfcc  and  {110}  lattices.  The  minima  correspond  to 
row  matching  for  the  NW-r,  NW-y,  and  KS  orientation  relation¬ 
ships.181 


The  basic  underpinning  of  the  theory  is  that  the  struc¬ 
tural  ledge  is  responsible  for  a  pattern  advance  at  the 
interface  relative  to  the  two  lattices,  viz., 

8x  =  srx-  $  [2] 

i.e.,  that  the  step  effects  a  forward  displacement  of  the 
interfacial  atomic  pattern  of  A  relative  to  that  of  B,  where 
8X  and  8bx  are  the  individual  forward  pattern  advances  of 
crystals  A  and  B  in  the  x  direction  (Figure  4).  When  the 
misfit  is  positive  ( bx  >  ax),  the  mismatch  which  builds 
up  along  the  interface  is  summarily  canceled  by  this  rel¬ 
ative  shifting  in  atomic  positions.  To  then  consecutively 
cancel  interfacial  misfit,  the  structural  ledges  must  be 
periodic  with  spacing  lx,  which  accounts  for  the  terrace 
width  plus  pattern  advance.  Also,  this  ensures  that  the 
atomic  patterns  do  not  get  out  of  synchronization.  The 
relationships  describing  this  can  be  written  as  follows: 

L  =  Lxax  +8ax  =  Lxbx  +  8?  [3] 


arbx  1 8X  8‘ 


bx  —  a ,  \a 


the  spacing  ax  (bcc  crystal  A)  and  bx  (fee  crystal  B)  of 
the  real  lattices  as 


so  that 


Px  =  P.A  =  (Px  +  \)ax  =  \  PX  +  -Jcx  [la] 


1/2  (bx  +  ax)’ 


br  -  a. 


cx 

fx  =  ~ 

Px 


bx  flr 


Px  1/2  (bx  +  ax) 

Here,  we  have  bx  >  ax,  which  gives  px  >  0.  For  the  other 
case,  bx  <  ax,  px  =  axbx/(ax  -  bx).  In  the  following,  we 
will  let  by  >  ay  so  that  b,  >  ah  where  i  =  x,  y,  z.  Further, 
in  Eq.  [la],  which  really  defines  the  reference  lattice,  Px 
is  meant  to  be  an  integer.  This  implies  that  the  calcu¬ 
lations  based  on  Eqs.  [la]  and  [lb]  are  valid  for  discrete 
values  of  the  misfit  only.  In  the  present  calculations,  Px 
will  be  varied  continuously.  In  the  harmonic  model  of 
the  crystal,  the  curve  of  the  interfacial  energy  vs  misfit 
has  cusped  minima  at  the  discrete  points.  The  error  in¬ 
volved  in  the  continuum  approximation  (through  the  dis¬ 
crete  points)  only  becomes  significant  at  large  misfits. [14i51 

Figure  3  illustrates  a  cross-grid  of  ledges  enclosing  a 
checkerboard  of  rectangular  terrace  patches.  The  results 
for  any  special  case,  for  example,  the  case  in  which  there 
is  only  one  parallel  sequence  of  ledges,  can  then  be  sim¬ 
ply  obtained  by  assigning  appropriate  values  to  the  rel¬ 
evant  parameters.  It  is  convenient  to  refer  to  ledges  as 
x  ledges  and  y  ledges  when  they  face,  respectively,  in 
the  x  and  y  directions.  Figure  4  then,  is  a  standard  patch 
pair  taken  in  profile  from  points  Q  to  R  in  Figure  3. 
Here,  an  atom  at  the  center  of  the  A  terrace  coincides 
with  the  potential  minimum  in  the  opposing  B  terrace. 
Let  there  be  (2 M  +  1)  A  atomic  rows  and,  correspond¬ 
ingly,  (2 M  +  1)  B  rows  of  potential  minima  in  the  x 
direction  of  the  standard  patch  pair. 


In  this  equation,  Lx  interfacial  atoms  of  one  lattice  match 
Lx  potential  troughs  of  the  other  lattice. 

Because  there  is  misfit  in  a  direction  perpendicular  from 
the  interface  plane,  this  must  also  be  compensated.  For 
example,  if  the  atomic  plane  spacing  in  B  is  smaller  than 
in  A,  8Z  -  bz  -  az  <  0,  and  an  extra  atomic  plane  from 
crystal  B  must  terminate  at  the  boundary  for  every  Pz 
atomic  plane  for  both  crystals  (Figure  4,  inset,  for  b2  - 
az>  0).  The  term  Pz  is  defined  by  Eq.  [la],  but  with  z 
instead  of  x.  This  construction  constitutes  the  tilt  misfit 
dislocation  (TMD)  (Figure  3).  The  spacing,  px  of  the 
TMDs  can  be  written  as 


a  A  /S|  _  S/ 

br  —  ar  \ar  bx. 


by  -  ax  bx 


where  the  bar  signifies  an  average  spacing. 

Shear  pattern  advances  must  also  be  considered,  i.e., 
8xy  and  8yx.  This  would  effect  a  relative  displacement 
parallel  to  the  ledge  of  patches  of  good  fit  and  would 
accordingly  cause  an  increase  of  energy  as  compared  to 
the  case  where  8tj  vanishes. 

As  noted,  greatly  simplifying  the  analysis  is  the  result 
that  the  misfit  in  the  x  and  y  directions  can  be  repre¬ 
sented  by  a  single  misfit  parameter,  r  =  b/a,  where  b 
and  a  are  the  nearest  neighbor  distances  in  lattices  B  and 
A,  respectively  (Figure  2(a))  (rather  than  lattice  param¬ 
eters  as  in  Reference  16.  Making  use  of  the  nearest 
neighbor  ratio,  r,  useful  parameters  can  be  written.  Mis¬ 
fits  (Eq.  [16])  can  then  be  defined  as 


r/rx  -  1 

fx  = -  and 

(r/rx  +  l)/2 

for  the  NW  orientation  and  as 


r/Ty  -  1 
(r/r,  +  l)/2 


r/rd  -  1 


(db  +  da)f 2  (r/rd  +  l)/2 
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Fig.  2  —  (a)  A  schematic  diagram  representing  the  rhombic  surface  unit  cell  structures  and  related  crystal  directions  of  an  fcc(lll)  (/3  =  60  deg) 
(filled  circles)  and  bcc(llO)  (a  =  54.7  deg)  (open  circles).  Other  lengths  and  directions  are  described  in  the  text.  ( b )  By  altering  the  rhombuses 
so  that  the  fee  and  bcc  atoms  form  rows  in  the  x  direction,  the  NW-i  orientation  relationship  is  obtained.  This  occurs  for  r  =  b/a  =  0.94. 
(c)  When  r  =  b/a  -  1.15,  the  rows  of  atoms  align  in  the  y  direction,  and  this  is  referred  to  as  NW-y.  (d)  Alignment  of  the  rhombus  edge  at 
r  =  b/a  =  1.01  yields  the  KS  orientation  relationship.  The  heavy  dashed  line  in  (b)  through  (d)  indicates  the  row  matching  described  in  the 
text. 


for  the  KS  orientation. 

In  these  equations, and  fy  are  the  misfits  as  measured 
along  the  long  and  short  diagonals  of  the  rhombic  unit 
cell,  respectively.  Specifying  the  geometric  parameters 
for  the  fcc{l  1  l}-bcc{l  10}  interface,  the  spacings  a,  and 
bi  (i  =  x,  y)  are  the  diagonals  of  the  interfacial  unit  cell 
rhombuses  in  Figure  2.  For  matching  (b,  =  a ,)  in  the  x 
and  y  directions,  respectively,  from  Fig.  2,  we  can  then 
also  write 


sin  a 
sin  f3 


0.943  —  r  Nw-.vl 


r,i 


cos  a  l 
cos  /3  Y3 

sin  a  cos  a 
sin  j 8  cos  [3 


1  .  155  —  f*NW— y 


1.089  =  rKS 


[7] 


where  a  =  arctan  \/2  and  ft  =  60  deg.  When  the  ideal 
NW-x  occurs,  fx  =  0  and  r  =  rx,  the  misfit  in  the  y  di¬ 
rection  is  about  20  pet.  This  fact  allows  consideration  of 
ledges  in  one  direction,  in  this  case  x,  whereas  in  the 
perpendicular  direction,  misfit  accommodation  is  by  misfit 
vernier181  in  which  the  oscillatory  strains  associated  with 
(misfit)  dislocations  are  absent. 
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Fig.  3  —  A  three-dimensional  perspective  drawing  showing  a  series 
of  structural  ledges  in  the  x  and  y  directions. 


(b) 


Fig.  4 — (a)  Atomic  model  illustrating  a  perspective  of  the  line  QR 
in  Fig.  3.  At  the  interface,  the  big  open  circles  represent  the  potential 
troughs  for  the  interfacial  atoms  (solid  circles)  of  crystal  B  in  the 
potential  field  emanating  from  atoms  of  crystal  A.  ( b )  An  enlargement 
of  the  model  where  now  <5.  =  bx  -  a.  >  0,  which  is  compensated  for 
by  a  misfit  dislocation.1201 


The  usefulness  of  the  parameter  r  can  be  illustrated 
by  expressing  these  values  in  terms  of  r  and  a,  for 
example,  the  forward  pattern  advance  for  the  NW-x,y 
ledges  is 


[9a] 


[9b] 


for  x  and  y  ledges,  respectively.  It  is  the  shear  displace¬ 
ment  of  terraces  that  makes  the  NW-y  orientation  rela¬ 
tionship  less  energetically  favorable. [5)  The  fact  that  the 
shear  pattern  advances  vanish  for  the  NW-r  ledges — 
ledges  parallel  to  the  bcc  (110) — but  not  for  the  NW-y 
ledges  suggests  that  the  former  is  more  energetically  fa¬ 
vored  for  structural  ledge  misfit  accommodation  than  the 
latter;  accordingly,  we  focus  on  interfaces  with  x  ledges 
only. 

The  corresponding  quantities  for  the  KS  orientation 
(applicable  when  r  is  near  rKS)  is  obtained  from  the  NW 
orientation  by  a  relative  rigid  azimuthal  rotation  of  about 
5  deg.  Its  occurrence  is  related  to  matching  of  atomic 
rows  along  parallel  sides  of  the  corresponding  unit  cell 
rhombuses  (Figures  2(a)  through  (d)).  When  there  is  only 
a  sequence  of  ledges  parallel  to  the  matching  closest 
packed  rows, 


ax  =  da  =  V8  bx  =  db  =  V3  — 

8 °  =  \du,  8bx  =  ^db,  S;x=l-a,  $x=l-b 

[10] 

where  da  and  db  are  the  atomic  row  spacings  for  the  KS 
orientation  (Figure  2).  Note  that  the  parameters  in 
Eqs.  [5]  and  [6]  for  the  NW  and  KS,  respectively,  can 
be  substituted  into  Eq.  [4]  to  obtain  the  corresponding  lx 
parameters. 


[8] 


III.  ENERGY  CALCULATIONS 

A.  Introduction 

So  far,  we  have  summarized  the  geometrical  formal¬ 
ism  for  the  description  of  misfit  and  misfit  accommo¬ 
dation  for  planar  and  stepped  fee: bcc  interfaces.  For  the 
latter,  we  have  introduced  the  concept  of  pattern  ad¬ 
vance,  the  structural  ledge,  and  the  necessity  for  the 
presence  of  tilt-type  misfit  dislocations.  What  remains  is 
to  analyze  the  energetics  of  such  an  interface  with  em¬ 
phasis  on  an  extendible  mathematical  formalism.  The 
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derivations  are  published  elsewhere,14  5-61  and  this  section 
will  review  and  detail  these  ideas  specifically  for  fee :  bcc 
interfaces. 


VB(x,  y)  =  Vo 


B.  Terraces:  Rigid-Body  Considerations 

In  order  to  evaluate  the  significance  of  the  energy  gain 
due  to  elastic  relaxation,  it  is  also  helpful  to  explore  the 
rigid-body  interaction  energy.  This  is  calculated  assum¬ 
ing  that  the  A  terrace  patch  interacts  with  a  B  atom  (in 
the  opposing  B  terrace)  according  to  a  potential  which 
has  the  periodicity  and  symmetry  of  the  atomic  arrange¬ 
ment  in  the  A  terrace.  The  rigid  lattice  calculations  are 
useful  in  that  they  provide  a  general  understanding  of 
the  range  of  energies  involved  and  information  concern¬ 
ing  the  misfit  between  the  fee  and  bcc  lattices.  Figure  1 
comes  from  this  approach.  Also,  we  will  demonstrate 
the  maximum  terrace  length  I  that  will  be  energetically 
profitable.  That  is,  the  formalism  confirms  energetically 
and  extends  what  was  arrived  at  from  geometrical  con¬ 
siderations  only. 

First  consider  an  entire  checkerboard  of  (27  +  l)2  ter¬ 
race  patches,  the  extent  of  which  is  one  superperiod 
(Figure  3)  in  each  direction.  The  checkerboard  pattern 
consists  of  identical  rectangular  terraces  and  that  have 
no  azimuthal  misorientation.  In  the  present  analysis  of 
fee: bcc  interfaces,  the  orientation  is  NW-x.  The  goal  is 
a  summation  of  the  potential  energy  of  all  the  atoms  in 
the  fee  crystal  in  the  periodic  field  of  the  bcc  lattice  for 
the  entire  checkerboard.  This  is  followed  by  a  summa¬ 
tion  over  the  interfacial  atoms  of  the  fee  crystal  in  the 
periodic  field  of  the  bcc  lattice. 

A  truncated  Fourier  representation  in  the  field  ema¬ 
nating  from  the  bcc  crystal  is  given  by15-171 


The  authors  have  estimated  the  scale  factor  Vq  and  the 
normalized  coefficients  A,  as 


A,  =  -0.573,  A3  =  0.088, 

A4=  -0.015;  Vq  =  1183  eV  [lib] 


The  potential  surface  generated  by  Eq.  [12]  has  six-fold 
symmetry  about  the  minimum  position  x  =  0,  y  =  0. 
This  is  unphysical,  and  stacking  fault  terms  would  nor¬ 
mally  need  to  be  added.  These  stacking  fault  terms  may 
be  neglected  in  the  present  case,151  as  they  emanate  from 
atomic  layers  lower  down.  Embedded  atom  methods  cal¬ 
culations1'91  predict  that  these  stacking  fault  terms  are  small 
and  contribute  insignificantly  to  the  present  estimate  of 
energy. 

A  single  terrace  is  shown  in  Figure  5,  which  repre¬ 
sents  one  of  the  rectangles  from  Figure  3.  The  orienta¬ 
tion  relationship  is  NW-x,  and  the  bcc  potential  trough 
positions  are  shown  as  open  circles.  The  ledges  are  aligned 
along  the  y  direction,  which  is  [001]  bcc.  The  direction 
of  pattern  advance,  5°,  is  [1 10]  bcc  (or  the  x  direction). 
For  this  calculation,  the  atoms  are  considered  to  be  lo¬ 
cated  on  two  interpenetrating  rectangular  lattices  i  = 
1,  2.  In  general,  the  terrace  patch  contains  4 M  ±  1  atomic 
rows  in  the  x  direction  and  4 N  ±  1  rows  in  the  y  direc¬ 
tion,  the  x  direction  being  perpendicular  to  the  structural 
ledges.  The  “±”  signs  indicate  that  counting  starts  at  the 


for  a  W  adatom  on  W{  \  10}.  Whereas  the  A,’s  are  dom¬ 
inated  by  the  substrate  symmetry,  Vq  depends  strongly 
on  the  materials  combination  and  environment,  for  ex¬ 
ample,  whether  the  adatom  is  part  of  a  monolayer  or  is 
an  isolated  adatom. 

The  {llljfcc  surface,  similarly  truncated  to  KS  and 
NW  orientations,  yields  an  expression1181  equivalent  to 
Eq.  [11a]  as 


©  ©  O  ©  © 

©  o  o  o 

o  o  o  o  o 

Fig.  5  —  Single  terrace  from  Fig.  3,  where  in  this  ease,  M  =  N.  Open 
circles  represent  bcc  potential  troughs  and  solid  circles  represent  po¬ 
sitions  of  fee  atoms.  x0,  y0  is  the  position  of  the  central  fee  atom. 
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centers  of  patches,  the  “center”  being  an  atom  in  A  and 
a  trough  in  B .  For  the  symmetric  ( M  =  N)  patch  shown 
in  Figure  5,  the  positions  of  the  fee  terrace  atoms  (solid 
circles)  with  respect  to  the  coordinate  origin,  which  is 
fixed  at  the  center  of  the  bcc  terraces,  can  be  given  as 


where 


1  n 

x,„  =  x0  +  -  bxmw\ 

1  n 

y„  =  yo  +  ~  byn  , 

II 

o 

1+ 

K> 

,  ±2(2 M  -  1),  ±2 M 

and  n0)  =  0,  ±2,  . . . 

,  ±2 (N  -  1),  ±2N 

m(2)  =  ±1,  ±3,  . 

..,  ±{2M  —  1) 

and  n<2)  =  ±1,  ±3,  . 

1+ 

1 

(x0,  y0)  being  the  position  of  the  central  fee  atom. 

The  number  of  atoms  within  the  {1 1 1  }fcc  terrace  inter¬ 
face  is  G  =  {(2 M  +  1)(2 N  +  1)  +  4MN}.  Nonsymmetric 
cases  can  also  be  detailed  in  a  similar  fashion.181  We  can 
then  substitute  the  relations  of  Eq.  [13],  which  give  all 
of  the  interfacial  atom  positions  of  crystal  B,  into 
Eq.  [11a]  and  perform  the  summation,  yielding  the  av¬ 
erage  energy  per  atom 


v,  =  1 


2A,  2ttx0\  (2-Try0 

—  cos  -  COS  I - 

G  \ax  \  a.  , 


K  b\  A3 

— ,  —  I  H - cos 

a ,  aj  G 


A4 

+  —  cos 
G 


4mco\  /  bx 

- -  FJ2-0 

ax  j  \  ax  , 


by 

0,  2- 
a„ 


sin  {(2 M  +  1  )7Titv}  sin  {(2 N  +  1 ) 7r*v}  +  sin  (IMirk^  sin  {IN-nk,) 
sin  ( Trkx )  sin  (irk,) 

[14b] 

Fmn{  1 ,  1)  =  Fmn( 2,  0)  =  Fmn( 0,  2)  =  G  [14c] 

and  F(k„  k}) /G  ~  0  when  either  kx  or  ky  is  significantly 
different  from  an  integer  or  zero.  This  is  the  type  of  re¬ 
lation  generalized  to  account  for  varying  azimuthal  ori¬ 
entation,  which  is  plotted  to  give  Figure  1. 

For  this  interface,  when  fx  is  small  ( bx~ax ),  the/.  will 
be  large.  The  ideal  case  can  be  examined,  which  is 
bx/ax  =  1.  The  energetics  of  NW-i  ledges  are  deter¬ 
mined  by  the  region  bx/ax  =  1  close  to  the  minimum  of 
the  term  in  A3.  For  bjax  =  1,  FMN{2,  0)  =  G,  i.e.,  large, 
while  the  FMN  factors  of  A,  and  A4  are  then  very  much 
less  than  G.  Also,  the  primary  objective  is  to  compare 
the  energetics  of  misfit-compensating  ledges  in  stepped 
interfaces  with  those  of  misfit-accommodating  disloca¬ 
tions,  if  the  interface  is  planar.  We  may  accordingly  write 
approximately 


vA  ~  Vo  I  1  +  A,  cos 


Because  A3  is  positive  (—0.088),  a  rigid  translation  of 
xQ  =  aj 4  is  required  to  obtain  a  stable  minimum  energy 


configuration.  This  conclusion  relies  on  the  fact  that  small 
fx  (bx  =ax)  implies  large  fy  and  hence  little  strain  relax¬ 
ation181  in  the  y  direction.  The  depth  of  the  energy  well — 
referred  to  as  the  average  Vo  when  both  \fx\  and  |/|  are 
significantly  different  from  zero — can  then  be  written  as 


A  similar  approach  can  be  applied  to  the  y  ledges  when 
by  —  ay.  The  result  would  be  similar  to  Eq.  [15a]  with 
the  minimum  at  ya  =  0  and  Ad  instead  of  A3. 

The  terrace  patch  size  can  now  be  considered  ener¬ 
getically.  The  energy  savings  that  are  made  by  a  bcc/fcc 
lattice  orienting  into  the  NW-x  relation  (bx  —  ax,  x0  = 
ax/4)  is  determined  by 

Va  =  Vo 

A3  (2N  +  1 )  sin  {2tt(2 M  +  1  )bx/ax}  +  2 N  sin  (47rMfc,/at) 

G  G  sin  (2irbx/ax) 


[l-± 
L  G 


(2 N  +  1)  sin  {2it(2M  +  1  )/j  +  2 N  sin  (4t rMfx) 
sin  (277 fx) 

[16] 


The  approximation  was  secured  by  using  the  relation 
bx/ax  —  ( 1  +  fx).  The  error  involved  is  very  small,  being 
<1  pet  when/,  <  20  pet. 

The  relation,  Eq.  [16],  provides  support  for  the  intro¬ 
duction  of  the  cancellation  criterion  and  facilitates  dem¬ 
onstration  of  the  physical  significance  of  the  criterion. 
When  regarded  as  a  function  of  fx,  the  quantity  vA  has  a 
global  minimum  of  Vq(1  _  A3)  at  fx  =  0.  As  |/J  increases 
from  zero,  the  oscillatory  terms  increase  from  negative 
values  upward — the  first  vanishes  at  2(2 M  +  1 )  \fx\  =  1 
and  the  second  at  4M\fx\  =  1 .  We  may  take  half  of  their 
average  as  a  certain  upper  limit  of  the  region  in  which 
the  energy  is  still  well  below  the  average  Vo,  i-e.,  the 
terrace  size  (4 M  +  1)  is  certainly  energetically  favorable 
below  an  upper  limit  defined  by 

(4M+1)|/J  =  2  [17a] 

for  a  limited  interval  of  r  around  rx 

.  .  2|r  —  rJ  \r  —  r\  ~  , 


so  that  Eq.  [17a]  may  be  written  in  the  form 

2  r 

(4 M  +  1)  =  - - :  [17c] 

k  -  gI 

In  terms  of  the  number  2 M  +  1  of  atomic  rows  and  the 
row  spacing  a  j 2,  the  terrace  width  lx  is  (2 M  +  1  )ax/2. 
It  accordingly  follows  from  Eq.  [4]  and  [8]  that  the 
terrace  width  that  satisfies  the  cancellation  criterion  is 
given  by 

1  2r  a,  ax 

4  =  -; - j  T  =  (4A/  +  1)  —  [18a] 

3  I  r  —  rx\  2  2 

i.e.,  the  number  of  atomic  rows  in  a  NW-x  terrace  that 
satisfies  the  cancellation  criterion  is  given  by 
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{AM  +  1)  *  - - :  [18b] 

3| r  ~  rx\ 

It  is  seen  that  this  terrace  width  more  than  satisfies  the 
energetically  favorable  one  in  Eq.  [17b]. 

In  order  to  quantify  the  energetics,  let  us  investigate 
a  simplification  of  Eq.  [16],  simplified  along  the  lines 
that  have  led  to  [17a]  by  reducing  Eq.  [16]  to  a  single 
term  and  substituting  from  Eqs.  [17b]  and  [18b]  to  ob¬ 
tain  the  approximation 

A  f.  2A}(2N  +  1/2)  sin  [tt(4 M  +  1)|/J[] 

VA  V°  1  G  sin  (2it-|/J)  J 


=  v£  i  - 


2A3  sin  (7t/3) 

r  |  r  —  rx 

- - -  sin  2tx - 

\r  —  r  A  r 


G  =  (4M  +  1)(2 N  +  1/2) 


Alternatively,  one  may  also  write  Eq.  [16]  itself  in  a 
more  appropriate  form  by  noting  that  the  number  peri¬ 
odicity  2N  +  1  in  the  y  direction  is  indeed  the  number 
of  rows  spanning  the  misfit  dislocation  spacing  in  that 
direction,  i.e.,  that 

21V  +  i  «  —  =  - - [20] 

\fy\  V  ~  ry\ 

Although  this  is  more  accurate,  it  does  not  change  the 
essentials  related  to  Eq.  [17c].  The  relation,  Eq.  [19], 
also  has  the  merit  of  simplicity.  The  value  of  vA  varies 
little 

(<7  pet)  in  the  interval  0.85  ^  r  <  1.01  and  has  a 
value  of 


at  r  =  rx 


instead  of  3/rr,  the  reason  being  traced  to  the  fact  that 
NW-r  ledges  have  second-order  harmonic  terms,  while 
KS  ledges  have  first-order  harmonic  terms;  and  (b)  that 
the  average  energy  gain  with  respect  to  the  reference  level 
Vo  would  be  significantly  greater  (|A||/A3  ~  6)  than  for 
NW-x  ledges. 

The  next  step  in  the  rigid  lattice  calculations  is  to  ob¬ 
tain  expressions  when  the  bcc{110}  surface  atoms  inter¬ 
act  with  the  fcc{l  11}  surface  potential.  The  analysis  is 
virtually  the  same,  yielding  for  this  interaction  the  av¬ 
erage  energy  per  interfacial  bcc  atom: 


VnnG  +  2V in  COS  277 — h 


•  COS  277  —  F, 


■cosr  uSjrH^?0 


+  Vn  COS  I  477 


+  2Vn  cos  (677^)  cos  (2-g^.J 


where  FMN{kx,ky)  have  been  given  in  Eq.  [14c].  An  anal¬ 
ysis151  shows  that  the  depth  of  the  energy  well  can  be 
given  as 

Avb  =  VoVio  [23] 

An  analysis  concerning  the  cancellation  criterion  can  be 
made  similar  to  that  above.  The  effective  depth  of  the 
well  for  the  combination  of  crystals  A  on  B  and  B  on  A 
can  be  taken  as  the  average  of  the  quantities,  viz., 


Avab  =  -  (V^  +  V®V10)  =  Vo  A  3 


We  note  that  this  is  well  below  the  value  vA  =  VB  (1  - 
A3)  that  obtains  from  Eqs.  [16]  and  [14c]  for  perfect 
matching  (r  =  rx\  bx  =  ax)  on  a  planar  interface.  The 
discrepancy  is  due  to  “rigidity”  and  the  cancellation  cri¬ 
terion  which  relates  terrace  width  and  misfit. 

The  relation  corresponding  to  Eq.  [19],  but  for  KS 
ledges,  is 

.  T  .  .  /  77  ?>rKS  -  2 r\ 

vA  =  V'o  1  —  |A]|  sin  (  — - - — ) 

L  \3  rKS  +  r  / 


/  f  3rKs  ~  2 r  ^  /27rjr  -  } 

/  l6|rjfS  -  r|  \  r  +  rKS  /j. 


[21a] 


In  this  case,  the  value  of  vA  again  varies  little  (<2  pet) 
over  the  range  1.01  <  r  <  1.14  from  the  value 


at  r  =  rKS  (perfect  matching).  While  the  reasons  are  the 
same  as  those  for  NW-x  ledges,  we  also  note  (a)  that  the 
value  is  significantly  closer  to  the  ideal  value  with  one 


where  the  approximation  follows  from  Eq.  (A2,10)  of 
Reference  2  and  the  fact  that  VqK  of  (2)  is  the  equivalent 
of  V®  here. 

The  important  result  from  this  analysis  is  that  the  ter¬ 
race  width  needed  for  cancellation  of  misfit  is  small 
enough  to  ensure  adequate  energy  minimization.  The  rigid 
model  calculations  predicted  that  the  maximum  average 
energy  per  atom  that  can  be  gained  by  atoms  of  the  B 
interface  from  interaction  with  crystal  A,  when  mea¬ 
sured  from  the  level  of  energy  defined  by  a  misfitting 
interface  of  large  width,  is  VqA3.  This  energy  is  obtained 
for  perfect  matching  in  the  NW-x  orientation.  The  rigid 
model  analysis  shows  that  70  to  80  pet  of  V/A3  can  still 
be  gained  below  an  upper  bound  of  nonzero  misfit  in¬ 
versely  proportional  to  the  terrace  width.  It  has  also  been 
shown  that  such  terrace  widths  also  satisfy  the  cancel¬ 
lation  criterion.  Analogous  conclusions  apply  to  the  in¬ 
teraction  emanating  from  the  fee  crystal.  The  next  step 
is  to  allow  the  terrace  patch  pair  to  relax  elastically.  The 
average  terrace  energy  calculated  for  the  NW-x  orien¬ 
tation  is  then  measured  from  the  minimum  energy  level 
Avab  (Eq.  [12])  defined  by  exact  matching  (fx  =  0),  i.e., 
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at  a  depth  Avab  (Eq.  [24])  below  the  global  average 


C.  Terraces:  Elastic  Relaxation  of  the 
Terrace  Patch  Pair 

Now  that  a  base  line  has  been  established  with  the 
rigid  model,  our  next  step  is  to  go  beyond  the  rigid  lat¬ 
tice  by  applying  the  harmonic  approximation.  One  of  the 
strengths  of  this  approach  is  that  it  allows  for  the  energy 
of  the  terrace  patch  pair  to  be  further  reduced  by  elastic 
relaxation.  The  total  mean  energy  per  terrace  patch  of 
the  combined  system  will  decrease  below  the  rigid  model 
value  of  Eq.  [19].  Howe  and  Smith1201  incorrectly  state 
that  our  approach  is  incomplete,  because  it  does  not  allow 
elastic  relaxation  at  the  interface.  Our  approach  does  al¬ 
low  elastic  relaxation  of  the  atoms  forming  the  terrace 
interface,  and  in  fact,  we  have  shown  that  it  is  this  en¬ 
ergy  “gain”  that  assists  to  make  a  ledged  structure  viable. 

Calculation  of  the  energy  due  to  elastic  relaxation  pre¬ 
sents  two  problems.  The  first  concerns  the  terrace  patch 
interface  and  the  second  deals  with  the  TMDs.  In  both 
cases,  the  crystals  on  either  side  of  the  interface  are  ap¬ 
proximated  by  isotropic  elastic  continua  A  and  B,  but 
their  discrete  atomic  nature  is  taken  into  account  at  the 
interface  by  introducing  interfacial  forces  that  have  the 
periodicity  of  the  crystal  lattices  in  the  relative  displace¬ 
ments  of  opposing  atoms  on  either  side  of  the  inter¬ 
face;1211  cx  or  cy  for  the  reference  lattice  parameters  patch 
and  c,  for  the  MD  interface.111-221  Also,  in  both  cases,  we 
decompose  the  problem  of  two-dimensional  ( x ,  y)  inter¬ 
facial  misfit  into  two  problems  of  plane  strain  in  the 
“vertical”  plane  (x z  plane),  each  with  one-dimensional 
misfit,  and  make  the  simplifying  approximation  that  the 
mean  energies  Ex  and  Ey  are  additive:1131 

E  =  Ex  +  Ey  [25] 

Previous  calculations  have  shown1191  this  energy  to  be 

gr  _  h-xUp  -y  1 

v 2d  ,  n(n  +  n0) 

ph  1 


2  ttd  A 

1  _  1  ~  Va  1  ~  % 

A  Pa  Pb 


U0  =  -8X 


where  /x,  is  the  shear  modulus  and  v  is  Poisson’s  ratio. 
The  mean  energy  Efy,  due  to  misfit  in  the  y  direction, 
may  be  written  down  simply  by  replacing  x  by  y.  This 
is  for  the  NW-x  orientation.  The  {llljfcc  and  { 1 1  Ojbcc 
surfaces  are  a  distance  d  apart.  For  the  KS  orientation 
fix  is  replaced  by  p,xs,  where  /ifs/pxw  =  2. 5. 161  This 
follows  from  the  fact  that  the  shear  modulus  is  propor¬ 
tional  to  the  curvature  of  the  relevant  terms  in  the  equa¬ 
tions  [11],  the  terms  A,  and  A3  representing  the  KS  and 
the  NW-jt  orientations,  respectively.  The  average  total 
energy  per  atom  after  relaxation  is 

el  =  E'xCxc  y/2  [27] 


We  convert  to  average  energy  e  per  atom  for  consis¬ 
tency;  in  the  preceding  sections,  we  have  expressed 
energies  as  averages  per  atom. 

D.  Energy  of  Stepped  Interface  vs  Planar  Interface 

To  compare  the  relative  energies  of  an  fee :  bcc  inter¬ 
face  that  contains  structural  ledges  with  one  that  is  planar 
and  contains  only  misfit-compensating  dislocations,  we 
need  to  take  the  difference  between  the  two: 

Si'  ^step  fylanar  ^step  ^planar  [28] 

In  order  to  assess  the  relative  stability  of  planar  and 
stepped  interfaces,  it  suffices  to  consider  a  single  se¬ 
quence  of  ledges.  In  general,  there  would  also  be  misfit 
parallel  to  the  ledges,  which  may  be  taken  up  by  misfit 
dislocations,  or  a  near  vernier  when  this  misfit  is  large. 
Whatever,  the  simplifying  approximation  is  usually  made 
that  the  effects  of  the  misfits  in  the  two  directions  are 
independent  and  accordingly  additive.  An  important 
consequence  of  this  is  that  the  energies  associated  with 
the  direction  normal  to  the  steps  would  be  the  same  for 
both  the  planar  and  stepped  interface  and  would  cancel 
when  we  subtract  the  energies. 

The  average  energies  per  unit  area  have  been  calcu¬ 
lated  previously1 1-61  and  are  given  as  follows.  For  the 
terrace  patch,  using  the  surface  stresses,  we  use  Eq.  [26]. 
The  second  energy  for  structural  ledges  is  that  attributed 
to  TMDs.  As  noted,  misfit  gradually  builds  up  in  the 
z  direction  because  az  A  bz.  For  NW-x, 


*  2tt2(1  -  2v)d 

FQ3)  =l+/3~  Vl  +  P2 

-  /3  In  [2/3  Vl  +  /32  -  2j62]  [29b] 

-  7Td(l-  2v)\  r. 


For  the  KS  in  Eqs.  [29a]  and  [c],  px  is  replaced  by 
and  cx  is  replaced  by  cz.  For  the  misfitting  riser  inter¬ 
face,  the  structural  ledge  contributes  directly  to  the  en¬ 
ergy  of  a  stepped  interface  because  of  misfit,  i.e.,  the 
misfit  along  the  riser  of  the  ledges  of  the  atomic  planes 
that  terminate  from  either  side  at  the  ledge  and  the  misfit 
due  to  the  difference  of  the  separation  of  corresponding 
atomic  rows  in  the  two  crystals.  For  the  line  energy  of 
a  ledge,  it  is  the  misfitting  edges  of  the  atomic  planes 
terminating  at  a  ledge  that  is  approximated  by  the  energy 
MDs  needed  to  accommodated  fy  by  assuming  that  y  is 
determined  by  the  energy  of  jogs,  which  are  created  by 
the  step  in  the  relevant  MDs.  This  jog  energy  is  equated 
to  the  energy  per  atom  length  of  the  MD;  i.e., 

pyCt  CxCy  , 

130a] 

=  — I  [30b] 

PyPyh 


where  cxc  J2  is  the  area  per  atom  in  the  reference  lattice.  for  the  NW-x  ledges  and 
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$SC2Cd 

47 T2dL 


2  ba 


ra 


b  +  a  r  +  1 


«  -  P* 


[31a] 

[31b] 


for  the  KS  ledges,  where  c  is  a  reference  lattice  param¬ 
eter  along  the  dense-packed  rows  and  cd  normal  thereto. 
Finally,  for  the  planar  interface,  we  have1171 


2ird\ 

KS’ 

Pddx 


Pd 


-  s± 

/ks 


[32a] 

[32b] 


Employing  these  equations  to  calculate  the  relative  ener¬ 
gies  from  Eq.  [28]  shows  that,  energetically,  the  ranges 
of  fx  that  are  geometrically  meaningful  for  stable  stepped 
interfaces  are  as  follows: 
for  NW-x, 


-0.1035  <fx  <  0.0589 


and  for  KS, 


-0.0852  </KS  <  0.0281 


III.  CONCLUSIONS 

In  the  consideration  of  the  fcc{lll}-bcc{l  10}  interface 
with  rhombic  symmetry,  it  is  again  demonstrated  that  all 
geometrical  quantities  are  interrelated  through  the  misfit 
ratio  r  of  atomic  diameters.  The  role  of  row  matching 
in  the  NW-r  and  NW-y  is  shown  to  be  a  sufficient  con¬ 
dition  for  energy  minimization.  Here,  the  Cartesian  co¬ 
ordinate  system  is  employed  in  which  the  x  and  y  axes 
are  parallel  to  the  long  (110)  and  the  short  (001)  diag¬ 
onals,  respectively,  and  the  two  energy  minima  are  re¬ 
ferred  to  as  NW-x  and  NW-y  ledge  configurations.  For 
the  KS  orientation,  row  matching  is  again  sufficient  for 
energy  minimization;  here,  the  close-packed  directions 
of  the  fee  and  bcc  rhombuses  within  the  interface  align 
for  row  matching.  This  corresponds  to  the  independent 
findings  of  Dahmen.1'21 

Emphasis  was  placed  on  the  energetic  information  to 
be  gained  concerning  the  terraces.  The  two-phase  system 
was  first  analyzed  by  a  rigid  model  approach.  This  anal¬ 
ysis,  employing  a  truncated  Fourier  series,  demonstrated 
an  energetic  justification  of  the  optimum  terrace  widths, 
which  were  originally  selected  on  geometrical  grounds. 
The  approach  further  revealed  upper  and  lower  bounds 


of  average  energies  that  result  in  energy-minimizing  lat¬ 
tice  configurations  such  as  row  matching.  Elastic  relax¬ 
ation  of  the  terrace  patch  pair  was  accomplished  by 
employing  the  harmonic  approximation.  This  approach 
revealed  further  energy  gains.  A  calculation  of  excess 
energy  based  on  meaningful  values  of  r  (or  misfit  fx, 
Eq.  [6])  suggests  that  stepped  interfaces  in  the  NW-x  and 
KS  configurations  are  energetically  more  favorable  as  a 
misfit- accommodating  mode  than  planar  interfaces. 
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Intrinsic  Ledges  at  Interphase  Boundaries 
and  the  Crystallography  of  Precipitate  Plates 


YIWEN  MOU 

The  structure  of  intrinsic  ledges  at  interphase  boundaries  has  been  interpreted  with  extended 
O-lattice/DSC-lattice  approaches.  The  distribution  of  structural  ledges  can  be  predicted  if  the 
spacing  difference  between  parallel  matrix  and  product  planes  is  treated  as  a  measure  of  the 
relaxed  coincidence  condition.  A  small  rotation  away  from  the  low-index  planar  parallelism 
introduces  a  series  of  interfacial  dislocations  that  cancels  the  spacing  difference,  resulting  in  a 
lattice  invariant  line.  Misfit-compensating  ledges  at  bcc:hcp  interfaces  are  produced  as  a  ledged 
interface  intersects  additional  O-points  that  are  recognized  with  the  incorporation  of  previously 
omitted  bcc  atom  positions  into  the  O-lattice  construction.  Energetic  consideration  suggests  that 
structural  interfacial  energy  may  decrease  when  a  flat  interface  becomes  ledged  with  misfit- 
compensating  ledges.  Burgers  vectors  associated  with  structural  ledges  and  misfit-compensating 
ledges  are  displacement  shift  complete  (DSC)  lattice  vectors.  Precipitate  and  martensite 
crystallography  may  both  include  a  lattice  invariant  line,  but  they  are  involved  in  different  inter¬ 
phase  boundary  characteristics.  Assumptions  and  implications  in  precipitate  and  martensite 
crystallography  are  discussed  in  the  framework  of  the  O-lattice  theory  and  phenomenological 
theory  of  martensite  crystallography. 


I.  INTRODUCTION 

STRUCTURAL  ledges11’2'31  and  misfit-compensating 
ledges,1 13-61  just  like  well-known  misfit  dislocations,17,8,91 
are  intrinsic  parts  of  partially  coherent  interphase  bound¬ 
aries,  as  they  are  related  with  somewhat  low  interfacial 
energy.  In  contrast,  growth  ledges110,111  are  extrinsic  to 
interphase  boundaries,  as  their  existence  would  increase 
the  interfacial  energy.1121  This  non-equilibrium  character 
permits  growth  ledges  to  add  atoms  to  the  precipitate 
without  the  need  to  surmount  a  high-energy  barrier.1121 
It  is  now  widely  accepted  that  in  the  nucleation  process, 
nuclei  of  a  precipitate  phase  take  up  a  lattice  orientation 
relationship  that  allows  them  to  be  enclosed  largely  by 
low-energy  coherent  interfaces.1131  Such  interfaces  are 
usually  present  during  growth  as  partially  coherent 
boundaries  that  can  migrate  only  through  the  agency  of 
the  ledge  mechanism1131  when  the  crystal  structures  of 
the  product  and  matrix  phases  are  significantly  differ¬ 
ent.1121  The  structure  of  partially  coherent  interphase 
boundaries  is  thus  an  important  aspect  in  the  knowledge 
of  solid-solid  phase  transformations. 

Hall  et  al.m  first  suggested  that  interfacial  matching 
can  be  improved  by  the  periodic  insertion  of  structural 
ledges  as  a  result  of  the  difference  in  the  stacking  se¬ 
quence  in  the  face-centered  cubic  (fee)  and  body- 
centered  cubic  (bcc)  structures.  Rigsbee  and  Aaronson121 
used  a  graphical  model  to  predict  the  distribution  of 
structural  ledges  at  fcc:bcc  interfaces.  Shiflet  et  a/.,1141 
van  der  Merwe  et  a/.,1151  and  Shiflet  and  van  der 
Merwe1161  explained  the  geometry  of  structural  ledges 
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with  the  concept  of  pattern  advance  and  analyzed  their 
energetics  by  rigid-body  and  harmonic  approaches.  With 
a  computer-aided  graphic  technique,  Furuhara  and 
Aaronson1171  found  that  a  set  of  structural  ledges  can  ef¬ 
fectively  replace  misfit  dislocations  at  Burgers-related1181 
and  Potter-related1191  bcc: hep  interfaces.  Structural 
ledges  were  observed  at  a  fee :  bcc  broad  face  of  a  ferrite 
sideplate  in  an  Fe-C-Si  alloy1201  by  transmission  electron 
microscopy  (TEM)  and  at  a  Burgers-related  bcc: hep 
interface  in  a  Ti-Cr  alloy131  by  high-resolution  TEM. 

Structural  ledges  are  recognized  as  interfacial  defects 
in  terms  of  their  misfit-compensating  ability,  usually  ex¬ 
pressed  as  Burgers  vectors.121,221  Although  a  network  of 
misfit  dislocations  can  in  general  accommodate  misfit 
across  a  partially  coherent  interface, 17-9,17,231  the  replace¬ 
ment  of  misfit  dislocations  by  structural  ledges  may  in 
some  cases  lower  the  structural  interfacial  energy. 1151  The 
analysis  of  van  der  Merwe  et  a/.1151  indicates  that  for 
small  misfits  and  large  Burgers  vectors,  ledged  inter¬ 
faces  possess  lower  interfacial  energies  than  do  the  cor¬ 
responding  misfit  dislocation  interfaces. 

Misfit-compensating  ledges  were  first  found  by 
Furuhara  and  Aaronson14,51  and  Furuhara  et  al.l3]  at  a: (3 
(bcc:  hep)  interfaces  associated  with  proeutectoid 
a  plates  and  grain-boundary  allotriomorphs  in  a  hypo- 
eutectoid  Ti-Cr  alloy.  These  ledges  are  associated  with 
Burgers  vectors  parallel  to  the  terrace  planes  and  can 
compensate  misfit  by  means  of  extra  half-atomic  planes 
perpendicular  to  the  terraces.112,221  These  Burgers  vectors 
were  usually  (1  /2)[0001]a,  determined  by  comparing  the 
measured  spacing  between  parallel  ledges  with  the  spac¬ 
ing  modeled  for  [000 l]tt  misfit  dislocations.1171  Recently, 
Mou  and  Aaronson161  observed  misfit-compensating 
ledges  at  j 8:£  (bcc : hep)  interfaces  formed  during  a  mas¬ 
sive  transformation  in  a  Ag-26  at.  pet  A1  alloy. 

Structural  ledges  and  misfit-compensating  ledges  are 
different  mainly  in  their  modes  of  misfit  compensat¬ 
ing. 15,12,22,241  structural  ledges  can  compensate  misfit 
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only  within  the  terrace  plane,11,5,17,241  while  misfit- 
compensating  ledges  can  compensate  misfit  both  within 
and  perpendicular  to  the  terrace  plane.117'241  However, 
this  difference  is  probably  not  as  essential  as  was  pre¬ 
viously  proposed,1 117,241  especially  when  the  associated 
Burgers  vectors  are  described  with  the  displacement  shift 
complete  (DSC)  lattice. 125,26,271  Nonetheless,  these  ledges 
may  still  be  treated  separately  with  emphasis  on  their 
characteristics  in  interfacial  misfit  compensation. 

The  concept  of  structural  ledges  is  closely  related  with 
that  of  the  lattice  invariant  line,121,22,28,291  as  these  ledges 
permit  the  matching  across  an  already  well-matched 
interface  to  be  improved  by  the  more  frequent  repetition 
of  coherent  areas.11,21  These  concepts  have  long  been  rec¬ 
ognized  as  approaches  to  the  interfacial  structure  and 
crystallography  of  precipitate  plates.12,17,30-321  Dahmen12'1 
suggested  that  structural  ledges  stepping  down  along  the 
lattice  invariant  line  can  eliminate  the  periodic  insertion 
of  edge  dislocations  in  the  riser  planes.  This  suggestion 
was  confirmed  by  Furuhara  and  Aaronson1171  for  partially 
coherent  bcc :  hep  interfaces  by  comparing  graphical  and 
O-lattice  results  with  invariant  line  predictions.  Howe 
and  Smith1331  proposed  that  the  structural  ledge  and  in¬ 
variant  line  models  are  significantly  different  in  their 
fundamental  approaches  and  that  the  two  models  can 
lead  to  the  similar  or  different  predictions  for  habit 
plane,  orientation  relationship,  and  dislocation  struc¬ 
ture,1341  depending  on  the  type  of  transformation  strain. 
However,  Kato  et  al.l35]  recently  discussed  the  strain 
type  that  led  to  different  habit  planes  in  Howe  and 
Smith’s  analysis  and  concluded  that  there  are  no  true  difr 
ferences  in  habit  plane  orientation  predicted  with  the  two 
models.  Aaronson  et  al.m  proposed  that  the  kinetics  of 
growth  ledge  generation  at  the  interphase  boundary  ori¬ 
entation  represented  by  the  invariant  line  direction  are  a 
pronounced  minimum  because  of  the  zero  misfit  along 
the  invariant  line.  This  proposal  provides  an  important 
linkage  between  the  invariant  line  concept  and  diffu- 
sional  growth  by  means  of  the  ledge  mechanism.1131 

The  O-lattice125,361  and  DSC-lattice[25-27,36)  approaches, 
or  so-called  “fit-misfit”  models,1271  have  long  been  ap¬ 
plied  to  describing  interfacial  ledges.127,37-411  Mou  and 
Aaronson1241  recently  extended  the  O-lattice  approach1251 
for  developing  a  general  analytical  approach  to  predict¬ 
ing  structural  ledge  distribution.  They  suggested1241  that 
misfit-compensating  ledges  result  from  intersection  of  a 
ledged  interface  with  additional  O-points,  which  are 
best-matching  positions  but  not  recognized  by  previous 
investigations.  The  present  article  is  aimed  mainly  at  fur¬ 
ther  developing  these  concepts  and  approaches. 

In  the  present  work,  structural  ledges  and  misfit- 
compensating  ledges  are  analyzed  with  the  O-lattice 
theory125,361  and  related  concepts,  such  as  the  surface  dis¬ 
location1421  and  DSC  lattice.125,261  The  dislocation  descrip¬ 
tion  and  energetics  of  these  ledges  are  then  considered 
with  emphasis  on  low-energy  partially  coherent  inter¬ 
facial  structure.  Based  on  its  connection  to  interfacial 
structure,  the  crystallography  of  platelike  precipitates  is 
finally  discussed  in  comparison  with  martensite 
crystallography  described  with  the  phenomenological 
theory.143,441 


II.  STRUCTURAL  LEDGES 

A.  Geometric  Distribution 

A  new  approach  somewhat  different  from  that  in 
Reference  24  will  now  be  introduced  to  facilitate  the 
misfit  and  dislocation  description  of  structural  ledges. 
As  shown  in  Figure  1,  {hxkxlx)  and  (h2k2l2)  are  two  sets 
of  crystallographic  planes,  usually  but  not  necessarily  of 
the  low-index  type,  in  lattices  (1)  and  (2),  respectively. 
Suppose  that  an  orientation  relationship  allows  the  two 
sets  of  planes  to  be  parallel  to  the  x-y  coordinate  plane. 
Let  bz  be  the  separation  between  the  pair  of  (htk]ll)  and 
(h2k2l2)  planes  actually  shown  in  Figure  1;  bz  is  thus  a 
vector  parallel  to  the  z  axis  and  equal  in  magnitude  to 
the  difference  between  the  (hxklll)  and  ( h2k2l2 )  spacings. 
If  the  position  vectors  x(1)  and  x(2),  of  lattices  (1)  and  (2), 
respectively,  satisfy  the  conditions 


x(2)  -  x(1)  =  bz 

[1] 

x(2)  =  Ax(1) 

[2] 

their  endpoints  P  and  Q  will  be  “equivalent”  positions 
(from  Eq.  [2])  and  “coincident”  with  respect  to  the  x  and 
y  dimensions,  because  bz  has  zero  components  along 
both  the  x  and  y  axes  (from  Eq.  [1]).  The  transformation 
matrix  A  may  be  expressed  as1251 

A  =  RS(2)(S(1))_1  [3] 

where  S(1)  and  S(2)  are  the  structure  matrices1251  of  lattices 
(1)  and  (2),  respectively,  and  R  is  the  rotation  matrix 
defined  by  the  orientation  relationship.1241  Substituting 
Eq.  12]  into  Eq.  [1]  gives 

(I  -  A~y2)  =  b.  [4] 

where  I  is  the  identity  matrix. 

Equation  [4]  has  almost  the  same  form  as  the  O-lattice 
basic  equation1251  except  the  vector  bz  is  not  a  lattice  vec¬ 
tor  (hence  without  the  superscript  L).  As  a  result,  x<2)  is 
not  an  O-lattice  vector  since  the  endpoints  of  x(2>  and  x(1) 
have  different  internal  coordinates  in  the  z  direction.  It 
is  obvious  that,  however,  the  two  lattices  are  somewhat 
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best  matched  at  the  endpoint  of  x(2)  if  b-  (the  magnitude 
of  bz)  is  small  enough.  Indeed,  xl2)  represents  an 
0-point[25]  when  b,  approaches  0. 

On  the  other  hand,  Eq.  [4]  is  apparently  equivalent  to 
the  basic  equation  of  the  surface  dislocation  model1421  if 
lattice  (1)  is  taken  as  the  reference  lattice  as  in  the  pre¬ 
vious  derivation  of  Eq.  [4],  However,  instead  of  having 
arbitrary  components  in  the  surface  dislocation  model, 
bz  in  Eq.  [4]  has  zero  components  in  the  two  dimensions 
defining  the  {hfdx)  or  (h2k2I2)  plane.  The  mathematical 
formulation  here  is  thus  equivalent  to  Rigsbee  and 
Aaronson’s  graphical  approach:121  the  two  planes  sepa¬ 
rated  by  a  small  distance  are  superimposed  for  consid¬ 
ering  two-dimensional  matching. 

The  geometric  distribution__of  structural  ledges  on 
Burgers-related  ( 1  T00)hcp//(2 1 1  )bcc  terraces,  predicted 
with  Eq.  [4],  is  shown  in  Figure  2.  In  this  example, 
(ft,*,/i)  =  (2lT)bcc,  (h2k2l2)  =  (_l_100)hcp,  and  bz  =  \ dx  ~ 
d2\,  where  dx  and  d2  are  the  (211  )bcc  and  (1100)hcp  inter- 
planar  spacings,  respectively.  The  lattice  parameter  ratio 
ahcc/ahcp  is  chosen  as  1.11  for  clarity  as  this  ratio  gives 
a  relatively  large  misfit  across  the  terraces  and  allows 
the  x(2)  vector  to  end  at  an  atom  position.  The  matrices 
S(1)  and  S(2)  are  formed  with  the  dimension  vectors  s111 
and  s|2),[24)  respectively,  as  shown  in  Figure  3.  The  ro¬ 
tation  matrix  R  is  taken  as  I  for  the  Burgers  orientation 
relationship  treated  here.  As  the  two  lattices  meet  at  the 
( 1  T00)hcp//(2 1 1  )bcc  interface,  only  one  atom  of  either 
structure  would  occupy  each  pair  of  atom  positions 
(open  and  solid  circles  in  Figure  2).  This  may  be  called 
a  relaxation  process.  Suppose  relaxation  always  occurs 
at  atom  pairs  with  relatively  small  misfit.  The  interface 


•  •  • 


[1 120]hcp//[l  1  l]bcc 
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Planar  Interface 
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Fig.  2  —  Distribution  of  structural  ledges  on  Burgers-related 
(1 100)hcp//(21  l)bcc  terraces,  predicted  with  Eq.  [4]  and  a  lattice  param¬ 
eter  ratio  of  1.11. 


Fig.  3  —  (a)  The  bcc  and  ( b )  hep  unit  cells  chosen  for  the  O-lattice 
analyses.  Notice  the  base-central  positions  in  the  bcc  unit  cell. 


would  become  ledged  with  a  structural  ledge  located 
midway  between  the  best-matching  positions  O  and  P, 
as  outlined  by  thick  lines  in  Figure  2. 

B .  Misfit  Description  and  the  Invariant  Line 

Macroscopically,  the  ledged  interface  in  Figure  2  is 
recognized  as  an  inclined  plane  defined  by  the  x<2)  vector 
and  [000 1  ]  hcp  //  [0 1  l]bcc  direction,  as  shown  in 
Figure  4(a).  The  misfit  between  the  two  lattices,  accu¬ 
mulated  from  O  to  P,  is  bz  according  to  Eq.  [4].  Since 
Eq.  [4]  is  linear,  the  two  lattices  will  build  up  a  misfit 
of  2bz  from  O  to  Q  with  OQ  =  2x<2),  3bz  from  O  to  R 
with  OR  =  3x(2),  etc.  In  other  words,  a  series  of  coher¬ 
ency  dislocations1371  each  with  the  Burgers  vector  bz  will 
be  distributed  with  a  spacing  of  |x<2)|  at  each  ledge  riser. 
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Fig.  4 — (a)  Misfit  normal  to  structural-ledge  terraces,  distributed  as 
coherency  dislocations  along  an  inclined  boundary;  ( b )  a  set  of  dis¬ 
locations  created  with  a  small  rotation  of  part  of  lattice  (2)  with 
respect  to  the  rest;  and  (c)  misfit-free  coherent  boundary  produced  by 
cancellation  of  the  dislocations  in  (a)  and  (b). 
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In  view  of  the  surface  dislocation  concept,1421  a  surface 
dislocation  with  a  Burgers  vector  density  of  bz/|x(2)|  will 
be  present  in  the  inclined  interface.  As  misfit  builds  up 
to  the  extent  nearest  to  the  (/z^,/)  spacing  (lattice  (1) 
taken  as  the  reference),  an  edge  dislocation  or  an  extra 
half-atomic  plane  is  required  to  insert  into  the  more 
densely  packed  lattice. m  These  edge  dislocations,  with 
a  Burgers  vector  of  d  (|d|  =  dx)  and  a  spacing  of 
(dt/bz)xi2>,  are  so-called  anticoherency  dislocations.1371 

In  most  practical  cases,11,2,17,241  bz  is  very  small  in 
magnitude;  x(2>  (or  x(1))  is  an  approximate  lattice  invari¬ 
ant  line  (Eq.  [1]).  When  b,  approaches  zero,  x(2)  (or  x(1)) 
becomes  a  lattice  invariant  line.  In  the  example  shown 
in  Figure  2,  therefore,  the  two  lattices  are  matched  better 
along  the  x(2)  direction  than  along  [1 120]hcp//[l  1  l]bcc. 
This  argument  provides  a  simple  energetic  basis  for  the 
existence  of  structural  ledges. 

An  additional  rotation  of  lattice  (2)  away  from  the 
low-index  orientation  relationship  (R  in  Eq.  [3]),  des¬ 
ignated  as  the  matrix  p,  may  improve  and  at  best  cancel 
the  misfit  by  introducing  a  set  of  dislocations  with  an 
equal  and  opposite  Burgers  vector,  shown  in 
Figure  4(b).  A  position  vector  x(2p)  in  lattice  (2 p)  (rotated 
lattice  (2))  is  related  to  x(2)  and  x(l)  as  follows: 

x(2p)  =  px<2)  =  pAx(1)  [5] 

The  misfit  between  lattices  (2 p)  and  (2),  accumulated 
along  the  boundary  segment  x(2),  can  be  expressed  as  a 
Burgers  vector  h(; 

x(2p)  -  x(2)  =  (p-  I)x(2)  =  bp  [6] 

On  the  other  hand,  if  b  is  the  Burgers  vector  or  misfit 
along  the  same  segment  x(2)  but  between  lattices  (2)  and 
(1),  Eq.  [4]  will  have  the  form 

(I  -  A~‘)x(2>  =  b  [4a] 

Suppose  that  bp  cancels  b  in  Eq.  [4a],  i.e.,  bp  =  -b. 
The  addition  of  Eqs.  [4a]  and  [6]  gives 

(p  -  A-1)x(2)  =  0  [7] 

where  0  =  [0  0  0]r  (I  for  transpose).  Equation  [7]  may 
also  be  written  in  form  of  x(1): 

(pA  -  I)x(1)  =  0  [8] 

or 

x(2p)  =  x(1)  [9] 

Equation  [9]  indicates  that  x(l)  is  a  lattice  invariant 
line121,23'25’281  with  respect  to  the  transformation  pA  or  the 
adjusted  orientation  relationship  pR  between  lattices  (1) 
and  (2).  The  rotation  matrix  p  can  be  determined 
from123’301 


orientation  relationship  R.  Interfacial  dislocations  re¬ 
sulting  from  the  difference  between  the  final  (x<2>)  and 
initial  (x(1))  positions  of  an  unstretched  vector  can  be  ex¬ 
actly  canceled  by  a  set  of  dislocations  produced  by  a 
rigid-body  rotation  of  lattice  (2).  This  formulation  ad¬ 
dresses  the  concepts  of  lattice  matching  and  dislocation 
configuration  that  are  not  explicit  in  the  invariant  line 
model,121  ,28~32]  suggesting  that  structural  ledges  are  gen¬ 
erally  related  to  the  lattice  invariant  line.  Figure  4(c) 
shows  that  with  Burgers  vector  densities  b/|x<2'[  and 
bp/|x(2)|  canceling  each  other,  x(2)  becomes  a  misfit-free 
coherent  boundary. 

In  general,  the  invariant  line  interface  x/1  secured  as 
such  differs  from  both  x/1  and  x(s2),  which  are  the  struc¬ 
tural  ledge  interfaces  calculated  from  Eq.  [4],  However, 
as  bz  in  Eq.  [4]  is  assumed  to  have  a  very  small  mag¬ 
nitude  in  the  structural  ledge  model,11'21  either  x^  or 
x(2)  is  a  very  good  approximation  to  x/'.  The  rotation  p, 
indicating  a  slight  difference  between  the  predicted  ori¬ 
entation  relationships,  approaches  I  when  |bz|  approaches 
0.  In  most  practical  cases,  p  is  a  rotation  of  less  than 
0.5  deg. 123,28,291  The  structural  ledge  and  invariant  line 
models  hence  predict  very  close  results  that  become 
identical  when  |bz|  approaches  0. 


C.  DSC  Dislocation  Description 

The  dislocation  characteristic  of  structural  ledges  can 
be  better  understood  with  the  DSC  model.1271  Figure  5(a) 
shows  the  relative  atom  positions  of  the  bcc  and  hex¬ 
agonal  close-packed  (hep)  phases  in  the  (0001  )hcp// 
(01  l)bcc  planes  aligned  as  [1 120]hcp//[l  1  l]bcc.  A  diagonal 
transformation  D  can  correlate  the  atom  positions  with 
emphasis  on  matching  between  parallel  (11 00)hcp  and 
(211  )bcc  planes: 


D  = 


A, 

0 


0 

A2 


[12] 


Where  A,  and  A2  are  the  length  changes  involved  in 
making  (ll00)hcp  coincident  with  (211  )bcc  and  the  hep 
atom  positions  along  [11 20]hcp  coincident  with  the  bcc 
atom  positions  along  [lll]bCc>  respectively.  In  general, 
A,  and  A2  are  referred  to  relatively  close-packed  planes 
and  directions  of  interest.  As  a  convention,  these  param¬ 
eters  are  evaluated  as  the  ratios  of  corresponding  lengths 
in  lattice  (2)  to  those  in  lattice  (1). 

If  lattice  (2)  is  stressed  to  fit  with  lattice  (1),  the 
stressed  lattice  (2),  or  (2'),  will  be  related  to  lattice  (2) 
as  follows: 


x(2')  =  D"1  x(2) 


[13] 


|pA  -  I|  =  0  [10] 

Since  a  pure  rotational  transformation  is  isometric  (no 
changes  in  vector  length),  notice  from  Eqs.  [5]  and  [9] 
that 


This  result  shows  that  x(I)  is  an  unstretched  line1291  with 
respect  to  the  transformation  A  or  the  initial  low-index 


As  Figure  5(b)  shows,  lattices  (2')  and  (1)  have  coin¬ 
cident  sites  other  than  the  origin.  Figure  5(c)  indicates 
the  coincident  site  lattice  that  consists  of  all  the  coinci¬ 
dent  sites  (open  circles)  of  lattices  (1)  and  (2')-  A  DSC 
lattice  composed  of  all  the  difference  vectors  of  lattices 
(1)  and  (2')  has  a  unit  cell  (shaded  area)  defined  by  the 
vectors  b,  and  b^.  In  the  present  example,  b,  = 
(l/3)[2TT]bcc  and  b2  =  (1/12)[1 1  l]bcc. 

Since  b2  is  1/6  the  lattice  translation  vector 
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[ii20]hCp//[iii]bcc 


Lattice  (2)  (hep) 

V^: 


Lattice^  1)  (bcc) 

(a) 


A 


DSC  Lattice 
V 


Fig.  6 — Matching  between  the  bcc  and  hep  phases  across  consecutive 
terraces  of  structural  ledges,  expressed  as  DSC  Burgers  vectors. 


x<2')=  D-1x<2> 


®  Lattice  (1) 

•  Lattice  (2)  or  (2') 


o  Coincident  sites  j,  II  II 

(c) 

Fig.  5  —  (a)  Atom  positions  of  the  bcc  and  hep  structures  in  the 
(0001)hcp//(01  l)bcc  planes;  ( b )  coincident  sites  between  lattice  (1)  and 
stressed  lattice  (2)  or  (2');  and  ( c )  DSC  lattice  composed  of  all  the 
difference  vectors  of  lattices  (1)  and  (2'). 


(l/2)[lll]bcc,  it  is  recognized  as  a  local  perturbation  ac¬ 
cumulated  every  1  /6  the  spacing  between  misfit  dislo¬ 
cations  distributed  along  the  [11 20]hcp//  [  111  ]bcc 
direction. [24]  On  the  other  hand,  the  stacking  displace¬ 
ments  of  lattices  (1)  and  (2')  differ  by  -b2  (Figure  5(c)). 
If  the  interface  steps  down  an  atom  layer  at  a  position 
where  a  local  perturbation  with  the  Burgers  vector  b2 
builds  up,  the  perturbation  will  be  canceled  by  the  stack¬ 
ing  displacement  difference  —  b2.  As  a  result,  a  some¬ 
what  best-matching  position  between  lattices  (1)  and  (2) 
is  realized  in  the  next  layer,  and  a  structural  ledge  forms 
midway  between  the  two  adjacent  best-matching 
positions. 

Figure  6  shows  schematically  the  matching  between 
the  bcc  and  hep  phases  across  consecutive  terraces  of 
structural  ledges,  using  lattice  parameters  selected  for 
the  example  in  Figure  2.  It  is  clearly  seen  that  there  is 


a  DSC  or  interphase  boundary  dislocation1371  with  the 
Burgers  vector  b2  between  the  best-matching  positions 
O  and  P.  The  DSC  dislocations  associated  with  struc¬ 
tural  ledges  may  be  interpreted  as  extra  half-atomic 
planes.  As  for  the  present  example,  these  extra  half 
planes  are  (12, 12, 12)bcc.  This  is  a  revised  view  of  the 
previous  description  that  there  are  no  extra  half-atomic 
planes  associated  with  structural  ledge  terraces.1241 

The  Burgers  vector  b,,  equivalent  to  the  Burgers  vec¬ 
tor  d  discussed  in  Section  II-B,  reflects  accumulated 
differences  between  the  (0001)hcp  and  (01  l)bcc  spacings, 
or  the  b,  vector  discussed  in  Sections  II-B  and  II-C.  It 
is  clear  now,  however,  that  dislocations  with  the  Burgers 
vector  b,  are  also  of  the  DSC  or  interphase  boundary 
type.  These  dislocations  cannot  be  recognized  with  a 
regular  O-lattice  analysis  that  includes^only  lattice  trans¬ 
lation  vectors.1251  A  b,  vector  [(1/3)[21  l]bcc]  corresponds 
to  an  extra  half  (633)bcc  plane,  present  only  at  bcc: hep 
interphase  boundaries. 

It  is  seen  from  the  DSC  lattice  approach  that  b2  =  0 
if  there  are  no  stacking  sequence  changes  in  the  two  lat¬ 
tices  or  if  the  stacking  displacements  are  equivalent. 
Under  these  circumstances,  a  structural  ledge  would  not 
be  able  to  stabilize  the  local  perturbation  and  improve 
the  matching  between  the  two  lattices. 

The  rectangular  coincident  site  lattice  in  Figure  5(c) 
indicates  that  the  matrix  D  is  the  lattice  correspondence 
used  in  the  above  DSC  lattice  analysis.  The  use  of  two 
lattice  correspondences  is  fairly  reasonable  since  the  cor¬ 
respondence  A  used  before  is  aimed  at  lattice  matching 
along  arbitrary  planes  and  directions,  while  D  empha¬ 
sizes  matching  along  certain  parallel  low-index  planes 
and  along  their  normal  direction. 


III.  MISFIT-COMPENSATING  LEDGES 

A.  Additional  Best-Matching  Positions 

When  a  structure  base  is  involved  in  at  least  one  of 
the  two  structures  in  an  O-lattice  construction,  some 
atom  positions  must  be  omitted  in  specifying  a  lattice 
correspondence.1451  In  the  hep  structure,  for  instance,  a 
two-atom  base  is  associated  with  each  lattice  point  in  the 
simple  hexagonal  lattice.  One  of  the  two  atoms  in  an  hep 
base  was  traditionally  ignored  because  of  the  difficulty 
in  expressing  both  the  atoms  in  O-lattice  constructions. 
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In  bcc/hcp  O-lattice  analyses, [17,46~48]  accordingly,  half 
the  atom  positions  of  the  bcc  structure  had  to  be  omitted 
in  specifying  a  unit  cell  corresponding  to  the  hep  unit 
cell. 

It  was  recently  recognized, [24i  however,  that  the  atom 
positions  omitted  in  many  previous  O-lattice  analyses 
may  be  important  for  the  interpretation  of  diversified 
interphase  boundary  structures.  Notice  that  the  phenom¬ 
enological  theory  of  martensite  transformations143,44,451 
ignores  these  atom  positions  with  the  argument  that  the 
omitted  atoms  in  the  matrix  and  product  phases  are  re¬ 
lated  by  shuffle  movements.1451  This  is  a  reasonable  as¬ 
sumption  for  a  theory  like  the  martensite  theory  based 
on  optimal  strain  accommodation.  However,  when  inter¬ 
facial  matching  or  atomic  bonding  across  an  interphase 
boundary  is  the  main  concern  as  in  O-lattice  problems, 
an  approach  will  be  physically  sounder  if  it  can  consider 
these  atom  positions. 

Figure  7  shows  schematically  that  best-matching  po¬ 
sitions  or  O-points  constructed  from  square  lattices 
(1)  (Figure  7(a))  and  (2)  (Figure  7(b))  at  the  identity  ori¬ 
entation  relationship  fonn  a  square  O-lattice 
(Figure  7(d)).  If  one  of  the  square  lattices,  say  lattice 
(1),  includes  two-atom  bases  (Figure  7(c)),  the  resultant 
O-lattice  will  remain  square  but  have  two-point  bases, 
as  shown  in  Figure  7(e).  It  is  obvious  that  omission  of 
the  atoms  inside  the  unit  cells  of  lattice  (1)  makes  it  im¬ 
possible  to  recognize  these  additional  best-matching 
positions. 

A  special  case  is  that  the  atoms  inside  the  unit  cells 
of  lattice  (1)  are  centered  with  respect  to  the  unit  cells. 
Lattice  (1)  is  now  indeed  a  simple  square  lattice  with  a 
smaller  unit  cell.  However,  if  the  smaller  unit  cell  is 
chosen  for  O-lattice  analyses,  it  is  impossible  to  make 
its  corner  atom  positions  be  nearest  neighbors  to  those 
of  lattice  (2). 1251  The  best  approach  for  this  situation 
would  still  choose  the  larger  unit  cell  and  treat  the  cen¬ 
tral  atom  positions  as  if  they  were  involved  in  a  base 
structure. 

B .  Search  for  Additional  O  Points 

Similarly  to  the  case  of  structural  ledges  treated  in 
Section  II- A,  the  following  is  a  generalized  and  sim¬ 
plified  version  of  Mou  and  Aaronson’s  approach.  As 
shown  in  Figure  8,  the  atom  position  A  in  a  two-atom 
base  of  structure  (1)  is  set  coincident  with  an  atom  po¬ 
sition  in  simple  lattice  (2).  Structure  (1)  can  then  be  di¬ 
vided  into  two  subsets  (1A)  and  (IB),  composed  of  atom 
positions  equivalent  to  A  and  B,  respectively.  A  lattice 
correspondence  A  is  specified  between  subset  (1A)  and 
lattice  (2)  with  the  coincident  atom  position  being  the 
origin  O.  Notice  that  by  this  specification  subset  (1A) 
has  been  taken  as  the  reference  lattice.1251  A  best¬ 
matching  position  between  subset  (IB)  and  lattice  (2) 
will  be  recognized  at  the  endpoint  of  the  position  vector 
x(2)  in  lattice  (2)  if  the  difference  between  x<2)  and  the 
position  vector  x01  in  structure  (1)  equals  bfl,  the  vector 
starting  from  0(A)  and  ending  at  B: 

x<2)  _  x<>)  =  [la] 

Substituting  Eq.  [2]  gives 

(I  -  A-')xf  =  bB  [14] 


(a)  ( b )  (c) 
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Fig.  7  —  O-points  of  two  square  lattices:  (a)  simple  structure  (1); 

(b)  lattice  (2);  (c)  structure  (2)  with  two-atom  bases;  (d)  O-points  of 
the  structures  in  (a)  and  (b);  and  ( e )  O-points  of  the  structures  in 

(c)  and  (a). 
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In  the  bcc/hcp  case,  the  transformation  matrix  A  can  be 
evaluated  from  the  unit  cells  given  in  Figure  3  with  a 
specified  orientation  relationship. [17'24] 

Equation  [14]  is  different  from  Eq.  [4]  in  that  the  end¬ 
point  of  Xg  '  (equal  to  x(2))  is  an  O  point.  Although  bB  is 
generally  not  a  lattice  translation  vector,  the  endpoint 
xB0)  is  a  coincident  position  between  subset  (IB)  and  lat¬ 
tice  (2)  because  the  translation  relationship  expressed  by 
bB  exists  between  subsets  (1A)  and  (IB)  of  structure  (1). 
Notice  that  as  for  best  matching,  the  O-points  secured 
as  such  have  no  difference  from  the  O-points  between 
subset  (1A)  and  lattice  (2),  which  may  be  obtained  with 
a  regular  O-lattice  analysis. 

In  three  dimensions,  bB  can  be  written  as  follows 
(Figure  8(a)). 

bB  =  Mi0  +  ’  +  *383'  [15] 

where  the  s/)5s  are  the  basis  vectors  of  subset  (1A),  and 
the  &,’s  (0  <  kj  <  1)  are  the  internal  coordinates  of  B  in 
the  unit  cell  of  subset  (1A).  Specially,  when  two  or  all 
three  k’s  are  1/2,  B  is  a  face-  or  body-central  lattice 
position.  Substituting  Eq.  [15]  into  Eq.  [14]  yields 

xB0)  =  A:,x(,0)  +  fc2X20)  +  k3x  30)  [16] 

where  the  x-0)’s  are  the  basis  vectors  of  the  O-lattice  of 
subset  (1A)  and  lattice  (2):  i.e. 

(I  -  A-')x;0)  =  s\"  [17] 

Equation  [16]  indicates  that  the  O-point  represented 
by  Xb  is  located  “inside”  the  O-lattice  unit  cell  regularly 
constructed  from  subset  (1A)  and  lattice  (2)  with  the 
same  internal  coordinates  as  the  atom  position  B  is  lo¬ 
cated  “inside”  the  (1A)  unit  cell,  as  shown  in 
Figure  8(c).  When  lattice  (2)  is  also  involved  in  a  two- 
atom  base  as  in  the  bcc/hcp  O-lattice  analysis/241  the 
inside  atom  positions  in  its  unit  cell  may  first  be  ex¬ 
pressed  as  positions  in  subset  (1A)  through  the  transfor¬ 
mation  A.  This  is  an  important  result  that  makes  the 
search  of  additional  O-points  very  intuitive  and  conve¬ 
nient  and  has  potential  applications  to  the  most  general 
case  in  which  both  crystal  structures  involve  multiple- 
atom  bases.  However,  a  complex  O-point  distribution 


(b)  (c) 


Fig.  8  —  Search  for  additional  O  points:  (a)  structure  (1)  with  two- 
atom  bases;  (b)  lattice  (2);  and  (c)  additional  O  points  located 
“inside”  the  O-lattice  unit  cell  regularly  constructed. 


such  obtained  might  be  unnecessary  or  difficult  to  inter¬ 
pret  in  many  cases. 

C.  Geometric  Distribution  of 
Misfit-Compensating  Ledges 

Figure  9  shows  the  O-lattice  obtained  from  the  bee 
and  hep  unit  cells  shown  in  Figure  3  with  the  Burgers 
orientation  relationship  or  R  =  I.  The  lattice  parameters 
are  taken  as  =  0.324  nm,  rzf  =  0.2865  nm,  and  cf  = 
0.4653  nm,  appropriate  to  the  /3-to-/m  massive  transfor¬ 
mation  in  a  Ag-26  at.  pet  A1  alloy/61  Note  that  the  inside 
atom  position  B  in  the  bcc  unit  cell  shown  in  Figure  3 
has  internal  coordinates  of  (0.5, 0,0.5)  with  respect  to 
the  crystal  axes  sj1).  An  additional  O  point  is  thus  located 
inside  the  O-lattice  unit  cell,  having  the  same  internal 
coordinates,  (0.5, 0,0.5),  but  with  respect  to  the 
O-lattice  axes  x[0),  as  shown  in  Figure  9. 

The  geometry  of  misfit-compensation  ledges  can  be 
predicted  according  to  the  O-point  distribution 
(Figure  10).  The  additional  O-points  found  with  the 
above  approach  are  designated  as  Bu  and  others  as  Ay. 
A  ledged  interface  stepping  down  to  intersect  alternate 
Ay  and  By  will  include  more  best-matching  positions  than 


\Xi  _  Xj 

[ll00]hcp//[2n]bcc 


Fig.  9 — O-lattice  of  the  bcc  and  hep  structures  shown  in  Fig.  3  with 
the  Burgers  orientation  relationship. 


Fig.  10 — Geometric  distribution  and  associated  Buyers  vectors  of 
misfit-compensating  ledges  with  Burgers-related  (1100)hcp//(211)bcc 
terraces. 
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does  the  flat  interface  crossing  only  A:J.  For  the  purpose 
of  misfit  accommodation,  a  misfit  dislocation  is  required 
to  be  located  midway  between  every  two  adjacent  A~  s 
in  the  flat  interface,  while  two  ledges  are  needed  be¬ 
tween  every  adjacent  A,/s  in  the  ledged  interface.  This 
model  also  explains  the  findings13-61  that  the  spacing  be¬ 
tween  misfit-compensating  ledges  at  a  ledged  interface 
is  about  half  the  spacing  between  misfit  dislocations  at 
the  corresponding  flat  interface. 

Figure  10  shows  the  distribution  of_  misfit- 
compensating  ledges  with  Burgers-related  (ll00)hcp// 
(211  )bcc  terraces.1241  For  /3:/m  interfaces  associated  with 
the  Burgers  orientation  relationship  in  a  Ag-26  at.  pet 
A1  alloy,  the  observed  distributions  of  misfit- 
compensating  ledges  were  found  in  good  agreement  with 
the  predicted  geometry  including  mainly  interledge  spac¬ 
ing  and  Burgers  vector  as  well  as  ledge  height  in  some 
cases.16'241 

D.  Dislocation  Description  and  Energetics 

Referred  to  the  bcc  unit  cell  in  Figure  3,  the  misfit 
built  up  between  adjacent  An  and  An  along  the 
[000 1  ] hcp//[0T  1  ]bcc  direction  is  known  as  s\'\  and  that 
between  Au  and  its  lower-right  adjacent  B22  as  bB  or 
(1  /2)(Si1>  +  S30)  (Figure  10).  With  the  inclined  segment 
AnB22  resolving  into  a  misfit-compensating  ledge,  the 
Burgers  vector  bB  decomposes  into  (l/2)s, 1  and 
(1/2)s3°,  or  (l/2)[100Jbcc  with  the  risers  and 
(l/2)[011]bcc  with  the  terraces. 

Structural  interfacial  energy  may  now  be  assumed  as 
dislocation  strain  energy  evaluated  with  associated 
Burgers  vectors.  Suppose  that  the  elastic  strain  energy 
of  a  dislocation  is  proportional  to  the  square  of  its 
Burgers  vector.  The  interfacial  energy  per  unit  interface 
segment  along  AuAn  (length:  m )  is  proportional  to  the 
following: 

(s  W/m  =  2  a2/m  [18] 

where  a  is  the  bcc  lattice  parameter,  whereas  the  inter¬ 
facial  energy  along  AUB22  (length:  n)  is  proportional  to 
the  following: 

[(s(,72)2  +  (S31  )/2)2]/n  =  (3/4  )a2/n 

<  (3/2 )a1/m  [19] 

where  the  inequality  arises  from  n  >  m/2.  Comparison 
of  Eqs.  [18]  and  [19]  indicates  that  the  interfacial  energy 
of  the  ledged  interface  with  misfit-compensating  ledges 
is  less  than  that  of  the  flat  interface  with  misfit 
dislocations. 

Burgers-related  (11 00)hcp//(2 1 1  )bcc  interfaces  have 
been  suggested  as  probable  conjugate  habit  planes  in 
view  of  the  good  lattice  matching  recognized  with  a 
computer-aided  graphic  technique  and  the  O-lattice  the¬ 
ory.1171  As  discussed  here  and  earlier  in  Section  II, 
misfit-compensating  ledges  and_  structural  ledges  may 
both  develop  with  (1 100)hcp//(21_l)bcc  terraces  but  step¬ 
ping  down  along  [0001]hcp//[01  l]bcc  and  [1120]hcp// 
[111] bcc ,  respectively.  Figure  11  shows  the  distribution 
of  structural  ledges  and  misfit-compensating  ledges  pre¬ 
dicted  for  /3 :  massive  interfaces1241  using  the  formu¬ 
lations  discussed  in  Sections  II- A  and  III-C.  The 


Structural  Ledges  scale) 


Fig.  11 — Predicted  distribution  of  structural  ledges  and  misfit- 
compensating  ledges  with  ( 1 1 00)hcp//(2 1 1  )bre  terraces  at  a  mas¬ 
sive  interface.1241 


apparent  habit  plane  determined  from  this  geometry  was 
observed  by  TEM.161 


IV.  CRYSTALLOGRAPHY 

A.  Precipitate  Crystallography 

It  has  been  widely  recognized  that  crystallography, 
product  morphology,  and  interphase  boundary  structure 
involved  in  solid-solid  phase  transformations  are  inter¬ 
related.112’13,22'28'29'31'451  The  O-lattice  theory,1251  including 
the  surface  dislocation1421  and  DSC  lattice125-27’361  models, 
is  among  the  approaches  to  interlinking  these  important 
aspects. 

The  O-lattice  theory  can  predict  interfacial  structure, 
such  as  misfit  dislocations117'25,26'46-481  and  structural 
ledges  and  misfit-compensating  ledges1241  as  treated  in 
Sections  II  and  III.  Since  an  orientation  relationship  is 
an  input  to  the  O-lattice  framework,  the  theory  has 
hardly  been  used  in  predicting  optimal  orientations  be¬ 
tween  two  crystals,  except  the  only  case  treated  by 
Bollmann  and  Nissen.1511  However,  as  structural  ledges 
are  related  to  such  best-matching  elements  as  parallel 
low-index  planes  and  the  lattice  invariant  line  or  O  lines, 
the  search  of  optimal  orientation  relationships  may  begin 
with  the  possible  existence  of  structural  ledges.  This  re¬ 
lation  suggests  that  an  O-line  lattice  needs  to  be  con¬ 
structed  by  rotating  one  crystal  lattice  with  respect  to  the 
other  just  slightly  away  from  certain  low-index  planar 
parallelisms. 

As  shown  in  Figure  12,  the  bcc/hcp  case  may  again 
be  treated  as  an  example.  From  the  Burgers  orientation 
relationship  (Figure  12(a)) ,  the  hep  structure  is  rotated 
around  [0001]bcp//[01  l]bcc  with  the  originally  parallel 
(1100)hcp  and  (211  )bcc  planes  deviated  away  from  each 
other  (Figure  12(b)).  To  some  extent  of  rotation,  which 
is  dependent  on  the  bcc/hcp  lattice  parameter  ratio,  a 
lattice  invariant  line  can  be  recognized  lying  within  the 
(000 1  )hcp//(0T  1  )bcc  plane.  In  the  O-lattice  framework, 
however,  the  matching  between  the  two  lattices  is  best 
demonstrated  by  an  O-line  lattice  (Figure  1 2(c))  in  which 
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(c) 

Fig.  12  —  (a)  The  Burgers  orientation  relationship;  ( b )  rotation  of  the 
hep  phase  around  the  [0001  ]hcp//[0 1  l]bCc  axis;  and  (c)  O-line  lattice 
obtained  with  the  orientation  relationship  in  (b)  and  the  predicted  low- 
energy  interface. 


all  O-lines  are  parallel  to  or  coincident  with  the  invariant 
line.1231  Notice  that  in  most  situations  a  three- 
dimensional  O-line  distribution  can  only  be  obtained  by 
introducing  the  concept  of  near  coincidence.123’251  Inter¬ 
secting  the  parallel  O-lines,  an  interface  with  somewhat 
low  interfacial  energy  can  be  located,  as  shown  in 
Figure  12(c).  It  should  be  emphasized  that  the  inside  B 
atom  positions  shown  in  Figure  3  have  been  taken  into 
account  in  this  bcc/hcp  O-line  lattice  construction. 

Although  the  two  lattices  are  best  matched  along  the 
invariant  line  or  O-lines,  the  matching  in  the  direction 
perpendicular  to  the  O-lines  requires  consideration.  The 
hep  lattice  may  be  rotated  again  but  around  the  invariant 
line  to  keep  the  best  matching  along  it  unchanged.  In 
general,  a  best-matched  interface  may  be  finally  deter¬ 
mined  since  the  O-line  distribution  is  a  function  of  ro¬ 
tation  angle.  It  is  found  that,  however,  any  rotation 
taking  [0001]hcp  away  from  [01  l]bcc  makes  the  matching 
worse  for  this  specific  example.  The  optimal  orientation 
relationship  can  now  be  expressed  as  [0001]hcp//[01 1]^ 
and  the  directional  parallelism  described  with  the  in¬ 
variant  line.  Figure  12(c)  shows  that  this  orientation  re¬ 
lationship  differs  from  the  Burgers  orientation  by  only 
0.4  deg  if  the  lattice  parameters  mentioned  in 
Section  III— C  are  employed.  This  angular  difference  in 
orientation  relationship  results  in  a  difference  of  only  0.2 
and  0.4  deg  in  apparent  habit  plane  between  the  inter¬ 
faces  of  Figures  11  and  12(c),  with  the  hep  and  bcc  lat¬ 
tice  taken  as  the  reference  in  the  formulation  of 
Section  II-A,  respectively. 

It  is  interesting  to  compare  the  present  approach  and 


the  invariant  line  interpretation  of  optimal  orientation  re¬ 
lationships.1291  The  invariant  line  model  begins  with  a 
very  general  argument  that  an  optimal  orientation  rela¬ 
tionship  between  two  lattices  allows  them  to  be  matched 
with  a  lattice  invariant  line.1291  However,  there  are  an 
infinity  of  lattice  invariant  lines  that  can  be  obtained  with 
any  rotations  bringing  the  final  cone  into  tangent  to  the 
initial  cone  of  unextended  lines.1451  The  possible  choices 
must  then  be  restricted  with  additional  conditions,  for 
example,  the  requirement  that  the  invariant  line  be  the 
intersection  of  the  initial  cone  and  a  low-index 
plane. 129,31,321  In  contrast,  the  restriction  to  low-index 
planes  is  considered  first  in  the  structural-ledge  ap¬ 
proach.  This  difference  is  immaterial  in  most  practical 
cases. 

B.  Comparison  of  Martensite  and 
Precipitate  Crystallography 

Optimization  of  strain  accommodation  has  long  been 
suggested  as  the  energetic  basis  for  the  phenomeno¬ 
logical  theory  of  martensite  crystallography  (PTMC).1491 
The  assumption  that  the  martensite  habit  plane  is  both 
unstretched  and  unrotated  during  the  transformation  is 
energetically  reasonable  since  an  invariant  plane  strain 
can  be  related  with  minimum  volume  strain  energy  by 
Eshelby’s  approach.1501  As  an  extraction  from  the 
PTMC,  the  invariant  line  model  is  also  based  on  optimal 
strain  accommodation128, 29,311  and  has  been  quite  suc¬ 
cessful  in  predicting  crystallography  and  morphology  in¬ 
volved  in  diffusional  transformations.125,28'321 

On  the  other  hand,  the  basic  assumption  in  the 
O-lattice  theory  is  that  two  crystals  tend  to  optimize  their 
matching  across  the  interface  at  which  they  meet.1251 
Best-matched  interfaces  are  then  associated  with  the 
minima  of  structural  interfacial  energy  that  can  be  eval¬ 
uated  or  at  least  estimated  from  predicted  interfacial  de¬ 
fect  structures.  It  is  worth  noting,  however,  that  because 
the  argument  is  purely  geometric,  the  chemical  com¬ 
ponent  of  interfacial  energy  has  been  ignored  in  the 
O-lattice  theory.125,361  The  O-lattice  approach  also  pre¬ 
dicts  that  product  crystals  may  have  facets  parallel  to  the 
best-matched  planes. 

An  important  crystallographic  linkage112,29,311  between 
diffusional  and  diffusionless  transformations  is  that 
many  transformations,  regardless  of  their  mechanisms, 
are  associated  with  a  lattice  invariant  line  or  O-line  lat¬ 
tice.  The  concepts  of  optimal  strain  accommodation  and 
of  best  lattice  matching  lead  to  the  same  mathematical 
formulation.  The  physical  appearance  of  an  invariant 
line  is  probably  structural  ledges,1211  as  suggested  by 
some  evidence12,31  and  deduced  from  the  best-matching 
assumption.11,2,17,20,241  The  success  of  the  invariant  line 
model  can  be  alternatively  attributed  to  its  correct  link¬ 
age  to  low  interfacial  energy  arising  from  best  lattice 
matching1231  at  least  for  the  case  of  platelike  precipitates. 

Although  martensite  and  precipitate  interfaces  or  ap¬ 
parent  habit  planes  both  include  an  invariant  line,  the 
situations  may  differ  very  much  through  rotations  around 
their  own  invariant  line.  For  instance,  their  interfacial 
structures  may  possess  quite  different  characteristics 
arising  from  various  thermodynamic  and  kinematic  con¬ 
straints.1521  The  assumption  of  minimum  structural  inter¬ 
facial  energy  in  the  O-lattice  approaches  discussed 
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before  considers  only  the  thermodynamic  constraint. 
Optimal  strain  accommodation  in  the  invariant  line 
model  is  also  based  on  thermodynamic  arguments.  It  is 
obvious,  however,  that  kinematic  constraints  are  often 
the  most  important  for  martensite  transformations,  since 
misfit  dislocations  in  martensite  interfaces  must  be  glis- 
sile[22'521  when  their  conservative  motion  is  required,  as 
in  most  martensite  transformations. 

The  concept  of  a  second  rotation  around  the  invariant 
line  in  Section  IV- A  may  be  helpful  in  understanding 
the  dependence  of  martensite  interfacial  orientation  on 
the  mobility  of  interfacial  misfit  dislocations.  Consider 
here  only  the  simplest  case  where  a  single  simple 
shear1451  is  sufficient  to  produce  an  invariant  plane  strain. 
The  kinematic  constraint  is  that  the  Burgers  vectors  of 
misfit  dislocations  aligned  parallel  to  the  invariant  line 
must  be  parallel  to  the  product  slip  plane  incorporating 
the  lattice  invariant  line.145'531  A  martensite  interface 
must  then  be  oriented  such  that  the  mismatch  across  it, 
treated  as  a  surface  dislocation,1421  has  a  Burgers  vector 
parallel  to  the  given  product  slip  plane.1531 

Volume  strain  energy  and  interfacial  energy  are  com¬ 
petitive  parameters:  either  can  be  dominant  under  some 
circumstances  or  both  can  be  significant  under  other  con¬ 
ditions.  Moreover,  lattice  invariant  strains  considered  in 
the  PTMC  may  be  very  complicated  (<?.#.,  multiple 
shears145’491)  and  system  dependent,  and  interfacial  en¬ 
ergy  minimization  cannot  be  equally  important  in  dif¬ 
ferent  transformation  stages.  The  crystallography 
predicted  with  the  PTMC,  invariant  line  model,  and 
best-matching  approaches  may  probably  give  no  distinct 
characteristics  that  distinguish  between  precipitate  and 
martensite  reactions  under  various  conditions. 

A  martensite  interface  is  an  invariant  plane  during  the 
transformation  only  in  the  sense  that  a  lattice  invariant 
strain  (or  a  group  of  strains)  cancels  the  transformation 
strain  distributed  in  the  interface.145,521  A  “ general ”  mar¬ 
tensite  interface  is  not  usually  an  invariant  plane  in  the 
sense  of  lattice  matching,  given  arbitrary  lattice  param¬ 
eters.  In  the  O-lattice  framework,  therefore,  although  a 
coherent  twin  interface  is  an  O-plane,1251  a  general  mar¬ 
tensite  interface  is  not  usually  an  O-plane.  This  is  why 
a  simple  O-lattice  approach  does  not  apply  to  predicting 
martensite  interfaces.1541  It  is  interesting  enough  that  a 
precipitate  interface  can  be  an  invariant  plane  in  the 
same  sense  as  is  a  martensite  interface  if  all  the  misfit 
dislocations  predicted  with  O-lattice  constructions  exist 
in  the  precipitate  interface.  The  matrix  product  of  the 
lattice  deformation  (the  matrix  A  in  Eq.  [2])  and  the  lat¬ 
tice  invariant  deformation  (a  matrix  formed  with  misfit 
dislocation  Burgers  vectors)  may  exactly  give  an  in¬ 
variant  plane  strain  deformation. 

It  is  no  surprise,  therefore,  that  the  PTMC,  at  least  the 
invariant  line  model  extracted  from  it,  can  apply  to  some 
diffusional  transformations  as  for  predicting  orientation 
relationships  and  habit  planes.  Obedience  to  the  PTMC 
is  not  an  adequate  test  for  suggesting  that  a  phase  trans¬ 
formation  be  martensitic.1221  A  more  important  criterion 
may  probably  be  interphase  boundary  mobility  that  is 
dependent  not  only  upon  the  kinematic  natures  of  inter¬ 
facial  defects  but  also  upon  the  formation  and  movement 
mechanisms  of  growth  ledges. l'2-221  Although  interfacial 


mobility  may  be  deduced  to  some  extent  from  the  ki¬ 
nematic  natures  of  intrinsic  interfacial  dislocations  and 
ledges,  more  reliable  experiments  are  needed  to  under¬ 
stand  the  interaction  between  intrinsic  defects  and 
growth  ledges. 


V.  SUMMARY 

Structural  ledges  and  misfit-compensating  ledges  at 
interphase  boundaries  were  analyzed  with  an  extended 
O-lattice  approach124,25’361  and  the  DSC  lattice 
model.125,26,271  The  principle  in  these  approaches  remains 
the  same  as  that  in  many  previous  O-lattice  anal¬ 
yses:117,25,46-481  Finding  best-matching  positions  between 
two  crystal  lattices  and  locating  interfaces  that  intersect 
as  many  best-matching  positions  as  possible.125-361  The 
requirements  for  best  matching,  however,  are  somewhat 
relaxed  or  particularly  tailored  to  meet  diversified  needs. 

Structural  ledges  were  suggested  to  step  down  parallel 
low-index  planes  in  the  matrix  and  product  phases  when 
the  interplanar  spacings  differ  only  slightly.11,2151  If  the 
difference  between  two  position  vectors  ending  on  ad¬ 
jacent  parallel  planes  equals  the  difference  in  interplanar 
spacing,  the  two  lattices  will  be  somewhat  best  matched, 
especially  when  the  spacing  difference  is  very  small. 
The  distribution  of  structural  ledges  can  thus  be  pre¬ 
dicted  with  the  spacing  difference  understood  as  a  mea¬ 
sure  for  the  relaxed  coincidence  condition.123,251  This 
approach  describes  the  mismatch  along  the  normal  to  the 
terraces  of  structural  ledges  as  a  series  of  misfit  dislo¬ 
cations.  These  dislocations  can  be  eliminated  by  a  small 
rotation  of  one  lattice  with  respect  to  the  other,  which 
generates  a  set  of  dislocations  with  a  Burgers  vector 
equal  and  opposite  to  the  mismatch  Burgers  vector. 
Burgers  vectors  associated  with  structural  ledges  are 
DSC  lattice  vectors. 

Misfit-compensating  ledges13-61  may  be  predicted  at 
bcc:hcp  interfaces  as  they  intersect  additional  best¬ 
matching  positions  obtained  from  considering  previously 
omitted  bcc  atom  positions.1241  The  O-lattice  basic  equa¬ 
tion125,361  is  tailored  to  include  atom  position  vectors  in 
a  structure  base  (two  or  more  atoms  belong  to  one  lattice 
point).  The  additional  best-matching  positions  such  se¬ 
cured  are  O-points  even  under  the  strict  coincidence 
condition.1251  Burgers  vectors  associated  with  misfit- 
compensating  ledges  are  DSC  lattice  vectors.  Energetic 
considerations  based  on  dislocation  strain  energy  suggest 
that  the  structural  interfacial  energy  may  lower  when  a 
flat  Burgers-related  (11 00)hcp// (211  )bcc  interface  is  re¬ 
placed  by  a  ledged  interface  with  misfit-compensating 
ledges. 

Although  both  may  include  a  lattice  invariant  line, 
precipitate  and  martensite  interfaces  possess  different 
defect  characteristics  concerning  thermodynamic  and  ki¬ 
nematic  constraints.1521  Martensite  interfaces  are  in  gen¬ 
eral  not  invariant  planes  with  respect  to  lattice  matching, 
while  a  precipitate  reaction  may  be  associated  with  an 
invariant-plane  strain  if  0-lattice-predicted  interfacial 
defects  all  exist  at  the  interface.  A  criterion  in  transfor¬ 
mation  mechanism,  more  important  than  obedience  to 
the  phenomenological  theory  of  martensite  crystallog¬ 
raphy,  may  probably  be  interphase  boundary  mobility 
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that  is  dependent  not  only  upon  the  kinematic  natures  of 
interfacial  defects  but  also  upon  the  formation  and  move¬ 
ment  mechanisms  of  growth  ledges. 112,221 
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Atomic  Site  Correspondence  and  Surface  Relief  in  the 
Formation  of  Plate-Shaped  Transformation  Products 


JAMES  M.  HOWE 

The  concept  of  an  atomic  site  correspondence  between  two  phases  is  developed  for  simple 
diffusional  and  martensitic  transformations  involving  precipitate  plates.  It  is  shown  that  a  surface 
relief  can  be  produced  in  both  diffusional  and  martensitic  phase  transformations  as  a  result  of 
atomic  site  correspondence.  Extension  of  this  concept  to  more  complicated  transformations  is 
discussed. 


I.  INTRODUCTION 

ONE  feature  that  has  often  been  used  to  define  a  mar¬ 
tensitic  (displacive)  transformation  and,  hence,  to  distin¬ 
guish  martensitic  plates  from  those  formed  by  a 
diffusional  (reconstructive)  transformation,  is  the  pres¬ 
ence  of  a  surface  relief  effect.1'1  The  origin  of  the  surface 
relief  is  due  to  the  invariant  plane  strain  associated  with 
the  martensitic  transformation. [2]  In  contrast  to  this,  Liu 
and  Aaronson131  presented  experimental  evidence  that  a 
surface  relief  occurred  with  the  formation  of  hexagonal 
close-packed  (hep)  y  (Ag2Al)  precipitate  plates  in  Al-Ag 
alloys;  a  transformation  which  is  classically  diffusional. 
Further,  in  a  series  of  articles  concerning  the  formation 
of  bainite, 14-71  Dahmen171  presented  a  crystallographic 
analysis  (using  a  lattice  correspondence)  to  show  that 
features  such  as  an  invariant  plane  strain  and  surface  re¬ 
lief  can  be  associated  with  diffusional  transformations. 
In  spite  of  these  data,  it  is  still  not  clear  how  a  diffu¬ 
sional  transformation,  which  proceeds  by  vacancy  dif¬ 
fusion  and  in  which  there  is  no  atomic  correspondence 
between  the  phases,  can  produce  a  surface  relief  ef¬ 
fect. 15,81  Hence,  the  idea  that  diffusional  transformations 
exhibit  a  surface  relief  effect  is  not  widely  accepted  at 
present. 

The  purpose  of  this  article  is  to  show  that  diffusional 
(reconstructive)  transformations  can  exhibit  a  surface  re¬ 
lief,  not  because  there  is  a  lattice  correspondence  (or  an 
atomic  correspondence)  between  the  phases  as  in  a  mar¬ 
tensitic  (displacive)  transformation,  but  because  there  is 
an  atomic  site  correspondence  across  the  interface.  That 
is,  in  many  diffusional  transformations,  there  is  conti¬ 
nuity  of  atomic  sites  across  the  interface,  resulting  in 
only  certain  sites  that  atoms  can  occupy  as  they  cross 
the  interface.  Thus,  regardless  of  which  atoms  occupy 
particular  atomic  sites,  continuity  of  atomic  sites  across 
an  interface  can  preserve  the  shape  deformation  and  pro¬ 
duce  a  surface  relief  effect  even  in  a  diffusional  trans¬ 
formation,  as  demonstrated  in  this  article.  The  concept 
of  an  atomic  site  correspondence  across  an  interface  be¬ 
tween  two  phases  is  directly  related  to  the  atomic  mech¬ 
anisms  of  the  transformation,  and  this  point  is  used  to 
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develop  the  concept  of  atomic  site  correspondence  in 
Section  II. 


II.  MECHANISMS  OF  ATOMIC 
SITE  CORRESPONDENCE 

In  order  to  develop  the  idea  of  an  atomic  site  corre¬ 
spondence  between  two  phases,  the  discussion  begins 
with  a  simple  example,  namely,  the  face-centered  cubic 
(fee)  — *  hexagonal  close-packed  (hep)  transformation 
found  in  both  martensitic  (Co-Ni  alloys  for  example19101) 
and  diffusional  (Al-Ag  for  example1'1,12131)  alloys.  The 
shape  deformation  associated  with  these  transformations 
occurs  by  the  passage  of  a/ 6(1 12)  Shockley  partial  dis¬ 
locations  on  alternate  {111}  matrix  planes.  This  discus¬ 
sion  is  followed  by  further  generalization  to 
transformations  exhibiting  other  types  of  shape  defor¬ 
mation  and  by  discussion  of  possible  limitations  and  ap¬ 
plicability  of  an  atomic  site  correspondence. 

A.  Atomic  (Site)  Correspondence  in  an  fee  —>  hep 
Martensitic  (Displacive)  Transformation 

The  fee  — »  hep  martensitic  transformation  in  Co  and 
its  alloys  occurs  by  the  passage  of  a/6(112)  Shockley 
partial  dislocations  on  alternate  {111}  matrix 
planes.19,10,14,151  For  purposes  of  discussion,  assume  that 
movement  of  the  Shockley  partial  dislocations  occurs  by 
the  migration  of  kinks  along  the  dislocation  line,  as  is 
known  to  occur  for  the  fee  — »  hep  diffusional  transfor¬ 
mation  in  Al-Ag.116,171  (It  is  subsequently  shown  that  the 
end  result  of  this  discussion  is  the  same  independent  of 
this  assumption.)  The  plane  in  which  the  transformation 
occurs  can  be  drawn  in  a  “hard  sphere”  representation 
as  shown  in  Figure  1,  which  shows  the  possibility  of 
both  edge  and  screw  dislocation  configurations.  The 
plane  below  the  transformation  dislocation  is  shown  as 
gray  atoms,  which  are  unaltered  in  the  transformation. 
In  Figure  1(a),  the  kinked  partial  dislocation  is  moving 
from  top  to  bottom  and  thus  separates  a  region  of  trans¬ 
formed  hep  crystal  (filled  circles  in  B  positions)  from 
fee  matrix  crystal  (open  circles  in  A  positions).  In 
Figure  1(b),  the  hep  crystal  would  expand  by  moving 
upward  into  the  fee  matrix. 

The  sequence  of  sketches  in  Figures  2(a)  through  (d) 
then  illustrates  how  the  transformation  front  moves  up¬ 
ward  as  the  kink  propagates  by  b  =  o/6[121]  to  the  left 
one  atom  at  a  time.  The  screw  dislocation  in  Figure  1(b) 
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(b) 

Fig.  1  —  Hard-sphere  models  showing  the  atomic  configurations  around 
kinks  in  a/ 6<  1 12)  Shockley  partial  dislocations  in  the  close-packed 
(111)  matrix  plane  when  the  Burgers  vector  of  the  dislocation  (a)  is 
in  an  edge  orientation  with  h  =  a/6[112]  perpendicular  to  the  dis¬ 
location  line  direction  f  =  [110]  and  ( b )  has  a  substantial  screw  com¬ 
ponent  since  it  is  inclined  30  deg  to  the  line  direction  with 
b  =  a/6[12l].  The  positions  of  the  dislocation  cores  are  indicated  by 
solid  lines  in  the  figures,  and  arrows  indicate  the  atomic  displace¬ 
ments  (Burgers  vectors)  associated  with  movement  of  an  atom  from 
an  A  positionjopen  circle)  to  a  B  position  (filled  circle).  The  viewing 
direction  is  [Ill],  and  the  gray  circles  represent  the  plane  of  atoms 
in  C  positions  beneath  the  dislocation  core  that  is  common  to  both  the 
fee  and  hep  phases. 


was  used  in  Figure  2  for  illustration,  but  a  similar  mech¬ 
anism  would  apply  to  the  edge  dislocation  in  Figure  1(a). 
In  an  actual  martensitic  transformation,  the  transfer  of 
atoms  across  the  kink  probably  occurs  at  a  rate  similar 
to  the  vibrational  frequency  of  the  atoms,  i.e.,  about 
1013  s  ',1181  so  that  the  transformation  dislocation  moves 
upward  at  a  velocity  approaching  the  speed  of  sound.19- 191 
It  is  particularly  important  to  note  that  a  definite  atomic 
correspondence  is  associated  with  the  motion  of  the  mar¬ 
tensitic  interface  in  Figure  2.  For  example,  based  only 
on  the  crystallography  of  the  transformation,  i.e.,  the 
Burgers  vector  of  the  Shockley  partial  dislocation,  it  is 
possible  to  predict  that  the  atoms  labelled  A,  B,  and  C 
in  the  matrix  in  Figure  2(a)  will  be  the  corresponding 
atoms  labeled  A',  B',  and  C'  in  the  product  phase  in 
Figure  2(d).  This  occurs  because  there  is  no  long-range 
diffusion  or  mixing  of  atoms  in  the  martensite  transfor¬ 
mation.  Note  that  if  the  interface  in  Figure  2  had  prop¬ 
agated  downward  by  motion  of  the  entire  dislocation  line 


(c)  ( d ) 

Fig.  2  —  (a)  through  ( d)  Hard-sphere  model  illustrating  propagation 
of  the  kink  in  a  screw-type  dislocation  to  the  left  one  atom  at  a  time. 
Arrows  indicate  the  atomic  displacement  associated  with  each  atom, 
(a)  is  the  same  as  Figure  1(b),  and  (d)  shows  the  configuration  after 
the  kink  has  passed  along  the  transformation  dislocation  line. 


or  large  segments  of  it  by  a/6(112)  rather  than  by  dis¬ 
crete  motion  at  kinks,  the  end  result  of  this  argument 
would  be  the  same.  In  this  case,  the  mechanism  of  the 
transformation  occurs  in  a  classic  military  fashion,  as 
discussed  by  Christian. [20)  The  same  result  would  also 
apply  to  an  interface  where  the  kinks  are  considerably 
more  diffuse. 

It  is  also  important  to  note  that  as  the  transformation 
interface  continues  to  propagate  upward,  i.e.,  A  atoms 
are  converted  to  B  atoms,  it  leads  to  a  surface  relief  ef¬ 
fect,  as  illustrated  in  Figure  3.  In  Figure  3(a),  the  top 
row  of  A  atoms  constitutes  the  surface  of  the  crystal, 
which  is  indicated  by  a  solid  line  labelled  S.  As  the 
transformation  interface  propagates  through  the  crystal 
and  intersects  the  surface,  displacement  of  the  surface 
occurs  to  position  S'  (Figure  3(b)).  Complete  transfor¬ 
mation  leads  to  the  new  surface  position  of  the  hep  phase 
at  S'  shown  in  Figure  3(c).  The  displacement  of  the  sur¬ 
face  (S-S')  is  equal  to  the  edge  component  of  the 
Burgers  vector  of  the  transformation  dislocation  normal 
to  the  surface,  in  this  particular  case  a/12[112],  and  this 
is  the  surface  relief  associated  with  the  single-Shockley 
partial  dislocation.  This  surface  relief  would  be  doubled 
for  the  edge  partial  dislocation  in  Figure  1(a). 


B .  Atomic  Site  Correspondence  in  an  fee  —*  hep 
Diffusional  (Reconstructive)  Transformation 

Now,  consider  the  same  interface  as  in  Figures  1(b) 
and  2(a),  but  let  it  move  upward  by  the  substitutional 
diffusion  of  solute  atoms  to  the  kink  in  the  Shockley  par¬ 
tial  dislocation.  For  simplicity,  assume  that  the 
hep  phase  is  composed  entirely  of  element  X  (repre¬ 
sented  by  filled  circles)  and  that  the  fee  matrix  phase  is 
a  dilute  solution  of  X  in  Y  (represented  by  open  circles). 
Further,  assume  that  diffusion  only  occurs  in  the  plane 
containing  the  transformation  dislocation.  (In  reality, 
diffusion  of  solute  would  likely  involve  jumps  above  and 
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Fig.  4 — (a)  through  (d)  A  series  of  atomic  jumps  involving  fee  ma¬ 
trix  atoms  Y  (open  circles),  vacancies,  and  two  solute  atoms  labeled 
A  and  B  (filled  circles).  The  hep  precipitate  is  assumed  to  consist  of 
pure  X  (fdled  circles)  for  simplicity.  The  atomic  jumps  are  indicated 
by  arrows  in  each  figure.  In  (d),  the  atom  labeled  A  is  nearly  adjacent 
to  the  kink  and  in  a  position  to  cross  the  interface,  as  illustrated  further 
in  Figure  5. 
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Fig.  3  —  Hard-sphere  model  illustrating  the  motion  of  a  transforma¬ 
tion  dislocation  out  to  the  surface  of  a  crystal:  (a)  the  same  starting 
configuration  as  in  Figure  1(b),  ( b )  after  advancement  of  a  portion  of 
the  transformation  dislocation  to  the  surface;  and  (c)  after  complete 
intersection  of  the  dislocation  with  the  surface.  The  surface  step  as¬ 
sociated  with  the  intersection  is  S-S'  =  a/12[112]. 


below  the  plane  of  the  transformation  dislocation.)  A  se¬ 
quence  of  possible  diffusional  jumps  that  could  lead  to 
propagation  of  the  kink  one  atom  to  the  left  is  illustrated 
in  Figures  4  and  5. 

In  Figure  4(a),  two  solute  atoms  labeled  A  and  B  and 
two  vacancies  were  included  in  the  matrix  to  allow  for 
substitutional  diffusion.  Figures  4(b)  through  (d)  repre¬ 
sent  a  series  of  atomic  exchanges  (like  time  snapshots) 
between  the  solute  atoms  and  vacancies  that  ultimately 
leads  to  the  situation  shown  in  Figure  4(d),  where  the 
solute  atom  labelled  A  is  in  a  position  to  cross  the  in¬ 
terface  at  the  kink. 

The  actual  mechanism  by  which  the  solute  atom  A 
makes  the  jump  across  the  interface  at  the  kink  is  not 
known,  but  several  simple  processes  can  be  envisioned, 
one  of  which  is  illustrated  in  Figure  5.  In  Figure  5(a), 
the  vacancy  exchanges  with  the  atom  adjacent  to  the 
kink  labelled  C,  as  shown  in  Figure  5(b).  Atom  A  then 


Fig.  5  —  (a)  through  ( d )  A  series  of  diffusional  jumps  which  leads  to 
the  incorporation  of  atom  A  into  the  kink  and  propagation  of  the  kink 
one  atom  to  the  left.  The  atomic  jumps  are  indicated  by  arrows  in 
each  figure. 

fills  the  vacant  atom  position,  as  shown  in  Figure  5(c). 
It  subsequently  shuffles  into  the  final  position  to  join  the 
hep  phase  as  the  kink  propagates  one  atom  to  the  left, 
as  illustrated  in  Figure  5(d).  Notice  that  the  sequence  in 
Figure  5  assumes  that  the  transformation  dislocation  core 
separates  the  two  phases  but  does  not  participate  in  the 
reaction.  In  an  actual  interface  where  atoms  are  associ¬ 
ated  with  the  transformation  dislocation  core,  the  se¬ 
quence  of  atomic  jumps  shown  in  Figure  5  would  occur 
within  the  dislocation  core  rather  than  to  one  side  of  the 
core,  although  the  basic  process  would  remain  the  same. 
In  this  article,  the  core  atoms  were  omitted  to  simplify 
the  figures. 
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The  possibility  that  atom  A  joins  the  kink  by  filling 
the  vacant  atom  site  in  Figure  5(b)  is  an  appropriate 
point  to  introduce  the  concept  of  atomic  site  correspon¬ 
dence.  Referring  back  to  Figure  4(a)  and  considering  the 
series  of  diffusional  jumps  which  followed,  it  is  clear 
that  it  was  not  possible  to  know  whether  atom  A  or  B, 
or  any  other  solute  atom  that  may  have  been  present, 
would  be  in  a  position  to  cross  the  kink  as  shown  in 
Figure  5.  Hence,  the  atomic  mixing  that  occurs  in  a  dif¬ 
fusional  transformation  clearly  negates  any  atomic  cor¬ 
respondence  between  the  two  phases.  However,  when 
one  focuses  on  the  process  of  atomic  attachment  to  the 
kink  illustrated  in  Figure  5,  it  is  apparent  that  once  an 
atom  has  reached  a  position  where  it  can  cross  the  inter¬ 
face  at  the  kink  (such  as  atom  A  in  Figure  5(c)),  there 
is  only  one  site  where  it  can  join  the  new  phase.  This 
site  is  indicated  by  the  tip  of  the  arrow  in  Figure  5(d). 
Hence,  while  there  is  no  atomic  correspondence  between 
the  two  phases  in  a  diffusional  (reconstructive)  transfor¬ 
mation,  i.e.,  it  occurs  in  a  classically  civilian  fash¬ 
ion,  18,201  there  can  be  an  atomic  site  correspondence 
across  the  interface.  This  atomic  site  correspondence 
arises  from  the  continuity  of  atoms  that  occurs  across  an 
interface  that  is  fully  or  partially  coherent  and  it  is  de¬ 
termined  by  the  crystallography  of  the  transformation, 
i.e.,  by  the  Burgers  vector  of  the  transformation 
dislocation. 

The  result  of  an  atomic  site  correspondence  is  that  the 
shape  deformation  that  occurs  between  two  phases  is 
preserved  across  the  transformation  interface,  even 
though  there  is  no  atomic  correspondence  between  the 
phases.  Thus,  as  the  kink  in  the  diffusional  interface  in 
Figures  4  and  5  continues  to  move  to  the  left,  the  re¬ 
sulting  interface  is  identical  to  that  shown  in  Figure  2(d). 
Furthermore,  as  the  interface  moves  upward  by  the  same 
diffusional  mechanism  and  intersects  the  surface,  it  pro¬ 
duces  a  surface  relief  which  is  identical  to  the  martensitic 
transformation  shown  in  Figure  3(c)  because  of  the 
atomic  site  correspondence  across  the  interface.  This  is 
not  shown,  but  it  can  be  readily  demonstrated  by  prop¬ 
agating  the  kink  across  the  dislocation  line  in  Figure  5, 
just  as  in  Figure  3  for  the  martensitic  transformation. 

In  summary,  the  previous  discussion  has  shown  that 
an  atomic  site  correspondence  exists  across  the  interface 
in  an  fee  — >  hep  transformation  and  that  the  atomic  site 
correspondence  is  capable  of  producing  a  surface  relief 
effect  regardless  of  whether  or  not  there  is  an  atomic 
correspondence  between  the  two  phases.  The  atomic  site 
correspondence  is  due  to  the  coherency  between  the  two 
phases  that  is  provided  by  the  transformation  disloca¬ 
tion.  The  concept  of  an  atomic  site  correspondence 
across  other  types  of  interface  is  discussed  further  in 
Section  C. 

C.  Extension  to  Other  Types  of  Transformation 

In  the  fee  — *  hep  transformations  mentioned  earlier, 
the  shape  deformation  (Burgers  vector)  was  parallel  to 
the  habit  plane  of  the  plate-shaped  transformation  prod¬ 
uct,  and  the  interface  was  coherent  and  glissile.  In  ad¬ 
dition,  the  unit  cell  of  the  hep  phase  was  only  two  {111} 
matrix  planes  high,  and  it  contained  only  two  atoms. 
This  was  convenient  because  it  allowed  the  concept  of 


an  atomic  site  correspondence  to  be  developed  for  a 
well-defined  transformation,  but  it  represents  a  specific 
situation  and  thus  suffers  from  a  lack  of  generality. 
Many  transformations  have  a  shape  deformation  that 
contains  a  nonglissile  (climb)  component,  and  the  unit 
cells  can  be  quite  large  and  contain  a  number  of  different 
elements.  Thus,  it  is  important  to  consider  whether  the 
idea  of  an  atomic  site  correspondence  is  valid  for  such 
transformations  or  whether  some  transformations  do  not 
support  any  type  of  atomic  site  correspondence.  At  pres¬ 
ent,  there  are  so  few  diffusional  transformations  where 
the  atomic  correspondence  across  the  interface  is  known 
that  it  is  difficult  to  answer  the  question  of  generality  of 
atomic  site  correspondence  in  various  types  of  transfor¬ 
mation.  However,  consideration  of  two  additional  situ¬ 
ations  provides  some  insight  into  this  issue  and  is 
presented  next. 

The  fee  -*  hep  transformation  that  was  accomplished 
by  the  passage  of  Shockley  partial  dislocations  parallel 
to  the  interface  could  have  been  accomplished  by  the 
climb  (expansion)  of  an  a/3(lll)  Frank  partial  dislo¬ 
cation  along  the  interface.  This  situation  represents  the 
opposite  extreme  in  terms  of  a  shape  deformation  and 
transformation  dislocation.  In  this  case,  the  a/3(lll) 
dislocation  behaves  as  a  pure  expansion  (or  contraction) 
deformation  and  in  terms  of  the  edge  of  the  precipitate 
plate  would  be  a  misfit  or  anticoherency  dislocation.1211 
The  8'  (A12Cu)  precipitates  in  Al-Cu  alloys  display  this 
type  of  shape  deformation,  although  the  atomic  corre¬ 
spondence  between  the  matrix  and  precipitate  phase  is 
more  complicated122,231  and  y'  (Ag2Al)  precipitates  in 
Al-Ag  have  been  shown  to  form  by  this  mechanism  as 
well. 111,241  Given  this  mode  of  transformation,  the  Frank 
partial  would  climb  by  atom  attachment  to  jogs  in  the 
dislocation.1'8,251  Since  the  atom  positions  in  and  around 
the  dislocation  core  are  uniquely  defined  and  many 
atomic  planes  around  the  dislocation  core  are  continuous 
between  the  fee  and  hep  phases,  an  atomic  site  corre¬ 
spondence  exists  for  this  mode  of  transformation  as  well. 
Any  particular  transformation  can  contain  both  glide  and 
climb  components  and  thus  lie  somewhere  between  the 
two  extremes  analyzed.  In  this  case,  some  type  of 
atomic  site  correspondence  between  two  phases  should 
exist  provided  the  transformation  dislocation  maintains 
some  degree  of  coherency  between  the  two 
structures.12,21,261 

As  an  example  of  a  much  more  complicated  transfor¬ 
mation  where  the  growth  ledge  contains  both  glide  and 
climb  components  and  the  crystal  structures  are  very  dif¬ 
ferent  across  the  interface,  consider  the  case  of  {111}  6 
precipitate  plates  that  form  in  Al-Cu-Mg-Ag  alloys.  The 
atomic  correspondence  across  a  unit-cell  ledge  between 
the  fee  a-Al  and  tetragonal  0  (Al2Cu)  precipitate  struc¬ 
ture  has  been  determined  and  is  reproduced  in 
Figure  6. 1271  The  most  important  points  to  note  from 
Figure  6  are  that  (1)  the  6  unit-cell  contains  a  residual 
shear  component  of  a/6(  1 1 2)  and  a  9.3  pet  contraction 
along  (111)  relative  to  the  fee  matrix,  (2)  formation  of 
one  unit-cell  of  6  is  nonconservative  with  six  A1  atoms 
diffusing  out  of  and  four  Cu  atoms  diffusing  into  the 
structure,  and  (3)  there  is  preservation  of  some  atomic 
sites  between  the  two  phases  in  the  A1  planes  labelled 
ABCAB  in  the  matrix  and  planes  Al(l)  through  Al(4)  in 
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Al  (3) 


(a)  (*) 

Fig.  6  —  Illustration  of  the  atomic  correspondence  between  the  (a)  fee 
matrix  and  ( b )  plate-shaped  {111}  8  precipitate  phase  in  the  Al-Cu- 
Mg-Ag  system.  A  detailed  description  of  the  transformation  is  pro¬ 
vided  in  Ref.  27. 


be  maintained  between  two  crystals  and  indicated  that 
there  is  a  dependence  on  the  degree  of  coherency  of  the 
phases  across  the  interface.  These  concepts  were  shown 
to  apply  regardless  of  whether  the  interface  advances  by 
discrete  kinks  or  continuously  along  its  line.  However, 
this  treatment  was  largely  conceptual  and  it  needs  to  be 
analyzed  rigorously,  perhaps  using  a  description  along 
the  lines  of  the  coincident  site  lattice  (CSL)  theory128,29'301 
or  based  on  the  symmetry  between  the  phases.1311  This 
area  will  be  addressed  in  the  future.  It  is  also  important 
to  note  that  while  the  discussion  in  this  article  focused 
on  plate-shaped  transformation  products,  atomic  site 
correspondence  should  apply  to  other  precipitate  shapes 
as  well. 


III.  CONCLUSIONS 

1.  Surface  relief  can  be  produced  in  both  martensitic 
(displacive)  and  diffusional  (reconstructive)  transfor¬ 
mations,  and  this  is  due  to  an  atomic  site  correspon¬ 
dence  between  the  phases  across  the  interface  in  both 
types  of  transformation. 

2.  There  is  no  atomic  correspondence  in  diffusional 
transformations  but  continuity  of  atomic  planes 
across  the  transformation  interface  can  lead  to  an 
atomic  site  correspondence  between  the  two  phases. 

3.  Since  some  degree  of  coherency  is  maintained  across 
the  interface  in  many  phase  transformations,  it  is 
likely  that  atomic  site  correspondence  is  a  general 
phenomenon. 

4.  The  concept  of  atomic  site  correspondence  needs  to 
be  developed  within  a  rigorous  analytical  framework. 
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the  precipitate.  Thus,  even  in  this  relatively  complicated 
diffusional  transformation,  which  is  nonconservative, 
where  many  atoms  of  both  Cu  and  Al  are  involved,  and 
where  the  shape  deformation  includes  both  a  shear  and 
contraction,  there  is  some  atomic  site  correspondence 
between  the  two  phases. 

D.  Summary 

The  previous  examples  illustrated  the  concept  of 
atomic  site  correspondence  between  two  crystalline 
plate-shaped  phases  and  the  effect  of  this  correspon¬ 
dence  on  properties  of  the  transformation  such  as  a  sur¬ 
face  relief.  They  also  provided  a  qualitative  assessment 
of  the  degree  to  which  atomic  site  correspondence  can 
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Formation  of  Invariant  Plane-Strain  and  Tent-Shaped 
Surface  Reliefs  by  the  Diffusional  Ledge  Mechanism 


M.G.  HALL  and  H.I.  AARONSON 

Electron  channeling  contrast  and  electron  backscattering  patterns  (EBSPs),  generated  in 
scanning  electron  microscopes  (SEMs),  were  used  to  study  the  question  of  whether  tent-shaped 
surface  reliefs  associated  with  ferrite  plates  in  Fe-0.07  pet  and  Fe-0.50  pet  C  low-alloy  steels 
are  single  crystals  or  back-to-back  pairs  of  plates.  Although  more  than  50  ferrite  plates  were 
examined  in  detail,  any  misorientation  contained  within  them  must  have  been  <1  deg.  Addi¬ 
tionally,  no  sightings  of  the  low-angle  grain  boundaries  approximately  bisecting  ferrite  plates 
expected  on  the  back-to-back  plates  mechanism  were  ever  made.  The  efforts  of  previous  in¬ 
vestigators  to  explain  tent-shaped  (and  invariant  plane-strain)  reliefs  on  the  basis  of  diffusional 
ledge  wise  growth  were  further  extended. 


I.  INTRODUCTION 

An  invariant  plane-strain  (IPS)  surface-relief  effect 
formed  where  a  plate-shaped  transformation  product 
intercepts  a  free  surface  polished  flat  prior  to  transfor¬ 
mation  has  long  been  accepted  as  a  defining  character¬ 
istic  of  a  shear  or  martensitic  phase  transformation.11-41 
Diffusional  transformations  have  also  been  found,  how¬ 
ever,  to  be  capable  of  producing  IPS  reliefs.  Changes  in 
long-range  order  and/or  in  composition  (the  latter  par¬ 
ticularly  in  substitutional  alloys)  relative  to  the  matrix 
phase  taking  place  continuously  throughout  the  transfor¬ 
mation  process  are  usually  acceptable  criteria  for  diffu¬ 
sional  transformations.15  61  A  prototypical  example  of  a 
drastic  change  in  long-range  order  across  the  transfor¬ 
mation  interface  accompanying  an  IPS  surface  relief  is 
represented  by  the  formation  of  AuCu  II  plates  from  a 
disordered  equiatomic  Au-Cu  matrix.171  Counterpart  ex¬ 
amples  of  a  marked  change  in  composition  formed  in 
conjunction  with  an  IPS  relief  are  the  precipitation  of  y' 
(later  y)  AlAg2  plates  from  a  Al-Ag  solid  solutions18'91 
and  of  a,  Cu-Zn  plates  from  ordered  fl  Cu-Zn. 110,61  There 
do  not  appear  to  have  been  any  questions  raised  about 
the  long-range  order  change  in  AuCu  II  or  about  the 
composition  change  in  y  or  y'  AlAg2.  However,  the 
question  as  to  whether  or  not  a,  Cu-Zn  plates  inherit  the 
composition  of  their  ordered  (3  matrix  has  been  under 
active  dispute  in  the  literature  for  some  time.  In  these 
proceedings,  though,  Hamada  et  al. 1101  have  evidently 
brought  to  an  end  the  long  controversy  about  the  com¬ 
position  of  a,  plates  at  early  growth  times  by  demon¬ 
strating  that  even  when  these  plates  are  only  3-nm  thick, 
their  composition  differs  significantly  from  that  of  their 
matrix  phase.  Also  in  these  proceedings,  Muddle1111  con¬ 
firms  that  the  transformation  crystallographies  of 
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AuCu  II,  y  AlAg2,  and  a,  Cu-Zn  plates  are  all  in  good 
agreement  with  the  predictions  of  the  phenomenological 
theory  of  martensite  crystallography  (PTMC).11'21  Hence, 
the  presence  of  an  IPS  surface-relief  effect  no  longer  serves 
to  identify  uniquely  the  operation  of  a  shear  transfor¬ 
mation  mechanism. 

A  further  problem  that  has  arisen  in  connection  with 
the  use  of  surface  reliefs  to  identify  the  atomic  mecha¬ 
nism  of  plate  formation  is  the  appearance  of  surface  re¬ 
liefs  that  are  not  an  IPS  but  that  are  nonetheless  composed 
of  tilted  planar  surfaces  (rather  than  the  curved  surfaces 
implied  by  the  term  “surface  rumpling”151).  Of  these,  the 
simplest  and  best  known  is  the  tent-shaped  or  roof-gable161 
relief.  Examples  of  tent-shaped  reliefs  associated  with 
plates  or  laths  have  been  found  in  the  proeutectoid  ferrite 
reaction  in  Fe-C  alloys,11213'141  lower  bainite  plates  in  an 
Fe-C-Cr  alloy,1151  Cr-rich  precipitates  in  a  Cu-Cr 
alloy,1'61  and  proeutectoid  a  plates  in  a  hypoeutectoid  Ti-Cr 
alloy.*1171  This  relief  morphology  cannot  be  explained  in 
terms  of  the  PTMC  unless  one  simply  assumes  that  such 
a  relief  is  produced  by  two  plates  oriented  parallel  to  the 
same  conjugate  habit  planes  but  having  different  con¬ 
jugate  habit  directions.  Except  during  the  crystallograph- 
ically  degenerate  face-centered  cubic/hexagonal 
close-packed  (fcc/hcp)  transformations,**  one  of  these 

*Among  the  surface  reliefs  examined  in  the  Ti-Cr  alloy,  approx¬ 
imately  80  pet  were  tents,  and  the  balance  were  of  the  IPS  type.1171 

**Christian  has  privately  pointed  out  to  us  that  in  the  presence  of 
a  near  crystallographic  degeneracy,  e.g.,  In-Tl,  banded  morphologies, 
equivalent  to  “tents  of  indefinite  length,”  tend  to  be  formed. 

plates  must  thus  have  been  sympathetically  nucleated1181 
at  the  broad  face  of  the  other.  In  response  to  presentation 
of  a  micrograph  of  a  ferrite  plate  that  exhibited  a  pro¬ 
nouncedly  tent-shaped  surface  relief,1'21  Srinivasan  and 
Wayman1'91  proposed  such  a  back-to-back  formation 
mechanism  for  the  development  of  this  relief.  While  nei¬ 
ther  thermionic  electron  emission  microscopy  contrast 
nor  nital  etching  gave  any  indication  that  the  sideplates 
observed  by  Kinsman  et  a/.1'41  were  actually  pairs  of  plates, 
the  discrimination  permitted  by  these  techniques  was  ob¬ 
viously  limited.  Lee  and  Aaronson1'71  mechanically  ground 
and  polished  and  then  ion  milled  from  the  side  opposite 
to  that  on  which  reliefs  had  been  observed  some  Ti-Cr 
specimens  partially  transformed  to  hep  proeutectoid  a  in 
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a  body-centered  cubic  (bcc)  /3  matrix.  Transmission 
electron  microscopy  (TEM)  observations  made  on  the 
foils  thus  prepared  showed  that  all  a  plates  observed, 
most  of  which  had  almost  certainly  contributed  to  the 
reliefs  seen  on  the  specimen  surface,  were  single  crys¬ 
tals.  They  thus  demonstrated  that  the  tent-shaped  reliefs 
in  this  alloy  could  not  have  been  formed  by  pairs  of  plates. 

The  present  investigation  was  undertaken  to  perform 
a  higher-resolution  test  of  the  sympathetic  nucleation 
mechanism  for  tent-shaped  surface-relief  formation  on 
proeutectoid  ferrite  plates.  Because  these  plates  are  so 
large  relative  to  the  thickness  of  typical  thin  foils,  dif¬ 
ferent  techniques  had  to  be  employed.  Those  chosen  were 
electron  channeling  contrast  and  electron  backscatter 
patterns  (EBSPs),  both  generated  in  scanning  electron 
microscopes  (SEMs).  Bulk  specimens  could  now  be  em¬ 
ployed  instead  of  thin  foils. 

II.  EXPERIMENTAL  PROCEDURES 

Two  low-alloy  steels  were  employed  in  this  investi¬ 
gation.  They  contained  0.07  and  0.50  pet  C,  respec¬ 
tively.  Their  detailed  compositions  are  given  in  Table  I. 
Initial  experiments  were  performed  on  specimens  of  the 
0.50  pet  C  alloy  that  had  been  continuously  cooled  from 
the  austenite  region  so  as  to  yield  a  number  of 
Widmanstatten  sideplates.  These  specimens  were  used 
for  EBSP  studies  to  determine  whether  or  not  the  side- 
plates  were  single  crystals.  Surface-relief  specimens  were 
prepared  from  the  Fe-0.07  pet  C  alloy,  which  was  given 
isothermal  heat  treatment. 

The  EBSP  specimens  were  first  mechanically  polished 
and  then  electropolished  in  a  Cr03-glacial  acetic  acid  so¬ 
lution1201  so  that  there  was  a  minimum  of  surface  topog¬ 
raphy.  They  were  then  examined  with  a  JEOL*  840A 

*JEOL  is  a  trademark  of  Japan  Electron  Optics  Ltd.,  Tokyo,  Japan. 

SEM,  using  the  backscattered  electron  detector.  Typical 
beam  conditions  were  30  kV,  3  to  7  X  10  10  A,  and  a 
working  distance  of  0.008  m.  Images  were  acquired  using 
a  frame-store  that  controlled  the  scanning  of  the  SEM, 1211 
and  enabled  noise-free  images  to  be  produced  with  lower 
beam  currents  than  would  have  been  required  using  con¬ 
ventional  scanning  electron  microscopy.  Plates  were  se¬ 
lected  for  further  study  that  diffracted  strongly  so  that 
small  orientation  changes  would  be  visible  using  elec¬ 
tron  channeling  contrast.  Several  such  plates  were  then 
relocated  with  the  optical  microscope  of  a  microhardness 
tester  and  identified  with  impressions  in  this  instrument. 
The  specimen  was  then  transferred  to  a  Hitachi  Hu  4000 
field-emission  SEM  equipped  with  a  Dingley  EBSP 
system.1221 

The  EBSP  technique  requires  a  highly  tilted  sample. 
With  the  limited  contrast  available,  the  microhardness 


indentations  proved  essential  to  again  locating  the  se¬ 
lected  plates.  At  least  eight,  and  usually  more,  EBSPs 
were  taken  at  successive  positions  across  the  width  of 
these  plates.  The  patterns  were  recorded  either  on  photo¬ 
graphic  film  or  on  video  tape;  the  latter  were  then  printed 
with  a  video  printer. 

Surface-relief  specimens  of  the  0.07  pet  C  alloy  were 
mechanically  polished  and  sealed  in  quartz  ampoules  under 
a  reduced  pressure  of  purified  He.  These  specimens  were 
then  austenitized  at  1420  K,  reacted  at  973  K  for  times 
up  to  180  seconds,  and  then  quenched  or  air-cooled  to 
room  temperature.  Particularly  clear  examples  of  tent¬ 
shaped  surface  reliefs  were  selected  optically,  marked 
with  microhardness  impressions,  and  then  examined  with 
the  HU  4000  field-emission  SEM  using  the  techniques 
just  described. 

III.  RESULTS 

1 .  Resolution  of  the  Electron  Backscatter  Technique 

A  junction  between  two  plates  yielding  tent-shaped  re¬ 
liefs  (Figure  1(a))  was  chosen,  and  EBSPs  were  taken 
at  50-nm  intervals  along  a  line  perpendicular  to  the  im¬ 
pingement  boundary.  Seven  patterns  from  a  sequence  of 
10  are  shown  in  Figures  1(b)  through  (h).  The  boundary 
between  these  two  plates  is  straddled  in  Figure  1(e),  where 
a  mixed  pattern  composed  of  contributions  from  crystals 
on  both  sides  of  the  boundary  is  present.  Figures  1(f) 
and  (g)  are  seen  to  show  the  same  pattern,  but  one  that 
is  abruptly  rotated  relative  to  the  pattern  shown  in 
Figures  1(b)  through  (d).  Hence,  the  resolution  of  this 
method  must  be  better  than  100  nm.  This  resolution  is 
consistent  with  that  reported  by  Randle,1231  who  indicated 
a  resolution  of  200  nm  for  an  SEM  with  a  conventional 
W  emitter.  The  field-emission  SEM  used  here  is  capable 
of  generating  a  smaller  probe  size  at  the  beam  currents 
required  to  produce  an  EBSP  and  therefore  should  give 
improved  spatial  resolution,  as  was  experimentally 
observed. 

2.  Electron  Channeling  Contrast  Studies 

Three  sample  electron  channeling  contrast  micro¬ 
graphs,  taken  of  two  ferrite  sideplates  but  representative 
of  the  more  than  50  examined  during  this  part  of  the 
investigation,  are  shown  in  Figures  2(a)  through  (c).  The 
overall  morphological  perfection  of  the  Widmanstatten 
sideplates  produced  by  continuous  cooling  was  apparent 
in  these  experiments,  in  agreement  with  the  more  de¬ 
tailed  study  of  Mehl  et  a/.1241  Figure  2(a)  was  taken  in 
the  vicinity  of  the  base  of  a  sideplate  formed  by  sym¬ 
pathetic  nucleation  at  a  grain  boundary  allotriomorph. 
Figure  2(b)  shows  the  region  near  the  tip  of  the  same 
sideplate.  Figure  2(c)  displays  much  of  another  sideplate 


Table  I.  Alloy  Compositions  in  Weight  Percent 


Alloy  No. 

C 

Mn 

Si 

Ni 

V 

A1 

S 

P 

1 

0.07 

0.65 

0.05 

0.96 

0.14 

0.03 

0.04 

0.04 

2 

0.50 

0.61 

0.5 

0.07 

0.003 

0.12 

0.03 

0.02 
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Fig.  1 — An  illustration  of  the  resolution  of  the  EBSP  technique.  Patterns  (ft)  through  (ft)  were  taken  at  50-nm  intervals  along  the  line  indicated 
in  (a).  An  abrupt  change  in  the  pattern  is  seen  to  have  occurred  between  ( d )  and  (/).  Only  in  (e)  is  there  a  pattern  composed  of  contributions 
from  ferrite  crystals  on  both  sides  of  the  boundary.  Note:  superimposed  on  some  of  the  patterns  is  the  outline  of  the  islands  of  good  and  poor 
contact  between  the  phosphor  support  and  the  light  guide.  This  aspect  of  the  pattern  can  be  ignored  and  does  not  affect  the  positions  of  the  major 
poles  in  the  EBSPs. 


that  appears  to  have  developed  directly  from  a  grain 
boundary  allotriomorph  and  to  be  part  of  the  same  single 
crystal,  thereby  confirming  a  mechanism  proposed  ear¬ 
lier.1251  Despite  the  presence  of  clear  ferrite :  ferrite 
boundaries  within  the  impinged  grain  boundary  allotri- 
omorphs,  and  between  the  sideplate  and  the  allotrio¬ 
morph  from  which  it  developed  (Figure  2(a))  there  is  no 
evidence  for  a  boundary  within  any  ferrite  sideplate 
aligned  parallel  to  its  long  axis.  Although  it  is  possible 


that  such  a  boundary  would  occasionally  be  missed  be¬ 
cause  of  sectioning  effects,  it  is  unlikely  that  all  of  these 
boundaries  would  be  thus  omitted,  particularly  since  plates 
with  the  smallest  aspect  ratio  in  a  particular  area  were 
always  chosen  for  study. 

Electron  backscatter  patterns  were  also  used  to  con¬ 
firm  that  these  plates  were  single  crystals,  as  illustrated 
in  Figure  3 .  This  figure  includes  three  micrographs  from 
a  sequence  of  eight  taken  across  a  similar  sideplate.  The 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25A,  SEPTEMBER  1994—  1925 


Fig.  2  — Widmanstatten  ferrite  sideplates  examined  using  SEM  elec¬ 
tron  channeling  contrast:  (a)  near  to  the  prior  austenite  grain  bound¬ 
ary;  ( b )  but  further  along  the  same  plate;  and  (c)  in  another  plate. 
Note  the  strong  contrast  between  different  orientations  and  both  the 
absence  of  boundaries  aligned  parallel  to  the  length  of  the  individual 
sideplates  as  well  as  of  significant  contrast  within  the  sideplates. 


orientation  change  within  this  plate,  if  any,  must  have 
been  less  than  1  deg. 

3.  Surface-Relief  Specimen  Studies 

Figure  4  shows  the  range  of  surface  reliefs  and  ferrite 
morphologies  studied.  Measurements  across  all  of  the 
plates  shown  were  made  and  showed  no  significant  ori¬ 
entation  change.  A  typical  example  of  EBSPs  taken  across 


Fig.  3  —  EBSPs  taken  across  an  example  plate  nucleated  in  the  in¬ 
terior  of  a  bulk  sample.  Notice  the  absence  of  any  detectable  change 
in  the  pole  positions. 


the  upper  sideplate  in  Figure  4(b)  (indicated  by  an  arrow¬ 
head)  is  shown  in  Figure  5  to  illustrate  this  point.  Only 
when  two  or  more  plates  were  in  intimate  contact,  with 
a  visible  boundary  between  the  plates,  as  indicated  by 
arrowheads  in  Figures  4(c)  and  (e),  was  EBSP  evidence 
obtained  for  the  presence  of  more  than  one  plate.  A 
boundary  between  two  ferrite  plates  was  never  found  near 
to  or  at  the  apex  of  a  “tent”  but  always  appeared  in  the 
“trough”  between  two  plates  whose  individuality  was  al¬ 
ready  obvious  without  EBSP  evidence. 

A  particularly  clear  example  of  a  single,  very  well- 
formed  tent-shaped  relief  is  shown  in  Figure  6(a).  The 
plate  can  be  seen  to  be  symmetrical,  with  the  apex  of 
the  tent  parallel  to  the  long  axis  of  the  plate.  An  overall 
micrograph  of  the  plate  taken  with  backscattered  elec¬ 
trons  is  shown  in  Figure  6(b).  The  difference  in  contrast 
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Fig.  4 — Examples  from  the  surface-relief  samples  showing  the  range  of  surface-relief  effects  observed:  (a)  secondary  electron  image  showing 
isothermally  formed  ferrite  crystals,  as  well  as  additional  crystals  sympathetically  nucleated  against  these  during  slow  cooling;  ( b )  a  group  of 
eight  sideplates;  (c)  two  intragranular  plates  (a  sharp  change  in  orientation  was  observed  across  the  boundary  between  these  plates);  (d)  an  isolated 
intragranular  plate;  ( e )  same  as  (c)  but  imaged  with  backscattered  electrons;  (/)  same  as  ( d )  but  imaged  with  backscattered  electrons  at  slightly 
lower  magnification. 


between  the  two  sides  of  this  plate  is  due  to  the  differ¬ 
ence  in  their  surface  orientations  resulting  from  the  for¬ 
mation  of  the  surface  relief.  A  particular  region  of  the 
plate  was  selected,  and  12  EBSPs  were  taken  at  ap¬ 
proximately  equal  intervals  across  the  plate.  Two  of  these 
patterns,  taken  on  opposite  sides  of  the  tent,  are  shown 
in  Figures  7(a)  and  (b).  Measurements  of  the  12  patterns 
are  summarized  in  Table  II.  They  show  the  plate  to  be 
an  almost  perfect  single  crystal  containing  misorienta- 
tions  <1  deg  across  the  plate. 

The  tilt  angle  on  either  side  of  the  apex  of  the  plate 
in  Figure  6  was  also  measured.  Using  normal  incidence, 
the  microscope  was  continuously  scanned  for  several 
minutes  along  a  line  perpendicular  to  the  long  axis  of 
the  plate  to  produce  a  contamination  line  on  the  surface 
of  the  sample.  The  sample  was  next  tilted  45  deg  about 
an  axis  parallel  to  this  line,  so  that  the  profile  of  the 
surface,  depicted  by  the  contamination  line,  could  be 
clearly  seen.  Measurements  were  then  made  of  the  pro¬ 
jected  angle  of  the  “v”  in  the  line  of  contamination  on 


either  side  of  the  apex,  from  which  the  true  tilt  angle  of 
each  surface  comprising  the  tent-shaped  relief  was  cal¬ 
culated.  Table  III  summarizes  measurements  of  the  tilt 
angle  made  at  three  positions  normal  to  the  long  axis  of 
the  plate.  The  tilt  angle  can  be  seen  to  be  approximately 
equal  on  both  sides  of  the  apex.  This  angle  was  also 
somewhat  larger  near  the  center  of  the  plate,  where  the 
plate  was  widest. 

IV.  DISCUSSION 

1 .  The  Sympathetic  Nucleation  Hypothesis 
for  Tent-Shaped  Reliefs 

The  view  that  such  reliefs  result  from  the  formation 
of  two  plates  back-to-back,[l91  presumably  by  sympa¬ 
thetic  nucleation,  has  not  been  supported  by  the  results 
of  the  present  investigation.  Within  experimental  limits 
of  error  (<1  deg),  ferrite  plates  yielding  tent-shaped  re¬ 
liefs  have  been  shown  to  be  single  crystals.  During  the 
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Fig.  5 — EBSP  measurements  taken  from  the  right-hand  plate  in  Figure  4(b).  Pattern  5(a)  was  formed  in  the  pearlite  just  outside  of  the  plate. 
Patterns  ( b )  through  (e)  were  taken  at  regular  intervals  across  the  plate.  Figure  5(/)  was  taken  in  the  pearlite  on  the  other  side  of  the  plate. 


proeutectoid  a  reaction  in  a  hypoeutectoid  Ti-Cr  alloy, 
misorientations  in  this  range  were  found  with  TEM  in 
microstructures  formed  by  sympathetic  nucleation.1261 
However,  tent-shaped  reliefs  formed  by  proeutectoid 
a  plates  were  later  shown,  also  with  TEM,  to  be  asso¬ 
ciated  only  with  monocrystals.  No  a: a  boundaries  more 
or  less  bisecting  these  plates  were  ever  seen. 

2.  Two  Ferrite  Plates  with  Mutually  Accommodating 
Shears  Hypothesis 

This  hypothesis  was  proposed  by  Bhadeshia,1271  on  the 
basis  of  some  experimental  and  analytical  research. 
Bhadeshia’ s  specimens  of  an  Fe-04  pet  C  alloy  were  iso- 
thermally  reacted  at  873  K  and  then  slowly  cooled  to 
room  temperature.  A  lateral  boundary  was  found  to  run 
along  the  length  of  the  ferrite  plates  in  these  specimens. 
This  heat-treatment  cycle,  however,  was  suggested  to  have 
resulted  in  sympathetic  nucleation  at  a  lower  temperature 
of  a  second  plate  at  a  broad  face  of  the  plate  formed 
isothermally.[28]  Reanalyzing  Bhadeshia’s  data  on  his  pairs 
of  plates,  we1291  concluded  that  the  misorientations  be¬ 
tween  the  component  plates  are  correctly  described  as 
small-angle  boundaries,  such  as  are  commonly  gener¬ 
ated  during  sympathetic  nucleation. [26]  Dahmen1301  has 
criticized  the  theoretical  basis  of  Bhadeshia’s  analysis. 
The  results  of  the  present  investigation  demonstrate  ex¬ 
perimentally  that  when  ferrite  plates  are  formed  solely 
during  isothermal  reaction,  the  tent-shaped  reliefs  they 
often  produce  are  associated  only  with  monocrystalline 
plates.  Back-to-back  pairs  of  plates  were  not  found  dur¬ 
ing  the  present  study,  despite  an  intensive  search.  The 
misorientation  required  by  the  concept  of  mutual  accom¬ 
modation  of  shears  postulated  by  Bhadeshia1271  is  at  least 


10  deg,  in  sharp  conflict  with  the  present  finding  that 
any  misorientation  present  must  be  <1  deg. 

3.  Formation  of  IPS  and  Tent-Shaped  Surface  Reliefs 
by  the  Ledge  Mechanism 

The  proposal  has  been  made  repeatedly  that  an  IPS 
surface  can  be  produced  by  diffusional  ledgewise  growth, 
as  long  as  all  ledges  have  the  same  shear  direc¬ 
tion.*19'1214-31'341  As  long  as  the  phase  transformation  can 

*The  term  “shear”  is  used  here  in  the  crystallographic  rather  than 
in  ihe  transformation  mechanistic  sense. 


be  geometrically  represented  by  a  homogeneous  defor¬ 
mation  (and,  if  necessary,  by  a  lattice-invariant  defor¬ 
mation  and  a  rigid-body  rotation),  this  IPS  relief  will 
also  have  an  appreciable  shear  component.  Unlike  trans¬ 
formation  in  the  interior  of  a  specimen,  when  a  plate 
grows  in  contact  with  a  free  surface,  it  is  likely  that  one 
of  the  possible  shear  directions  will  lead  to  a  larger  re¬ 
duction  in  strain  energy  than  the  others,  thereby  favoring 
the  repeated  formation  of  that  set  of  ledges.  Particularly 
when  both  matrix  and  precipitate  phases  are  substitu¬ 
tional,  the  conclusion  thus  has  been  drawn  repeatedly 
that  the  presence  of  an  IPS  surface  relief  is  proof  of  the 
presence  of  partial  (or  full)  coherency,  but  when  unsup¬ 
ported  by  other  evidence  is  not  proof  of  the  operation  of 
a  shear  transformation  mechanism.131'341 

Turning  now  to  tent-shaped  surface  reliefs,  consider 
first  fcc/hcp  transformations  proceeding  by  ledgewise 
diffusional  growth.  Three  different  Shockley  partial  dis¬ 
locations  can  serve  as  transformation  dislocation  ledges.1321 
Hence,  a  surface  relief  associated  with  a  single  product 
phase  plate  can,  in  principle,  have  a  very  complex  shape. 
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Fig.  6 — A  nearly  perfect  example  of  a  Widmanstatten  ferrite  plate 
showing  a  tent-shaped  surface  relief,  imaged  with:  (a)  secondary  elec¬ 
trons,  and  (b)  backscattered  electrons.  Figure  6(b)  shows  no  indication 
of  a  boundary,  particularly  in  the  region  of  the  apex  of  the  surface 
relief. 


To  date,  however,  only  one  instance  of  a  tent-shaped 
relief  has  been  reported  during  the  formation  of  AlAg2 
plates  from  an  a  Al-Ag  matrix.1321  Others  observed  are 
of  the  IPS  type.[9] 

In  the  case  of  fcc/bcc  transformations,  the  crystallo¬ 
graphic  degeneracy  operative  in  fcc/hcp  transformations 
is  not  available.  Explanation  of  a  tent-shaped  relief  in 
terms  of  the  PTMC  would  thus  require  that  two  lattice- 
invariant  deformations  operate  in  essentially  opposing 
directions  in  conjunction  with  a  single  orientation  rela¬ 
tionship  variant  of  the  matrix  and  product  phases.  As 
yet,  no  such  mechanism  has  been  proposed,  and  it  is 
doubtful  if  one  exists.  Hence,  an  additional  ground  is 
provided  for  ruling  out  a  martensitic  mechanism  for  the 
formation  of  a  tent-shaped  surface  relief  on  a  single  pre¬ 
cipitate  plate. 

Kinsman  et  al.lU]  suggested  that  when  the  strain  en¬ 
ergy  associated  with  an  IPS  becomes  sufficiently  large, 
the  development  of  growth  ledges  moving  in  a  direction 
making  a  large  angle  (appreciably  greater  than  90  deg) 
with  respect  to  the  direction  of  motion  of  the  first-formed 
growth  ledges  would  become  energetically  more  favor¬ 
able,  leading  to  the  evolution  of  tent-shaped  reliefs.  In 
support  of  this  mechanism,  they  noted  that  optical  inter¬ 
ference  fringes  and  “fiducial  lines  in  the  austenite  such 


Fig.  7 — Two  example  EBSPs  (from  a  set  of  13)  taken  on  either  side 
of  the  apex  of  the  tent-shaped  relief  in  Figure  6.  The  orientation  dif¬ 
ference  between  the  patterns  is  below  the  ~1  deg  detection  limit. 
Measurements  made  from  all  of  the  patterns  are  presented  in  Table  II. 


Table  II.  Electron  Backscattering 
Pattern  Measurements 


Position* 

Angle  a  (deg)** 

Angle  b  (deg)1 

1 

2.2,  2.0 

10.0,  10.0 

2 

2.5 

10.5 

3 

2.5 

10.2 

4 

2.2,  2.5 

10.0,  10.0 

5 

— 

10.5 

6 

2.5 

10.2 

7 

— 

10.5 

8 

2.7 

— 

9 

2.7 

10.0 

10 

2.5 

9.5 

11 

3.0 

10.0 

*Position  is  measured  across  the  plate. 

**Angle  a  is  the  angle  from  the  center  of  the  screen  to  the  pole  on 
the  pattern  indicated  in  Figure  7(b). 

TAngle  b  is  the  rotational  angle  subtended  at  the  center  of  the  screen 
by  the  directions  illustrated  in  Figure  7(b). 


as  scratches  or  terraces  produced  by  thermal  faceting” 
associated  with  tent-shaped  reliefs  “tend  to  be  displaced 
within  the  plate  but  not  in  the  matrix  phase.”  Watson 
and  McDougall1'31  similarly  observed  that  “doubly  tilted 
regions  were  self  accommodating  and  produced  no 
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Table  III.  Tilt  Angle  Measurements 


Position* 

Left-Hand  Side 
(deg) 

Right-Hand  Side 
(deg) 

1 

9.8 

8.4 

2 

10.5 

11.2 

3 

8.4 

7.7 

^Position  is  measured  along  the  plate. 


observable  plastic  strains  in  the  matrix.”*  Table  IV  sum- 

*These  investigators  did  not  determine  experimentally  whether  or 
not  the  tent-shaped  reliefs  they  observed  associated  with  single  ferrite 
crystals.1131 


marizes  the  data  available  on  the  ranges  of  tilts  found 
among  tent  and  IPS  reliefs  associated  with  proeutectoid 
ferrite  plates  in  Fe-C  alloys  (Watson  and  McDougall1'31 
and  the  present  investigation)  and  with  proeutectoid 
a  plates  in  a  hypoeutectoid  Ti-Cr  alloy.1171  The  average 
tilt  angle  for  tent-shaped  reliefs  on  ferrite  plates  is  seen 
to  be  roughly  one-half  that  for  IPS  reliefs  on  these  plates. 
This  ratio  is  somewhat  less  for  proeutectoid  a  plates. 
These  ratios  suggest  that  simultaneous  evolution  of  these 
tilts  from  both  broad  faces  in  the  case  of  tents  results  in 
mutual  accommodation  of  the  accompanying  strains. 
Watson  and  McDougall1131  showed  that  an  IPS  relief  as¬ 
sociated  with  a  ferrite  plate  produces  accommodation 
strains  in  the  surrounding  austenite  (transformed  to  mar¬ 
tensite  during  quenching  to  room  temperature)  primarily 
on  one  side  of  the  plate.  Taken  in  conjunction  with  the 
data  of  Table  IV,  this  suggests  that  in  a  tent-shaped  relief 
morphology,  the  IPS  relief  produced  by  each  moving  plate 
broad  face  would  seek  strain  accommodation  at  the  ex¬ 
pense  of  the  tilt  produced  by  the  opposing  broad  face. 
Much  of  the  resulting  reduction  in  tilt  angle  probably 
occurred  by  plastic  deformation,  as  described  for  various 
processes  by  Christian.151  Diminution  with  reaction  time 
of  the  tilt  angle  of  IPS  reliefs  generated  by  y  AlAg2  plates 
was  proposed  to  take  place  diffusionally  because  it  de¬ 
veloped  during  prolonged  isothermal  reaction,191  unlike 
the  very  brief  transformation  times  required  to  form 
proeutectoid  ferrite  plates  in  Fe-C  alloys  and  low-alloy 
steels. 

Since  the  tent-shaped  reliefs  often  appeared  to  be  fairly 
symmetric  about  their  apex,  the  evolution  of  an  IPS  into 
a  tent  must  begin  at  an  early  stage  in  plate  thickening. 
If  IPS  relief  formation  does  precede  the  evolution  of  a 
tent,  the  average  “flow”  direction  for  growth  ledges  on 
the  uptilted  side  of  the  plate  should  be  toward  the  spec¬ 
imen  surface.  When  tent  formation  begins,  the  flow  di¬ 
rection  should.be  either  reversed  or  replaced  with  one 
making  a  greater  than  90  deg  angle  with  respect  to  the 
original  flow  direction.  While  growth  ledge  activity  seems 


Table  IV.  Summary  of  IPS  and  Tent-Tilt  Data 


Relief 

Morphology 

a  Fe-C 

a  Ti-Cr 

Tent 

8  to  1 1  deg  (present  work) 

2  to  2.5  deg1171 

IPS 

15  to  25  deg1 131 

6  deg1'71 

unnecessary  on  the  side  of  the  plate  which  is  not  tilted 
during  an  IPS  relief  stage  of  plate  thickening,  ledgewise 
growth  must  begin  on  the  untilted  side  when  tent  for¬ 
mation  commences,  and  should  also  be  directed  toward 
the  specimen  interior.  The  circumstance  that  growth  ledges 
on  both  sides  of  a  ferrite  plate  should  then  grow  into  the 
specimen  seems  as  puzzling  (from  the  standpoint  of  shear 
strain  energy  reduction)  as  it  is  unavoidable.  The  re¬ 
quirement  that  ledge  growth  on  the  initially  untilted  side 
of  a  plate  begin  at  the  same  time  as  ledges  essentially 
reverse  their  growth  direction  on  the  tilted  side  of  the 
plate  may  be  fulfilled  by  extension  of  growth  ledges 
around  the  (lateral)  circumference  of  the  plates  when  tent 
formation  begins. 

It  should  also  be  noted  that  Watson  and  McDougall 
did  show  micrographs  of  some  well-formed  IPS  reliefs, 
whereas  Kinsman  et  al.  found  this  relief  morphology  to 
be  largely  absent.  Examination  of  the  micrographs  pub¬ 
lished  by  Watson  and  McDougall  makes  clear  that  the 
plates  that  they  studied  were  both  narrower  and  had  more 
nearly  parallel  sides  than  the  isosceles  triangle-like  cross- 
sectioned  sideplates  examined  by  Kinsman  et  al.  How¬ 
ever,  the  sideplates,  and  perhaps  also  the  intragranular 
plates,  studied  by  Watson  and  McDougall  may  have 
formed  during  continuous  cooling  both  before  and  after 
an  interval  of  isothermal  transformation,  while  the  side¬ 
plates  investigated  by  Kinsman  et  al.  developed  only 
during  isothermal  reaction.  The  higher  strain  energies 
presumably  associated  with  the  isosceles  triangle-like 
sideplates  may  have  made  easier  the  formation  of  growth 
ledges  at  the  broad  faces  of  the  plates  studied  by  Kinsman 
et  al.,  especially  where  the  sideplates  joined  the  grain 
boundary  ferrite  allotriomorphs  from  which  they 
developed. 

The  development  of  tent-shaped  surface  reliefs  is 
equivalent  to  a  change  in  the  lattice-invariant  deforma¬ 
tion  during  the  growth  of  a  martensite  plate.  A  reviewer 
has  enquired  why  this  is  considered  unlikely  during  a 
martensitic  transformation  but  not  during  ledgewise  dif- 
fusional  growth.  During  growth  by  shear,  the  lattice- 
invariant  deformation  is  accomplished  by  the  glide  of 
lattice  dislocations  emplaced  in  glissile  orientation  in  the 
advancing  interphase  boundary.  These  dislocations  are 
an  intrinsic  component  of  the  matrix :  martensite  inter¬ 
face.  Reorienting  simultaneously  the  Burgers  vector  of 
all  such  dislocations  in  a  given  facet  seems  kinetically 
(and  likely  also  mechanistically)  infeasible.  On  the  other 
hand,  except  in  the  case  of  fcc/hcp  transformations, 
growth  ledges  do  not  appear  to  arise  from  an  intrinsic 
component  of  the  interphase  boundary  structure1351  dur¬ 
ing  diffusional  growth  by  the  ledge  mechanism.  Hence, 
changing  the  Burgers  vector  of  the  growth  ledges  is  much 
more  readily  accomplished,  particularly  when  these  ledges 
originate  by  sympathetic  nucleation. 

V.  SUMMARY 

The  question  of  whether  tent-shaped  surface  reliefs  as¬ 
sociated  with  proeutectoid  ferrite  plates  are  single  crys¬ 
tals1141  or  pairs  of  plates  formed  back-to-back  by 
sympathetic  nucleation  or  mutual  accommodation  of 
shears16'271  was  investigated  experimentally  in  0.07  and 
0.50  percent  C  low-alloy  steels.  Electron  channeling 
contrast  and  EBSPs  formed  in  SEMs  were  employed  to 
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study  this  question.  All  of  the  more  than  50  ferrite  side- 
plates  studied  proved  to  be  single  crystals.  Any  mis- 
orientation  within  them  must  have  been  <1  deg.  No 
evidence  of  even  a  small-angle  grain  boundary  along  the 
length  of  the  ferrite  plates  was  found.  Tent-shaped  re¬ 
liefs  are  inconsistent  with  a  martensitic  mechanism  for 
plate  growth.  Earlier  considerations11214’321  on  the  for¬ 
mation  of  invariant  plane-strain  and  tent-shaped  surface 
reliefs  through  a  diffusion-controlled  growth  ledge 
mechanism  were  further  extended  in  an  effort  to  explain 
further  the  origins  of  these  reliefs  in  diffusional  phase 
transformations. 
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Effects  of  Precursor  Matrix 
Events  on  Subsequent  Nucleation 


KENNETH  C.  RUSSELL 

A  precursor  transformation  may  actually  increase  the  chemical  driving  force  for  subsequent 
nucleation  of  certain  phases  while  decreasing  the  free  energy  of  the  system.  Spinodal  decom¬ 
position  of  Fe-C  austenite  has  been  proposed  as  a  means  of  providing  C-poor  regions  in  which 
subsequent  nucleation  of  ferrite  or  martensite  is  easier.  However,  the  C-C  interaction  potential 
in  austenite  precludes  such  a  reaction.  Statistical  fluctuations  have  also  been  proposed  as  a 
means  of  providing  C-poor  regions  in  austenite.  However,  the  activity  coefficient  of  C  in  aus¬ 
tenite  varies  only  slightly  with  C  content,  so  that  the  scale  of  these  fluctuations  is  far  too  small 
to  provide  attractive  sites  for  martensite  or  ferrite  nucleation.  Statistical  concentration  fluctua¬ 
tions  observed  above  the  8  solvus  in  Al-Cu  alloys  bear  a  striking  resemblance  to  Guinier  Preston 
(GP)  zone  critical  nuclei  which  will  form  only  at  temperatures  that  are  hundreds  of  degrees 
lower.  The  role  played  by  these  fluctuations  in  subsequent  critical  nucleus  formation  is  as  yet 
unclear.  A  proposal  that  solute  segregation  to  dislocations  increases  the  driving  force  for  nu¬ 
cleation  is  shown  to  be  rendered  invalid  by  the  requirement  that  the  chemical  potentials  in  the 
system  be  uniform. 


I.  INTRODUCTION 

THE  free  energy  change,  AGV,  on  producing  unit  vol¬ 
ume  of  product  phase  from  a  large  quantity  of  the  parent 
phase  is  an  important  factor  in  determining  the  rate  of 
phase  transformation.  The  more  negative  A Gv,  the 
greater  is  the  driving  force  which  is  available  to  over¬ 
come  the  surface  and  strain  energy  contributions  which 
usually  hinder  solid-state  phase  transformations. 
Clearly,  a  phase  transformation  may  not  occur  at  all,  ex¬ 
cept  in  atomic-scale  fluctuations,  if  A Gv  is  positive. 

A  plot  of  the  algebraic  sum  of  the  various  contribu¬ 
tions  of  the  free  energy  of  formation  of  a  cluster  of  the 
new  phase  vj  cluster  size  typically  exhibits  a  maximum 
for  a  cluster  size  known  as  the  critical  nucleus.  The  (pos¬ 
itive)  free  energy  of  forming  this  critical  nucleus  is 
known  as  AG*,  with  the  steady-state  nucleation  rate  pro¬ 
portional  to  exp  (-AG*/k7’).m  Such  structural  defects 
as  dislocation  lines  and  loops  and  grain  and  interphase 
boundaries  may  catalyze  nucleation  processes  by  pro¬ 
viding  part  of  the  free  energy  needed  to  overcome  the 
activation  barrier,  thereby  reducing  AG*  and  increasing 
the  nucleation  rate.  Clusters  resembling  the  new  phase 
may  be  formed  by  statistical  fluctuations  even  at  tem¬ 
peratures  where  the  parent  phase  is  stable.  It  is  possible, 
in  principle,  that  these  clusters  may  be  larger  than  the 
critical  nucleus  size  at  lower  temperatures.  If  so,  a  rapid 
quench  would  render  these  clusters  supercritical  and  ca¬ 
pable  of  sustained  growth.  The  result  would  be  a  burst 
of  transient  nucleation.  The  steady-state  nucleation  rate 
would  of  course  not  be  affected. 
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In  the  simplest  case,  the  calculation  of  A Gv  and  AG* 
is  straightforward.111  This  article  addresses  some  more 
subtle  issues  of  the  effects  of  precursor  events  in  the  ma¬ 
trix  phase  on  the  driving  force  for  nucleation.  In  partic¬ 
ular,  it  considers  the  effects  of: 

(a)  Spinodal  decomposition; 

(b)  Statistical  concentration  fluctuations; 

(c)  Solute  segregation  to  dislocation  lines  and  interfaces; 
and 

(d)  Plastic  deformation. 


II.  CHEMICAL  DRIVING  FORCE 

Figure  1  is  a  schematic  isothermal,  isobaric  free  en¬ 
ergy  diagram  plotting  the  molar  Gibbs  free  energy  v.v 
composition  for  the  a  and  (3  phases.  The  a  phase  of 
composition  xa  is  metastable  to  (3  phase  formation.  The 
maximum  molar  driving  force  is  for  formation  of  [3  of 
composition  xf3  and  is  given  by  the  line  c-d.  The  inter¬ 
sections  of  the  extended  tangent  to  a  free  energy  curve 
at  a  particular  composition  with  the  two  ordinates  cor¬ 
respond  to  the  chemical  potentials  of  the  components  in 
the  phase  at  that  composition.111  The  distance  c-d  is  seen 
to  be  the  difference  between  the  chemical  potentials  of 
A  and  B  atoms  in  the  two  phases,  multiplied  by  the  ap¬ 
propriate  number  of  atoms  to  give  one  mole  of  /3  of  com¬ 
position  x13.  The  chemical  driving  force  for  nucleation, 
A Gv,  is  just  distance  c-d  divided  by  the  molar  volume 
of  13. 

It  is  thermodynamically  possible  to  form  (3  phase  of  a 
range  of  compositions  around  x f,  though  with  a  smaller 
A Gv.  The  driving  force  for  (3  precipitation  from  a  phase 
of  composition  xa  drops  to  zero  where  the  extended  tan¬ 
gent  to  Ga  at  x  intersects  the  G13  curve.  These  inter¬ 
sections  are  seen  in  Figure  1  to  occur  at  nearly  pure  B 
and  near  the  equi atomic  composition. 

At  low  temperatures,  where  atomic  mobility  is  lim¬ 
ited,  phase  transformations  may  only  be  able  to  occur  at 
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Fig.  1 — Schematic  isothermal,  isobaric  plot  of  free  energy  vs  com¬ 
position  for  a  and  /3  phases.  The  construction  showing  the  graphical 
technique  for  obtaining  A Gv  is  also  shown.111 


constant  composition.  Figure  1  shows  that  a  of  com¬ 
position  xa  cannot  transform  to  j8  in  this  way.  However, 
a  phase  richer  in  B  may  have  Ga  >  Gp,  so  that  trans¬ 
formation  at  constant  composition  is  possible. 

The  locus  of  points  on  a  temperature-composition 
(T-x)  diagram  where  G"  =  Gfi  is  known  as  the  T0  line. 
Such  lines  are  often  plotted  on  temperature-composition 
diagrams  to  indicate  the  equality  of  free  energies  and  to 
indicate  that  above  the  line,  transformation  at  constant 
composition  is  thermodynamically  impossible. 

Figure  2  plots  A Gv  vs  temperature  at  constant  com¬ 
position  for  transformation  of  three  Fe-C  alloys  to  mar¬ 
tensite.  A Gy  is  seen  to  be  most  negative  at  the  lowest 
temperatures  and  lowest  carbon  contents.  Both  T0  and 
Ms  (the  temperature  at  which  the  first  martensite  forms) 
are  seen  to  increase  with  increasing  carbon  content.  Mar¬ 
tensitic  transformation  is  impossible  above  T0,  and  in 
fact  occurs  only  some  200  degrees  below,  due  largely  to 
strain  energy  and  interfacial  energy  considerations. 

A  precursor  transformation  may  have  strong  and 
sometimes  unexpected  effects  on  A Gv  for  subsequent  nu- 
cleation  processes.  Figure  3,3]  illustrates  one  such  case, 
where  the  metastable  phase  is  a  liquid  of  composition, 
x1.  The  stable  state  of  the  system  is  a  two-phase  mixture 
of  liquid  of  composition  xn  and  (3  phase  of  composition 
x However,  the  extended  tangent  at  x  lies  below  Gp, 
so  that  A Gv  >  0  and  the  f3  phase  cannot  form  directly. 
This  situation  changes  after  decomposition  into  the  two 
liquid  phases.  Then  the  extended  common  tangent  lies 
above  Gp,  so  that  A Gv  <  0  and  the  (3  phase  may  form. 
As  drawn,  the  transformation  into  two  liquids  would 
occur  by  nucleation  and  growth,  but  a  slightly  more 
A-rich  liquid  would  undergo  spinodal  decomposition. 

The  foregoing  shows  that  although  the  precursor  de¬ 
composition  into  two  liquids  lowered  the  free  energy  of 
the  system,  A Gv  for  (3  phase  formation  went  from  pos¬ 
itive  to  negative. 


Temperature,  K 

Fig.  2  —  Chemical  driving  force  vs  temperature  diagram  for  transfor¬ 
mation  of  three  Fe-C  austenitic  alloys  to  martensite.  T0  is  the  tem¬ 
perature  at  which  the  austenite  and  martensite  phases  have  the  same 
free  energy,  and  Af,  is  the  temperature  at  which  the  first  martensite 
is  observed  to  form.121 


Fig.  3  —  Schematic  free  energy  diagram  which  shows  that  metastable 
liquid  of  composition  x'  cannot  decompose  directly  to  the  equilibrium 
phases,  liquid  of  composition  x11  and  p  phase  of  composition  x?.  The 
driving  force  for  p  phase  formation  is  positive  until  the  preliminary 
liquid-liquid  separation  has  taken  place.131 
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III.  SPINODAL  DECOMPOSITION 
IN  FE-BASED  ALLOYS 

Entin[41  suggested  that  phase  transformation  in  Fe-C 
austenite  might  occur  in  small,  coherent  C-poor  regions 
in  which  AGV  for  martensite  or  ferrite  nucleation  is  more 
negative  than  in  the  beginning  alloy. 

The  enthalpy  of  mixing  of  carbon  in  either  austenite 
or  ferrite  is  strongly  positive,  which  would  tend  to  sug¬ 
gest  the  possibility  of  separation.  However,  coherent 
phase  separation  is  possible  only  when  the  coexisting 
phases  have  the  same  crystal  structure,  or  differ  only 
slightly,  as  for  example  in  one  being  ordered.  The  po¬ 
tential  C-rich  phases  differ  so  greatly  from  either  ferrite 
or  austenite  that  coherent  phase  separation  appears 
impossible. 

The  possibility  also  exists  that  phase  separation,  either 
by  spinodal  decomposition  or  nucleation  and  growth, 
may  occur  solely  on  the  interstitial  carbon  sublattice, 
with  the  Fe  atoms  staying  in  place.  Decomposition 
would  then  give  C-rich  and  C-poor  regions;  martensite 
or  ferrite  nucleation  would  be  favored  in  the  latter  be¬ 
cause  of  a  more  negative  A Gv. 

The  work  of  Nagakura  et  al.  ,[5]  illustrates  the  tendency 
of  C  atoms  to  cluster  in  the  ferrite  matrix.  Tempering 
was  at  343  K,  so  lattice  atom  motion  was  impossible. 
Light-dark  contrast  in  the  electron  micrographs  clearly 
shows  that  the  C  atoms  have  segregated  into  very  fine 
regions,  apparently  by  spinodal  decomposition.  Figure  4 
is  from  the  same  study  and  clearly  shows  the  tendency 
for  carbon  to  segregate.  Taylor  et  al.[6]  made  an  exten¬ 
sive  study  of  aging  of  virgin  Fe-Ni-C  martensites.  They 
observed  fine-scale  structural  modulation  along  (203)  di¬ 
rections.  These  modulations  were  not  associated  with  the 
martensitic  substructure,  as  would  be  expected  for 
heterogeneous  nucleation  and  were  concluded  to  be  the 
results  of  spinodal  decomposition  on  a  single  octahedral 
interstitial  sublattice,  known  as  the  “Zener  sublattice.” 

Khachaturyan171  had  earlier  presented  a  theory  for  the 


Fig.  4  —  High-resolution  electron  micrograph  shows  contrasting 
patches  due  to  the  concentration  modulations  in  the  Fe- 1 . 39  wt  pet  C 
alloy  tempered  at  343  K  for  1  h.  (Micrograph  courtesy  Dr.  M. 
Kusunoki  (nee  Toyoshima).) 


habit  plane  of  coherent  plates  which  are  derived  by  a 
tetragonal  lattice  deformation.  Taylor  et  al.  found  that 
for  their  case  the  measured  habit  plane  was  less  than  one 
degree  from  that  calculated  based  on  elastic  anisotropy 
and  tetragonal  distortions. 

Sato  et  al.m  analyzed  octahedral  defects  in  the  body- 
centered  cubic  (bcc)  lattice  using  an  eigenstrain  method 
in  lattice  theory.  They  found  that  C  atoms  in  ferrite  in¬ 
deed  tend  to  cluster,  on  second  nearest  neighbor  sites. 
Machlin191  had  earlier  derived  a  C-C  potential  in  Fe 
which  was  long  range  and  oscillatory.  He  predicted  in 
ferrite  a  strong  attraction  between  C-C  nearest  neighbors 
and  a  much  weaker  attraction  between  second  nearest 
neighbors. 

Aaronson  et  al.m  made  an  extensive  analysis  of 
thermodynamics  of  Fe-C  alloys.  They  found  from  their 
data  analysis  that  in  ferrite,  carbon  atoms  attract,  and 
that  sites  near  a  carbon  atom  are  more  likely  to  be  oc¬ 
cupied  than  other  sites.  Internal  friction  studies  have 
shown  that  C  atoms  in  ferrite  tend  to  occur  as  pairs.1111 

Thus,  spinodal  decomposition  of  carbon  on  the  Zener 
sublattice  in  ferrite  has  both  been  theoretically  predicted 
and  observed.  The  agreement  between  experiment  and 
more  recent  theory  is  impressive. 

The  thermodynamic  situation  is  very  different  in  aus¬ 
tenite,  where  spinodal  decomposition  on  the  C  sublattice 
has  been  proposed.  Aaronson  et  al.ll0]  concluded  in 
1966,  after  careful  study  of  available  data,  that  carbon 
atoms  repelled  each  other.  Chipman1121  showed  in  1967 
that  C  in  austenite  followed  dilute  solution  thermo¬ 
dynamics  fairly  closely,  even  at  the  eutectoid.  Any  ten¬ 
dency  toward  spinodal  decomposition  of  austenite  would 
be  indicated  by  the  carbon  activity  becoming  indepen¬ 
dent  of  carbon  content.  The  results  of  both  Aaronson 
et  al. 1101  and  Chipman1121  show  no  sign  of  such  a  varia¬ 
tion.  To  the  best  of  the  author’s  knowledge,  no  activity 
data  exist  which  indicate  spinodal  decomposition  in 
Fe-C  austenites. 

Machlin191  predicted  a  strong  repulsion  between  C-C 
nearest  neighbors  and  a  weak  attraction  between 
second  nearest  neighbors  in  austenite.  The  prediction  of 
second  nearest  neighbor  attraction  should  perhaps  be 
viewed  with  some  skepticism  in  view  of  the  model’s  er¬ 
roneous  predictions  in  ferrite  noted  earlier. 

Many  studies  have  been  made  of  martensite  nucleation 
from  Fe-Ni  austenite.  Dodd  et  al., 1131  Garner  et  a/.,1141 
and  Gamer  and  McCarthy1151  found  that  neutron  or  heavy 
ion  irradiation  produced  a  spinodal-like  transformation 
in  alloys  in  the  Fe  ~35  at.  pet  Ni  range.  Irradiation  in 
the  750  to  950  K  range  gave  decomposition  into  regions 
of  approximately  25  pet  and  50  at.  pet  Ni  on  about  a 
0.1-  to  0.5-p.m  scale.  Some  of  their  results  are  shown 
in  Figure  5. 

The  T0  line  drops  rapidly  with  Ni  content  in  Fe-Ni 
alloys,  so  there  is  a  greater  A Gv  for  martensite  nucleation 
in  the  low  Ni  regions.  Martensite  was  indeed  observed 
to  form  at  room  temperature  in  the  low  Ni  regions  but 
not  in  the  high  Ni  regions  nor  in  the  nonirradiated  alloy. 
These  results  are  consistent  with  the  experiments  of 
Kaufman  and  Cohen,1161  who  found  the  Ms  temperature 
for  Fe-25  at.  pet  Ni  alloys  to  lie  well  above  room  tem¬ 
perature,  and  Ms  for  alloys  above  30  at.  pet  Ni  to  lie 
well  below. 
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Fig.  5  —  Compositional  oscillations  of  iron  along  a  random-direction 
trace  in  Fe-35  wt  pet  Ni  neutron  irradiated  to  1 1 7  displacements  per 
atom  at  898  K.(13] 


The  spinodal  transformation  observed  by  Gamer 
et  al.lU]  was  either  induced  by  or  greatly  enhanced  by 
irradiation.  Since  the  transformation  may  have  been 
driven  by  irradiation,  it  is  not  clear  whether  the  segre¬ 
gation  resulted  in  a  lowering  of  the  free  energy  or  not. 
The  purely  thermal  spinodal  in  the  system  leads  to  much 
lower  amplitude  concentration  oscillations, 1171  which 
would  be  of  limited  use  in  enhancing  martensite 
formation. 


IV.  CONCENTRATION  FLUCTUATIONS 

A  macroscopically  uniform  solid  solution  is  always 
nonuniform  on  the  microscopic  level.  Statistical  fluctua¬ 
tions,  not  unlike  those  in  gases,  are  always  present. 
These  ensure  that  although  a  certain  region  may  on  the 
average  contain,  say,  n  solute  atoms,  with  time  the  ac¬ 
tual  number  fluctuates  around  that  number.  From  time 
to  time,  there  have  been  suggestions  that  these  denuded 
regions  might  provide  attractive  nucleation  sites,  espe¬ 
cially  at  lower  temperatures  where  diffusion  is  slow. 
This  possibility  was  analyzed  by  Russell1'81  in  1971. 

Landau  and  Lifshitz1191  give  the  number  of  fluctuations 
to  n  from  mean  value  n  per  unit  volume  as 

N°  (  {n  ~  ")2\  rn 

^,=iw^expc-sr7  111 

where  N0  =  atomic  sites  per  unit  volume_and  A n2  is  the 
mean  square  fluctuation,  given  by  An2  =  kT/(dfi'/ 
dn)TiP,  where  fi'  is  the  chemical  potential  of  the  solute. 
In  dilute  solutions,  An2  =  n,  and  o)(n)  is  temperature 
independent. 

If  the  system  has  a  tendency  to  cluster,  the  fluctua¬ 
tions  from  the  mean  become  more  prevalent;  the  reverse 
obtains  in  systems  which  tend  to  order.  Near  a  spinodal 
line,  d/x'/dn  approaches  zero,  so  that  An2  becomes  very 
large,  thus  allowing  large  relative  fluctuations.  More  so¬ 
phisticated  models  which  account  for  incipient  surface 
creation  would  not  greatly  change  this  analysis. 

The  T0  line  for  martensite  formation  decreases  with 
solute  content  for  Fe-C  and  Fe-Ni  alloys,  and  in  a  num¬ 
ber  of  other  martensite  forming  systems.  Martensite 
should  thus  be  easier  to  form  in  a  system  denuded  of 


solute.  In  a  system  obeying  dilute  solution  thermo¬ 
dynamics,  the  number  of  regions  per  unit  volume  de¬ 
nuded  or  nearly  denuded  of  solute  is  given  by 

o>(n)  =  N" '  ,/2  exp  (— n/2)  [2] 

(27rn)  7 

Equation  [2]  indicates  that  in  a  laboratory-sized  sample, 
one  may  expect  to  find  approximately  one  region  de¬ 
nuded  of  approximately  100  solute  atoms.  The  chance 
of  finding  a  region  denuded  of  200  or  more  atoms  is 
effectively  nil.  Russell1'81  utilized  the  thermodynamic 
data  of  Chipman1'21  to  show  that  even  at  the  Fe-C  eu- 
tectoid,  austenite  followed  dilute  solution  thermo¬ 
dynamics  closely  enough  that  Eq.  [2]  was  applicable. 

Olson  and  Roitburd1201  discuss  models  for  the  mar¬ 
tensite  nucleus.  At  very  high  driving  forces  or  in  the 
presence  of  lattice  softening,  a  nonclassical  nucleus 
model  with  a  diffuse  interface  is  appropriate.  Ferrous 
martensite  forms  at  relatively  low  driving  forces  and 
without  lattice  softening  in  Fe-C  austenite.  According  to 
Gibbs, 1211  the  small  values  of  A Gv  imply  a  large  critical 
nucleus,  so  ferrous  martensite  probably  has  a  classical 
critical  nucleus  composed  of  many  thousands  of  atoms. 
Nonclassical  nuclei  generally  tend  to  be  even  larger. 
Equation  [2]  shows  that  the  number  density  of  denuded 
regions  useful  as  nucleation  sites  decreases  very  strongly 
with  site  size.  The  small  regions  which  might  be  de¬ 
nuded  of  solute  by  fluctuations  would  clearly  be  of  no 
assistance  in  nucleating  large  particles. 

Ferrite  nucleates  in  austenite  at  relatively  low  driving 
forces,  therefore  with  large  critical  nuclei.  The  foregoing 
arguments  thus  apply  to  nucleation  of  ferrite  in  carbon- 
denuded  regions  of  austenite. 

Calculating  the  probability  of  finding  a  denuded  re¬ 
gion  and  then  the  free  energy  of  forming  a  nucleus  in 
the  region  is  just  a  variation  of  calculating  the  free  en¬ 
ergy  of  forming  a  nucleus  of  a  composition  different 
from  the  matrix.  The  only  advantage  of  appealing  to  de¬ 
nuded  regions  is  that  the  regions  need  not  be  formed  at 
the  martensite  nucleation  temperature,  where  atomic 
mobility  may  be  extremely  low. 

The  usual  heat  treatment  for  precipitation  consists  of 
holding  the  sample  at  a  temperature  just  above  the  sol- 
vus,  followed  by  a  quench  to  well  below  the  solvus, 
where  the  precipitates  form.  The  equilibrium  precipitate 
may  form  directly  in  the  quench  (as  in  Cu-Co)  or  be 
preceded  by  a  complex  series  of  metastable  phases  as  in 
Al-Cu  alloys.  Figure  6  shows  the  Al-rich  end  of  the 
Al-Cu  phase  diagram,  along  with  solvi  for  the  various 
phases  which  may  form. 

Usually,  the  dilute  solid  solution  above  the  solvus  is 
visualized  as  being  largely  random,  with  some  tendency 
to  clustering.  In  this  picture,  most  of  the  solute  would 
be  present  as  single  atoms,  accompanied  by  a  smaller 
number  of  pairs  and  an  even  smaller  number  of  trimers. 
Matsubara  and  Cohen1231  and  Cohen1241  present  X-ray  dif¬ 
fraction  measurements  in  sharp  contrast  with  this  “nearly 
random”  picture.  They  found  in  the  prototypical 
Al-1 .7  at.  pet  (4  wt  pet)  Cu  system  at  793  K,  just  above 
the  solvus  for  the  equilibrium  9  phase,  that  70  pet  of  the 
Cu  atoms  are  present  in  the  form  of  trimer  and  larger 
clusters,  as  compared  to  10  pet  in  a  random  solution,  as 
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A  Z  Wf  %  Cu  - ► 

Fig.  6 — Al-rich  end  of  Al-Cu  phase  diagram  showing  equilibrium  6 
solvus  and  solvi  for  metastable  d'  and  0'  phases  and  for  GP  zones.1221 


is  assumed  in  the  popular  regular  solution  model.1251  In 
particular,  30  pet  of  the  Cu  was  present  in  seven-atom 
aggregates  located  on  two  adjacent  (100)  planes,  as  com¬ 
pared  to  0.5  pet  in  a  random  solution.  The  Guinier 
Preston  (GP)  zones  observed  after  aging  are  also  on 
(100)  planes,  have  about  the  same  number  density  per 
unit  volume  as  the  seven-atom  fluctuations,  and  contain 
only  some  ten  atoms.1261  Cohen  suggested  that  these 
seven-atom  aggregates  present  at  793  K  provided  much 
of  the  clustering  needed  for  nucleation  at  lower  temper¬ 
atures  and  that  thermally  activated  nucleation  was 
unnecessary. 

The  Matsubara  and  Cohen1231  and  Osamura  et  al.l26] 
measurements  raise  at  least  two  serious  questions: 

(a)  Why  are  the  observed  cluster  densities  so  much 
greater  than  predicted  by  simple  solution  theory? 

(b)  Do  these  cluster  densities  indeed  prove  that  the  clus¬ 
ters  stable  at  lower  temperatures  form  in  large  part  above 
the  solvus? 

Huge  concentration  fluctuations  may  occur  just  above 
the  solvus  near  a  critical  point  and  give  rise  to  the  phase 
transformation  on  cooling  the  alloy  just  across  the  sol¬ 
vus.  It  should  be  noted  that  the  GP  zone  solvus  is  some¬ 
where  below  473  K,  over  300  K  lower  than  the  793  K 
at  which  the  clusters  were  observed. 

Matsubara  and  Cohen1231  analyzed  their  diffraction  re¬ 
sults  on  Al-Cu  alloys  to  derive  pair  potentials.  They 
found  an  oscillatory  potential  which  indicated  a  tendency 
for  like  neighbors  in  the  first  two  shells  and  for  unlike 
neighbors  in  the  third  and  fourth  shells.  Though  unex¬ 
pected,  such  a  potential  is  consistent  with  Harrison,1271 
who  shows  that  the  Al-Al  potential  is  long  range  and 
oscillatory. 

The  question  remains  as  to  whether  these  platelike  ag¬ 
gregates  present  above  the  solvus  will  give  a  transient 


burst  of  super-critical  nuclei  upon  quenching.  Such  clus¬ 
ters  would,  of  course,  not  lead  to  steady-state  nucle¬ 
ation.  Furthermore,  the  packing  in  a  cluster  of  n*  atoms 
would  have  to  be  appropriate  to  the  critical  nucleus  at 
the  lower  temperature.  For  example,  a  fluctuation  con¬ 
sisting  of  n*  atoms  in  a  line  would  hardly  constitute  a 
critical  nucleus  at  the  lower  temperature,  even  though 
the  fluctuation  contained  the  appropriate  number  of 
atoms. 

Herman  and  Fine1281  studied  the  same  alloy  as 
Matsubara  and  Cohen1231  and  found  that  GP  zones  con¬ 
taining  many  hundreds  of  Cu  atoms  reverted  to  the  solid 
solution  at  473  K.  These  observations  raise  the  following 
question:  why,  if  the  zones  are  almost  nucleated  at 
793  K,  do  they  only  grow  at  temperatures  nearly  400  K 
lower,  and  why  did  much  larger  zones  revert  to  solid 
solution  over  300  K  below  the  temperature  at  which  such 
heavy  clustering  was  observed?  The  stability  of  the  clus¬ 
ters  should  increase  with  decreasing  temperature,  simply 
from  LeChatelier’s  principle.  It  is  reasonable  to  expect 
that  if  the  fluctuations  needed  for  nucleation  were  pres¬ 
ent  in  the  stable  alloy,  nuclei  would  form  with  minimal 
undercooling  and  be  stable  up  to  just  below  the  solvus. 

V.  EFFECTS  OF  DISLOCATIONS 

Dislocation  lines  are  known  both  from  theory  and  ex¬ 
periment  to  be  effective  catalysts  for  nucleation  of  new 
phases.  The  effect  is  due  to  the  strain  energy  of  the  par¬ 
ticle  and  dislocation  line  together  being  less  than  the 
strain  energy  of  the  dislocation  and  particle  apart.1’1 

Both  substitutional  and  interstitial  impurities  are 
known  to  segregate  to  or  away  from  dislocations,  again 
to  reduce  strain  energy.  It  was  suggested  by  Wu, 
Hamada,  and  Wayman1291  that  such  segregation  involv¬ 
ing  dislocations  in  solute  might  increase  A Gv  for  mar¬ 
tensite  plate  nucleation. 

Solute  segregates  to  or  away  from  dislocations  to 
equalize  the  chemical  potential  in  the  system.  Hirth  and 
Lothe1301  begin  with  equality  of  chemical  potential  to  de- 
rive'their  equation  for  the  concentration  of  misfitting  sol¬ 
ute  atoms  around  a  dislocation 

C  Co 

- = - exp 

N-C  N- Co 

where  C  =  solute  concentration; 

Co  =  solute  concentration  in  bulk; 

N  =  sites  per  unit  volume; 

P  =  hydrostatic  component  of  dislocation  stress 
field;  and 

AT  =  difference  between  atomic  volume  of  solute 
and  matrix  atom. 

Concentration  thus  varies  to  account  for  a  variable  ac¬ 
tivity  coefficient;  activity  and  chemical  potential  do  not 
vary.  Since  A Gv  for  nucleation  is  defined  in  terms  of 
chemical  potentials,  it  is  unchanged  by  equilibrium  seg¬ 
regation  to  dislocations.  Aaron  and  Aaronson13'1  came  to 
a  similar  conclusion  on  the  invariance  of  AGV  with  equi¬ 
librium  solute  segregation. 

The  free  energy  of  the  matrix  phase  is  increased  by 
dislocations  and  other  defects  created  by  cold  work, 
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which  provides  Ecw,  the  driving  force  for  the  nucleation 
of  recrystallized  grains.  One  might  enquire  as  to  the  pos¬ 
sibility  of  Ecw  contributing  to  the  driving  force  for  other 
nucleation  processes.  Typical  Ecw  are  small  by  nucle¬ 
ation  standards.  The  energy  is  mostly,  stored  in  dislo¬ 
cations,  which  at  a  density  of  1014/m2  give  something 
less  than  106  J/m3.  In  precipitation  reactions,  typically 
A Gy  is  the  order  of  R T/Vm  ~  109  J/m3.[1] 

It  has  been  suggested  that  Ecw  might  assist  in  mar¬ 
tensite  nucleation.  This  suggestion  fails  on  two  counts. 
First,  Ecw  is  some  100  times  smaller  than  the  typical  A Gv 
for  martensite  nucleation  (Figure  2).  Second,  the  nature 
of  the  transformation  interface  is  such  that  the  martens¬ 
itic  phase  usually  inherits  the  dislocations  present  in  the 
parent  phase.  Changes  in  elastic  constants  and  disloca¬ 
tion  arrangement  would  be  second-order  effects. 


VI.  COMMENT  ON  SOLID 
SOLUTION  MODELING 

The  very  popular  regular  solution  model  assumes  ran¬ 
dom  mixing  of  atoms  and  a  mixing  enthalpy  from  near¬ 
est  neighbor  interactions.  The  next  step  in  sophistication 
is  assuming  weaker  interactions  with  second-  and 
higher-order  neighbors.  These  models  describe  solid 
miscibility  gaps  well  and  are  often  used  to  calculate  A Gv 
for  nucleation  in  metastable  solid  solutions. 

This  article  has  quoted  several  studies  which  show  that 
a  high  degree  of  clustering  exists  even  in  stable  solu¬ 
tions,  observations  sharply  at  odds  with  the  predictions 
of  simple  solution  models.  In  addition,  the  common  as¬ 
sumption  of  the  strain  energy  of  one  atom  of  carbon  in 
ferrite  “blocking”  all  nearby  sites  was  found  to  give  the 
opposite  of  what  was  observed  and  was  calculated  in  a 
sophisticated  model. 

The  long-range,  oscillatory,  interatomic  potentials 
found  to  exist  for  C-C  interactions  in  Fe,  for  Cu-Cu 
interactions  in  Al,  and  for  Al-Al  interactions  in  pure  A1 
raise  grievous  doubts  about  the  applicability  of  the  reg¬ 
ular  solution  model  and  its  derivatives.  It  may  be  prudent 
to  reduce  the  status  of  the  regular  solution  model  for  me¬ 
tallic  solutions  from  that  of  a  good  approximation,  as  it 
is  often  taken,  to  that  of  a  rough  approximation.  Real¬ 
istic  calculations  of  solution  thermodynamics  may  re¬ 
quire  use  of  more  sophisticated  schemes,  such  as  the 
cluster-variation  formalism,  as  discussed  recently  by 
Asta  et  alP2] 


VII.  CONCLUSIONS 

A  precursor  transformation,  either  by  spinodal  decom¬ 
position  or  nucleation  and  growth,  may  increase  the 
driving  force  for  nucleation  even  though  the  free  energy 
of  the  system  has  decreased.  Spinodal  decomposition  on 
the  carbon  sublattice  has  been  both  predicted  and  ob¬ 
served  in  Fe-C  ferrite.  There  exists  neither  experimental 
nor  theoretical  evidence  for  such  decomposition  in  aus¬ 
tenite.  Irradiation- induced  spinodal  decomposition  may 
assist  martensite  formation  in  Fe-Ni  alloys.  Statistical 
concentration  fluctuations  are  always  present  in  solid  so¬ 
lutions  but  are  far  too  small  to  provide  sites  for  mar¬ 
tensite  nucleation  in  austenite.  The  role  of  the  solute 


clusters  observed  above  the  GP  zone  solvus  in  Al-Cu 
alloys  in  subsequent  GP  zone  formation  is  not  clear.  The 
chemical  driving  force  for  nucleation  is  unchanged  by 
equilibrium  segregation  to  dislocations. 
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On  the  Prebainitic  Phenomenon  in  Some  Alloys 


M.K.  KANG,  Y.Q.  YANG,  Q.M.  WEI,  Q.M.  YANG,  and  X.K.  MENG 

The  prebainitic  phenomenon  in  several  copper  alloys  and  ferrous  alloys  was  investigated  by 
means  of  internal  friction  measurement  and  composition  analysis.  The  internal  friction  peaks 
of  zinc  or  carbon  atoms  diffusion  in  /3  brasses  or  in  austenite  of  ferrous  alloys,  respectively, 
were  related  to  the  zinc  or  carbon-depleted  region  formation  within  the  bainitic  incubation 
period  observed  by  composition  analysis.  The  possibility  of  bainite  shear  nucleation  in  solute 
atoms’  depleted  regions,  formed  by  diffusing  of  solute  atoms  to  a  certain  level,  was  pointed 
out. 


I.  INTRODUCTION 

THE  prebainitic  phenomenon  is  one  of  the  important 
subjects  of  bainitic  transformation  which  has  been 
greatly  debated.  In  the  1930s,  Kurjumov111  pointed  out 
that  carbon-depleted  austenite  can  form  during  the  in¬ 
cubation  period  of  steels  holding  at  medium  temperature 
and  then  the  austenite  transforms  into  ferrite.  In  the 
1940s,  a  similar  view  was  suggested  by  Klier  and 
Lyman. 121  The  existence  of  the  carbon-depleted  region  in 
austenite  was  confirmed  indirectly  by  the  X-ray  method 
by  Entin131  in  the  1960s  and  with  the  method  of  ultra¬ 
sonics141  and  high-temperature  X-ray  diffraction151  in  the 
1970s.  However,  Aaronson  et  al.l6]  thought  it  impossible 
to  decompose  the  austenite  into  carbon-depleted  and  rich 
regions,  i.e.,  spinodal  decomposition,  according  to  their 
thermodynamic  calculation.  Hsu  et  al.V]  showed  indi¬ 
rectly  by  means  of  internal  friction  that  it  is  a  soft  mode 
nucleation  process  of  bainite  in  the  incubation  period. 
Garwood181  and  Takezawa  and  Sato191  proposed  that  the 
bainite  in  /3  brasses  can  form  in  the  zinc-depleted  region 
by  shear.  Feng  et  al.l'0]  pointed  out  that  many  defects 
exist  in  austenite  and  that,  by  Monte-Carlo  simulation, 
the  carbon-depleted  region  appears  in  austenite  during 
the  incubation  period  and  then  bainite  forms  by  shear  in 
that  region.  Although  the  prebainitic  phenomenon  is  an 
important  aspect  of  understanding  the  mechanism  of 
bainite  formation,  the  description  of  solute  atoms’  be¬ 
havior  in  the  bainitic  transformation,  the  direct  mea¬ 
surement  of  the  composition  change  during  bainitic 
incubation  period,  and  direct  observation  of  the  nucle¬ 
ation  site  are  scarce  at  present.  Thus,  it  is  necessary  to 
study  these  phenomena  in  detail. 
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II.  EXPERIMENT 

The  tested  (i  brasses  were  prepared  by  melting  high- 
purity  Cu  and  Zn  or  Cu,  Zn,  and  A1  in  a  graphite 
crucible,  respectively,  and  casting  into  ingots  with  di¬ 
ameters  of  80  mm,  followed  by  homogenizing  at  1073 
K  for  48  hours  and  forging  into  rods  of  20-mm  and  10- 
mm  diameter,  respectively.  The  composition  is  Cu- 
42.85Zn  (weight  percent)  and  Cu-26.84Zn-4.22Al 
(weight  percent).  The  specimens  for  internal  friction 
measurement  with  a  dimension  of  1  X  1  x  60  mm  and 
for  metallography  were  cut  from  the  rods.  These  spec¬ 
imens  were  betanized  in  a  molten  salt  bath  at  1063  K 
for  2  minutes  and  then  quenched  into  water  to  obtain 
ordered  /3'  or  a  nitrite-nitrate  salt  bath  holding  at  523  K 
for  20  minutes  (Cu-Zn)  or  for  4  minutes  (Cu-Zn-Al) 
within  the  incubation  period  and,  hence,  also  obtaining 
/?'.  No  bainite  was  observed  by  using  an  optical  micro¬ 
scope  or  a  transmission  electron  microscope  (TEM). 

The  composition  of  tested  steels  is  shown  in  Table  I. 
In  addition  to  commercial  9CrSi,  the  steels  were  molten 
in  a  vacuum  arc  furnace  and  cast  into  ingots.  After  ho¬ 
mogenizing  the  steel  at  1423  K  for  72  hours  and  then 
forging  it  into  rods,  specimen  2  #  and  4  #  for  internal 
friction  measurement  were  made  from  the  rods  and  heat- 
treated  in  vacuum-packed  quartz  tubes  at  1423  K  for  10 
hours  and  then  quenched  into  water.  The  microstructure 
of  so-treated  specimens  is  austenite  at  room  temperature. 
Some  of  the  specimens  austenitized  in  a  salt  bath  at  1423 
K  for  20  minutes  were  then  quenched  in  water  to  obtain 
an  austenitic  structure  or  held  at  573  K  for  25  minutes, 
at  which  the  bainite  incubation  period  is  as  long  as  4 
hours.  No  decomposition  product  in  austempering  was 
found  using  an  optical  microscope  or  a  TEM.  The  spec¬ 
imens  of  9CrSi  for  composition  analysis  were  homoge¬ 
nized  at  1423  K  for  84  hours,  followed  by  austenizing 
in  a  salt  bath  at  1223  K  for  20  minutes,  and  were  then 
quenched  in  water;  the  microstructure  is  a  mixture  of 
martensite  and  austenite.  Other  specimens  were  austem- 
pered  at  553  K  for  400  seconds,  at  which  the  bainitic 
incubation  period  is  1000  seconds,1111  and  then  quenched 
in  water;  this  microstructure  is  also  a  mixture  of  mar¬ 
tensite  and  austenite. 

Internal  friction  measurements  were  carried  out  in  an 
inverted  torsion  pendulum  controlled  by  computer.  The 
frequency  range  is  0.57  to  2.0  Hz.  The  carbon  content 
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Table  I.  Chemical  Composition 
of  Tested  Steels  (Weight  Percent) 


Alloy 

C 

Mn 

Si 

Cr 

2# 

1.96 

3.69 

0.37 

— 

4# 

1.75 

3.69 

0.37 

— 

5# 

1.24 

3.06 

— 

— 

9CrSi 

0.89 

0.043 

1.47 

1.15 

in  steels  was  measured  by  a  PHILIPS*  595  scanning 

^PHILIPS  and  EDAX  are  trademarks  of  Philips  Electronics 
Instruments  Corp.,  Mahwah,  NJ. 

Auger  Micro-Probe,  and  the  composition  change  in  /3 
brasses  was  measured  by  a  Hitachi  H-800  TEM  under 
transmission-scanning  mode  (STEM)  and  an  EDAX* 
PV9100  energy  dispersion  spectrometer. 


III.  RESULTS  AND  ANALYSIS 

A.  The  Experimental  Results  of  Internal  Friction 

Figures  1  and  2  are  the  experimental  results  of  internal 
friction  for  Cu-Zn  and  Cu-Zn-Al,  respectively.  Internal 
friction  peaks  appear  near  473  K.  They  are  of  relaxation 
type,  because  the  peak  temperature  increases  as  the  fre¬ 
quency  increases  and  it  is  independent  of  heating  rate. 
The  same  results  were  obtained  for  specimens  2  #  and 
4  #  of  steels,  as  shown  in  Figures  3  and  4.  The  peak 
temperature  ( T )  and  associated  frequency  (/)  are  shown 
in  Table  II. 
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Fig.  2  —  The  internal  friction  of  Cu-Zn-Al  alloy. 
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Fig.  1 — The  internal  friction  of  Cu-Zn  alloy.  Fig.  3 — The  internal  friction  of  steel  2#. 
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B.  The  Calculation  of  Activation  Energy 


The  activation  energy,  Q,  is  calculated  with  the 
equation1121 


Q  = 


RTtT2 

- In 

(T2-Ti) 


[1] 


where  R  is  the  universal  gas  constant,  /,  and  f2  are  the 
frequencies,  and  T{  and  T2  are  peak  temperatures.  The 
activation  energy  of  Cu-Zn  alloy  is  115.27  KJ/mol  and 
that  of  Cu-Zn- A1  alloy  is  115.87  KJ/mol,  which  are 
similar  to  the  diffusion  activation  energy  of  zinc  atoms 
in  ordered  (3  brass.1131  It  is  evident  that  the  internal  fric¬ 
tion  peaks  are  induced  by  the  diffusion  of  zinc  atoms  in 
ordered  (3  brasses.  That  the  activation  energy  of  speci¬ 
mens  2  #  and  4  #  of  steels  is  117.21  KJ/mol,  similar 
to  the  diffusion  activation  energy  of  carbon  atoms  in  aus¬ 
tenite,1141  shows  that  the  internal  friction  peak  is  induced 
by  the  diffusion  of  carbon  in  austenite.1151 


Q'1  x  103 


Q-'x  io3 


Fig.  4— The  internal  friction  of  steel  4#. 


Table  II.  Peak  Temperature  (T)  of  Internal 
Friction  and  Frequency  (/)  of  Some  Tested  Alloys 


Alloy 

T  (K) 

/(Hz) 

Cu-Zn 

479 

1.4 

465 

0.57 

Cu-Zn-Al 

478 

1.70 

463 

0.63 

2# 

508 

1.9 

499 

1.1 

4# 

509 

2.0 

497 

1.1 

The  width  of  the  internal  friction  peaks  mentioned  ear¬ 
lier  is  larger  than  that  of  the  Debye  relaxation  peak,  and 
the  shape  of  the  peaks  is  not  symmetric.  This  kind  of 
internal  friction  peak  is  similar  to  that  caused  by  seg¬ 
regation  or  precipitation  of  solute  atoms.1161 

C.  Composition  Measurement  Results 

In  order  to  show  directly  the  composition  change 
within  the  incubation  period  of  bainite,  the  composition 
measurements  and  comparisons  of  austempered  speci¬ 
mens  with  those  of  quenched  specimens  were 
conducted. 

Figures  5  and  6  show  the  solute  distribution  of 
quenched  and  austempered  specimens  in  Cu-Zn  and  Cu- 
Zn-Al  alloys,  respectively.  Obviously,  solute  atoms  dis¬ 
tribute  homogeneously  in  quenched  specimens 
(Figures  5(a)  and  6(a)),  but  there  exist  solute  atoms  in 
the  depleted  and  rich  regions  in  austempered  specimens 
within  the  incubation  period,  as  shown  in  Figures  5(b) 
and  6(b).  The  carbon  atomic-depleted  and  rich  regions 
are  also  formed  in  austenite  in  steels  within  the  bainitic 
incubation  period.  The  distribution  curves  of  carbon 
atoms  in  quenched  and  austempered  specimens  are 
shown  in  Figures  7  and  8.  The  results  indicate  that  there 
is  (1)  a  very  small  fluctuation  of  the  carbon  content  in 
quenched  specimens  and  (2)  a  large  fluctuation  of  the 
carbon  content  in  austempered  specimens  because  of  the 
formation  of  the  carbon-depleted  region  and  rich  region. 

The  results  mentioned  earlier  show  that  the  phenom¬ 
ena  of  solute  atom  depletion  and  richness  appear  because 


Fig.  5 — The  distribution  of  Zn  content  in  Cu-Zn  alloy:  ( a )  quenched 
and  ( b )  austempered  at  523  K  for  20  min. 
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Fig.  6 — The  distribution  of  Zn  and  A1  contents  in  Cu-Zn-Al  alloy: 
(a)  quenched  and  (b)  austempered  at  523  K  for  4  min. 


of  the  segregation  of  solute  atoms  caused  by  the  inter¬ 
action  of  solute  atoms  with  defects  and  stress  present  in 
the  specimens  which  are  heated  up  to  the  incubation  tem¬ 
perature.  When  the  incubation  period  is  finished,  the 
martensite  start  temperature,  Ms,  of  the  solute  atoms  de¬ 
pleted  region  is  increased,  bainitic  transformation  will 
take  place  in  the  region  where  the  driving  force  is  larger 
than  the  resistance  of  bainite  formation. 
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Fig.  7 — The  distribution  of  carbon  content  in  steel  5#:  (a)  quenched 
and  ( b )  near  grain  boundary. 


IV.  EXAMPLES 

Thermodynamic  consideration  of  the  bainitic  forma¬ 
tion  in  Fe-0.89  wt  pet  C(X0  =  0.04)  alloy  at  the  initial 
stage,  for  example,  is  as  shown  in  Figure  9.[I7)  It  can  be 
seen  that  if  the  carbon  content  of  the  depleted  region  is 
decreased  within  0.22  to  0.03  wt  pet  C  (X0  =  0.01  to 
0.0014)  at  the  Bs  point  (773  K),  the  chemical  driving 
force  would  range  from  —1300  to  —1590  J/mol,  which 
is  enough  to  drive  the  phase  transformation  with  mar¬ 
tensite  type. 

Another  example  is  shown  in  Figure  10.  In  a  Cu-Zn- 
A1  alloy,  a  nucleus  of  a,  plate  (bainite)  occurs  in  the 
depleted  Zn  and  A1  regions,  where  solute  atoms  diffuse 
to  a  certain  level,  and  with  the  observation  in  situ  by  the 
TEM  specimen  heating  holder. 


Fig.  8 — The  distribution  of  carbon  near  grain  boundary:  (a)  quenched 
and  ( b )  austempered  at  553  K  for  400  s. 
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Fig.  9 — Free  energy  changes  of  the  bainitic  transformation  in  an 
alloy  Fe-O.89  wt  pet  C. 


V.  DISCUSSION 

Because  of  the  internal  stress  formed  during  quench¬ 
ing  from  high  temperature,  a  large  number  of  disloca¬ 
tions  exist  in  the  specimens.  In  order  to  reduce  the  free 
energy  of  the  system,  carbon  atoms  will  cluster  in  the 
tensile  stress  region  of  the  dislocations.  For  the  same 
reason,  the  zinc  and  aluminum  atoms  with  larger  effect 
atomic  radii  also  cluster  in  that  region. [9]  Therefore,  the 
solute  atoms’  depleted  region  is  formed  in  the  com¬ 
pressed  region  of  dislocations. 

The  tempering  cluster  of  carbon  in  body-centered 
cubic  or  in  body-centered  tetragonal  martensite  can 
occur  near  room  temperature.  The  diffusion  constant  of 
carbon,  D0,  in  a-Fe  is  0.2  X  l(T5m2/s  and  that  in  y-Fe 
is  2.0  x  10_5m2/s.  The  diffusion  activation  energy  of 
carbon,  Qc,  in  a-Fe  is  84KJ/mol  and  that  in  y-Fe  is  140 
KJ/mol.  From  the  formula, 

D  =  D0  exp  ( -QC/RT)  [2] 

we  can  obtain  that  the  diffusion  coefficient  of  carbon  in 
a-Fe  at  room  temperature  (293  K),  D“,  is  2.64  X  10  21 
m2/s  and  that  in  y-Fe  at  493  K,  Drc,  is  3.66  x  1CT20  m2/ 
s.  It  is  obvious  that  Drc  at  493  K  is  larger  than  at 
293  K.  If  the  diffusion  clustering  of  carbon  in  martensite 
can  occur  at  room  temperature,  then  that  in  austenite  can 
also  occur  at  493  K  from  the  viewpoint  of  kinetics  due 
to  the  previous  comparison.  Shen  et  a/.[16]  even  observed 
in  situ  by  high-temperature  TEM  the  electron  diffraction 
effect  caused  by  segregation  or  precipitation  of  solute 
atoms  in  a  Cu-Zn-Al  alloy. 

After  the  solute  atoms’  depleted  region  formation  to  a 
certain  content  level,  bainite  can  nucleate  martensitically 
in  this  region  because  its  Ms  temperature  increases.  We 
think  that  there  are  two  factors  which  change  the  M„  tem¬ 
perature:  (1)  the  strength  change  of  matrix  caused  by  the 
temperature  rising  from  room  temperature  to  holding 
temperature  and  (2)  the  composition  change  in  the 


distance,  nm 


Fig.  10 — Nucleation  on  the  solute  atoms’  depleted  region  with  the 
observation  in  situ  at  the  temperature  493  K.  (a)  Formation  of  the 
solute  atoms  depleted  and  rich  regions  with  austempering  for  60  min 
within  the  incubation  period;  ( b )  stain  (arrow  A)  at  the  solute  atoms’ 
depleted  region  before  specimen  heating  in  the  heating  holder  of  a 
TEM;  and  (c)  specimen  austempering  for  21  min  in  the  heating  holder 
and  the  bainitic  nucleation  (arrow  B)  on  the  solute  atoms’  depleted 
region. 


depleted  region  formed  by  solute  atoms’  diffusion. 
Considering  the  Ms  change,  AM’,  caused  by  strength 
change,  we  have 


AM’ 


- (Acrj  +  Acr2) 

da 


[3] 
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where  dMjdc r  is  the  change  rate  of  Ms  temperature  with 
matrix  strength,  Act,  the  mean  strength  change  of  matrix 
caused  by  temperature  increase,  and  Acr2  that  of  the  de¬ 
pleted  region  caused  by  segregation.  Increasing  holding 
temperature  makes  the  matrix  strength  decrease  and  the 
Ms  temperature  increase.  Although  the  segregation  of 
solute  atoms  may  increase  the  matrix  strength  in  its  en¬ 
tirety,  the  strength  in  the  solute  atoms’  depleted  region 
still  decreases,  which  makes  Ms  temperature  in  that  re¬ 
gion  increase.  Therefore,  the  Ms  temperature  in  the  de¬ 
pleted  region  increases  with  the  decrease  in  the  strength 
in  that  region.  Considering  the  Ms  change,  A M?,  caused 
by  the  composition  change  in  the  solute  atoms’  depleted 
region,  we  get 

,  dMs 

AM?  =  —  AX  [4] 

dX 

where  3M,/dX  is  the  change  rate  of  Ms  temperature  with 
composition  and  AX  the  difference  of  solute  content  be¬ 
tween  the  depleted  region  and  the  matrix.  It  is  well 
known  that  Ms  in  steel  increases  with  the  decrease  in 
carbon  content,  and  the  same  tendency  can  be  found  in 
(3  brasses  everywhere.118'19,201  So,  the  Ms  temperature  in 
the  depleted  region  also  increases  with  the  decrease  of 
the  solute  content  in  that  region.  Obviously,  both  factors 
raise  the  Ms  temperature  in  the  solute  atoms’  depleted 
region.  The  summation  of  AM*  and  A Mds  gives  the  total 
increased  quantity,  A Ms,  of  Ms  temperature  in  the  de¬ 
pleted  region: 

AM,  =  am:  +  AM?  [5] 

It  has  been  indicated1211  that  the  strain  energy  of  displa- 
cive  transformation  is  related  to  the  ratio  of  thickness  to 
length  of  the  nucleus  of  the  product  phase.  The  thinner 
and  longer  the  nucleus,  the  smaller  the  transformation 
resistance.  Comparing  the  ratio  and  the  shear  strain  en¬ 
ergy  which  dominates  the  total  strain  energy  of  bainite 
with  those  of  martensite  in  three  steels,  one  can  find  that 
the  ratio  and,  therefore,  the  shear  strain  energy  of  bainite 
are  smaller  than  those  of  martensite. 

From  the  preceding  discussion,  it  can  be  seen  that  al¬ 
though  the  M,  temperature  increased  by  the  solute  atoms’ 
depleted  region  is  below  the  holding  temperature  when 
the  incubation  period  is  finished,  the  chemical  driving 
force  produced  enough  to  overcome  resistance  of  bainite 
by  shear  formation. 


VI.  CONCLUSION 

The  solute  atoms’  depleted  region,  formed  by  solute 
atoms  diffusing  to  a  certain  level,  appears  at  first  in  the 
matrix  when  the  alloy  is  held  at  a  temperature  within  the 
bainitic  incubation  period  and,  hence,  the  chemical  driv¬ 
ing  force  is  enough  to  drive  bainite  formation  in  that  re¬ 
gion  by  shear  after  the  incubation  period  is  finished. 
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Thermodynamics  and  Kinetics  of  the  Formation 
of  Widmanstatten  Ferrite  Plates  in  Ferrous  Alloys 


MASATO  ENOMOTO 

Experimental  data  on  the  formation  of  Widmanstatten/bainitic  ferrite  in  ferrous  alloys  (i.e.,  the 
Widmanstatten  start  temperature,  partition  of  alloying  elements,  incomplete  transformation, 
lengthening  kinetics,  etc.)  are  examined  on  the  basis  of  thermodynamic  calculations  and  kinetic 
analyses.  A  morphological  change  of  ferrite  from  grain-boundary  allotriomorph  to 
Widmanstatten  plate  occurs  well  above  the  T0  temperature,  except  in  high  Mn  and  Ni  alloys, 
but  does  so  in  the  regime  of  carbon  diffusion  control  in  all  alloys.  Under  the  assumption  that 
the  plate  tip  consists  of  a  pair  of  ledges  of  the  height  equal  to  the  tip  radius,  the  reported 
lengthening  kinetics  of  ferrite  plates  can  be  accounted  for  very  well  by  the  diffusion-controlled 
motion  of  these  ledges  in  a  wide  range  of  carbon  supersaturation.  It  is  also  shown  that  the 
transformation  stasis  (incomplete  transformation)  observed  below  the  kinetically  defined  Bs  in 
some  iron  alloys  cannot  be  unequivocally  attributed  to  either  the  completion  of  the  precipitation 
of  no-partitioned  ferrite  or  the  loss  of  the  driving  force  for  subsequent  shear  transformation. 


I.  INTRODUCTION 

The  atomistic  mechanism  for  the  formation  of 
Widmanstatten  plates  has  attracted  a  considerable 
amount  of  attention.  Because  a  well-defined  surface  re¬ 
lief  often  accompanies  the  plate  formation,  many  authors 
have  considered  that  it  takes  place  by  the  cooperative 
motion  of  atoms.  However,  a  number  of  observa¬ 
tions11’51  are  available  which  are  apparently  inconsistent 
with  that  view:  the  surface-relief  effects  appear  well 
above  the  T0  temperature  (upper  limiting  temperature  for 
the  composition  invariant  transformation);  the  growth  of 
precipitate  plates  which  exhibit  surface  reliefs  is  accom¬ 
panied  by  the  composition  variation;  plates  which  ex¬ 
hibit  complex  surface  reliefs  are  actually  monocrystals, 
etc. 

On  the  other  hand,  numerous  studies  have  been  con¬ 
ducted  on  the  thermodynamic  and  kinetic  aspects  of 
the  plate  formation,  as  reviewed  recently.16*71  If 
Widmanstatten  plates  are  truly  formed  by  displacive 
mechanism,  the  solute  concentration  has  to  be  inherited 
from  the  matrix,  at  least  at  the  instance  of  formation. 
However,  comparisons  with  experimental  data  have 
shown  that  the  Ws  temperatures  are  likely  to  be  higher 
than  T0  in  many  ferrous  and  nonferrous  alloys.18-111 

According  to  hot-stage  in  situ  observations,  the 
lengthening  of  Widmanstatten  or  bainite  plates  occurs 
continuously.112,13,141  Thus,  several  theories  have  been 
proposed  to  analyze  the  lengthening  of  plates  under  the 
assumption  that  the  growth  is  controlled  by  diffusion  of 
solute  in  the  matrix.115-191  Whereas  these  theories  can  ac¬ 
count  well  for  lengthening  kinetics  of  ferrite  plates  in 
Fe-C  binary  alloys,120*211  it  is  widely  accepted  that  the 
experimentally  observed  lengthening  rates  are  much 
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lower  than  theoretical  predictions  in  alloyed 
steels.122,23*241  A  contrary  view  is  offered  that  the  length¬ 
ening  rates  of  bainite  sheaves  and  subunits  are  far  greater 
than  calculations  based  on  the  carbon-diffusion  con¬ 
trolled  growth  model  if  the  strain  energy  in  the  plates  is 
incorporated.1251 

A  peculiar  transformation  behavior  is  observed  in  the 
bainite  transformation  in  some  alloyed  steels:  the  ferrite 
transformation  appears  to  stop  prematurely  and  resumes 
at  prolonged  holding  accompanying  the  precipitation  of 
carbides  at  ferrite: austenite  interfaces.  The  mechanism 
for  the  appearance  of  such  stasis  has  been  extensively 
discussed. 12*6*7*26-311  However,  there  is  still  a  lot  of  con¬ 
troversy  on  this  subject. 

In  this  report,  these  problems  are  considered  further 
on  the  basis  of  thermodynamic  calculations  and  analyses 
of  plate-lengthening  kinetics  in  iron  alloys.  The  ledge 
mechanism  has  been  invoked  to  analyze  the  thickening 
kinetics  of  precipitate  plates.13,32-341  However,  in  the 
transmission  electron  microscope  (TEM)  micrograph  of 
intragranular  a  plates  in  a  Ti-Fe  alloy,  an  array  of  fine 
misfit  dislocations  and  coarse  but  closely  spaced  growth 
ledges  are  observed  at  the  leading  edge  of  the  plate.1351 
Though  the  hot-stage  in  situ  observation  of  growing 
plate  tips  is  yet  to  be  made,  it  is  necessary  to  consider 
the  lengthening  of  ferrite  plates  in  terms  of  the  ledge 
mechanism,  though  theories  for  the  disordered  plate  tip 
have  gained  considerable  success.120,211 

II.  RELATION  AMONG 
THE  MORPHOLOGY  OF 
FERRITE,  T0  TEMPERATURE  AND 

PARTITIONING  OF  ALLOYING  ELEMENTS 

A.  Summary  ofWs,  T0,  and  the  Temperature 
of  Onset  of  Alloying  Element  Partition  in 
Fe-C-X  Ternary  Alloys 

In  Reference  10,  the  Ae3,  Ws,  70  temperatures  and  the 
temperature  of  the  onset  of  alloying  element  partition 
(designated  as  AEP)  were  plotted  against  the  concentra¬ 
tion  of  an  alloying  element,  X,  in  eight  Fe-0.5  at.  pet 
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Silicon,  atfc 

Fig.  1 — Variation  of  Ae3,  temperature  of  alloying  element  partition 
(AEP),  Widmanstatten  start  (W,)  temperature,  and  Ta  temperature 
with  the  silicon  concentration  in  Fe-0.5  at.  pet  C-Si  alloys.  The  bulk 
partition  of  silicon  between  ferrite  and  austenite  occurs  only  above 
the  AEP  curve.  Above  VF„  only  grain  boundary  allotriomorphs  are 
found.  They  are  gradually  replaced  by  Widmanstatten  plates  as  the 
temperature  crosses  the  Ws  curve  and  goes  down  further. 


Fig.  2  —  Same  plot  as  Figure  1  for  Fe-0.5  at.  pet  C-Mn  alloys. 


T0  are  calculated  from  the  Hillert-Staffanson  regular  so¬ 
lution  model.1361  At  lower  X  concentrations,  the  PLE  to 
NPLE  transition  temperature  calculated  from  the  theory 
of  local  equilibrium1371  accounts  very  well  for  the  ob¬ 
served  temperature  of  the  onset  of  partition. 138,391  How¬ 
ever,  the  theory  deviates  from  experimental  results  at 
higher  Mn  (and  Ni)  concentrations.1401  Accordingly,  the 
AEP  curves  were  calculated  at  low  X  concentrations  and 
were  connected  somewhat  arbitrarily  to  experimental 
data  for  the  Mn  concentration  larger  than  ~3  at.  pet  in 
Figure  2.  The  is  reproduced  from  Aaronson  et  al. 1411 
and  is  purely  experimental. 

Figure  1  shows  that  the  Ws  is  about  50  °C  higher  than 
T0  in  the  Fe-C  system,  and  the  difference  tends  to  in¬ 
crease  with  the  Si  concentration.  Hence,  the  displacive 
mechanism  by  which  the  concentration  of  both  carbon 
and  silicon  is  inherited  from  the  matrix  cannot  operate 
during  the  formation  of  Widmanstatten  ferrite  at  these 
temperatures. 

The  partition  of  Si  occurs  only  in  the  narrow  region 
between  the  Ae3  and  AEP  curves.  The  dominant  mor¬ 
phology  of  ferrite  is  still  the  grain-boundary  allotrio- 
morph  around  Ws.  Thus,  this  figure  shows  that 
allotriomorphs  of  no-partitioned  ferrite  (or  paraferrite) 
are  formed  extensively  in  the  strip  between  the  AEP  and 
Ws  curves  and  also  somewhat  below  IT,..  Thus,  allotrio- 
morphic  and  Widmanstatten  ferrite  are  the  same  in  terms 
of  the  partitioning  of  carbon  and  silicon.  The  variation 
of  these  four  temperatures  with  the  X  concentration  and 
their  relative  positions  in  the  diagram  are  similar  for 
other  elements,  such  as  Cr,  Cu,  Co,  Mo,  Al,  etc. 1,1 01 

On  the  other  hand,  the  AEP  and  Ws  curves  take  some¬ 
what  different  paths  in  Fe-C-Mn  and  Ni  alloys.  As  seen 
in  Figure  2,  these  two  curves  and  T0  cross  each  other 
with  increasing  Mn  concentration.  This  means  that  in  a 
3  pet  Mn  alloy,  Mn  atoms  of  very  low  diffusivity  are 
partitioned  during  the  formation  of  ferrite  allotriomorph, 
even  below  T0.  Hence,  T0  can  hardly  be  a  measure  of 
the  onset  of  shear  transformation  in  this  alloy.  Also,  the 
diagram  shows  that  Widmanstatten  ferrite  is  formed  only 
below  T0  when,  for  example,  2  at.  pet  Mn  is  contained 
in  the  alloy.  It  is  emphasized  that  in  view  of  the  Ws  vs 
T0  relation  in  other  alloys,  such  a  situation  is  the  excep¬ 
tion  rather  than  the  rule.  The  mechanism  for  the  suppres¬ 
sion  of  Widmanstatten  morphology  in  the  presence  of 
manganese  or  nickel  is  not  known. 

B.  Possible  Mechanism  for  the  Morphology  Change 
from  Allotriomorphic  to  Widmanstatten  Ferrite 

In  all  alloys,  the  morphology  change  occurs  in  the  re¬ 
gime  of  growth  under  carbon  diffusion  control,  namely 
either  NPLE  or  paraequilibrium  (PARA)  mode.*  The 

*It  is  noted  that  the  paraequilibrium  y/(a  +  y)  boundary  lies  be¬ 
tween  the  Ae3  and  NPLE  temperatures.  Thus,  W,  is  also  well  below 
the  upper  limiting  temperature  of  paraequilibrium  transformation. 

former  mode  involves  the  diffusion  of  substitutional  sol¬ 
ute  in  the  vicinity  of  ferrite :  austenite  interface  and  is 
compatible  with  the  view  that  the  lattice  reconstruction 
(the  breaking  of  old  atomic  bonds  in  the  parent  lattice 
and  the  formation  of  new  ones  in  the  lattice  of  the  prod¬ 
uct  phase)  takes  place  in  the  transformation.  On  the  other 
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hand,  the  latter  mode  does  not  require  the  reconstruction 
of  substitutional  lattice.  However,  the  loss  and  regaining 
of  bonds  occurs,  at  least  with  respect  to  carbon.  It  is 
often  considered  that  the  reconstructive  mechanism 
which  involves  the  substitutional  lattice  operates  during 
the  formation  of  grain-boundary  allotriomorphs.  On  this 
view,  it  is  possible  that  the  switching  from  NPLE  to 
PARA  mode  of  growth  corresponds  to  the  morphology 
change.  However,  the  diffusion  distance  of  alloying  ele¬ 
ments  associated  with  the  formation  of  allotriomorphs  of 
no-partitioned  ferrite  is  often  estimated  to  be  much 
smaller  than  the  lattice  spacing  of  austenite.1421 

Hence,  it  is  necessary  to  explain  the  major  morphol¬ 
ogy  change  in  the  regime  of  carbon  diffusion  control. 
One  possibility  is  the  Mullins-Sekerka  instability  the¬ 
ory.  1431  In  fact,  the  spacing  of  secondary  Widmanstatten 
ferrite  sideplates  in  Fe-C  alloys  was  shown  to  be  con¬ 
sistent  with  the  considerations  based  on  the  instability 
theory. 144,451  A  simple  explanation  of  morphology  change 
can  be  offered  in  terms  of  the  ledge  mechanism.1461 
Figure  3  shows  the  schematic  illustration  of  an  early 
stage  of  ferrite  formation.  A  small  area  of  austenite  is 
transformed  from  face-centered  cubic  (fee)  to  body- 
centered  cubic  (bcc)  structure  and  forms  a  nucleus  of 
ferrite  in  the  grain-boundary  region.  At  a  certain  under¬ 
cooling,  the  formation  of  nuclei  may  be  triggered  by  de¬ 
fect  structures  of  the  parent  lattice  (i.e.,  grain  boundaries 
and  possibly  special  sites  on  them).  It  is  very  natural  to 
consider  that  ledges  exist  at  the  nucleus: matrix  interface, 
at  least  by  the  time  the  nucleus  starts  to  grow.  The  car¬ 
bon  partition  is  likely  to  occur  between  the  nucleus  and 
the  matrix,  as  long  as  the  area  becomes  sufficiently  large 
to  be  perceived  as  the  bulk  bcc  structure.  Hence,  as  each 
ledge  starts  to  move,  the  carbon  diffusion  field  begins 
to  build  up  around  the  riser.  At  small  supersaturations, 
the  velocity  of  ledges  is  expected  to  be  small.  Then,  the 
overlap  of  diffusion  field  of  ledges  occurs  extensively, 
and  hence,  ledges  stay  near  the  grain  boundary.  In  con¬ 
trast,  at  larger  supersaturations,  several  first-formed 
ledges  can  move  fast  and  form  a  plate-like  protuberance. 
Fate-nucleated  ledges  see  a  somewhat  smaller  super¬ 
saturation  and  are  likely  to  form  allotriomorphs.  Ac¬ 
cording  to  the  computer  simulations  previously 
conducted, 146,471  the  critical  supersaturation  at  which  the 
motion  of  ledges  switches  from  the  low  to  high  super¬ 
saturation  regime  depends  on  the  ledge  nucleation  rate. 


A  A  t  A  ^  A  ^  A  ^  A 
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Fig.  3  —  Schematic  illustration  of  early  stages  of  ferrite  formation  in 
the  grain-boundary  region. 


the  distribution  of  nucleation  sites  on  the  grain  bound¬ 
ary,  etc.  Hence,  no  major  change  of  transformation 
mechanism,  such  as  reconstructive  to  displacive,  is 
envisaged. 

Widmanstatten  plates  grow  invariably  in  the  matrix 
grain  which  has  a  definite  orientation  relationship  with 
the  precipitate  plate. 148,491  It  is  tentatively  proposed  that 
in  such  a  grain,  ledges  of  a  specific  crystallographic  ori¬ 
entation  are  preferentially  formed  and  migrate  in  the 
same  orientation  to  form  a  protuberance.  On  the  other 
hand,  in  the  grain  having  an  irrational  orientation  rela¬ 
tionship,  it  is  possible  that  ledges  can  be  formed  in  a 
number  of  orientations  and,  on  account  of  the  severe 
overlap  of  diffusion  field,  behave  as  in  the  effectively 
low  supersaturation  regime. 

III.  TRANSFORMATION  BEHAVIOR 
BELOW  KINETICALLY  DEFINED-BS 

A  TTT  curve  for  the  initiation  of  ferrite  transformation 
exhibits  a  distinct  bay  in  iron  alloys  containing  carbide¬ 
forming  alloying  elements.  The  upper  temperature  limit 
of  the  lower  C  curve,  or  more  conveniently  the  bay  tem¬ 
perature,  is  defined  as  the  kinetic  B. .  A  most  notable 
feature  of  transformation  in  these  alloys  is  the  occur¬ 
rence  of  stasis  below  the  kinetic  Bs,  a  phenomenon 
called  incomplete  transformation.12,501  In  fact,  the  frac¬ 
tion  transformed  when  stasis  occurred  was  shown  to  be 
much  less  than  the  fraction  expected  from  the  metastable 
equilibrium  between  no-partitioned  ferrite  and  carbon- 
enriched  austenite.12,101  Accordingly,  it  is  considered  by 
some  authors126,271  that  the  stasis  appears  when  carbon  is 
enriched  in  austenite  to  the  T0  composition  at  the  reac¬ 
tion  temperature  and  thus,  the  driving  force  for  shear 
transformation  is  diminished  to  zero. 

It  is  possible  to  test  this  supposition  by  calculating 
the  ferrite  fraction  at  transformation  stasis,  applying  the 
lever  rule  to  the  T0  composition  curve.  Obviously,  the 
metastable  equilibrium  fraction  of  no-partitioned  ferrite 
can  be  calculated  from  the  lever  rule  with  respect  to  the 
extrapolated  paraequilibrium  y/(a  +  y)  boundary.1101 
Figures  4  and  5  compare  the  results  with  experiment  in 
Fe-0. 13  wt  pet  C-2.99  wt  pet  Cr[30)  and  Fe-0.064  wt  pet 
C-1.80  wt  pet  Mo1311  alloys  (curves  of  0  J/mol).  It  is 
readily  seen  that  not  only  the  metastable  equilibrium 
fraction  (designated  as  fp),  but  also  the  T0  fraction  (/,) 
disagree  with  experiment.  Previously,  the  shear  strain 
energy  attending  the  formation  of  Widmanstatten  ferrite 
was  calculated  to  be  larger  than  ~1  kJ/mol  from  the 
Eshelby’s  theory,  and  this  leads  to  the  decrease  in  the 
Ae3  and  T0  temperatures  more  than  300  °C.1511  Here,  in¬ 
stead,  the  amount  of  strain  energy  necessary  to  get 
agreement  with  the  measured  ferrite  fractions  at  stasis 
are  evaluated.  The  results  are  shown  in  Figures  4  and  5. 
Approximately  600  and  900  J/mol  are  necessary  to  fit 
fp  and  f  curves,  respectively,  to  the  experimental  data  in 
these  alloys.  The  expression  for  the  free  energy  of  iron 
proposed  by  Agren1521  was  used  in  the  calculation.  It 
gives  values  of  free  energy  little  different  from  the  Orr 
and  Chipman’s  data.1531  However,  the  Kaufman  et  al. 
data1541  are  smaller  by  200  ~  300  J/mol  than  these  in 
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(a) 


Fig.  4 — Comparison  of  the  measured  fraction  transformed  at  trans¬ 
formation  stasis  and  calculated  fraction  of  ferrite  in  an  Fe-0. 13  wt  pet 
C-2.99  wt  pet  Cr  alloy.  ( a )  /„  and  (b)  f  are,  respectively,  the  meta¬ 
stable  equilibrium  and  T0  fractions  of  ferrite. 


this  temperature  range.*  In  either  case,  it  is  difficult  to 

*If  Kaufman’s  data1541  were  used  in  the  calculation  of  T„  in  Figures 
1  and  2,  T0  becomes  even  lower  than  those  shown  in  the  figures. 

ascertain  which  value  represents  more  closely  the  strain 
energy  in  bainitic  ferrite,  and  thus,  whether  the  stasis  is 
due  to  the  completion  of  the  precipitation  of  no- 
partitioned  ferrite  or  to  the  loss  of  the  driving  force  for 
shear  transformation. 

It  is  noted  that  the  transformation  stasis  is  not  com¬ 
monly  observed  in  all  alloys.1551  Even  in  the  same  alloy 
system,  whether  or  not  stasis  occurs  depends  upon  the 
alloy  composition.1301  Hence,  though  the  strain  energy 
may  play  some  role  in  this  peculiar  transformation  be¬ 
havior,  it  seems  more  reasonable  to  attribute  this  phe¬ 
nomenon  to  the  characteristics  of  alloying  elements 
( e.g .,  chemical  affinity  with  carbon  in  austenite)  and  the 
kinetics  of  carbide  formation  at  ferrite :  austenite 
boundaries. 

IV.  LEDGEWISE  LENGTHENING  OF 
WIDMANSTATTEN  FERRITE  PLATES 

A.  Previous  Theories  of  Plate-Lengthening  Rate 

The  studies  of  plate-lengthening  kinetics  initiated  by 
Zener1151  are  based  on  the  assumption  that  the  plate  tip 


and  the  broad  face  are  surrounded  by  disordered  bound¬ 
aries;  that  is,  the  atom  attachment  is  allowed  at  all  lattice 
sites  of  the  boundary.  Table  I  summarizes  the  features 
of  theories  developed  thereafter  and  utilized  in  the 
discussion  of  the  lengthening  of  Widmanstatten 
plates. 116-191  With  the  exception  of  Zener-Hillert 
(Z-H),1171  the  plate  shape  is  assumed  to  be  a  parabolic 
cylinder.*  Also,  the  solute  concentration  is  assumed  to 


*Horvay-Cahn,1S|  treated  the  problem  in  a  more  general  form.  When 
one  of  the  two  principal  radii  of  curvature  of  elliptical  paraboloid  is 
infinitely  large,  the  solution  becomes  equivalent  to  that  of  Ivantsov.1161 


be  constant  along  the  plate  interface,  though  it  is  mod¬ 
ified  in  Trivedi1191  to  take  into  account  the  effects  of  cap¬ 
illarity  and  interfacial  reaction  kinetics.  Whereas 
Ivantsov1161  only  presented  the  relation  between  the  sol¬ 
ute  supersaturation  and  the  lengthening  rate,  Z-H  and 
Trivedi  assumed  the  maximum  growth  rate  principle  to 
determine  the  lengthening  rate  and  the  plate  tip  radius 
simultaneously  at  a  given  supersaturation.  Figure  6 
shows  the  variation  of  vp/D  with  solute  supersaturation 
calculated  from  these  theories,  where  v  is  the  length¬ 
ening  rate,  p,  the  plate  tip  radius,  and  D,  the  diffusivity 
of  solute.  The  ratio  p/pc  ( pc  is  the  critical  radius  at  which 
the  lengthening  rate  is  zero)  is  not  the  same  in  Z-H  and 
Trivedi  and  depends  on  the  supers aturati on  in  the  latter 
theory.  The  interface  kinetic  coefficient,  p.0,  is  assumed 
to  be  infinite  for  Trivedi’s  curve  shown  here. 


(a) 


(b) 

Fig.  5  —  Same  comparison  as  Figure  4  for  an  Fe-0.064  wt  pet  C-l  .80 
wt  pet  Mo  alloy. 
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Velocity  (normalized  by  plate  tip  radius  or  ledge  height) 


Table  I.  Theories  of  Plate-Lengthening  Rate 


Maximum 

Assumed  Plate 

Growth 

Relation  Between  fl 

Author(s) 

Year 

Shape 

Boundary  Condition 

Rate  Principle 

and  p  =  VP/2D 

Ivantsov 

1947 

parabolic  cylinder 

constant  concentration 

— 

fl  =  V(-np)  exp  (p) 

erfc  (Vp) 

Zener-Hillert 

1957 

circular  cylinder 

constant  concentration 

p/pc  =  2 

p  =  fl/8(  1  -  fl) 

along  the  tip 

Horvay-Cahn 

1961 

elliptical  paraboloid 

constant  concentration 

— 

same  as  Ivantsov 

(P1/P2  =  0) 

Trivedi 

1970 

parabolic  cylinder 

concentration  varies 

p/pc  decreases 

fl  =  V(ttp)  exp  ip) 

with  boundary 
curvature  and 

with  fl, 
approaches  2 

erfc  (Vp)  x  [1  + 

interfacial  reaction 

as  fl  — >  1 

(V/vj  flS,  (p)  + 

kinetics 

for  q  =  °° 

ipc/p)  flS2  (p)\ 

and  dV/dp  =  0 

Atkinson 

1981 

ledge 

constant  concentration 

— 

numerically  obtained 

gradient  along  the 
riser,  no  flux  on  the 
terrace 


B .  Theory  of  Growth  of  Single  Ledge 

The  interfacial  structure  of  the  leading  edge  of 
Widmanstatten  ferrite  plates  in  iron  alloys  has  not  been 
studied.  However,  it  is  reasonable  to  assume  that  the 
edge  comprises  growth  ledges.  The  height  of  ledges  ob¬ 
served  in  the  Ti-Fe  alloy1351  is  20  to  30  nm.  If  the  ledges 
are  1  or  2  atm  high,  the  plate  tip  is  essentially  dis¬ 
ordered,  and  the  diffusion  field  and  lengthening  kinetics 
may  be  described  adequately  by  previous  theories.  How¬ 
ever,  in  view  of  the  fact  that  the  risers  are  significantly 
larger  than  that,  it  is  necessary  to  consider  the  plate 
lengthening  in  terms  of  the  ledge  mechanism.  As  a  sim¬ 
plest  case,  the  plate  tip  is  assumed  to  consist  of  a  pair 
of  single  ledges,  the  height  being  equal  to  the  observed 
tip  radius  (Figure  7).  Under  this  assumption,  a  finite  dif¬ 
ference  computer  simulation  of  plate  lengthening  has 
been  conducted  and  good  agreement  was  obtained  with 
experiment  data  in  Fe-C  alloys.1471 

At  higher  supersaturations,  it  is  convenient  to  use  the 
solution  obtained  from  the  rigorous  treatment  of  the 
growth  of  a  single  ledge  by  Atkinson.1561  The  features  of 
this  theory  are  included  in  Table  I.  In  contrast  to  other 
theories,  the  concentration  gradient  is  assumed  to  be 
constant  along  the  riser.  In  the  original  article,1561  the 
p{-vp/2D)  vs  fl(solute  supersaturation)  relation  is 
shown  only  up  to  fl  ~  0.88.  Since  the  experimental  data 
to  be  compared  were  obtained  at  even  higher  super¬ 
saturations,  the  numerical  analysis  to  obtain  the  p  vs  fl 
relation  was  extended  to  fl  a  0.9.  In  the  analysis,  a(p), 
the  inverse  of  the  concentration  gradient  at  the  riser,  g, 
is  expressed  as 

oo 

a(p)  =  -1  /g=  -2  ^Up) 

n= 0 


Fig.  6 — Variation  of  the  dimensionless  velocity  of  a  plate  tip  (length¬ 
ening  rate,  vp/D)  with  solute  supersaturation  calculated  from  theories 
included  in  Table  I. 


where  /„  represents  the  coefficients  of  the  Fourier  ex¬ 
pansion  of  the  (normalized)  solute  concentration  in  the 
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Fig.  7  — Schematic  illustration  of  the  plate  tip  comprising  an  array  of  growth  ledges. 


matrix  along  the  riser,  i.e.,  U(0,  y)  =  2 g%f„  cos  (mry), 
(0  <  y  <  1  is  the  coordinate  along  the  riser).  The /„  terms 
are  obtained  solving  simultaneous  equations,  which  are 
derived  from  the  functional  equation  derived  from  the 
boundary  condition  at  the  riser.  The  set  of  equations  is 
truncated  to  n  <  10.  The  velocity  vs.  supersaturation 
curve  is  calculated  from  the  relationship 

fl  =  2pa(p) 

The  result  is  presented  in  Figure  6.  It  is  seen  that 
whereas  the  ledgewise  lengthening  is  faster  at  low  super¬ 
saturations,  it  becomes  remarkably  smaller  than  the  the¬ 
ories  of  the  growth  of  a  disordered  plate  tip  at  high 
supersaturations. 

Figure  8  shows  a  schematic  illustration  of  the  diffu¬ 
sion  flux  and  concentration  contours  around  the  plate  tip 
in  the  disordered  and  ledgewise  lengthening  of  a  plate. 
As  a  representative  of  the  former  growth,  Ivantsov’s 
model  is  considered.  In  the  disordered  growth,  solute 
attachment  (or  desorption)  is  permitted  all  along  the 
plate  interface.  As  a  consequence,  at  low  super¬ 
saturations,  the  diffusion  flux  emanated  from  the  side  of 
the  plate  can  influence  the  growth  of  the  tip  signifi¬ 
cantly.  Since  no  atom  attachment  is  allowed  on  the  ter¬ 
race  of  a  ledge,  the  riser  can  move  faster  than  the  tip  of 
a  parabolic  cylinder. 

At  high  supersaturations,  the  tip  moves  fast,  and  thus, 
the  influence  of  diffusion  flux  from  the  side  part  dimin¬ 
ishes.  As  a  result,  the  tip  of  a  parabolic  cylinder  takes 
full  advantage  of  the  so-called  point  effect  of  diffusion. 
In  contrast,  the  diffusion  flux  may  not  become  so  high 
in  front  of  a  flat  ledge  riser.  This  accounts  for  a  slower 
lengthening  rate  predicted  from  the  ledgewise  growth. 
In  fact,  the  difference  between  the  two  models  becomes 
more  than  an  order  of  magnitude  at  very  high 
supersaturations. 

C.  Comparison  with  Experiment 

A  considerable  amount  of  experimental  data  are  avail¬ 
able  on  the  lengthening  of  Widmanstatten  ferrite  plates 
in  iron  alloys. [13’2I“24]  Trivedi’s  theory  was  shown  to  give 
the  best  account  of  the  lengthening  rates  of 
Widmanstatten  and  bainite  plates  in  Fe-C  binary  al¬ 
loys.  [20J  On  the  other  hand,  in  high-purity  Fe-C-Ni  al¬ 
loys,  the  measured  lengthening  rates  of  bainite  plates 
were  reported  to  be  much  lower  than  the  calculations 
using  the  Horvay-Cahn  analysis.1231  A  kind  of  drag  effect 
on  the  interface  motion  by  nickel  atoms  was  considered 
to  be  responsible  for  the  discrepancy.1201  Later  on,  the 
data  were  reanalyzed  using  Trivedi  incorporating  the 


Fig.  8  —  Schematic  illustration  of  the  diffusion  flux  of  solute  and  con¬ 
centration  contours  around  the  plate  tip  for  (a)  disordered  growth  and 
( b )  ledgewise  lengthening. 


interfacial  reaction  kinetics  to  obtain  an  agreement 
within  a  factor  of  5. 1571  Here,  these  data  are  re-examined 
in  terms  of  the  ledgewise  lengthening. 

Figures  9  and  10  show  the  comparison  of  all  theories 
with  the  Simonen  et  al.[211  data  on  the  lengthening  of 
Widmanstatten  ferrite  at  700  °C  and  450  °C,  respec¬ 
tively.  The  same  comparison  as  Figure  9  was  made  with 
respect  to  the  Z-H  and  Trivedi  theories  at  a  slightly  dif¬ 
ferent  temperature.1201  Except  these  two  theories  in  which 
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Fig.  9 — Comparison  of  Simonen  et  al.’s  data  on  the  lengthening  rate  Fig.  10 — Same  comparison  as  Figure  9  at  450  °C. 
of  Widmanstatten  ferrite  in  Fe-C  alloys  at  700  °C[211  with  calculation. 

The  results  of  computer  simulation  (cross)[471  are  included. 


the  tip  radius  is  automatically  obtained,  the  measured 
value  of  the  tip  radius  was  used  in  the  calculation  from 
the  Ivantsov  and  Atkinson  theories.  The  carbon  diffu- 
sivity  was  averaged^  with  respect  to  the  carbon  concen¬ 
tration  using  the  Agren’s  expression  for  the  carbon 
diffusivity  in  austenite.1581  Due  to  the  diffusion  geometry 
around  the  plate  tip,  the  diffusivity  near  the  interface 
might  play  a  more  significant  role  than  if  taken  into  ac¬ 
count  by  averaging.  The  diffusivity  evaluated  at  the 
boundary  concentration  was  approximately  two  to  five 
times  larger  than  the  averaged  value  as  the  temperature 
varied  from  700  °C  to  400  °C. 

In  the  computer  simulations  previously  conducted,1471 
the  ledge  nucleation  rate  was  adjusted  to  produce  the  re¬ 
ported  ledge  spacing  on  the  broad  face  of  plates.131  The 
difference  between  the  computer  simulation  (cross)  and 
the  analytical  theory  of  single  ledge  (solid  curve)  in 
Figure  9  is  due  to  the  complex  diffusion-field  interaction 
between  ledges  forming  the  plate  tip  and  ledges  on  the 
broad  face.  It  is  seen  that  both  Trivedi  and  computer 
simulation  agree  very  well  with  experiment  at  this  tem¬ 
perature.  At  450  °C  (Figure  10),  the  theory  of  single 
ledge,  Z-H,  and  Trivedi  all  agree  well  with  the  experi¬ 
mental  data.  It  is  noted  that  a  nonzero  interface  kinetic 
coefficient  is  assumed  in  the  calculation  by  Trivedi.  The 
computer  simulation  was  not  conducted  at  this  temper¬ 
ature,  because  no  data  on  the  ledge  spacing  were  avail¬ 
able.  A  large  difference  from  the  solid  curve  (single 
ledge)  is  not  expected  at  this  supersaturation. 

Figure  1 1  compares  the  experimental  lengthening 
rates  of  bainite  plates  in  Fe-C-Ni  alloys1231  with  calcu¬ 
lation  from  the  theory  of  ledge  growth.  Two  values  of 
the  tip  radius  were  used:  one  used  by  original  authors1231 
and  the  other  calculated  from  Trivedi ’s  theory.1561  As 
seen  in  the  figure,  the  theory  of  ledgewise  lengthening 
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Fig.  1 1  — Comparison  of  Rao  and  Winchell’s  data  on  the  lengthening 
of  bainite  plates  in  Fe-C-Ni  alloys1231  at  400  °C  with  calculation. 
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gives  the  rates  of  the  same  order  of  magnitude  with  ex¬ 
periment.  It  is  emphasized  that  this  agreement  was  ob¬ 
tained  solely  from  the  assumption  of  local  equilibrium 
of  carbon  at  the  bottom  of  a  ledge  riser.  That  is,  the 
interfacial  kinetic  coefficient,  capillarity,  or  the  energy 
of  plate  interfaces  was  not  invoked. 

Then,  a  question  arises  as  to  what  governs  the  plate 
tip  radius  or  the  height  of  the  leading  ledge.  According 
to  measurement,1211  the  plate  tip  radius  tends  to  decrease 
with  decreasing  temperature  or  with  increasing  super¬ 
saturation  at  a  given  temperature.  Hence,  the  size  of  fer¬ 
rite  nucleus  is  likely  to  be  a  primary  factor  to  be 
considered.  The  grain-boundary  structure,  particularly 
the  size  of  repetitive  units  of  atom  arrangement,  may 
play  some  role.  Also,  the  tip  radius  may  vary  during  the 
ledge  migration  due  to  coalescence.  The  probability  of 
coalescence  is  small  at  high  supersaturations,  in  accord 
with  the  observation.  Obviously,  more  work  is  necessary 
on  the  atomic  structure  of  plate  tip  and  early  stages  of 
ferrite  formation. 

V.  CONCLUSIONS 

The  mechanism  of  the  Widmanstatten  plate  formation 
was  discussed  on  the  basis  of  thermodynamic  calculation 
of  the  formation  temperature,  theories  of  plate  length¬ 
ening  kinetics,  and  comparisons  thereof  with  experi¬ 
mental  data.  The  following  points  are  especially  noted: 

1.  The  reported  Ws  temperature  is  about  50  °C  higher 
than  the  calculated  T0  temperature  in  many  ternary 
Fe-C-X  alloys.  Hence,  the  displacive  mechanism  in 
which  the  atomic  bonds  of  solute  atoms  (both  carbon 
and  alloying  element)  with  surroundings  in  the  new 
phase  are  inherited  from  the  parent  phase  is  not  di¬ 
rectly  responsible  for  the  plate  formation. 

2.  The  Ws  appears  to  become  lower  than  the  70  tem¬ 
perature  only  in  alloys  containing  a  substantial 
amount  of  Mn  or  Ni.  The  mechanism  of  a  marked 
restraining  effect  of  Mn  or  Ni  on  the  formation  of 
Widmanstatten  ferrite  plate  is  not  understood. 

3.  The  partition  of  alloying  elements  between  ferrite  and 
austenite  ceases  at  temperatures  above  Ws.  Thus, 
both  allotriomorphic  and  Widmanstatten  ferrite  are 
the  same  in  terms  of  the  partitioning  of  carbon  and 
alloying  element. 

4.  The  mechanism  for  the  occurrence  of  transformation 
stasis  (incomplete  transformation)  is  not  identified 
from  thermodynamic  calculations  which  takes  into 
account  the  possible  effects  of  strain  energy  on  the 
equilibrium  between  bainitic  ferrite  and  austenite. 

5.  Under  the  assumption  that  the  plate  lengthening  can 
be  simulated  by  the  migration  of  a  pair  of  single 
ledges,  the  lengthening  rate  is  predicted  to  be  larger 
at  low  supersaturations  and  to  be  remarkably  smaller 
at  high  supersaturations  than  from  theories  of  plate 
lengthening  used  thus  far. 

6.  The  ledgewise  lengthening  was  shown  to  give  a  good 
account  for  reported  lengthening  rates  of 
Widmanstatten  and  bainite  plates  in  Fe-C  and  Fe-C- 
Ni  alloys  in  a  wide  range  of  reaction  temperature  and 
supersaturation. 
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Diffusion  in  Growth  of  Bainite 


MATS  HILLERT 

Edgewise  growth  rates  for  Widmanstatten  ferrite  and  bainite  in  low  alloy  steels  can  be 
represented  with  an  empirical  equation  showing  proportionality  to  the  square  of  the  supersat¬ 
uration  of  the  austenite.  The  proportionality  constant  has  a  value  in  reasonable  agreement  with 
the  assumption  of  rate  control  by  carbon  diffusion.  The  growth  rates  are  too  low  to  give  a 
noticeable  supersaturation  of  carbon  in  the  growing  ferrite. 

The  experimental  Bs  for  low  alloy  steels  does  not  seem  to  be  related  to  the  T0  line,  nor  does  Bs 
evaluated  from  the  incomplete  transformation  to  bainite  for  an  alloy  steel.  By  assuming  rate 
control  by  carbon  diffusion,  the  empirical  equation  can  be  used  to  calculate  the  growth  rate 
under  paraequilibrium  or  no  partition,  local  equilibrium  (NPLE)  conditions.  Experimental 
growth  rates  for  a  similar  steel  falls  in-between. 

The  fact  that  paraequilibrium  does  not  seem  to  apply  is  taken  as  an  indication  that  the  a/y 
interface  for  Widmanstatten  ferrite  and  bainite  is  not  of  a  purely  martensitic  type. 


I.  INTRODUCTION 

THE  classical  method  to  study  transformations  in  al¬ 
loys  was  to  measure  the  change  of  some  physical  prop¬ 
erty  during  continuous  heating  or  cooling  in  a  furnace. 
By  combination  with  microscopical  studies  of  the  re¬ 
sulting  structures,  it  was  possible  to  identify  various 
transformations.  Hultgren  in  1920m  extended  this  tech¬ 
nique  by  interrupting  the  gradual  cooling  by  quenching 
from  various  temperatures  and  also  by  transferring  the 
specimen  to  another  furnace  of  a  constant  temperature 
and  keeping  it  there  for  some  time  before  quenching.  He 
studied  a  W  steel  and  observed  a  transformation  occur¬ 
ring  isothermally  below  the  temperature  range  of  pearlite 
formation  and  resulting  in  “secondary  ferrite”  of  a 
Widmanstatten  appearance.  For  instance,  he  wrote,  “At 
525  °C  one  minute  is  sufficient  for  ferrite  to  appear  while 
at  550  °C  no  ferrite  appears  in  fifteen  minutes.”  This 
structure  would  today  be  called  carbide-free  bainite  and 
is  well  known  from  steels  containing  Si.  Hultgren  ex¬ 
plained  the  formation  of  the  secondary  ferrite  by  refer¬ 
ring  to  the  extrapolated  A3  line  in  the  phase  diagram  (line 
AB  in  Figure  1).  In  particular,  he  stated  that  “the  com¬ 
position  of  the  separated  ferrite  follows  the  extended 
equilibrium  line  AC.” 

In  another  context,  Hultgren121  mentioned  “needles  of 
troostite”  that  sometimes  occur  in  hardened  carbon  steel 
and  more  frequently  in  alloy  steels.  This  is  probably 
what  today  is  called  lower  bainite,  although  Hultgren  be¬ 
lieved  that  martensite  needles  had  first  formed  and  had 
then  been  tempered. 

Robertson  in  1929[3]  improved  the  isothermal  tech¬ 
nique  used  by  Hultgren  by  immersing  the  specimen  in  a 
molten  metal,  which  is  necessary  in  order  to  prevent 
transformation  in  a  plain  carbon  steel  during  cooling,  al¬ 
though  it  was  not  necessary  in  Hultgren’s  W  steel.  How¬ 
ever,  it  seems  that  Robertson  did  not  intentionally 
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interrupt  the  isothermal  transformation  by  quenching 
after  various  times,  as  Hultgren  did.  Anyway,  Robertson 
made  a  very  detailed  study  of  the  transformation  prod¬ 
ucts  formed  between  480  °C  and  380  °C  in  a  eutectoid 
carbon  steel,  i.e.,  bainite.  He  proved  that  it  cannot  be 
regarded  as  tempered  martensite  but  forms  by  decom¬ 
position  of  austenite  “initiated  by  the  y  ->  a  change.” 
He  even  claimed  to  have  seen  minute  plates  of  ferrite  in 
the  fine  structure  down  to  390  °C. 

Robertson  explained  the  fact  that  bainite  can  form  at 
a  lower  temperature  than  pearlite  by  postulating  that  the 
carbon  content  of  ferrite  increases  at  lower  temperatures, 
thus  decreasing  the  need  of  carbon  diffusion.  He  even 
proposed  that  ferrite  could  inherit  all  the  carbon  from  the 
austenite  at  a  low  temperature  and  no  cementite  would 
form  under  such  conditions.  It  seems  that  he  thus  pro¬ 
posed  a  gradual  change  from  bainite  to  martensite  as  the 
reaction  temperature  is  lowered. 

Davenport  and  Bain  in  1 930[4]  also  used  molten  metal 
but  combined  this  with  Hultgren’s  technique  of  inter¬ 
rupting  the  isothermal  transformation  by  quenching  after 
various  times.  Thus,  they  were  able  to  construct  the  first 
time-temperature-transformation  (TTT)  diagram  with  a 
typical  transformation  curve.  On  the  lower  side  of  the 
C-shaped  curve,  they  observed  the  same  structure  as 
Robertson.  They  described  it  as  a  dark-etching  structure 
with  a  more  or  less  acicular  shape.  They  suggested  that 
the  name  troostite  should  be  reserved  for  this  structure 
which  corresponds  to  upper  bainite  in  today’s  nomen¬ 
clature.  At  lower  temperatures,  they  observed  more 
needle-like  shapes  and  introduced  the  name  martensite- 
troostite  for  the  structure  today  called  lower  bainite. 
Davenport  and  Bain  did  not  add  much  to  the  discussion 
of  the  nature  of  bainite  given  by  Robertson.  In  agree¬ 
ment  with  Hultgren  they  stated  that  they  “suspect  that 
the  final  constituent  designated  martensite-troostite  first 
forms  in  the  manner  of  martensite  but  is  subsequently 
more  or  less  tempered.” 

Numerous  experimental  studies  of  TTT  diagrams,  ini¬ 
tiated  by  the  work  of  Davenport  and  Bain,  served  to 
focus  considerable  interest  on  the  microstructure  today 
called  bainite  and  finally  led  to  the  adoption  of  that 
name. 
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Robertson  started  his  study  in  order  to  test  the  popular 
idea  that  the  various  transformation  products  of  austenite 
form  in  the  succession  austenite  — >  martensite  — »  troos- 
tite  — »  sorbite  — >  pearlite  and  the  final  structure  in  a  spec¬ 
imen  depends  on  how  far  this  series  of  reactions  has 
proceeded.  His  conclusion  was  that  austenite  instead 
transforms  directly  to  any  of  these  structures,  depending 
on  the  temperature. 

It  is  fascinating  that  in  spite  of  his  results  and  the  con¬ 
firmation  by  Davenport  and  Bain,  it  is  still  a  popular 
idea  that  the  first  stage  in  bainite  formation  is  a  rapid 
shear  transformation  (more  or  less  identical  to  the  mar¬ 
tensitic  transformation)  and  that  the  supersaturation  of 
carbon,  which  is  thus  created,  is  only  gradually  relieved 
by  a  secondary  reaction  through  which  either  carbide 
precipitates  or  carbon  diffuses  into  the  adjoining  austen¬ 
ite.  There  are  certainly  many  reasons  why  this  idea  has 
survived  and  has  even  been  extended  to  include  upper 
bainite.  One  reason  may  be  that  already  Robertson  felt 
the  need  to  explain  how  bainite  can  form  at  a  lower  tem¬ 
perature  than  pearlite  and  thus  proposed  that  bainitic  fer¬ 
rite  forms  with  an  increasing  amount  of  carbon  at  lower 
temperatures  which  would  allow  it  to  grow  with  a  higher 
rate.  This  idea  was  expressed  by  several  authors  during 
the  1930s  but  it  is  not  always  clear  if  the  authors  simply 
refer  to  the  increased  solubility  according  to  the  a/a  + 
y  phase  boundary  (the  AC  line  in  Figure  1),  which  was 


often  believed  to  go  to  high  carbon  contents,  or  if  they 
actually  proposed  a  supersaturation  with  respect  to  aus¬ 
tenite.  It  is  self-evident  that  there  will  be  a  super¬ 
saturation  with  respect  to  cementite.  As  an  example,  one 
may  mention  Wever  and  Lange151  who  in  1932  gave  ex¬ 
actly  the  same  description  as  Robertson  but  illustrated 
their  discussion  with  a  phase  diagram  (Figure  2),  show¬ 
ing  that  ferrite  in  equilibrium  with  austenite  would  in¬ 
crease  its  carbon  content  at  lower  temperatures  and  reach 
a  value  of  1  pet  at  130  °C. 

In  his  attempt  to  describe  all  the  various  transforma¬ 
tions  of  austenite  with  different  well-defined  mecha¬ 
nisms,  Zener161  tried  the  idea  that  bainite  forms  initially 
without  any  diffusion  of  carbon  and  he  showed  that  the 
upper  temperature  for  bainite  formation,  Bs,  would  then 
coincide  with  the  T0  line.  By  further  assuming  that  car¬ 
bon  will  rapidly  diffuse  into  the  adjoining  austenite  and 
thus  make  it  less  prone  to  transform  to  ferrite,  Zener  was 
able  to  give  a  qualitative  explanation  of  the  “incom¬ 
plete”  transformation  to  bainite,  sometimes  observed 
close  to  Bs  in  alloy  steels.  His  idea  was  that  bainite 
would  no  longer  form  when  the  remaining  austenite  had 
reached  the  T0  line  through  the  increasing  carbon 
content. 

In  contrast,  Hultgren171  retained  his  idea  of  bainitic  fer¬ 
rite  growing  with  a  carbon  content  according  to  the  a/ 
a  +  y  phase  boundary  and  illustrated  the  edgewise 
growth  of  bainite  with  the  sketch  reproduced  in  Figure  3. 
It  illustrates  that  the  bainitic  transformation  is  initiated 
by  the  growth  of  Widmanstatten  plates  of  ferrite.  By 
electron  microscopy,  Modin  and  Modin181  confirmed  that 
Hultgren’ s  picture  applies  also  to  bainite  found  at  lower 
temperatures. 

Ko  and  Cottrell191  found  that  bainite  forms  with  a  sur¬ 
face  relief  effect,  as  does  martensite.  They  concluded 
that  both  structures  form  by  the  same  shear  of  the  lattice 
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Fig.  1  — The  Fe-C  phase  diagram  with  extrapolated  phase  boundaries  Fig.  2  —  An  Fe-C  phase  diagram  with  the  a/ a  +  y  boundary  extrap- 

representing  conditions  of  local  equilibrium."1  dated  to  high  carbon  contents  at  low  temperatures.151 


1958  —  VOLUME  25A,  SEPTEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


Peorlite- 

_i_  jk.  Jh  ILLh 

Bainite ; 

X  i_  i 

Fig.  3  —  The  shapes  of  pearlite  and  bainite  during  growth.  The  edge¬ 
wise  growth  of  bainite  is  governed  by  the  growth  of  Widmanstatten 
a.'7' 


but  proposed  that  the  growth  rate  of  bainite  is  governed 
by  carbon  diffusion.  They  also  proposed  that  there  is  no 
fundamental  difference  in  the  mode  of  formation  of 
Widmanstatten  ferrite,  upper  bainite,  and  lower  bainite. 
The  latter  viewpoint  was  shared  by  Hillert,1101  who  mod¬ 
ified  an  equation  by  Zener  for  diffusion  controlled  edge¬ 
wise  growth  of  a  plate  and  applied  it  to  Widmanstatten 
ferrite  and  bainite.  In  a  subsequent  article,  Hillert1111  pre¬ 
sented  experimental  growth  rate  data  for  low  alloy  steels 
with  0.21  to  0.81  pet  C  and  compared  them  with  cal¬ 
culated  values.  He  found  that  the  experimental  growth 
rates  were  somewhat  lower  and  proposed  that  there  is 
some  resistance  in  the  interface  that  must  be  overcome. 
Soon  after,  an  article  by  Kaufman  et  al.im  appeared  in 
which  they  applied  the  same  growth  equation  to  the  same 
data  and  to  similar  data  for  0.96  and  1.43  pet  C  by 
Speich  and  Cohen.1131  They  used  an  improved  descrip¬ 
tion  of  the  Fe-C  phase  diagram  and  still  found  that  the 
experimental  data  were  somewhat  lower  but  concluded 
that  there  was  agreement  within  the  uncertainty  of  the 
calculations.  Later  measurements  by  Townsend  and 
Kirkaldy1141  were  in  essential  agreement  with  the  pre¬ 
vious  ones.  The  growth  rate  equation  was  improved  by 
Trivcdi,1151  and  a  test  of  new  data1161  confirmed  that  the 
experimental  growth  rates  may  be  somewhat  lower  than 
predicted  by  carbon  diffusion.  It  would  thus  seem  that 
there  should  then  have  been  general  agreement  that 
Widmanstatten  ferrite  and  bainitic  ferrite  grow  edgewise 
with  a  rate  low  enough  to  allow  carbon  to  diffuse  away 
and  let  ferrite  grow  without  a  supersaturation  of  carbon. 

In  a  classical  debate  on  the  Bainite  reaction,1171 
Aaronson  and  Kinsman  argued  for  a  growth  mechanism 
based  upon  ledges  and  controlled  by  the  rate  of  carbon 
diffusion  whereas  Heheman  argued  for  a  martensitic 
type  of  shear  mechanism.  He  found  it  “difficult  to  argue 
against  these  diffusion  controlled  models”  but  neverthe¬ 
less  seemed  to  favor  a  proposal  by  Oblak  and 
Heheman1181  that  the  edgewise  growth  occurs  in  small 
steps  where  individual  subunits  grow  rapidly  without 
partition  of  carbon  to  austenite,  i.e.,  without  diffusion 
of  carbon.  Aaronson  and  Kinsman  objected  that  the 
edgewise  growth  of  bainite  has  not  been  observed  to 
occur  in  such  a  discontinuous  fashion  and  presented  re¬ 
sults  using  thermionic  electron  microscopy  which 
showed  continuous  growth.  This  was  later  confirmed  by 
Nemoto1191  using  dynamic  experiments  in  a  high  voltage 
electron  microscope.  His  results  are  reproduced  in 


Fig.  4 — Growth  of  bainite  tip  at  about  380  °C  in  a  steel  with  0.51  °C 
and  9. 1  pet  Ni."91 


Figure  4  and  show  with  a  very  high  resolution  that  the 
growth  rate  is  indeed  very  continuous.  It  should  be 
added  that  the  average  growth  rate  given  by  Figure  4 
agrees  well  with  the  more  macroscopic  growth  rates  ob¬ 
served  by  Goodenow  et  al. 1201  for  a  similar  steel. 

It  would  seem  that  the  old  controversy  regarding  the 
carbon  content  of  bainitic  ferrite  should  have  been  re¬ 
solved  by  the  preceding  results.  However,  from  the 
Proc.  Ini.  Conf.  on  Bainite  at  the  World  Materials 
Congress ,  1988, 1211  and  the  Special  Issue  on  the  Bainitic 
Transformation,  Aug.  1991,  of  Mater.  Trans.  JIM,  it 
seems  that  there  are  still  some  researchers  who  prefer 
believing  that  bainitic  ferrite  grows  with  a  super¬ 
saturation  of  carbon  and  even  without  any  diffusion  of 
carbon.  As  an  example,  Bhadeshia  and  Christian1*21 
came  to  the  conclusion  that  the  only  “key  characteristic” 
for  which  bainite  is  different  from  martensite  is  that  dif¬ 
fusion  of  carbon  plays  some  role  in  the  nucleation  of 
bainite  but  not  martensite.  (An  additional  difference  that 
martensite  does  not  show  the  incomplete  reaction  phe¬ 
nomenon  known  for  bainite  is  probably  a  misprint.)  As 
a  consequence,  it  may  be  justified  again  to  consider  the 
role  of  carbon  diffusion  although  it  has  been  thoroughly 
discussed,  for  instance,  by  Aaronson  et  a/.1231  and  by 
Enomoto  and  Tsubakino.1241  The  present  discussion  will 
mainly  be  based  upon  the  edgewise  growth  rate. 

II.  EDGEWISE  GROWTH  RATE  OF  BAINITE 

A  calculation  of  the  diffusion  controlled  growth  rate 
is  usually  based  on  the  assumption  of  local  equilibrium 
at  the  moving  interface  and  requires  information  on  the 
extrapolation  of  phase  boundaries.  Hillert1111  used  a  sim¬ 
ple  linear  extrapolation  of  the  A3  line.  It  would  thus  be 
interesting  to  repeat  his  calculation  using  a  phase  dia¬ 
gram  obtained  by  a  thermodynamic  assessment  of  the 
system.1251  The  modified  Zener  equation  is 
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where  v  is  the  growth  rate,  x°  is  the  mole  fraction  of 
carbon  in  the  alloy,  and  xy/a  is  the  value  in  the  y  phase 
in  front  of  the  growing  a.  In  the  derivation,  the  inter¬ 
facial  energy  a  was  assumed  to  be  isotropic,  which  is 
certainly  not  the  case  for  a  Widmanstatten  plate.  A  sim¬ 
ilar  situation  arose  in  an  analysis  of  plate-like  precipi¬ 
tation  in  solidification  of  cast  iron,[26J  and  it  was  then 
argued  that  one  should  insert  the  low  value  for  the  flat 
sides. 

Figure  5  shows  (vx°/DT)0'5  as  a  function  of  xy/a  - 
x where  xy/a  is  the  equilibrium  value  according  to  the 
phase  diagram.  All  the  data  can  be  reasonably  well  ac¬ 
counted  for  by  a  straight  line  with  a  slope  of  1580  (m, 
K)-05,  corresponding  to  a  value  of  rr  =  0.06  J/m2, 
which  seems  a  reasonable  value  for  a  flat,  immobile 
interface.  Again,  this  result  may  be  taken  as  support  for 
the  idea  that  the  edgewise  growth  of  Widmanstatten  fer¬ 
rite  and  bainite  is  controlled  by  carbon  diffusion. 

However,  it  should  be  emphasized  that  the  above  anal¬ 
ysis  has  several  uncertainties.  First,  the  extrapolation  of 
the  A3  line  is  still  uncertain.  Second,  D  varies  with  the 
carbon  content,  and  it  is  uncertain  how  the  effective  D 
value  should  be  chosen.  In  the  present  case,  the  highest 
value  was  taken.  Third,  the  dependence  of  D  on  tem¬ 
perature  and  carbon  content  is  obtained  by  an  extrapo¬ 
lation  from  higher  temperatures,  which  has  a 
considerable  uncertainty.  The  present  work  was  based 
on  an  extrapolation  proposed  by  Agren.1271  Fourth,  the 
validity  of  the  growth  equation  has  been  questioned.  The 
more  ambitious  treatment  by  Trivedi1151  has  shown  that 
one  should  introduce  a  correction  factor  which  grows 
larger  as  the  supersaturation  decreases.  However,  even 
though  his  treatment  may  be  correct  for  the  case  of  iso¬ 
tropic  interfacial  energy,  it  cannot  be  applied  directly  to 


Fig.  5  —  Experimental  edgewise  growth  rates  of  Widmanstatten  a  and 
bainite  as  function  of  the  supersaturation  of  y. 


the  very  anisotropic  case  of  a  Widmanstatten  plate. 
Thus,  the  older  and  much  simpler  equation  was  used  in 
the  present  work.  Fifth,  there  is  no  guarantee  that  all  the 
data  in  Figure  5  should  be  represented  by  a  single  line. 
For  the  low-temperature  data,  the  extrapolation  to  zero 
growth  rate  is  very  long  and  the  use  of  a  higher  value 
of  cr  would  give  a  result  more  similar  to  Hillert’s  original 
result.  Anyway,  the  result  indicates  that  the  experimen¬ 
tal  growth  rates  are  in  reasonable  agreement  with  dif¬ 
fusion  control,  supporting  the  opinion  that  bainitic  ferrite 
grows  without  a  supersaturation  of  carbon. 

For  a  further  analysis  of  the  edgewise  growth  of 
Widmanstatten  ferrite  and  bainite,  we  shall  accept  the 
straight  line  in  Figure  5  as  a  reasonable  empirical  rep¬ 
resentation  of  experimental  data.  By  neglecting  the  small 
intercept  at  v  =  0,  we  shall  write 

DT 

v  =  2,500,000  •  —  (xy/a  -  x°f  (m,  K)_1  [2] 
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III.  COMPARISON  OF  GROWTH 
RATES  FOR  BAINITE  AND  PEARLITE 

As  already  mentioned,  Robertson’s  original  proposal 
that  the  carbon  content  of  bainitic  ferrite  increases  at 
lower  temperatures  was  made  in  order  to  explain  why 
bainite  can  form  at  lower  temperatures  than  pearlite. 
There  still  seem  to  be  researchers  who  feel  the  need  for 
such  an  explanation  and  thus  favor  the  idea  that  the  fer¬ 
ritic  component  of  bainite  develops  by  a  different  mech¬ 
anism  than  diffusion.1281  Since  the  data  presented  in 
Figure  5  do  not  seem  to  indicate  a  difference  between 
Widmanstatten  ferrite  and  bainite,  it  should  be  of  interest 
to  examine  if  those  data  would  predict  that  bainite  should 
predominate  in  the  low-temperature  region.  Thus, 
Eq.  [2]  was  used  to  calculate  transformation  curves  for 
two  steels  with  0.50  and  0.78  pet  C.  In  Figure  6,  they 
are  compared  with  a  curve  for  pearlite  obtained  by  fitting 
a  growth  equation, 

v  =  K  D-  (. xy/a  -  xT/cemen,i,e)2  [3] 

to  data  reported  by  Williams  and  Glover1291  for  a  high- 
purity  Fe-C  alloy.  The  value  of  D  was  taken  at  (xy/"  + 
x7/cementite^2;  and  K  was  adjusted  to  give  the  best  fit. 

Figure  6  demonstrates  the  well-known  fact  that  bainite 
predominates  at  low  carbon  contents  and  at  low  tem¬ 
peratures.  It  is  indicated  that  bainite  can  form  below  the 
pearlite  nose  even  in  very  high  carbon  steels.  It  should 
be  remembered  that  Figure  6  is  based  on  experimental 
data.  If  the  representation  of  the  data  with  the  growth 
rate  equations  based  on  diffusion  control  is  accepted, 
then  the  reason  why  bainite  can  form  below  the  pearlite 
nose  is  primarily  the  asymmetry  of  the  phase  diagram 
and,  secondarily,  the  high  diffusivity  of  carbon  in  y  ob¬ 
tained  along  the  extrapolated  y/a  phase  boundary.  The 
asymmetry  of  the  phase  diagram  is  demonstrated  by 
Figure  7,  where  the  dashed  line  is  the  middle  line  in  the 
triangle  where  supercooled  austenite  is  supersaturated 
with  respect  to  cementite  as  well  as  ferrite.  Along  that 
line,  pearlite  would  have  the  best  chance  to  predominate 
and,  intuitively,  one  may  expect  pearlite  to  predominate 
in  a  region  around  that  line,  e.g.,  in  the  region  between 
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Fig.  6 — Edgewise  growth  rates  of  Widmanstatten  a  evaluated  for  two 
steels  from  Figure  5,  and  experimental  growth  rates  of  pearlite. 


the  two  dotted  lines.  For  a  eutectoid  or  hypereutectoid 
alloy,  one  can  thus  understand  why  pearlite  predomi¬ 
nates  in  a  high-temperature  region  and  bainite  in  a  lower 
temperature  region.  There  is  no  need  to  invent  a  mech¬ 
anism  different  from  the  diffusional  one. 


IV.  THE  QUESTION  OF  SUPERSATURATION 

We  should  now  turn  to  the  fact  that  there  have  been 
many  suggestions  that  bainitic  ferrite  forms  with  a  super¬ 
saturation  of  carbon.  In  order  to  get  a  supersaturation,  it 
is  necessary  but  not  sufficient  to  have  a  deviation  from 
local  equilibrium  at  the  a/y  interface.  As  an  example, 
it  is  well  known  that  a  grain-boundary  allotriomorph  of 
ferrite  can  have  a  flat  side  which  is  immobile  while  the 
opposite  interface  moves.  The  immobility  of  the  flat  side 
is  due  to  the  arrangement  of  the  iron  atoms  at  the  inter¬ 
face.  It  is  not  due  to  the  carbon  atoms  which  are  highly 
mobile  and  will  most  probably  partition  between  ferrite 
and  austenite  at  the  interface  according  to  a  local  equi¬ 
librium  condition  for  carbon.  As  demonstrated  by 
Figure  8  (taken  from  Reference  11),  this  kind  of  devia¬ 
tion  from  local  equilibrium  results  in  a  lower  carbon  con¬ 
tent  of  ferrite  not  a  higher  one. 

In  order  to  get  a  supersaturation  of  carbon,  it  is  nec¬ 
essary  to  have  a  growth  mechanism  which  yields  such  a 
high  velocity  of  the  interface  that  the  mobility  of  carbon 
is  no  longer  sufficient  to  maintain  local  carbon  equilib¬ 
rium  at  the  interface.  How  a  model  for  this  phenomenon 
can  be  formulated  was  demonstrated  by  the  present  au- 
thor,[U1  the  main  parameter  being  the  mobility  of  carbon 
in  the  interface  relative  to  the  growth  rate.  As  the  rela¬ 
tive  growth  rate  increases  with  a  decreased  carbon  con¬ 
tent  of  the  steel  or  with  a  decreased  temperature,  there 
is  a  negligible  supersaturation  of  the  growing  ferrite  until 
a  critical  point  is  approached.  A  supersaturation  is  then 


Fig.  7  —  Calculated  Fe-C  phase  diagram  showing  the  most  preferred 
region  for  pearlite. 


carbon 

content 


Fig.  8  —  Carbon  concentration  profile  through  a  grain  of  a  and  the 
two  neighboring  grains  of  y.  The  interface  atx  =  0  is  immobile,  and 
there,  the  carbon  contents  are  lower  than  at  the  mobile  interface,1111 


developed  and  very  quickly  develops  an  instability 
where  the  growth  rate  suddenly  increases  and  the  trans¬ 
formation  becomes  diffusionless,  i.e.,  a  martensitic 
transformation  from  the  thermodynamic  point  of  view. 
It  is  evident  that  this  dramatic  change  in  growth  behavior 
does  not  take  place  within  the  experimental  range  cov¬ 
ered  by  Figure  5,  because  there  is  no  such  break  in  the 
kinetic  behavior. 

It  may  be  added  that  the  preceding  model  of  the  pos¬ 
sible  transition  from  diffusion  controlled  to  diffusionless 
growth  has  recently  been  developed  in  more  detail  by 
Agren,[301  and  his  model  yields  the  same  conclusion. 

A  rough  estimate  of  the  critical  point  where  the  su¬ 
persaturation  develops  dramatically  can  be  made  by 
using  the  simple  relation 

v  =  D/d  [4] 
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where  the  mobility  of  carbon  in  the  interface  is  repre¬ 
sented  by  the  diffusion  constant  in  the  interface,  D,  and 
where  d  is  some  measure  of  the  width  of  the  interface. 
By  simply  taking  d  as  10  A  and  D  as  the  diffusion  coef¬ 
ficient  in  ferrite,  we  get  the  result  shown  in  Figure  9. 
However  crude  this  estimate  may  be,  a  comparison  with 
the  experimental  growth  rates  in  Figure  6  (the  curve  for 
0.5  pet  C  being  reproduced  as  a  dashed  line  in  Figure  9) 
demonstrates  that  in  principle  there  may  be  a  point  of 
intersection  which  would  roughly  correspond  to  the  crit¬ 
ical  point  discussed  earlier.  Unfortunately,  the  choice  of 
values  for  D  and  d  is  very  uncertain  and  the  exact  po¬ 
sition  of  the  critical  point  is  difficult  to  predict.  How¬ 
ever,  Figure  9  clearly  demonstrates  that  the  growth  rates 
at  high  temperatures  are  much  too  low  to  yield  a  notice¬ 
able  supersaturation.  The  fact  that  the  data  in  Figure  5 
do  not  show  any  break  in  behavior  is  a  strong  indication 
that  the  critical  point  falls  below  the  experimental  con¬ 
ditions  covered  by  those  data. 

Considering  the  fact  that  bainite  in  high  alloy  steels 
often  grows  with  a  rate  one  or  more  orders  of  magnitude 
lower  than  in  low  alloy  steels  whereas  D  and  d  should 
be  roughly  the  same,  it  is  even  safer  to  conclude  that 
bainitic  ferrite  in  alloy  steels  does  not  grow  with  a 
noticeable  supersaturation. 


Y.  CONDITIONS  FOR 
COMPLETELY  DIFFUSIONLESS  GROWTH 

Most  of  the  proponents  of  bainitic  ferrite  growing  with 
a  supersaturation  of  carbon  seem  to  favor  the  idea  of 
completely  diffusionless  growth.  Following  Zener,  they 
thus  like  to  identify  the  upper  temperature  of  bainite  for¬ 
mation,  Bs,  with  the  T0  line  or  with  a  line  displaced  fur¬ 
ther  down  in  order  to  account  for  strain  effects.  Such 
curves  are  presented  in  Figure  10,  where  the  numbers 
represent  the  extra  driving  force  available,  expressed  as 
J /mol.  The  start  of  martensite  in  Fe-C  alloys  according 


Fig.  9  —  Estimated  critical  growth  rate  required  for  the  formation  of 
supersaturated  a.  The  dashed  line  represents  experimental  growth 
rates  and  is  taken  from  Figure  6. 


to  Ohmori  and  Maki131 1  is  shown  as  a  dashed  line  in 
Figure  10,  and  it  is  evident  that  the  martensitic  trans¬ 
formation  occurs  under  conditions  where  the  available 
driving  force  is  of  the  order  of  1500  or  2000  J/mol.  (In 
this  calculation,  the  effect  of  ordering  of  the  carbon 
atoms  in  martensite  was  not  considered.)  It  is  generally 
believed  that  this  driving  force  is  required  for  the  nucle- 
ation.  Christian132'  has  estimated  the  necessary  driving 
force  during  growth  to  as  little  as  600  J/mol.  Evidently, 
the  rest  of  the  driving  force  is  used  to  give  a  very  high 
growth  rate.  Growth  rates  similar  to  the  speed  of  sound 
have  been  reported.'33'  Under  such  conditions,  there  is 
not  enough  time  for  equilibration  of  temperature  and  a 
large  part  of  the  driving  force  may  be  absorbed  due  to 
the  process  being  adiabatic.  Figure  11  shows  the  critical 
line  for  a  diffusionless  adiabatic  transformation,  radiab, 
which  falls  below  T0.  By  adding  the  requirement  of  600 
J/mol,  one  gets  a  line,  Tnd  mi,  which  is  surprisingly  close 
to  the  experimental  Ms,  as  demonstrated  in  Figure  12. 
This  makes  one  wonder  if  the  position  of  Ms  is  really 
determined  by  the  nucleation  process  or  has  something 
to  do  with  the  growth  conditions. 

Figure  13  shows  the  data  for  Bs  by  Ohmori  and 
Maki.'31'  These  data  fall  below  T0  but  seem  to  be  on  their 
way  to  cross  T0.  It  is  unfortunate  that  they  did  not  show 
the  extension  of  their  Bs  line  to  higher  carbon  contents. 
Possibly,  the  interference  of  pearlite  made  those 
measurements  more  difficult.  Anyway,  the  slope  of  the 
Bs  line  is  quite  different  from  the  slope  of  the  T0  line, 
and  these  data  can  hardly  be  taken  as  an  indication  that 
the  T0  line  plays  any  role  in  the  formation  of  bainite. 

Steven  and  Haynes'341  made  a  very  extensive  study  of 
the  formation  of  martensite  and  bainite  in  steels.  By 
regression  analysis,  they  fitted  an  equation  and  claimed 
that  it  should  be  valid  for  carbon  contents  0.1  to  0.55 
pet  and  manganese  contents  0.2  to  1.7  pet.  The  contents 
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Fig.  11 — Calculated  curves  where  a  diffusionless  transformation  y 
— »  a  can  take  place  adiabatically  for  two  different  driving  forces. 


Fig.  12  —  Comparison  of  the  experimental  Ms  line  and  lines  for  adi¬ 
abatic  growth. 


of  other  alloying  elements  are  allowed  to  be  zero.  For 
the  lower  manganese  limit,  their  equation  is  Bs  (°C)  = 
812  to  270 -[pet  C].  This  line  is  also  included  in 
Figure  13,  and  most  of  it  falls  well  above  the  T0  line. 

VI.  CONCLUSIONS  FOR  THE  FE-C  SYSTEM 

For  the  Fe-C  system  and  low  alloy  steels,  we  may 
draw  the  following  conclusions. 

(1)  The  edgewise  growth  rate  of  Widmanstatten  ferrite, 
including  bainite,  can  be  reasonably  well  accounted  for 
as  controlled  by  carbon  diffusion. 

(2)  The  edgewise  growth  rate  of  Widmanstatten  ferrite, 


Fig.  13 — Experimental  values  for  the  start  of  bainite  in  Fe-C  alloys 
compared  with  lines  for  diffusionless  transformation. 


including  bainite,  is  generally  too  low  to  give  a  notice¬ 
able  supersaturation  of  carbon. 

(3)  There  is  no  break  in  the  edgewise  growth  rate  which 
indicates  a  change  of  mechanism  that  would  distinguish 
bainite  from  Widmanstatten  ferrite. 

(4)  The  Bs  line  does  not  seem  to  be  related  to  the  T0 
line. 


VII.  BAINITE  IN  ALLOY  STEELS 

It  is  sometimes1221  stated  that  experimental  support  for 
the  idea  that  bainite  forms  initially  as  supersaturated  fer¬ 
rite  comes  from  the  so-called  incomplete  transformation 
to  bainite  close  to  Bs.  There,  the  formation  of  bainite  in 
some  alloy  steels  stops  before  the  remaining  austenite 
has  increased  its  carbon  content  to  the  A3  line.  As  an 
example,  Bhadeshia  and  Edmonds1351  estimated  the  car¬ 
bon  content  of  austenite  when  the  bainite  formation  stops 
by  measuring  the  volume  fraction  of  bainite  and  assum¬ 
ing  that  after  its  formation  as  supersaturated  ferrite  there 
is  time  for  the  carbon  to  diffuse  into  the  austenite  phase. 
They  accepted  Zener’s  suggestion  that  bainite  can  no 
longer  form  because  of  the  increased  carbon  content,  and 
the  calculated  carbon  content  of  the  remaining  austenite 
would  thus  represent  Bs  of  a  steel  with  that  carbon  con¬ 
tent  and  the  initial  alloy  content  (3.00  pet  Mn  and  2.12 
pet  Si).  Following  their  proposal,  the  dashed  line  shown 
in  Figure  14  was  calculated  from  the  same  data1361  and 
is  compared  with  the  T0  line.  It  intersects  the  T0  line  and 
has  a  completely  different  slope.  This  information  can 
hardly  be  taken  as  support  for  the  idea  that  bainite  forms 
below  T0. 

After  referring  to  the  incomplete  transformation  phe¬ 
nomenon  as  support  for  the  hypothesis  that  the  growth 
of  bainitic  ferrite  occurs  without  any  carbon  diffusion, 
Bhadeshia  and  Christian1221  state  that  “there  is  as  yet  no 
reasonable  alternative  explanation  of  this  phenomenon.” 
Thus,  it  may  be  justified  here  to  explain  the  role  of  alloy 
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elements  in  the  bainitic  transformation  although  this  sub¬ 
ject  has  been  covered  extensively  by  Aaronson,  e.g.,  in 
Reference  37. 

Hultgren  first  discovered  that  alloy  elements  in  steel 
do  not  partition  between  ferrite  and  carbide  in  the  bain¬ 
itic  transformation.  Believing  in  local  equilibrium  for 
carbon,  he  proposed  that  bainite  forms  under  paraequi- 
librium,  i.e.,  under  local  equilibrium  for  carbon  but 
without  any  diffusion  of  iron  or  substitutional  alloy  ele¬ 
ments  relative  to  each  other.  Hillert1381  pointed  out  that 
the  experimental  result  showing  no  partition  could  just 
as  well  be  explained  by  assuming  complete  local  equi¬ 
librium  at  the  interface  if  one  considers  the  formation  of 
a  thin  spike  (of  width  d  =  D/v)  of  the  alloy  elements 
in  front  of  the  moving  interface.  He  called  this  condition 
“false  paraequilibrium,”  but  today  the  notation  NPLE 
(no  partition,  local  equilibrium)  introduced  by 
Kirkaldy’s  group1391  is  more  common.  Hillert  also  de¬ 
scribed  how  the  conditions  would  change  from  false  par¬ 
aequilibrium  to  true  paraequilibrium  as  D/v  takes  values 
below  atomic  dimensions.  In  a  subsequent  article,140’  he 
proposed  that  the  transition  from  false  to  true  paraequi¬ 
librium  would  not  occur  so  quickly  because  the  mobility 
of  iron  and  alloy  elements  inside  the  interface  is  higher 
than  in  the  lattice.  As  D,a,,ic e/v  decreases  below  atomic 
dimensions,  the  spike  will  move  inside  the  interface  and 
have  an  effect  closely  related  to  the  so-called  solute 
drag.  A  first  attempt  to  model  this  process  has  been  pre¬ 
sented  by  Liu  and  Agren.’4” 

In  an  assessment  of  the  effect  of  alloy  elements  on  the 
growth  of  pearlite,’42’  it  was  found  that  the  effect  in  many 
cases  can  be  described  by  assuming  complete  local  equi¬ 
librium  with  a  spike  although  D>Mict/v  is  much  less  than 
1  A.  This  was  taken  as  an  indication  that  the  spike,  when 
moved  inside  the  interface,  can  have  about  the  same  ef¬ 
fect  as  it  has  in  front  of  the  interface.  On  the  other  hand, 


Pig.  14 — Calculated  lines  for  NPLE,  paraequilibrium,  and  diffusion¬ 
less  transformation  (/„)  in  a  steel  with  3.00  pet  Mn  and  2. 12  pet  Si. 
The  dashed  line  represents  an  estimate  of  the  carbon  content  of  the  y 
remaining  after  bainite  has  stopped  growing.  The  dotted  line  is  cal¬ 
culated  in  order  to  explain  experimental  growth  rates  in  a  similar  steel. 


the  fact  that  bainite  can  form  in  steels  with  9  pet  Ni, 
although  the  maximum  solubility  of  Ni  in  ferrite  is  only 
6.5  pet,  can  only  be  explained  by  assuming  that  the  ef¬ 
fect  is  smaller  for  bainite.  It  seems  reasonable  to  assume 
that  the  effect  of  a  spike  inside  the  interface  depends 
upon  the  structure  of  the  interface.  If  it  is  incoherent  and 
moves  by  individual  jumps  of  atoms  across  the  interface, 
then  there  should  always  be  time  enough  for  some  dif¬ 
fusion  of  iron  and  substitutional  alloy  elements  relative 
to  each  other  in  the  interface  and  the  spike  can  develop 
there.  If  the  interface  is  more  coherent,  the  diffusivity 
inside  the  interface  should  be  lower  and  the  spike  may 
not  develop  as  well. 

Kinsman  and  Aaronson143’  even  proposed  that  the  ef¬ 
fect  may  be  stronger  inside  the  interface  by  attraction 
between  a  carbide-forming  element  and  carbon.  Thus, 
they  explained  the  bay  in  the  transformation  curve  for 
ferrite  in  Fe-C-Mo  alloys. 

In  view  of  the  preceding  considerations,  it  would  be 
interesting  to  examine  where  the  actual  value  of  xy,a  falls 
relative  to  the  lines  for  true  and  false  paraequilibrium. 
Thus,  the  lines  for  (true)  paraequilibrium  and  NPLE 
(false  paraequilibrium)  were  included  in  Figure  14,  and 
the  position  of  the  dashed  line  seems  to  indicate  that 
bainite  in  this  case  grows  under  conditions  similar  to 
false  paraequilibrium  at  high  temperatures  but  moves  in 
the  direction  of  true  paraequilibrium  at  lower 
temperatures. 

Using  the  empirical  Eq.  [2j,  it  is  possible  to  predict 
the  growth  rate  under  true  and  false  paraequilibrium  by 
simply  taking  xy/o  from  these  lines.  The  results  are  pre¬ 
sented  in  Figure  15  together  with  a  curve  calculated  for 
a  pure  Fe-C  alloy  with  the  same  carbon  content  (0.43 
pet  C).  It  is  immediately  evident  that  the  effect  of  the 
alloy  elements  would  be  rather  small  if  bainite  could 
grow  under  true  paraequilibrium.  On  the  other  hand,  the 


log  v  (pm/s) 

Fig.  15  —  Edgewise  growth  rates  of  Widmanstatten  a  or  bainite  in  a 
steel  with  3.00  pet  Mn  and  2. 12  pet  Si.  Paraequilibrium  holds  if  there 
is  no  diffusion  of  the  alloy  elements  and  NPLE  if  there  is  full  local 
equilibrium  at  the  interface  but  an  alloy  spike  in  the  y  phase  which 
allows  a  to  grow  with  the  same  alloy  contents  as  the  initial  y  had. 
The  experimental  curve  is  for  a  steel  with  3.23  pet  Mn. 
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calculated  curve  for  false  paraequilibrium  (NPLE)  shows 
an  effect  of  many  orders  of  magnitude.  Unfortunately, 
no  edgewise  growth  data  have  been  reported  for  this 
steel.  Instead,  comparison  is  made  with  an  experimental 
curve  obtained  from  measurements  on  published  micro¬ 
graphs161  from  a  steel  with  a  similar  Mn  content,  3.23 
pet.  That  experimental  curve  falls  between  the  curves  for 
paraequilibrium  and  NPLE,  being  closer  to  the  NPLE 
line  at  higher  temperatures  but  moving  closer  to  the  para¬ 
equilibrium  line  at  lower  temperatures.  The  tendency  is 
more  evident  if  we  use  Eq.  [2]  and  evaluate  what  carbon 
content  is  required  in  austenite  at  the  interface  in  order 
to  yield  the  growth  rates  observed  experimentally.  Those 
results  are  plotted  with  a  dotted  line  in  Figure  14.  This 
curve  also  indicates  that  the  growth  conditions  for  bain- 
ite  are  close  to  false  paraequilibrium  at  high  tempera¬ 
tures  and  move  closer  to  true  paraequilibrium  at  lower 
temperatures  but  without  ever  getting  very  close. 

Ideally,  we  would  expect  the  dashed  and  dotted  lines 
in  Figure  14  to  coincide,  because  they  represent  the  same 
quantity,  xy,a,  except  for  the  difference  that  the  dashed 
line  has  been  obtained  at  zero  growth  rate  (or  rather  zero 
rate  of  nucleation)  and  the  dotted  line  from  the  experi¬ 
mental  growth  rates  given  in  Figure  15.  The  difference 
between  the  two  lines  can  be  explained  by  several  un¬ 
certainties  in  the  experimental  information.  In  addition, 
it  may  be  worth  while  emphasizing  that  the  stop  of  bain- 
ite  formation  may  also  be  affected  by  the  lack  of  nuclei 
for  new  plates  or  ledges  if  the  broad  faces  of  the  plates, 
already  formed,  are  immobile.  The  dashed  line  may  thus 
fall  to  the  left  of  actual  xy,a. 

Even  though  there  is  no  information  on  the  properties 
of  the  a/y  interface  with  regard  to  the  interaction  with 
alloy  elements  and  no  quantitative  predictions  can  be 
made,  it  is  evident  that  the  previous  considerations, 
which  are  based  upon  the  assumption  of  local  carbon 
equilibrium,  can  provide  a  “reasonable  alternative  ex¬ 
planation”  of  the  incomplete  transformation 
phenomenon. 

It  is  difficult  to  see  how  the  mobility  of  iron  and  alloy 
elements  in  a  glissile,  martensitic  interface  can  be  very 
much  higher  than  in  the  lattice.  For  such  an  interface, 
one  should  thus  move  away  from  false  paraequilibrium 
and  come  very  close  to  true  paraequilibrium  as  Dlatt,ce/ v 
decreases  below  atomic  dimensions.  The  experimental 
fact,  presented  in  Figure  15,  that  actual  growth  rates  are 
much  lower  than  predicted  by  paraequilibrium  indicates 
that  there  is  some  mobility  of  iron  and  the  alloy  element 
in  the  interface  and  may  thus  be  taken  as  strong  support 
for  the  opinion  that  bainite  does  not  grow  with  a  purely 
martensitic  interface.  On  the  other  hand,  the  position  of 
the  dotted  line  in  Figure  14  may  be  taken  as  an  indication 
that  the  interface  grows  more  and  more  coherent  at  lower 
temperatures  in  agreement  with  a  suggestion  by  Purdy 
and  Hillert1441  which  has  recently  been  modeled  by  Liu 
and  Agren.1451 

VIII.  CONCLUSIONS  FOR  ALLOY  STEELS 

For  bainite  in  alloy  steels  we  may  draw  the  following 
conclusions. 

(1)  The  Bs  line  does  not  seem  to  be  related  to  the  T0 
line. 


(2)  Bainite  grows  under  conditions  falling  between 
NPLE  and  paraequilibrium  conditions. 

(3)  The  growth  conditions  are  closer  to  NPLE  condi¬ 
tions  at  higher  temperatures  and  move  closer  to  para¬ 
equilibrium  conditions  at  lower  temperatures. 

(4)  Bainite  does  not  grow  with  a  purely  martensitic  type 
of  interface  but  may  become  more  and  more  coherent  at 
lower  temperatures. 
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The  Fine  Structure  and  Formation 
Mechanism  of  Lower  Bainite 


G.  SPANOS 

Isothermal  transformation  of  austenite  to  lower  bainite  was  studied  by  optical  microscopy  and 
transmission  electron  microscopy  (TEM),  in  two  high-purity  Fe-C-4  wt  pet  Mn-2  wt  pet  Si 
alloys  containing  0.4  and  0.6  wt  pet  carbon,  in  order  to  elucidate  the  fine  structure  and  formation 
mechanism  of  lower  bainite.  The  present  results  support  a  mechanism  for  lower  bainite  for¬ 
mation  presented  previously  in  which  lower  bainite  sheaves  result  from  the  formation  of  an 
aggregate  of  fine  ferrite  crystals  with  thin  austenite  “gaps”  between  them;  carbide  precipitation 
occurs  within  these  austenite  gaps.  This  mechanism  accounts  for  the  carbides  oriented  at  an 
angle  to  the  sheaf  axis  repeatedly  observed  in  lower  bainite  but  is  inconsistent  with  models 
based  on  the  precipitation  of  a  high-volume  fraction  of  carbides  within  highly  supersaturated 
ferrite  formed  by  high-velocity  shear.  Observations  by  a  number  of  other  researchers  are  re¬ 
viewed  and  shown  to  include  morphological  features  consistent  with  the  present  mechanism. 
Finally,  the  orientation  relationships  typically  observed  among  ferrite,  austenite,  and  carbides 
in  lower  bainite  are  reviewed  and  shown  in  most  (but  not  all)  cases  to  be  consistent  with  the 
view  that  carbides  precipitate  in  austenite  at  ferrite-austenite  boundaries,  also  in  agreement  with 
the  present  model. 


I.  INTRODUCTION 

SlNCE  publication  of  the  seminal  article  by 
Davenport  and  Bain1'1  in  1930,  the  ferrite-plus-carbide 
microstructure  known  as  bainite  has  been  widely  ac¬ 
cepted  as  an  important  product  of  austenite  decomposi¬ 
tion  in  steels.  In  1939,  Mehl[21  first  used  the  terms 
“upper  bainite”  and  “lower  bainite”  to  distinguish  be¬ 
tween  morphologies  of  bainite  formed  at  higher  and  at 
lower  temperatures,  respectively.  It  is  now  generally  ac¬ 
cepted  that  upper  bainite  consists  of  ferrite  laths  (or 
plates)  containing  carbides  nucleated  between  the  laths 
and  lying  roughly  parallel  to  the  lath  axis,13-41  while 
lower  bainite  is  composed  of  sheaves  of  ferrite  plates  in 
which  the  majority  of  the  carbides  are  oriented  in  a  sin¬ 
gle  direction  which  lies  at  an  appreciable  angle  to  the 
sheaf  axis.15'101 

In  a  recent  article  by  Spanos  et  al.  based  primarily  on 
transmission  electron  microscopy  (TEM)  observations  in 
Fe-C-2  pet  Mn*  alloys,  a  model  was  proposed  for  the 

'Unless  otherwise  specified,  all  compositions  given  in  this  article 
are  in  weight  percent. 

formation  of  lower  bainite  in  which  carbides  precipitate 
within  austenite  gaps,  or  films,  separating  fine  individ¬ 
ual  ferrite  crystals  comprising  a  lower  bainite  sheaf." 1J 
On  this  model,  the  sequence  of  events  which  lead  to  the 
formation  of  the  lower  bainite  sheaf  include  the  follow¬ 
ing:  (1)  the  initial  formation  of  a  largely  carbide-free  fer¬ 
rite  spine,  (2)  the  formation  of  the  fine  ferrite  crystals 
atop  the  spine,  (3)  precipitation  of  carbides  in  the  aus¬ 
tenite  gaps  between  the  ferrite  crystals,  presumably  at 
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ferrite-austenite  boundaries,  and  (4)  continued  growth  of 
the  ferrite  crystals  which  rapidly  consumes  the  austenite 
in  the  gaps,  quickly  causing  the  sheaf  to  resemble  a  sin¬ 
gle  monolithic  plate  (Figure  1)."I]  The  rapid  ferrite 
growth  in  the  final  step  of  this  process  can  occur  as  a 
consequence  of  the  return  of  supersaturation  in  the  aus¬ 
tenite  resulting  from  the  carbide  precipitation  in  the 
gaps. 

Alternatively,  perhaps  a  more  widely  accepted  view 
to  date  has  been  that  the  microstructure  shown  in 
Figure  1(a)  is  formed  ab  initio  as  a  single,  monolithic 
ferrite  plate  (e.g.,  Figure  2),"21*  and  that  the  carbides 

*For  this  reason,  the  term  lower  bainite  “sheaf”  will  be  used 
throughout  this  article  to  refer  to  the  microstructural  feature  that  in 
the  past  has  been  termed  a  lower  bainite  “plate”.13,5101 

precipitate  from  within  the  (presumably)  highly  super¬ 
saturated  ferritic  component  of  lower  bainite  which 
formed  by  high-velocity  shear. (5-13-14-151 

The  present  investigation  was  undertaken  in  order  to 
study  in  more  detail  the  mechanism  proposed  by  Spanos 
et  a/."11  by  employing  Fe-C-2  pet  Si-4  pet  Mn  alloys. 
This  combination  of  alloying  elements  was  chosen,  in 
part,  to  retain  the  austenite  matrix  at  room  temperature 
without  making  the  transformation  kinetics  unreasonably 
sluggish  in  the  lower  bainite  temperature  regime.  The 
purpose  of  the  Si  is  to  inhibit  carbide  precipitation  in 
order:  (1)  to  prevent  obscuration  of  the  details  of  the  fine 
structure  of  the  ferritic  component  of  lower  bainite  and 
(2)  to  avoid  carbon  depletion  of  the  austenite  matrix  ad¬ 
jacent  to  carbides  associated  with  lower  bainite.  The  re¬ 
sulting  increase  in  carbon  concentration  of  the  austenite 
adjacent  to  ferrite  crystals  helps,  in  addition  to  the  4  pet 
Mn,  to  suppress  the  Ms  temperature"61  below  room  tem¬ 
perature  in  these  regions.  In  this  way,  the  proposed  aus¬ 
tenite  gaps"11  can  be  observed  directly,  without 
transformation  to  carbides  and  ferrite  at  the  isothermal 
transformation  temperature,  or  transformation  to  mar¬ 
tensite  during  the  quench  to  room  temperature  (as  occurs 
in  the  Fe-C-2  pet  Mn  alloys  studied  by  Spanos  et  a/.""). 
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Additionally,  a  brief  review  is  made  of  observations 
by  a  number  of  other  researchers  of  morphological  fea¬ 
tures  which  can  be  explained  by  the  mechanism  of  lower 
bainite  formation  described  previously1'11  and  confirmed 
here.  Finally,  an  analysis  and  review  of  the  crystallog¬ 
raphy  of  carbide  precipitation  in  lower  bainite  is  pre¬ 
sented  in  order  to  provide  insight  into  the  question  as  to 
whether  the  carbides  precipitate  in  austenite  or  in  ferrite. 

nzzzzzP^59 


I 


Fig.  1  —  (a)  Schematic  illustration  of  the  mechanism  of  lower  bainite 
formation  proposed  by  Spanos  et  al.1"1  ( b )  and  (c)  Bright-field  TEM 
micrographs  of  lower  bainite  formed  in  an  Fe-0.95  pet  C-l  .93  pet  Mn 
alloy  isothermally  reacted  at  250  °C  for  15,000  s,  reproduced  from 
Ref.  11.  Arrows  in  ( c )  highlight  serrations  near  the  tip  of  a  lower 
bainite  sheaf. 


II.  EXPERIMENTAL  PROCEDURE 

Two  high  purity  Fe-C-Mn-Si  alloys  were  used  in  this 
investigation;  the  compositions  and  the  Ms  temperatures, 
the  latter  determined  by  dilatometry,  are  listed  in 
Table  I.  The  alloys  were  prepared  by  vacuum  induction 
melting  of  45  kg  heats,  and  the  ingots  were  then  hot 
rolled  into  bars  with  a  cross  section  of  about  0.04  x 
0.04  m.  After  scale  removal  by  grinding,  0.025  x 
0.025  x  0.08  m  bars  of  each  alloy  were  encapsulated  in 
quartz  tubes  containing  1  /3  atm  (at  room  temperature) 
of  purified  argon  and  homogenized  for  3  days  at 
1250  °C.  Chemical  analysis  was  performed  before  and 
after  homogenization  to  ascertain  whether  or  not  decar¬ 
burization  had  occurred  during  this  procedure;  no  sig¬ 
nificant  loss  of  carbon  was  detected.  Slices  of  0.025  x 
0.025  x  0.003  m  were  cut  from  the  homogenized  bars, 
annealed  at  600  °C  for  5400  seconds  in  a  deoxidized 
molten  lead  bath  to  avoid  cracking  during  subsequent 
rolling,  and  cold  rolled  to  a  thickness  of  0.00025  m. 

Individual  specimens  of  0.008  X  0.008  X  0.00025  m 
cut  from  the  cold-rolled  strips  were  then  austenitized  for 
1500  seconds  at  1200  °C  in  a  deoxidized  barium  chloride 
salt  bath,1'71  isothermally  reacted  in  a  stirred,  deoxidized 
Wood’s  metal  bath  at  temperatures  in  the  range  of 
200  °C  to  350  °C,  and  finally  quenched  into  room- 
temperature  brine.  Approximately  12  reaction  times 
were  employed  at  each  reaction  temperature  in  order  to 


Fig.  2  —  Schematic  illustration  of  a  monolithic  lower  bainite  plate. 
Taken  from  Ref.  12. 


Table  I.  Alloy  Compositions 
(in  Weight  Percent)  and  Ms  Temperatures 


c 

Mn 

Si 

P 

s 

Ms  (°C) 

0.41 

4.01 

1.99 

0.004 

0.006 

205 

0.60 

4.02 

2.02 

0.002 

0.006 

135 
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follow  the  transformation  from  beginning  to  end  and 
identify  suitable  reaction  times  for  TEM  studies.  Reac¬ 
tion  times  were  chosen  to  yield  relatively  high-volume 
fractions  of  bainite.  In  this  way,  for  bainitic  growth  by 
a  diffusional  mechanism,  as  supported  by  Aaronson  and 
co-workers, [ll'13,18"20]  enough  carbon  would  be  rejected 
into  the  austenite  matrix  during  the  growth  of  the  bainitic 
ferrite  to  suppress  locally  the  Ms  temperature  below 
room  temperature  in  the  vicinity  of  the  lower  bainite  and 
thus  permit  retention  of  large  amounts  of  austenite. 

Specimens  for  optical  microscopy  were  etched  with 
LePera’s  etchant.1211  Transmission  electron  microscopy 
specimens  were  prepared  by  chemically  thinning  heat- 
treated  specimens  to  a  thickness  of  0.05  mm  using  a  so¬ 
lution  of  10  pet  HF,  15  pet  H20,  and  80  pet  H202.  Disks 
3  mm  in  diameter  were  then  punched  and  thinned  to  per¬ 
foration  by  jet  polishing  in  a  twin-jet  FISCHIONE*  unit 

*FISCHIONE  is  a  trademark  of  Fischione  Company,  Pittsburgh, 
PA. 


with  a  solution  consisting  of  100  g  of  anhydrous  sodium 
chromate  dissolved  in  500  ml  of  glacial  acetic  acid.  The 
jet  polishing  was  performed  at  room  temperature  with  an 
operating  voltage  of  60  V,  yielding  a  current  between 
20  and  25  mA. 

Transmission  electron  microscopy  observations  were 
performed  on  both  a  JEOL  200CX  instrument  operating 
at  200  kV  and  a  PHILIPS*  CM30  instrument  operating 

*PHILIPS  is  a  trademark  of  Philips  Electronic  Instruments  Corp., 
Mahwah,  NJ. 


at  300  kV. 

III.  RESULTS 

Although  several  different  isothermal  reaction  tem¬ 
peratures  were  studied,  the  results  for  only  a  single  tem¬ 
perature  for  each  alloy  are  presented  here.  These 
representative  temperatures  were  chosen  to  be  low 
enough  to  ensure  transformation  to  lower  bainite,  yet 
high  enough  above  the  Ms  temperature  to  ensure  no  for¬ 
mation  of  athermal  martensite  during  isothermal  trans¬ 
formation,  and  also  high  enough  to  avoid  formation 
of  isothermal  martensite  at  temperatures  just  above 
Ms.[22~251 

A.  Fe-0.4  pet  C-4.01  pet  Mn-1 .99  pet  Si 
reacted  at  275  °C 

Optical  micrographs  of  lower  bainite  reacted  for  two 
different  transformation  times  are  presented  in  Figure  3. 
The  plate  morphology  typical  of  lower  bainite  is  obvious 
at  this  level  of  magnification.  Higher  magnification 
TEM  micrographs  of  these  lower  bainite  sheaves  are  pre¬ 
sented  in  Figure  4.  In  Figure  4(a),  the  dark  features  lying 
within  the  bright  sheaves  (SI)  and  at  an  angle  to  the  axis 
of  these  sheaves  are  similar  in  appearance  to  typical 
lower  bainitic  carbides.  However,  they  are  actually  re¬ 
gions  of  retained  austenite,  as  evidenced  by  the  dark- 
field  micrograph  of  Figure  4(b)  which  was  taken  from  a 
(200)  austenite  reflection.  Due  to  the  high-silicon  con¬ 
centration  in  this  alloy,  carbide  precipitation  has  been 


inhibited  during  this  heat  treatment,  and  the  austenite 
gaps  of  the  mechanism  proposed  by  Spanos  et  a/.1"1 
have  now  been  directly  imaged.  Notice  that  many  gaps 
within  the  three  lower  bainite  sheaves  (SI)  are  simul¬ 
taneously  brightly  imaged  from  a  single  austenite  re¬ 
flection  in  Figure  4(b)  because  they  have  all  formed 
within  the  same  austenite  grain.  Only  the  ferrite  in  the 
lower  bainite  sheaf  which  appears  very  dark  (S2)  in  the 
bright-field  micrograph  in  Figure  4(a)  is  imaged  brightly 
in  the  dark  field  in  Figure  4(b).  This  is  due  to  a  ferrite 
reflection  that  was  also  included  in  the  selected  area  dif¬ 
fraction  aperture  because  it  was  immediately  adjacent  to 
(and  partially  overlapping)  the  austenite  reflection  used 
in  Figure  4(b)  (see  the  arrows  in  Figure  4(c)).  It  is  thus 
obvious  that  this  ferrite  sheaf  (S2)  is  of  a  different  crys¬ 
tallographic  orientation  than  the  other  three  (designated 
SI  in  Figures  4(a)  and  (b)).  Although  a  long  ferrite  re¬ 
gion  predominantly  free  of  the  angular  austenite  gaps  is 
observed  along  the  top  portion  of  the  sheaf  furthest  to 
the  right,  and  is  pointed  out  by  an  arrow  in  Figure  4(a), 
clearly  discemable  ferrite  “spines”  with  discrete  ferrite- 
ferrite  boundaries  between  the  spine  and  the  remainder 
of  the  sheaf,  as  reported  by  Spanos  et  al.  in  Fe-C-Mn 
alloys1”1  (Figure  1(a)),  were  not  frequently  observed  in 
the  Fe-C-Mn-Si  alloys  studied  here.  It  is  unclear  whether 
the  presence  of  Si  could  affect  the  formation  of  the  fer¬ 
rite  spines,  or  if  the  current  lack  of  observation  is  largely 
apparent  as  a  consequence  of  sectioning  the  thin  foil  in 
a  plane  above  or  below  the  spine. 

The  diffraction  pattern  corresponding  to  these  micro¬ 
graphs  is  presented  in  Figure  4(c),  with  the  austenite  re¬ 
flections  indexed  in  the  accompanying  diagram.  Another 
austenite  pattern  from  gaps  in  bainite  sheaves  in  a  dif¬ 
ferent  region  of  the  same  specimen,  corresponding  to  a 
(21 1)  austenite  zone  axis  in  which  the  diffraction  spots 
are  more  easily  discemable,  is  presented  in  Figure  5. 

The  dark-field  micrograph  in  Figure  6  shows  many 
austenite  gaps  contained  within  multiple  sheaves  of 
lower  bainite  in  a  single  austenite  grain.  Many  similar 
observations  were  made  in  which  austenite  gaps  within 
numerous  sheaves  were  repeatedly  imaged  within  a  sin¬ 
gle  austenite  grain  by  using  any  of  the  individual  aus¬ 
tenite  reflections  in  the  corresponding  diffraction 
pattern. 

The  sheaf  near  the  right-center  portion  of  Figure  6 
demonstrates  the  presence  of  two  different  types  of  mor¬ 
phology  of  austenite  gaps.  Long  austenite  films  lying 
roughly  parallel  to  the  sheaf  axis  are  labeled  Al  in  this 
figure.  A  higher  density  of  smaller  austenite  gaps  which 
lie  at  an  angle  to  the  sheaf  axis  and  are  often  continuous 
with  the  Al  gaps  are  designated  A2  in  Figure  6.  These 
two  types  of  gap  morphology  were  often  observed  and 
will  be  referred  to  throughout  the  remainder  of  this 
article. 

Bright-field  micrographs  of  lower  bainite  formed  in 
Fe-0.34  pet  C-2  pet  Mn  (reproduced  from  Reference  11) 
and  in  the  Fe-0.41  pet  C-4.01  pet  Mn-1. 99  pet  Si  alloy 
studied  here  are  presented  in  Figures  7(a)  and  (b),  re¬ 
spectively,  for  comparison.  In  Figure  7(a),  the  gaps  have 
already  transformed  to  cementite  and  ferrite;1”1  if  any 
small  amount  of  austenite  did  remain  in  the  gaps  after 
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Fig.  3  —  Optical  micrographs  of  bainite  formed  in  an  Fe-0.41  pet 
(b)  40,000  s. 


isothermal  transformation,  it  would  likely  have  trans¬ 
formed  to  martensite  during  the  quench  to  room  tem¬ 
perature  in  this  alloy.  On  the  other  hand,  in  Figure  7(b), 
carbide  precipitation  has  been  inhibited  due  to  the  pres¬ 
ence  of  Si  in  this  alloy,  and  plenty  of  austenite  remains 
in  the  gaps.  Thecorresponding  dark-field  micrograph, 
taken  from  a  (Til)  austenite  reflection  and  presented  in 
Figure  7(c),  highlights  the  gaps  shown  in  the  bright  field 
in  Figure  7(b). 

B.  Fe-0.60  pet  C-4.02  pet  Mn-2.02  pet  Si 
Reacted  at  200  °C 

Optical  micrographs  of  lower  bainite  in  the  higher  car¬ 
bon  alloy  reacted  at  200  °C  for  two  different  transfor¬ 
mation  times  are  presented  in  Figure  8.  The  typical 
platelike  morphology  of  lower  bainite  is  again  obvious 
when  viewed  at  this  level  of  magnification.  Higher  mag¬ 
nification  TEM  bright-field  and  dark-field  micrographs 
from  a  group  of  sheaves  are  presented  in  Figure  9.  Long 
films  of  retained  austenite  lying  roughly  parallel  to  the 
sheaf  axis  are  again  evident  between  lower  bainite 
sheaves;  typical  examples  (labeled  Al)  are  shown  in  the 
dark-field  micrograph  presented  in  Figure  9(b).  There 
are  also  a  number  of  the  somewhat  shorter  gaps  contin¬ 
uous  with  these  films  but  lying  at  a  larger  apparent  angle 
to  the  sheaf  axis.  These  are  thinner  and  often  very  faint; 
some  of  the  brighter  ones  are  again  labeled  A2  in 
Figure  9(b).  The  microstructural  features  shown  in 
Figure  9  are  thus  quite  similar  to  those  in  lower  bainite 
formed  in  the  0.41  pet  C  alloy  and  presented  in 
Figures  4  and  6.  Figure  9(b)  also  demonstrates  that,  just 
as  in  the  0.41  pet  C  alloy,  a  single  reflection  lights  up 


gaps  lying  along  different  directions.  Sheaves  of  more 
than  one  crystallographic  variant  of  ferrite  are  apparently 
present  in  Figures  9(a)  and  (b),  since  only  one  variant 
of  the  sheaves  shown  in  these  micrographs  is  imaged  in 
dark  field  from  the  ferrite  reflection  used  in  Figure  9(c). 
Additionally,  at  least  some  of  the  other  bright  areas 
shown  in  Figure  9(b)  could  have  been  due  to  ferrite 
and/or  martensite  spots  overlapping  the  austenite  reflec¬ 
tion  used  in  this  dark-field  micrograph. 

An  isolated  lower  bainite  sheaf  is  presented  in 
Figure  10.  The  fine  structure  of  the  sheaf  is  again  dem¬ 
onstrated  in  these  micrographs.  The  angular  gap  mor¬ 
phologies  are  pointed  out  by  short  arrowheads  in 
Figures  10(a)  and  (b).  In  these  micrographs  of  the  higher 
carbon  alloy,  although  the  image  contrast  suggests  the 
possibility  that  carbide  precipitation  occurred  within  the 
gaps,  the  diffraction  patterns  obtainable  could  not  be  un¬ 
equivocally  indexed  as  either  epsilon  carbide  or  ce- 
mentite.  It  is  possible  that  a  large  austenite  film  between 
sheaves  may  have  been  present  in  this  case  also,  but  any 
austenite  in  these  regions  apparently  fell  out  of  the  foil 
during  thinning,  as  evidenced  by  the  large  region  void 
of  material,  running  across  the  top  of  the  sheaf  and 
pointed  out  by  a  large  horizontal  arrow  in  Figures  10(a) 
and  (b). 

IV.  DISCUSSION 

A.  Comparison  with  Morphological  Observations  of 
Some  Other  Investigators 

Many  previous  studies  in  other  alloy  systems  have  re¬ 
vealed  morphological  features  similar  to  those  presently 


C-4.01  pet  Mn-1.99  pet  Si  alloy  reacted  at  275  °C  for  (a)  20,000  s  and 
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Fig.  4 — Lower  bainite  sheaves  formed  in  an  Fe-0.41  pet  C-4.01  pet  Mn-1.99  pet  Si  alloy  reacted  at  275  °C  for  40,000  s.  (a)  Bright-field  TEM 
micrograph,  ( b )  corresponding  dark-field  micrograph  taken  from  an  austenite  reflection,  and  (c)  corresponding  diffraction  pattern.  SI  and  S2 
designate  sheaves  corresponding  to  different  crystallographic  variants  of  ferrite. 


observed,  suggesting  that  the  mechanism  of  lower  bain¬ 
ite  formation  proposed  earlier1111  and  supported  here  may 
also  be  operative  in  systems  other  than  just  Fe-C-4  pet 
Mn-2  pet  Si  and  Fe-C-2  pet  Mn.[UI  Some  of  these  prior 
observations  will  now  be  briefly  reviewed  in  the  context 
of  the  present  mechanism. 
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In  a  1967  TEM  investigation  of  an  Fe-0.6  pet 
C-6.2  pet  Ni  alloy,  Yada  and  Ooka[26]  showed  that  the 
tips  of  lower  bainite  plates  had  a  serrated  edge,  with 
“lathlike  defects”1271  extending  back  from  the  serrations; 
carbide  precipitation  occurred  in  association  with  these 
defects.  As  pointed  out  previously,1281  the  lathlike  defects 
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Fig.  6 — Dark-field  TEM  micrograph  taken  from  an  austenite  reflec¬ 
tion  in  an  Fe-0.41  pet  C-4.01  pet  Mn-1.99  pet  Si  alloy  reacted  at 
275  °C  for  100,000  s.  Austenite  gaps  contained  within  multiple 
sheaves  of  lower  bainite  (within  a  single  austenite  grain)  appear  bright 
in  this  micrograph.  A1  and  A2  arrows  point  out  austenite  gaps 
(roughly)  parallel  and  at  an  angle  to  the  corresponding  sheaf  axis, 
respectively. 


observed  by  Yada  and  Ooka[26]  may,  in  the  context  of 
the  Spanos  et  al.  mechanism,1111  correspond  to  thin  aus¬ 
tenite  gaps  which  have  been  rapidly  filled  in  with  car¬ 
bides  and  subsequently  with  ferrite. 

In  1970,  Hehemann  reported  that  “Lower  bainite 
plates  generally  exhibit  one  straight  edge  and  thicken 
from  one  side  only,”  as  demonstrated  in  a  4360  (0.6  pet 
C)  steel  reacted  at  345  °C.[5]  In  light  of  the  new  model, 
it  would  appear  that  the  thickening  side,  or  “rough”  side, 
corresponds  to  the  serrated  side  of  the  sheaf  resulting 
from  the  presence  of  the  gaps,  and  that  the  smooth  side 
corresponds  to  the  largely  carbide-free  ferrite  spine.11 11 

In  an  Fe-0.54  pet  C-1.87  pet  Si-0.79  pet  Mn-0.3Cr 
alloy  reacted  at  315  °C,  Huang  and  Thomas181  observed 
“S-shaped”  untransformed  austenite  regions  in  bainite 
formed  at  315  °C.  These  regions  resemble  the  austenite 
gaps  observed  here,  though  the  gaps  in  the  present  study 
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Fig.  7  —  Bright-field  micrographs  of  lower  bainite  formed  in  (a)  an 
Fe-0.34  pet  C-2  pet  Mn  reacted  at  350  °C  for  40  s  (reproduced  from 
Ref.  11)  and  ( b )  an  Fe-0.41  pet  C-4.01  pet  Mn-1.99  pet  Si  alloy 
reacted  at  275  °C  for  100,000  s,  for  comparison. _(c)  Dark-field  TEM 
micrograph  corresponding  to  (b),  taken  from  a  (111)7  reflection. 


appear  to  be  more  uniformly  oriented  at  a  distinct  angle 
to  the  sheaf  axis.  This  may  be  related  to  the  lower  iso¬ 
thermal  transformation  temperatures  (275  °C  and  200  °C) 
employed  here.  Additionally,  Huang  and  Thomas  used 
crystallographic  and  morphological  evidence  to  deduce 
that  the  carbides  in  bainite  formed  in  the  temperature 
range  of  275  °C  to  400  °C  precipitated  from  within  the 
austenite  phase  (in  both  the  alloy  just  noted  and  in  an 
Fe-0.4  pet  C-1.73  pet  Si  alloy).181 

In  a  more  recent  TEM  study  of  a  binary  Fe-0.7  pet  C 
alloy,  Ohmori  proposed  a  mechanism  in  which  “Thick¬ 
ening  of  a  bainite  plate  occurs  by  the  side-by-side  nu- 
cleation  of  thin  bainite  plates.”  Cementite  nucleation 
was  suggested  to  occur  at  ferrite-austenite  boundaries 
bordering  enriched  austenite  layers  located  at  the  tips  of 
the  thin  ferrite  crystals  comprising  the  composite 
plate.1291  Thus,  Ohmori’s  conclusion  that  lower  bainite 
plates  in  an  Fe-0.7  pet  C  alloy  are  actually  a  composite 
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Fig.  5  —  Diffraction  pattern  corresponding  to  a  (211)  austenite  zone 
axis.  Taken  from  a  different  region  (and  different  tilt  conditions)  of 
the  same  specimen  presented  in  Fig.  4. 


of  fine  ferrite  crystals  at  whose'  ferrite-austenite  inter¬ 
faces  carbide  nucleation  occurs  is  in  complete  agreement 
with  the  observations  presented  in  this  article  and  can  be 
understood  in  terms  of  the  mechanism  of  Spanos  et  al.lU] 
On  the  other  hand,  Ohmori’s  proposed  mechanism  dif¬ 
fers  critically  from  the  one  supported  here  in  two  im¬ 
portant  ways.  First,  he  did  not  consider  (or  observe)  thin 
austenite  gaps  or  films  extending  back  into  the  lower 
bainite  sheaves.  This  was  most  likely  because  in  his 
alloy  there  was  no  silicon  to  inhibit  carbide  precipitation; 
therefore,  once  carbides  promptly  formed  in  the  (pre¬ 
sumed)  gaps,  supersaturation  in  the  austenite  should 
have  quickly  returned,  allowing  continued  growth  of  fer¬ 
rite  to  consume  rapidly  any  remaining  austenite  in  the 
gaps.  Additionally,  Ohmori  was  not  able  to  retain  any 
austenite  at  room  temperature  in  the  Fe-0.7  pet  C  alloy 
studied.1291  Consequently,  even  if  a  small  amount  of  aus¬ 
tenite  were  left  in  gaps  after  completion  of  isothermal 
reaction,  it  would  have  transformed  to  martensite  during 
the  quench  to  room  temperature.  These  are  presumably 
the  same  reasons  why  Spanos  et  al.  were  not  able  to 
retain  the  austenite  gaps  in  their  Fe-C-2  pet  Mn  alloys.1111 
A  second  major  difference  in  Ohmori’s  mechanism  is 
that  he  suggested  that  the  formation  of  the  small  ferrite 
crystals  comprising  a  sheaf  occurs  by  a  displacive  rather 
than  a  diffusional  mechanism,1111  with  some  carbon 
supersaturation  remaining  in  the  ferrite.1291 

Very  recently,  Sun  et  al. 1301  studied  bainite  formation 
in  Fe-C-Mn-Si-Cr  alloys  reacted  at  3f0  °C.  They  also 
observed  retained  austenite  films  between  bainitic  ferrite 
crystals,  which  they  termed  A{,  (parallel  to  the  overall 
sheaf)  and  A"  films  (bending  into  the  sheaf  at  a  relatively 
small  angle).  Their  A*  films  closely  resemble  the  large 
Al  austenite  regions  observed  here  and  their  A^1  films 
somewhat  resemble  the  A2  gaps  currently  observed,  but 
their  films  typically  lie  at  a  smaller  angle  to  the  sheaf 
axis  and  are  much  fewer  in  number  than  those  presently 
observed.  These  differences  may  be  due  in  part  to  dif¬ 
ferences  in  composition  between  the  alloys  used  in  the 
two  investigations  (compare  Table  I  here  and  Table  I  of 
Reference  30),  since  it  is  well  known  that  substitutional 
alloying  elements  strongly  affect  the  formation  and  mor¬ 
phology  of  ferrite  in  steels.131,32'331  In  contrast  to  the  pres¬ 
ent  study,  Sun  et  al.  repeatedly  observed  midribs  in  their 
bainite,  most  likely  due  to  the  fact  that  their  isothermal 
reaction  temperatures  were  very  near  the  Ms  tempera¬ 
tures  (within  20  °C  to  29  °C)  in  their  alloys.  Thus,  the 
bainite  they  observed  probably  nucleated  atop  isothermal 
martensite  midribs  formed  just  above  the  Ms  tempera¬ 
ture;  this  type  of  phenomena  has  been  characterized  in 
detail  by  Okamoto  and  Oka123,24,251  and  was  also  observed 
earlier  by  Smith  et  al.l22] 

In  a  study  of  an  Fe-0.4  pet  C-2  pet  Si-3  pet  Mn  alloy, 
Bhadeshia  observed  ferrite-plus-austenite  micro¬ 
structures  similar  to  the  lower  bainite  reported  by  Sun 
et  a/.,1301  but  he  referred  to  these  microstructures  as 
upper  bainite,  even  when  they  formed  below  300  °C.  At 
an  isothermal  reaction  temperature  of  286  °C,  he  re¬ 
ported  the  coexistence  of  this  microstructure  and 
carbide-containing  bainite,  the  latter  which  he  referred 
to  as  lower  bainite.  In  the  present  investigation,  one  type 
of  reaction  product  was  observed  for  a  series  of  iso¬ 
thermal  transformation  times  studied  in  the  lower  bainite 


Fig.  8  —  Optical  micrographs  of  bainite  formed  in  an  Fe-0.60  pet 
C-4.02  pet  Mn-2.02  pet  Si  alloy  reacted  at  200  °C  for  (a)  858,240  s 
and  ( b )  1 ,096,860  s. 


temperature  range.  This  product  was  identified  here  as 
lower  bainite  (in  which  carbide  precipitation  was  inten¬ 
tionally  inhibited  in  order  to  study  the  austenite  gaps) 
due  to  its  morphological  resemblance  with  lower  bainite 
formed  in  many  other  alloys. [3,4,11,26,30,341 

In  a  Ti-4.9  at.  pet  Cr  alloy  reacted  at  540  °C,  Enomoto 
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Fig.  9  —  Transmission  electron  microscopy  micrographs  of  lower  bainite  sheaves  formed  in  an  Fe-0.60  pet  C-4.02  pet  Mn-2.02  pet  Si  alloy 
reacted  at  200  °C  for  2,439,060  s.  ( a )  Bright-field  TEM  micrograph,  ( b )  corresponding  dark-field  micrograph  taken  from  an  austenite  reflection, 
and  (c)  corresponding  dark-field  micrograph  taken  from  a  ferrite  reflection.  A1  and  A2  gap  morphologies  are  indicated  in  (b). 


and  Fujita1351  studied  lower  bainite  formation  resulting  engulfed  by  the  a  plate  to  from  globular  TiCr2  com- 

from  the  eutectoid  reaction:  ft  — »■  a  +  TiCr2.  They  stated  pounds  which  appear  just  as  if  they  were  precipi- 

that  a  tated  from  the  supersaturated  large  a  plate. 

“.  .  .  sheaf  of  thin  plates  is  formed  and  thicken  with  However  a  closer  inspection  soon  reveals  that  these 

time  initially.  .  .As  time  is  increased  to  an  hour  or  compound  particles  are  forming  a  row  which  indi- 

so,  the  constituent  plates  begin  to  coalesce  and  fi-  cates  the  location  of  prior  a//3  interfaces  at  which 

nally  form  one  large  plate.  The  retained  j3  matrix  is  thin  plates  were  amalgamated.”1351 
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Fig.  9  Cont. — Transmission  electron  microscopy  micrographs  of  lower  bainite  sheaves  formed  in  an  Fe-0.60  pet  C-4.02  pet  Mn-2.02  pet  Si 
alloy  reacted  at  200  °C  for  2,439,060  s.  (a)  Bright-field  TEM  micrograph,  ( b )  corresponding  dark-field  micrograph  taken  from  an  austenite 
reflection,  and  (c)  corresponding  dark-field  micrograph  taken  from  a  ferrite  reflection.  A1  and  A2  gap  morphologies  are  indicated  in  (b). 


This  mechanism  is  essentially  identical  to  the  one  pre¬ 
sented  here.  It  thus  appears  that  the  mechanism  of  the 
lower  bainite  formation  originally  suggested  by  Spanos 
et  al.lu]  and  supported  by  the  present  work  may  also  be 
applicable  to  at  least  some  nonferrous  alloy  systems. 

It  is  not  clear  why  discrete  ferrite-ferrite  boundaries 
sometimes  observed  by  Spanos  et  al.  between  ferrite 
spines  and  the  fine  ferrite  crystals  comprising  lower 
bainite  sheaves  in  Fe-C-2  pet  Mn  alloys11 1]  were  not  ob¬ 
served  in  the  present  study.  Instead,  the  long,  thin  ferrite 
regions  occasionally  observed  here  were  continuous 
with,  and  imaged  from  the  same  dark-field  reflections 
as,  the  fine  ferrite  crystals  comprising  the  majority  of 
the  sheaf;  the  former  regions  were  thus  apparently  of  the 
same  crystallographic  variant  as  the  fine  ferrite  crystals. 

B.  Crystallography 

The  crystallographic  relationships  among  carbide, 
austenite,  and  ferrite  in  lower  bainite  are  sometimes  used 
to  gain  insight  into  whether  the  carbides  precipitate  from 
within  a  highly  supersaturated  ferrite  or  from  within  aus¬ 
tenite.  In  this  vein,  unique  orientation  relationships 
(ORs)  which  provide  good  atomic  matching  between  the 
precipitate  and  matrix  lattices  are  generally  obtained  dur¬ 
ing  solid-solid  phase  transformations  in  order  to  mini¬ 
mize  the  barrier  to  precipitate  nucleation.1361  In  the 
present  context,  if  the  carbides  nucleate  in  austenite  gaps 
(presumably  at  ferrite-austenite  interfaces),1"1  an 
austenite-carbide  OR  which  allows  for  good  atomic 
matching  would  be  expected.  Hence,  a  review  and  anal¬ 
ysis  of  the  crystallography  of  lower  bainite  will  now  be 
presented. 


The  ferrite-austenite  ( a-y )  OR  observed  in  this  study 
was  usually  within  a  few  degrees  of  the  Kurdjumov- 
Sachs1371  OR  as  demonstrated  in  the  diffraction  pattern 
presented  in  Figure  1 1 .  A  common  representation  of  this 
OR  is 

(HO)a//  (lll)-y 

[liiL//  [oii]7  [1] 

This  OR  has  been  reported  previously  for  lower  bain¬ 
ite!1431  Occasionally,  the  Nishiyama-Wasserman139,401 
OR,  which  corresponds  to  a  rotation  of  5.26  deg  from 
the  Kurdjumov-Sachs  OR  about  the  normal  to  the  par¬ 
allel  close  packed  planes,  has  also  been  reported  for 
lower  bainite.1411 

In  the  alloys  investigate  here,  diffraction  patterns  from 
carbides  were  not  obtained,  mainly  since  carbide  pre¬ 
cipitation  was  avoided  in  order  to  retain  and  study  the 
austenite  gaps.  Nevertheless,  the  Bagaryatskii1421  OR  be¬ 
tween  ferrite  and  cementite,  c,  has  been  repeatedly  ob¬ 
served  for  lower  bainite. 138,41,431  This  OR  may  be 
represented  as 

(H0)a//  (100)c 

[lil]«//  [010]e  [2] 

In  order  to  study  the  three-phase  crystallography 
among  ferrite,  cementite,  and  austenite  in  bainite,  one 
can  combine  the  operative  a-y  and  a-c  ORs.  Thus,  using 
the  specific  variants  of  the  ferrite,  austenite,  and  ce¬ 
mentite  crystallographic  relationships  given  by  Eqs.  [1] 
and  [2],  respectively,  the  three-phase  crystallography 
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Fig.  10 — Transmission  electron  microscopy  micrographs  of  lower  bainite  sheaves  formed  in  an  Fe-0.60  pet  C-4.02  pet  Mn-2.02  pet  Si  alloy 
reacted  at  200  °C  for  1,096,860  s.  (a)  Bright-field  TEM  micrograph,  (b)  corresponding  dark-field  micrograph  of  the  gaps,  and  (c)  corresponding 
dark-field  micrograph  taken  from  a  ferrite  reflection.  In  (a)  and  (b),  angular  gap  morphologies  are  pointed  out  by  short  arrowheads,  while  the 
large  horizontal  arrow  indicates  an  area  void  of  material  running  along  the  top  of  the  sheaf. 


represented  in  Figure  12  was  generated  on  a  computer.  cementite-austenite  OR  generated  in  the  present  analysis 

It  can  be  seen  that  low  index,  closed-packed  planes,  and  corresponds  to  a  rotation  from  the  appropriate  variant  of 

directions  are  parallel  in  all  three  crystals  structures,  i.e.,  the  Pitsch  OR,[45,46]  which  is  usually  observed  for 

that  the  cementite  exhibits  reasonable  matching  with  proeutectoid  cementite  plates, 144,45,461  of  about  5.8  deg 

both  the  ferrite  lattice  and  the  austenite  lattice.  In  par-  about  the  (010)c//(l  10)y  “good  matching”  direction, 

ticular,  in  a  study  of  proeutectoid  cementite  plates,  This  rotation  is  represented  in  Figure  12  by  the  5.8  deg 

Spanos  and  Aaronson1441  used  atom  matching  computer  angle  between^  the  (455)y  and  the  (100)c  poles  and  be- 

studies  to  show  that  the  [010]c//(l  10)7  parallelism,  tween  the  (522)y  and  the  (001  )f  poles, 

which  is  present  in  Figure  12,  represents  the  direction  of  Whether  the  specific  crystallographic  variants  de¬ 

best  fit  between  the  cementite  and  austenite  lattices.  The  scribed  previously  (and  represented  by  the  combination 
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.  #  •  Austenite  (7)  :  0 

(, b )  Ferrite  (a)  :  • 

Fig.  11  —  (a)  Diffraction  pattern  corresponding  to  the  Kurdjumov- 
Sachs  OR|37]  between  bainitic  ferrite  and  austenite  in  the  Fe-0.41  pet 
C-4.01  pet  Mn-1.99  pet  Si  alloy  reacted  at  275  °C  for  100,000  s. 
( b )  Diffraction  pattern  generated  by  a  computer  assuming  the 
Kurdjumov-Sachs  OR  and  corresponding  to  the  zone  axis  in  (a). 


of  Eqs.  [1]  and  [2])  are  actually  operative  must  be  de¬ 
termined  experimentally  in  an  alloy  system  in  which  all 
three  phases  are  present  during  observation.  This  was 
done  by  Srinivisan  and  Wayman1431  for  lower  bainite 
formed  in  an  Fe-1.1  pet  C-7.9  pet  Cr  alloy;  they 
determined  experimentally  that  the  particular  variants 
observed  resulted  in  the  three-phase  crystallographic 
matching  represented  in  Figure  12.  The  present  author 
also  analyzed  a  published  diffraction  pattern  from  a 
study  by  Huang  and  Thomas  (Figure  9  of  Reference  [8]) 
and  found  that  for  bainite  formed  at  315  °C  in  an 
Fe-0.54  pet  C-1.87  pet  Si-0.79  pet  Mn-0.30  pet  Cr 
alloy,  the  precise  three-phase  crystallography  demon¬ 
strated  in  Figure  12  was  again  obeyed.  Alternatively, 
Bhadeshia1411  has  reported  that  for  bainite  formed  at 
435  °C  in  an  Fe-0.3  pet  C-4.08  pet  Cr  alloy,  which  he 
identified  as  lower  bainite,  the  Nishiyama-Wasserman 


(455)y 


o 


Fig.  12  —  [lOOj-cementite  stereographic  projection  demonstrating  the 
cementite,  ferrite,  and  austenite  crystallography  for  a  specific  ferrite 
variant  in  which  the  Bagaryatskii1421  ferrite-cementite  O.R.  is  obeyed 
and  the  Kurdjumov-Sachs1371  ferrite-austenite  O.R.  is  obeyed. 


a- y  OR  and  the  Bagaryatskii  a-c  OR  are  operative,  and 
the  actual  variant  obeyed  does  not  provide  any  reason¬ 
able  matching  between  the  cementite  and  austenite 
lattices.141-15* 

Probably  the  most  complete  set  of  data  on  ferrite- 
cementite  crystallography  in  bainite  is  that  obtained  by 
Shackleton  and  Kelly.1381  They  showed  that  the 
Bagaryatskii  O.R.  was  almost  always  obeyed  between 
the  ferrite  and  cementite  lattices  in  lower  bainite  formed 
in  Fe-C-Mn-Si-Cr-Mo-B  steels.*  Citing  the  fact  that  this 

*The  Pitsch  ferrite-cementite  OR1471  was  also  observed,  but  very 
rarely.1381 

O.R.  is  also  observed  for  tempered  martensite,  they  sug¬ 
gested  that,  by  analogy,  the  cementite  in  lower  bainite 
precipitates  from  within  ferrite.  In  the  upper  bainite  re¬ 
gime,  they  also  observed  a  number  of  “new”  relation¬ 
ships  in  addition  to  the  Bagaryatskii  OR.  They 
demonstrated  that  by  assuming  the  Pitsch  O.R.  between 
cementite  and  austenite145-461  and  the  Kurdjumov-Sachs 
O.R.  between  ferrite  and  austenite,  one  could  produce  a 
number  of  ferrite-cementite  ORs  which  fell  into  two  cat¬ 
egories:  (1)  those  which  obeyed  (or  were  very  close  to) 
all  of  the  observed  new  relationships  and  (2)  those  cor¬ 
responding  to  the  Bagaryatskii  OR.  Since  both  the  new 
and  the  Bagaryatskii  ferrite-cementite  ORs  observed  for 
upper  bainite  could  be  produced  in  this  way,  they  took 
this  as  evidence  that  the  cementite  in  upper  bainite  pre¬ 
cipitates  in  austenite,  since  the  Pitsch  cementite- 
austenite  OR  employed  in  their  analysis  is  commonly 
observed  for  the  precipitation  of  proeutectoid  cementite 
in  austenite. [44-45,46]  It  is  important  to  note,  though,  that 
even  in  the  upper  bainite  range,  23  of  the  36  crystals 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25 A,  SEPTEMBER  1994—1977 


which  they  analyzed  obeyed  the  Bagaryatskii  ferrite- 
cementite  OR.  Even  with  this  predominance  of  the 
Bagaryatskii  OR  in  upper  bainite,  these  authors  con¬ 
cluded,  based  on  their  crystallographic  analysis,  that 
upper  bainitic  cementite  precipitates  in  austenite.  This 
interpretation  is  directly  opposite  from  their  deduction 
that  the  observed  Bagaryatskii  O.R.  supports  carbide 
precipitation  in  ferrite  in  the  case  of  lower  bainite.  It  thus 
appears  that  observation  of  the  Bagaryatskii  a-c  O.R.  in 
lower  bainite1381  could  have  been  explained  equally  well 
in  terms  of  precipitation  in  austenite. 

The  Isaichev  ferrite-cementite  OR[48)  has  also  been  re¬ 
ported  occasionally,  though  less  frequently,  for  lower 
bainite1341  and  can  be  represented  as  follows: 

(011)„//(103)c 

[lli]a//[010]c  [3] 

Combining  the  Kurdjumov-Sachs  a-y  O.R.  with  the 
proper  variant  of  the  Isaichev  a-c  O.R.,  Huang  and 
Thomas181  produced  a  three-phase  crystallographic  cor¬ 
respondence  similar  to  that  generated  by  the  computer 
here  and  presented  in  Figure  13.  In  this  figure,  the  good 
fit  [010] r//(l  10),,  parallelism1441  is  again  obtained.  The 
austenite  and  cementite  lattices  are  within  about  1  deg 
of  directly  obeying  the  relevant  variant  of  the  Pitsch 
OR,145'46)  as  demonstrated  by  the  close  proximity  of  the 
(545),  and  the  (100)c  poles  and  the  (252),  and  the  (001  )c 
poles  in  Figure  13.  That  is,  the  cementite  exhibits  the 
same  lattice  matching  with  austenite  as  that  commonly 
observed  for  proeutectoid  cementite  plates.144,45  461  Inso¬ 
far  as  the  present  author  is  aware,  no  experimental  ob¬ 
servation  in  lower  bainite  of  cementite,  ferrite,  and 


(010)c//(111)a  //  (101)y 


Fig.  13  —  [100]-cementite  stereographic  projection  demonstrating  the 
cementite,  ferrite,  and  austenite  crystallography  for  a  specific  ferrite 
variant  in  which  the  Isaichev148'  ferrite-cementite  O.R.  is  obeyed  and 
the  Kurdjumov-Sachs137'  ferrite-austenite  O.R.  is  obeyed. 


austenite  coexisting  and  following  the  Isaichev  a-c  O.R. 
and  the  Kurdjumov-Sachs  a-y  O.R.  has  been  made. 
Thus,  direct  experimental  determination  of  whether  the 
proper  combination  of  crystallographic  variants  just  de¬ 
scribed  is  operative  is  not  yet  available. 

Epsilon  carbide  (e)  has  also  sometimes  been  observed 
in  association  with  lower  bainite  formed  at  low  temper¬ 
atures  and  often  in  alloys  containing  silicon.  Huang  and 
Thomas181  observed  the  Jack1491  as  OR  in  lower  bainite 
formed  at  275  °C  in  an  Fe-l.87Si-0.54C-0.79Mn-0.3Cr 
alloy;  this  O.R.  is  also  observed  for  tempered  martensite 
in  Si-containing  steels.1491  Huang  and  Thomas  showed 
that  by  using  the  Jack  as  O.R.  and  assuming  the 
Kurdjumov-Sachs  OR  between  the  bainitic  ferrite  and 
austenite,  the  following  e-y  OR  could  be  obtained: 

(0001)a//  (111), 

(1210)*//  (110),  [4] 

They  reported  that  this  OR  exhibited  good  matching 
between  the  epsilon  carbide  and  austenite  lattices;  thus, 
observation  of  the  Jack  OR  could  equally  be  explained 
by  precipitation  of  epsilon  carbide  in  austenite.  Un¬ 
fortunately,  they  were  not  able  to  retain  enough  austenite 
in  order  to  verify  this  suggestion. 

In  all  cases  analyzed  earlier,  in  which  good  matching 
austenite-carbide  ORs  were  either  observed18,381  or  gen¬ 
erated  by  computer,  good  matching  ferrite-carbide 
O.R.s  were  also  present.  This  is  in  accord  with  an  anal¬ 
ysis  of  nucleation  and  growth  during  interphase  precip¬ 
itation  by  Aaronson  et  al.  in  which  they  concluded  that 
low-energy  ORs  with  respect  to  both  phases  (austenite 
and  ferrite  in  the  present  context)  are  required  to  make 
nucleation  of  the  third  phase  (carbide)  feasible  at  inter¬ 
phase  interfaces  (ferrite-austenite).1501  As  far  as  the  pres¬ 
ent  author  is  aware,  a  direct  TEM  observation  of 
carbides  in  the  critical  nucleus  size  range  in  lower  bainite 
has  not  been  made,  e.g.,  the  carbides  observed  by 
Spanos  et  al.lu]  had  grown  to  sizes  which  had  essentially 
filled  the  austenite  gaps  and  had  often  impinged  with  one 
another.  It  is  suspected,  though,  that  the  carbides  pre¬ 
cipitate  heterogeneously  in  the  austenite  gaps  at  ferrite- 
austenite  interfaces,  in  order  (1)  to  decrease  the  barrier 
to  nucleation  afforded  by  the  removal  of  the  appropriate 
portion  of  the  ferrite-austenite  interface1501  and  (2)  to  take 
advantage  of  any  increased  supersaturation  (driving 
force  for  nucleation)  in  austenite  at  the  interface;  on  the 
diffusional  growth  model, 111,13,18-201  this  supersaturation 
results  from  rejection  of  carbon  by  ferrite  into  austenite 
during  growth.  Even  in  the  event  that  some  carbides 
might  have  nucleated  wholly  within  the  austenite  in  the 
gaps,  though,  one  might  still  expect  a  three-phase 
ferrite-austenite-cementite  OR  due  to  the  mutual  ORs 
between  austenite  and  ferrite  and  austenite  and  carbide. 
Nevertheless,  Aaronson  et  a/.1501  have  concluded  that  at¬ 
tempts  to  determine  from  direct  observation  precisely 
where  the  critical  nucleus  formed  may  be  a  moot  point, 
since  embryos  formed  at  an  interphase  interface  may 
quickly  grow  about  equally  into  both  phases.* 

*Conceming  the  potential  effects  of  Si  segregation  on  the  carbide 
nucleation  site,  it  has  been  demonstrated  that  no  appreciable  parti¬ 
tioning  of  substitutional  alloying  elements  (such  as  Si)  occurs  between 
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austenite  and  ferrite  and/or  bainite  at  the  low  temperatures  used 
here. 151,521  If  there  were  equilibrium  segregation  of  Si  in  austenite  over 
even  a  few  atom  layers  at  the  interface,  it  should  not  affect  the  driving 
force  for  carbide  nucleation  because  it  would  not  change  the  local 
chemical  potential1531  (even  though  Si  in  general  raises  the  activity  of 
carbon  in  austenite'541).  If  there  were  any  nonequilibrium  segrega¬ 
tion1551  of  Si  to  the  interface,  it  might  locally  decrease  the  driving  force 
for  cementite  precipitation  due  to  the  insolubility  of  Si  in  cementite;1561 
it  is  not  clear  what  effect  this  might  have  on  the  nucleation  site  of 
epsilon  carbide. 


Nearly  all  of  the  available  evidence  on  the  crystallog¬ 
raphy  of  carbide  precipitation  in  lower  bainite'8,34,38,431 
can  thus  be  explained  equally  well  in  terms  of  carbide 
precipitation  in  austenite  (presumably  at  ferrite-austenite 
boundaries),  rather  than  from  within  highly  super¬ 
saturated  ferrite.  From  observations  in  which  the  car¬ 
bide,  ferrite,  and  austenite  phases  were  all 
simultaneously  retained,  the  results  of  Srinivisan  and 
Wayman'431  in  an  Fe-1.1  pet  C-7.9  pet  Cr  alloy  reacted 
at  285  °C  and  Huang  and  Thomas  for  bainite  formed  at 
315  °C  in  an  Fe-0.54C-l.87Si-0.79Mn-0.30Cr  alloy'81 
indicate  that  the  proper  crystallographic  variants  which 
allow  for  good  matching  between  all  three  phases  are 
observed.  Alternatively,  Bhadeshia  concluded  that  no 
good  matching  obtains  between  the  cementite  and  aus¬ 
tenite  phases  for  bainite  formed  at  435  °C  in  an  Fe- 
0.3  pet  C-4.08  pet  Cr  alloy.'411  It  is  presently  unknown 
whether  differences  in  alloy  composition  and/or  for¬ 
mation  temperature  could  be  responsible  for  the  differ¬ 
ences  between  these  results'411  and  the  morphological  and 
crystallographic  evidence  presented  (and  reviewed)  here. 

In  addition  to  the  morphological  studies  presented  in 
the  previous  section,  the  majority  of  the  crystallographic 
findings  just  noted'8,34'38,431  can  thus  also  be  explained  by 
the  mechanism  of  bainite  formation  described  earlier1111 
and  supported  here,  in  which  carbide  precipitation  oc¬ 
curs  in  small  austenite  gaps  between  fine  ferrite  crystals 
comprising  lower  bainite  sheaves.  This  model  differs 
significantly  from  the  mechanism(s)  adopted  by  the  au¬ 
thors  of  all  but  one181  of  these  previous  crystallographic 
studies. 18,34,38,431 


V.  SUMMARY  AND  CONCLUSIONS 

Based  upon  observations  in  Fe-C-2  pet  Mn  alloys, 
Spanos  et  al.in]  proposed  a  mechanism  for  lower  bainite 
formation  in  which  carbides  precipitate  in  austenite  gaps 
between  an  assembly  of  small  ferrite  crystals  that 
quickly  grow  together  and  resemble  a  large  monolithic 
plate.  The  present  investigation  was  performed  in 
Fe-C-2  pet  Si-4  pet  Mn  alloys  containing  0.41  pet  and 
0.60  pet  C  in  order  to  retain  the  austenite  matrix  at  room 
temperature  and  directly  test  some  important  features  of 
this  model.  A  review  was  made  of  a  number  of  previous 
investigations  in  other  alloy  systems  in  which  morpho¬ 
logical  observations  exhibiting  similarities  to  those  pre¬ 
sented  in  this  work  were  reported.  An  analysis  and  brief 
review  of  the  crystallography  of  lower  bainite  were  also 
undertaken.  The  following  conclusions  were  reached: 

1.  The  austenite  gaps  (or  films)  proposed  by  Spanos 
et  al.[U]  were  directly  imaged  with  bright-field  and 
dark-field  TEM  techniques  in  lower  bainite  formed 
in  Fe-C-4  pet  Mn-2  pet  Si  alloys,  providing  direct 


support  for  the  model  that  lower  bainite  is  not  com¬ 
posed  of  monolithic  plates,  but  instead  consists  of  an 
agglomeration  of  a  number  of  fine  ferrite  crystals. 

2.  Two  general  types  of  austenite  gap  were  observed: 
(Al)  films  of  austenite  between  lower  bainite  sheaves 
and  lying  roughly  parallel  to  the  overall  sheaf  axis, 
and  (A2)  a  large  number  of  thin  austenite  gaps  lying 
at  a  large  angle  to  the  sheaf  axis  and  often  continuous 
with  the  Al  gaps.  Although  these  features  are  some¬ 
what  similar  to  the  Ajj  and  A"  films  observed  by  Sun 
et  al.  in  Fe-C-Mn-Si-Cr  alloys  reacted  at  310  °C,'301 
a  much  higher  density  of  gaps  lying  at  a  large  angle 
to  the  sheaf  axis  was  observed  in  the  alloys  studied 
in  the  present  investigation. 

3.  The  A2  gaps  separate  small  ferrite  crystals  compris¬ 
ing  the  large  lower  bainite  sheaf.  On  the  model  of 
Spanos  et  a/.,'111  these  gaps  account  for  the  large  vol¬ 
ume  fraction  of  carbides  oriented  at  an  angle  to  the 
sheaf  axis  repeatedly  observed  in  lower  bainite.'5-91 

4.  The  mechanism1111  supported  by  the  current  results  is 
inconsistent  with  models  based  on  the  precipitation 
of  a  large  volume  fraction  of  carbides  within  highly 
supersaturated  ferrite  plates.15,14,151 

5.  Observations  of  a  number  of  other  researchers  were 
shown  to  contain  morphological  features  which  can 
be  explained  by  the  present  model  of  lower  bainite 
formation. 

6.  The  ORs  typically  observed  between  a,  y,  and  car¬ 
bide  in  lower  bainite  are  shown  in  most  cases,  to  be 
consistent  with  carbide  precipitation  in  austenite 
gaps,  at  a-y  boundaries. 
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Morphology  of  Bainite  and  Widmanstatten  Ferrite 


YASUYA  OHMORI,  HIROYUKI  OHTSUBO,  YUN  CHUL  JUNG, 

SHUJI  OKAGUCHI,  and  HIROO  OHTANI 

Morphology  of  bainite  and  Widmanstatten  ferrite  in  various  steels  has  been  investigated  by 
means  of  microstructural  and  surface  relief  observations.  It  was  shown  that  upper  and  lower 
bainite  should  be  classified  by  ferrite  morphology,  i.e.,  lathlike  or  platelike,  and  that  the  mor¬ 
phology  of  cementite  precipitation  cannot  be  the  index  for  the  classification.  Widmanstatten 
ferrite  formed  in  the  upper  C-nose  where  ferrite  grain-boundary  allotriomorphs  nucleate  exhibits 
quite  similar  appearance  with  bainitic  ferrite  that  forms  in  the  lower  C-nose  of  bainitic  reaction. 
The  only  difference  between  them  exists  in  the  fact  that  Widmanstatten  ferrite  laths  grow  in  the 
temperature  range  where  primary  ferrite  forms  and  often  terminate  at  a  grain  boundary  ferrite 
but  that  bainitic  ferrite  has  its  own  C-curve  at  temperatures  below  B,  and  nucleates  directly  at 
an  austenite  grain  boundary.  The  mechanisms  for  their  formations  are  discussed. 


I.  INTRODUCTION 

PLATELIKE  or  lathlike  ferrite  transformation  prod¬ 
ucts  formed  at  temperatures  above  Ms  are  often  referred 
to  as  Widmanstatten  ferrite,  acicular  ferrite,  bainitic  fer¬ 
rite,  and  bainite.  Since  such  terminology  creates  con- 
fusion[l]  in  the  discussion  of  their  formation 
mechanisms,  in  the  present  study,  Widmanstatten  ferrite 
and  bainite  are  defined  as  follows. 

(1)  Widmanstatten  ferrite  is  the  platelike  or  the  lathlike 
ferrite  grown  at  temperatures  between  (Ae3)  and  Bs  where 
diffusional  transformations  are  thought  to  occur. 

(2)  Bainite  is  a  similar  transformation  product,  but  it 
forms  between  Bs  and  Ms  temperatures.  Thus,  bainitic 
ferrite  is  the  carbide-free  bainite  formed  at  relatively 
higher  temperatures  in  this  range. 

Although  Widmanstatten  ferrite  and  bainitic  ferrite 
have  thus  been  classified,  it  has  been  well  recognized 
that  both  structures  are  quite  similar  in  morphology  and 
crystallography;121  i.e.,  both  are  lathlike  ferrite  with  the 
habit  plane  lying  close  to  the  region  between  {112}  and 
{111}  austenite  planes13'61  and  accompany  surface  reliefs 
when  they  form.16'101  It  is  also  of  interest  that  the 
Widmanstatten  ferrite  laths  can  grow  continuously  from 
upper  bainite  laths  by  raising  the  temperature  during  iso¬ 
thermal  transformation.121 

The  aims  of  this  article  are,  therefore,  to  clarify  the 
fundamental  difference  between  both  structures  and  to 
elucidate  their  formation  mechanisms. 
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II.  EXPERIMENTAL  PROCEDURE 

Materials  used  in  the  present  study  are  shown  in 
Table  I.  Steel  A  is  an  extremely  low -carbon  steel  con¬ 
taining  3  pet  Mn  and  1  pet  Cr.  Steels  B  and  C  are  0.2 
pet  C-1.37  pet  Cr-0.59  pet  Mo  and  0.23  pet  C-1.86  pet 
Mn  steels,  respectively.  Steels  D  through  F  are  com¬ 
mercial  Si-Mn  steels  containing  0. 17  to  0.58  pet  C.  Steel 
G  is  a  high-carbon  steel  containing  1  pet  C  and  1  pet 
Cr.  They  were  received  in  as-forged  or  as-rolled  con¬ 
dition  and  were  machined  into  1.5-mm  thick,  5-mm 
wide,  and  15-mm  long  platelets. 

Heat  treatments  were  carried  out  as  follows.  The  spec¬ 
imens  were  austenitized  at  temperatures  from  1100  °C 
to  1250  °C  for  10  minutes  in  a  dynamic  nitrogen  at¬ 
mosphere  and  were  quenched  into  either  a  lead  or  an 
alloy  bath  kept  isothermally  at  temperatures  from  700  °C 
to  260  °C.  After  holding  for  various  times,  the  speci¬ 
mens  were  quenched  into  an  iced  brine  to  suppress  fur¬ 
ther  isothermal  decomposition.  Microstructures  of  these 
specimens  were  observed  by  means  of  optical,  scanning 
electron,  and  transmission  electron  microscopy.  In  order 
to  construct  T-T-T  diagrams,  the  amounts  of  transfor¬ 
mation  products  were  measured  by  an  image  analyzer 
(linear  analysis  method)  using  5  micrographs  with  mag¬ 
nification  400  times  taken  from  the  regions  where  the 
effects  of  decarburization  can  be  ignored  for  each  spec¬ 
imen.  Statistical  errors  have  not  been  calculated,  be¬ 
cause  the  results  also  involve  errors  due  to  experimental 
problems  such  as  very  short  heat-treatment  time.  Some 
of  the  specimens  were  polished  and  encapsuled  in  evac¬ 
uated  silica  tubes  prior  to  the  heat  treatments,  and  the 
surface  reliefs  formed  by  the  heat  treatments  were  ex¬ 
amined  by  optical  microscopy. 

Another  type  of  heat  treatment  was  also  done:  i.e.,  the 
isothermal-decomposition  temperature  was  changed  dis¬ 
cretely  from  lower  to  higher  temperature  after  partial 
transformation  at  the  lower  temperature,  as  has  been 
done  previously  by  Purdy  and  Hillert.121  By  this  treat¬ 
ment,  the  growth  of  the  lower  temperature  decomposi¬ 
tion  products  at  higher  temperature  was  examined. 
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Table  I.  Chemical  Compositions  of  Materials  Used  (Weight  Percent) 


Steel 

C 

Si 

Mn 

Cr 

Mo 

Nb 

Ti 

B 

A1 

A 

0.0041 

0.19 

2.98 

1.00 

— 

0.010 

0.010 

— 

0.018 

B 

0.20 

0.30 

0.97 

1.37 

0.59 

— 

0.015 

0.0010 

0.061 

C 

0.23 

0.25 

1.86 

— 

— 

— 

0.018 

— 

0.042 

D 

0.17 

0.25 

0.78 

— 

— 

— 

— 

— 

— 

E 

0.34 

0.32 

0.60 

— 

— 

— 

— 

— 

— 

F 

0.58 

0.28 

0.59 

— 

— 

— 

— 

— 

— 

G 

1.03 

0.31 

0.52 

1.01 

— 

— 

— 

— 

— 

III.  RESULTS 

Figures  1  through  3  illustrate  the  T-T-T  diagrams  for 
the  commercial  Si-Mn  steels  E  and  F,  the  0.23  pet 
C-1.86  pet  Mn  steel  C,  and  the  1  pet  C-l  pet  Cr  steel 
G,  respectively.  The  Si-Mn  steels  exhibit  single  C- 
curves  as  far  as  the  starting  points  of  transformation  are 
concerned.  The  curves  connecting  the  final  points  of 
transformation,  however,  are  not  simple  C-curves  and 
can  be  interpreted  as  consisting  of  two  different  reactions 
separated  at  about  520  °C.  In  the  upper  temperature 
range,  the  ferrite /pearlite  structure  forms.  The  bainitic 
reaction  is  recognized  in  the  lower  temperature  range.  In 
the  case  of  the  alloy  steels  C  and  G,  on  the  other  hand, 
two  separate  C-noses  can  be  observed.  In  the  upper  C- 
nose,  the  grain-boundary  ferrite  allotriomorphs  or  the 
pearlite  colonies  nucleate  at  the  austenite  grain  bound¬ 
aries  in  steel  C  or  G,  respectively.  Within  the  lower  C- 
nose,  bainite  is  observed  to  form. 

In  the  hypoeutectoid  steels,  Widmanstatten  ferrite 


Fig.  1  — T-T-T  diagrams  for  the  commercial  Si-Mn  steels,  austenit¬ 
ized  at  1100  °C  for  10  min:  (a)  steel  E  (0.34  pet  C)  and  (b)  steel  F 
(0.58  pet  C). 


laths  often  grow  from  the  grain-boundary  ferrite  allot¬ 
riomorphs  within  the  upper  C-nose.  Although 
Widmanstatten  ferrite  laths  and  the  bainitic  ferrite  laths 
formed  in  the  lower  C-nose  are  very  similar  in  appear¬ 
ance,  the  only  distinct  difference  recognized  between 
them  is  in  the  nucleation  characteristics,  as  described 
later  in  detail:  i.e.,  Widmanstatten  ferrite  laths  are  fre¬ 
quently  terminated  at  the  grain-boundary,  ferrite  allot¬ 
riomorphs,  while  those  of  bainitic  ferrite  nucleate 
specifically  at  the  austenite  grain  boundaries. 

Although  some  other  differences  exist,  such  as  dis¬ 
location  density  in  ferrite,  lath  thickness,  and  sharpness 
of  the  ferrite/ austenite  interfaces,  they  vary  quite  con¬ 
tinuously  with  transformation  temperature,  and  no  dis¬ 
crete  change  between  the  two  C-noses  can  be  observed. 

Microstructures  of  the  isothermally  transformed  steel 
C  are  shown  in  Figure  4.  T0  temperature  for  the  Fe-0.23 
pet  C-1.86  pet  Mn  alloy  is  calculated  to  be  about  670  °C 
by  the  Hillert-Staffanson  model1"1  using  the  data  of 
Uhrenius.|12]  At  650  °C,  which  is  significantly  lower  than 


Fig.  2  — T-T-T  diagram  for  steel  C  (0.23  pet  C-1.86  pet  Mn),  aus¬ 
tenitized  at  1200  °C  for  10  min. 
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Fig.  3 — T-T-T  diagram  for  steel  G  (1.03  pet  C-l  pet  Cr),  austenitized 
at  1100  °C  for  10  min. 


the  T0  temperature,  ferrite  particles  nucleate  at  an  aus¬ 
tenite  grain  boundary,  as  shown  in  Figure  4(a),  and  grow 
into  the  grains  separated  by  the  boundary  as  grain¬ 
boundary  ferrite  allotriomorphs  during  isothermal  hold¬ 
ing,  as  in  Figure  4(b),  the  austenite  grain  boundaries 
being  enveloped  by  ferrite  networks.  At  600  °C  above 
Bs  temperature,  Widmanstatten  ferrite  laths  often  grow 
from  the  grain-boundary  ferrite  allotriomorphs  as  in 
Figure  4(c),  and  the  coalescence  of  them  leads  to  the 
formation  of  much  thicker  ferrite  plates  in  a  later  stage 
of  transformation,  as  in  Figure  4(d).  In  these  structures, 
the  prior  austenite  grain  boundaries  cannot  be  preserved 
after  a  complete  transformation.  On  the  other  hand,  at 
temperatures  lower  than  Bs,  500  °C,  the  nucleation  of 
bainitic  ferrite  laths  occurs  directly  at  the  austenite  grain 
boundaries,  as  in  Figure  4(e).  It  can  be  seen  that  very 
sharp  bainitic  ferrite  laths  nucleate  at  an  austenite  grain 
boundary  and  that  their  growth  is  ended  at  the  annealing 
twin  boundary  existing  within  the  austenite  grain.  With 
isothermal  holding  at  this  temperature  for  a  longer  time, 
cementite  particles  precipitate  between  the  ferrite  laths, 
and  the  interfaces  of  the  ferrite  laths  lose  sharpness,  sug¬ 
gesting  that  the  interfaces  are  also  migrated  slightly  by 
atomic  diffusion. 

Figure  5  shows  the  upper  and  lower  bainite  formed  in 
the  commercial  Si-Mn  steels  containing  0.58  pet  C,  steel 
F.  At  520  °C,  typical  upper  bainite  consisting  ferrite 
laths  with  cementite  particles  between  them  are  formed 
in  a  side-by-side  fashion,  and  pearlitic  reactions,  also 
subsequently  occur,  as  in  Figure  5(a).  Lowering  the  de¬ 
composition  temperature  to  280  °C  yields  platelike  lower 
bainite,  as  can  be  seen  in  Figure  5(b). 


Figure  6  shows  the  surface  reliefs  for  the  ultra  low- 
carbon  steel  A  transformed  at  600  °C  (Figure  6(a))  and 
the  corresponding  microstructure  revealed  by  slight  pol¬ 
ishing  and  etching  in  nital  (Figure  6(b)).  These  surface 
reliefs  are  due  to  the  Widmanstatten  ferrite  formation, 
as  can  be  seen  in  Figure  6(b),  but  are  fine  and  sharp  as 
compared  with  the  corresponding  microstructure:  i.e. ,  a 
Widmanstatten  ferrite  lath  comprises  several  parallel 
surface  reliefs,  implying  that  coalescence  of  the  initially 
formed  ferrite  sublaths  occurs.  It  is  also  interesting  to 
note  that  the  region  where  a  polygonal  ferrite  grain 
formed  consists  of  two  different  sets  of  lathlike  surface 
reliefs,  as  shown  by  the  arrow  A. 

Figure  7[l3!  shows  the  Widmanstatten  ferrite  lath 
formed  in  steel  C  transformed  at  600  °C.  Longitudinal 
morphology  of  the  lath  almost  normal  to  the  habit  plane 
is  illustrated  in  Figure  7(a).  A  small-angle  grain  bound¬ 
ary  can  be  observed  to  lie  parallel  to  the  growth  direction 
of  the  lath,  as  indicated  by  the  arrows.  The  cross  section 
of  such  a  Widmanstatten  ferrite  lath  is  illustrated  in 
Figure  7(b).  The  shape  of  it  is  rather  complicated  and  is 
thought  to  be  formed  by  the  coalescence  of  several  sim¬ 
ple  sublaths  produced  in  a  sympathetic  fashion.  A  sim¬ 
ilar  process  of  bainite  formation  in  steel  B  can  be  seen 
in  Figure  8. 1141  Figure  8(a)  shows  the  dark-field  image 
of  the  cross  sections  of  the  sublaths  of  which  coalescence 
produces  bainite  laths.  The  growth  directions  of  these 
sublaths  are  nearly  normal  in  this  figure.  If  cementite 
platelets  nucleate  between  such  sublaths  lying  on  the 
planes  parallel  to  a  specific  plane,  the  upper  bainite  laths 
containing  cementite  platelets  of  a  specific  orientation 
will  form.  Further  coalescence  of  bainite  laths  with  the 
same  habit  will  result  in  thicker  bainite  laths,  as  in 
Figure  8(b). 

The  early  stage  of  lower  bainite  formation  in  steel  F 
at  280  °C  is  shown  in  Figure  9.  It  has  been  well  estab¬ 
lished  that  lower  bainite  is  platelike  with  an  irrational 
habit  plane.  Each  plate,  however,  consists  of  very  thin 
parallel  plates,  as  can  be  seen  in  this  figure.  Such  a  thin 
plate  of  about  100-nm  thickness  does  not  increase  its  in¬ 
dividual  thickness,  and  the  coalescence  of  these  parallel 
plates  leads  to  a  lower  bainite  plate. 

.Figure  10  shows  the  schematic  representation  of  the 
heat  treatment  and  the  resulting  microstructure  formed 
in  steel  F,  the  0.58C  steel.  The  darkly  etched  regions  in 
lathlike  structures  are  the  cementite  containing  bainite 
formed  at  360  °C,  and  the  white  regions  surrounding 
them  are  the  bainitic  ferrite  grown  at  510  °C  in  the  later 
stage  of  heat  treatment.  Although  the  etching  character¬ 
istics  between  them  are  different  because  of  the  differ¬ 
ence  in  cementite  precipitation,  the  bainitic  ferrite  laths 
seem  to  grow  continuously  from  the  bainite  laths  con¬ 
taining  cementite  platelets.  Such  a  continuous  transition 
can  be  more  clearly  observed  by  scanning  electron 
microscopy,  as  in  Figure  1 1  .[15]  However,  bainitic  ferrite 
laths  cannot  grow  continuously  from  bainite  plates 
formed  at  temperatures  below  350  °C,  and  the  separate 
nucleation  at  the  platelike  bainite/ austenite  interfaces  is 
observed,  as  reported  previously. [l5] 

IV.  DISCUSSION 

A.  Morphology  of  Widmanstatten  Ferrite 

In  the  present  study,  it  has  been  shown  that  the  mor¬ 
phology  of  Widmanstatten  ferrite  laths  is  quite  similar 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25A,  SEPTEMBER  1994—1983 


Mmmmi 


Fig.  4 — Microstructures  of  the  isothermally  transformed  0.23C-1.86Mn  steel  (steel  C):  (a)  650  °C,  25  s;  (b)  650  °C,  600  s;  (c)  600  °C,  21  s; 
(d)  600  °C,  600  s;  (e)  500  °C,  7  s;  and  (/)  500  °C,  600  s. 


to  that  of  bainitic  ferrite,  as  has  been  reported  to 
date,12"61  and  that  the  formation  of  laths  accompanies 
very  sharp  surface  reliefs,  as  has  been  reported  by 
Kinsman  et  al. 17-101  A  Widmanstatten  ferrite  lath  re¬ 
vealed  by  etching,  however,  is  much  coarser  than  an  in¬ 
dividual  surface  relief  and  corresponds  to  several  sets  of 
parallel  surface  reliefs.  The  interfaces  between 
Widmanstatten  ferrite  and  untransformed  regions  are 
also  slightly  wavy  compared  with  surface-relief  inter¬ 
faces.  It  seems  likely,  therefore,  that  growth  in  thickness 
of  an  individual  sublath  of  Widmanstatten  ferrite  does 
not  occur  and  that  the  coalescence  of  sublaths  and  the 
diffusional  migration  of  the  coalesced-lath  interface  re¬ 
sult  in  growth  in  thickness.  Such  a  growth  mechanism 
is  in  fact  supported  by  the  observation  that  sub¬ 
boundaries  often  lie  parallel  to  the  ferrite  growth  direc¬ 
tion  within  the  ferrite  lath,  as  shown  by  Figure  7(a). 

In  order  to  produce  a  Widmanstatten  ferrite  lath,  sev¬ 
eral  sublaths  in  a  common  growth  direction  but  with  the 
shape  strains  in  the  opposite  directions  will  coalesce  in 
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a  side-by-side  fashion,  reducing  the  total  elastic  strain 
that  should  be  accommodated  both  in  the  austenite  and 
the  ferrite.1181  Such  a  situation  has  already  been  observed 
by  Kinsman  et  al.  as  a  tentlike  surface  relief, 18,9101  al¬ 
though  the  interpretation  for  it  is  different  from  that  de¬ 
scribed  previously.1181 

B.  Relationship  among  T0,  Bs,  and  Ws 

It  is  also  important  to  know  whether  Widmanstatten 
sublaths  are  formed  by  a  displacive  or  a  diffusional 
mechanism.  The  model  that  the  substitutional  lattice  is 
transformed  by  a  displacive  mechanism  with  the  parti¬ 
tion  of  carbon  atoms  has  been  proposed.116'171  In  this 
case,  the  localized  austenite  region  where  a  displacive 
transformation  is  to  take  place  should,  be  depleted  of 
carbon  atoms  beforehand  by  diffusion,  since  the  simul¬ 
taneous  occurrence  of  a  displacive  transformation  of 
substitutional  lattice  and  the  diffusion  of  carbon  seems 
difficult  to  imagine.  This  implies  that  the  displacive 
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Fig.  5  —  Microstructures  of  the  isothermally  transformed  0.58C  steel 
(steel  F):  (a)  520  °C,  45  s  and  (b)  280  °C,  720  s. 


transformation  occurs  more  easily  in  the  localized  region 
where  the  T0  temperature  is  higher  than  the  decompo¬ 
sition  temperature.  It  should  also  be  noted  that  if  the 
Widmanstatten  sublaths  form  via  a  displacive  mecha¬ 
nism,  they  should  accompany  the  invariant  strain- type 
surface  relief.  Figure  12  shows  the  relationship  between 
carbon  content  and  the  temperatures  where  various 
microstructures  form.  Calculated  T0  temperatures  are 
also  illustrated  within  the  figure.  The  Bs  temperatures 
decrease  almost  linearly  from  590  °C  to  520  °C  with  in¬ 
creasing  carbon  content  from  0  to  1  wt  pet.  Such  vari¬ 
ation  of  Bs  temperature  is  quite  different  from  that 
obtained  by  Aaronson  et  al.ll9]  This  conflict  is  thought 
to  arise  from  both  the  present  definition  of  bainite  due 
to  the  morphology  of  ferrite1201  and  the  classification  of 
bainite  and  Widmanstatten  ferrite,  as  described  in 
Section  I.  The  Bs  temperature  for  steel  G,  1  pet  C- 
1  pet  Cr,  however,  is  much  higher  than  the  T0.  In  this 
case,  however,  bainite  is  formed  by  alternative  stacking 
of  fine  ferrite  needles  and  cementite  layers.  In  the  hyper- 
eutectoid  steels,  cementite  particles  will  precipitate  prior 
to  the  ferrite  nucleation.  The  austenite  regions  adjacent 
to  cementite  particles  will  be  depleted  in  carbon  and  the 
local  T0  temperatures  in  these  regions  will  be  higher  than 
the  Bs  temperature. 

Ws  temperatures,  the  upper  limits  of  Widmanstatten 
ferrite  forming  temperatures  in  hypoeutectoid  steels,  on 
the  other  hand,  are  significantly  higher  those  of  Bs  but 
appear  to  be  still  lower  than  T0  temperatures  in  the  pres¬ 
ent  study.  This  is  more  clearly  seen  in  Figure  13  where 
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Fig.  6 — Surface  reliefs  for  Widmanstatten  ferrite  and  the  correspond¬ 
ing  microstructures  in  0.0041  pet  C-2.98  pet  Mn-1  pet  Cr  steel  (steel 
A),  decomposed  at  600  °C  for  600  s;  (a)  surface  reliefs  and  (b)  micro¬ 
structures. 


Fig.  7  —  Widmanstatten  ferrite  lath  observed  in  steel  C  transformed 
at  600  °C  for  59  s;  (a)  longitudinal  direction  and  (b)  cross  section. 


VOLUME  25 A,  SEPTEMBER  1994—1985 


510°Cx40s 


Fig.  10 — Growth  of  typical  upper  bainite  from  bainite  containing 
cementite  platelets  intragranularly  in  steel  F  by  the  abrupt  change  of 
decomposition  temperature:  (a)  schematic  representation  of  heat  treat¬ 
ment  and  ( b )  optical  micrograph. 


Fig.  8  —  Upper  bainite  laths  formed  in  isothermally  transformed  steel 
B:  (a)  dark-field  image  of  the  ferrite  sublath  cross  sections  and 
(£>)  finally  formed  bainite. 


Fig.  9 — Early  stage  of  lower  bainite  formation  in  steel  F  transformed 
at  280  °C  for  90  s. 


the  relationship  between  (T(rWs)  and  T0  is  shown.  It  is 
interesting  to  note  that  (TV  IT,)  increases  with  the  in¬ 
crease  of  T0,  i.e.,  with  lowering  carbon  content.  Al¬ 
though  IT,  seems  to  be  slightly  lower  than  7'0  at  the  lower 
limit  of  T0,  this  is  within  the  experimental  error.  There¬ 
fore,  the  Ws  temperatures  determined  in  the  present  study 
are  thought  to  be  lower  than  those  of  T0. 

It  has  been  reported  that  the  IT,,  temperatures  are  al¬ 
ways  in  the  range  between  Ae3  and  70  except  in  the  cases 
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of  Fe-Ni-C  and  Fe-Mn-C  alloys. [810'19”“Z11  Since  the  ma¬ 
terials  used  in  the  present  study  contain  considerable 
amounts  of  Mn,  the  results  described  in  Section  III  are 
mostly  in  keeping  with  them.  If  the  mechanism  of 
Widmanstatten  ferrite  formation  is  diffusional,  there  will 
be  no  problems  concerning  T0  temperature.  However,  if 
it  forms  via  a  displacive  mechanism,  the  Ws  temperature 
is  preferred  to  be  lower  than  T0  and  the  following  three 
possibilities  should  be  considered. 

(1)  Widmanstatten  ferrite  often  grows  from  the  grain¬ 
boundary  ferrite,  allotriomorph  during  cooling  from  the 
isothermal  decomposition  temperature.  But  Ni  and  Mn 
can  increase  hardenability  of  the  alloys  examined  and 
suppress  the  Widmanstatten  ferrite  formation  from  the 
grain-boundary  proeutectoid  ferrite  particles  during  the 
subsequent  cooling. 

(2)  Another  possibility  is  the  existence  of  two  types  of 
Widmanstatten  ferrite.  One  is  formed  by  a  diffusional 
mechanism,  such  as  the  migration  of  ledges.1101  The 
other  is  displacive  at  lower  temperatures. 

(3)  The  last  one  is  the  mechanism  where  the  substitu¬ 
tional  lattice  is  transformed  displacively  with  simulta¬ 
neous  carbon  diffusion.116171 

Considering  the  three  possibilities  with  the  experi¬ 
mental  results  obtained  so  far,  it  appears  plausible  that 
the  Widmanstatten  ferrite  forms  via  a  diffusional  mech¬ 
anism.  It  seems,  however,  still  difficult  to  explain  the 
very  sharp  surface  reliefs  in  terms  of  a  diffusional 
model.  In  order  to  clarify  these  points,  further  detailed 
study  will  be  needed. 
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Fig.  11- — Scanning  electron  micrograph  of  the  specimen  shown  in  Figure  10. 
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Fig.  12  —  Relationships  among  T0,  W, ,  B,,  and  Ms. 

C.  Mechanisms  of  Bainite  and  Widmanstatten 
Ferrite  Formation 

The  formation  of  surface  reliefs  should  be  expected  as 
the  shape  change  arising  from  the  lattice  invariant  shear, 
the  Bain  correspondence,  and  the  rigid-body  rotation  ac¬ 
cording  to  the  crystallography  of  diffusionless  transfor¬ 
mation. 122-251  It  has,  however,  been  reported  that  surface 
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Fig.  13  —  Relationship  between  ( T0  -  WJ  and  T„  in  the  materials 
examined  in  the  present  study. 


relief  itself  cannot  be  evidence  of  a  displacive  mecha¬ 
nism  and  that  the  ledge  mechanism  can  also  provide  a 
similar  effect.18101  Such  a  situation  might  be  expected  if 
the  growth  of  a  Widmanstatten  ferrite  lath  is  proceeded 
by  the  migration  of  a  single  ledge  on  a  growing  broad- 
lath  surface.  If  many  ledges  nucleate  independently  on 
a  Widmanstatten  ferrite  lath  surface,  the  shape  change 
normal  to  the  invariant  line  on  the  lath  surface  will  be 
much  reduced  by  the  introduction  of  numerous  misfit 
dislocations  and  the  surface  reliefs  will  arise  mostly  from 
the  volume  change  due  to  the  austenite/ferrite  transfor¬ 
mation.  Thus,  it  seems  more  realistic  to  assume  that  only 
a  displacive  transformation  leads  to  the  formation  of 
invariant-plane  strain-type  surface  reliefs,  as  has  been 
reported.17,26’271 

Thus,  the  longitudinal  growth  of  a  Widmanstatten  fer¬ 
rite  lath  is  assumed  to  occur  via  displacive  mechanism 
in  the  present  study.  Then,  what  is  the  difference  be¬ 
tween  bainitic  ferrite  and  Widmanstatten  ferrite?  It 
should  be  noted  that  Widmanstatten  ferrite  laths  are 
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often  terminated  at  a  grain-boundary  ferrite  allotrio- 
morph  but  that  the  bainitic  ferrite  laths  formed  at  tem¬ 
peratures  below  Bs  nucleate  directly  at  an  austenite  grain 
boundary.  This  suggests  that  a  Widmanstatten  ferrite  nu¬ 
cleates  in  the  orthoequilibrium  condition  at  either  per¬ 
turbed  grain-boundary  ferrite/austenite  interface  or  a 
grain  boundary  via  a  diffusional  manner  with  a  specific 
orientation  relationship  such  as  that  of  Kurdjumov- 
Sachs,  as  depicted  in  Figure  14.  Thus,  a  large  super¬ 
cooling  down  to  Bs  will  not  be  necessary,  and  a 
Widmanstatten  ferrite  can  grow  displacively  at  lower 
temperatures  within  the  C-curve  for  a  primary  ferrite  for¬ 
mation.  Similar  situations  can  also  be  provided  at  the 
nonmetallic  inclusion/austenite  interfaces  such  as  those 
in  the  weld  heat-affected  zone  and  the  weld  metal  where 
nonmetallic  particles128'291  such  as  nitride  and  oxide  par¬ 
ticles  are  artificially  distributed  to  reduce  the  grain  size. 
On  the  other  hand,  it  is  well  established  that  bainitic  fer¬ 
rite  nucleates  in  the  paraequilibrium  condition.1301  If  the 
nucleation  occurs  via  the  diffusional  mechanism  of  this 
condition,  the  bainitic  reaction  will  have  its  own  C-curve 
different  from  that  of  Widmanstatten  ferrite.  Therefore, 
the  difference  between  a  Widmanstatten  ferrite  and  a 
bainitic  ferrite  is  thought  to  exist  in  the  nucleation 
events,  but  they  will  grow  in  the  edgewise  direction  via 
exactly  the  same  displacive  mechanism.  It  should  again 
be  mentioned  that  both  Widmanstatten  ferrite  and  bainite 
laths  cannot  grow  in  thickness  directions  by  displacive 
mechanism.  This  is  because  the  dislocation  arrange¬ 
ments  of  the  lath  surfaces  are  rapidly  modified  at  tem¬ 
peratures  where  they  form.  Thus,  the  thickness  can  be 
increased  by  the  coalescence  of  the  sublaths  and  the  dif¬ 
fusional  migration  of  ferrite/austenite  interfaces  with  re¬ 
ducing  the  sharpness  of  the  lath  interfaces.  This  process 
might  induce  the  rather  complicated  situations  such  that 
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Fig.  14  —  Schematic  illustration  of  the  Widmanstatten  ferrite  forma¬ 
tion:  (a)  austenite  grain  boundary,  (b)  grain  boundary  ferrite  forma¬ 
tion,  (c)  displacive  formation  of  ferrite  sublaths,  and  (d)  final  form 
of  Widmanstatten  ferrite. 


the  kinetics  of  Widmanstatten  ferrite  growth  is  con¬ 
trolled  by  a  diffusional  mechanism. 

D.  Classification  of  Upper  and  Lower  Bainite 

As  shown  in  Figures  10  and  11,  typical  upper  bainite 
consisting  ferrite  laths  with  cementite  layers  between 
them  can  grow  quite  continuously  from  the  lathlike  bain¬ 
ite  in  which  cementite  platelets  of  a  specific  orientation 
disperse  (this  bainite  has  been  referred  to  as  B-III  type 
bainite  by  the  present  authors.1201)  According  to  the  def¬ 
inition  of  bainite  due  to  cementite  dispersion,  the  latter 
bainite  should  be  classified  as  lower  bainite131'32'331  or  B1 
bainite.1341  It  has  also  be  confirmed  that  lathlike  bainite 
cannot  grow  continuously  from  a  platelike  lower  bain¬ 
ite.1151  This  indicates  that  bainite  should  be  classified  by 
ferrite  morphology  but  not  cementite  dispersion:  i.e. ,  the 
shape  of  ferrite  is  lathlike  or  platelike,  and  that  this  mor¬ 
phological  change  occurs  at  350  °C  in  the  case  of  both 
Fe-C  binary  alloys  and  commercial  Si-Mn  steels.  It  is 
interesting  to  note  that  martensite  also  changes  its  mor¬ 
phology  from  lathlike  to  platelike  with  increasing  carbon 
content,135  361  and  the  Ms  temperature  corresponding  to 
this  change  is  about  350  °C.  It  seems  suggestive  that 
such  a  correspondence  is  not  accidental  and  that  a  trans¬ 
formation  mechanism  similar  to  that  of  martensite  op¬ 
erates  in  the  case  of  bainite. 


V.  CONCLUSIONS 

1 .  Typical  upper  bainite  laths  can  grow  from  the  bainite 
laths  containing  cementite  platelets  in  a  specific  ori¬ 
entation  (B-III  type  bainite1201)  quite  continuously  but 
do  not  from  the  platelike  lower  bainite. 

2.  Thus,  in  view  of  crystallographic  definition  of  bain¬ 
ite,  the  classification  of  bainite  should  be  based  on 
ferrite  morphology. 

3.  A  Widmanstatten  ferrite  sublath  is  thought  to  grow 
from  the  ferrite  nucleus  formed  in  the  orthoequili¬ 
brium  condition. 

4.  A  Widmanstatten  ferrite  lath  is  formed  by  the  co¬ 
alescence  of  the  parallel  ferrite  sublaths  elongated  in 
the  same  direction.  Each  sublath  formation  accom¬ 
panies  a  surface  relief.  Widmanstatten-ferrite-lath/ 
austenite  interface  can  also  migrate  significantly  by 
a  diffusional  mechanism,  resulting  in  slightly  curved 
interfaces. 

5.  Differences  between  Widmanstatten  ferrite  and  bain¬ 
itic  ferrite  may  only  exist  in  the  nucleation  events; 
i.e.,  the  nucleus  for  a  bainitic  ferrite  lath  forms  in  the 
paraequilibrium  condition  at  an  austenite  grain 
boundary  but  the  nucleation  of  a  Widmanstatten  fer¬ 
rite  lath  occurs  in  the  orthoequilibrium  condition.  It 
seems  likely  that  the  longitudinal  growth  for  both 
structures  occurs  via  the  same  displacive  mechanism. 
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The  Influence  of  the  Alloying  Elements 
upon  the  Transformation  Kinetics  and 
Morphologies  of  Ferrite  Plates  in  Alloy  Steels 

S.K.  LIU,  L.  YANG,  D.G.  ZHU,  and  J.  ZHANG 

A  series  of  Fe-C-X  and  Fe-C-XrX2  alloys  in  which  X,  X,,  and  X2  either  raise  or  depress  the 
activity  of  C  in  y  were  investigated  by  autodilatometer,  optical  microscopy,  and  transmission 
electron  microscopy  (TEM)  to  reveal  the  relations  among  the  chemical  composition,  transfor¬ 
mation  kinetics,  and  morphology  of  ferrite  plates.  The  incubation  time  of  austenite  decompo¬ 
sition  at  the  nose  temperature  in  the  time-temperature-transformation  (TTT)  diagrams,  the 
concentration  of  C  in  y  in  contact  with  the  a/y  boundary,  and  the  growth  rate  of  ferrite  were 
evaluated  to  estimate  the  magnitude  of  the  solute  drag-like  effect  (SDLE)  for  the  different  al¬ 
loying  elements  used.  All  the  results  are  consistent  qualitatively  with  the  SDLE  hypothesis. 


I.  INTRODUCTION 

SlNCE  there  are  significant  discrepancies  between 
the  paraequilibrium  model  for  ferrite  growth  and  the  ex¬ 
periments  in  Fe-C-X  systems,  where  X  is  Mo,  Cr,  or 
Mn,  these  alloying  elements  must  have  an  additional  in¬ 
fluence  upon  ferrite  growth.  This  influence  has  been 
suggested  to  be  a  solute  drag-like  effect  (SDLE).11,21  The 
SDLE  concept  has  undergone  a  number  of  changes  since 
it  was  introduced  in  1967.  In  its  present  form,  the  SDLE 
is  proposed  to  result  from  a  nonequilibrium  segregation 
of  the  substitutional  solute  element  and  C  to  moving  a/ y 
boundaries.  Segregated  solutes  which  lower  the  activity 
of  C  in  austenite  in  contact  with  the  a/y  boundary,  in 
turn,  reduce  the  growth  kinetics  of  ferrite.  The  SDLE  is 
also  used  to  explain  the  incomplete  transformation  phe¬ 
nomenon  below  the  B,  temperature  and  the  appearance 
of  a  bay  in  the  time-temperature-transformation  (TTT) 
diagrams  of  these  alloys. 

The  essential  requirement  for  the  operation  of  a  SDLE 
is  the  segregation  of  substitutional  alloying  elements,  X, 
at  the  a/y  boundary.  Numerous  experiments  to  check  X 
segregation  at  a/y  boundaries  have  been  made  by  field- 
ion  microscopy  (FIM)/atom  probe  (AP)  and  scanning 
transmission  electron  microscopy  (STEM).  Reynolds 
et  alP]  have  reported  an  FIM/AP  analysis  of  interfaces 
in  an  Fe-0.19C-l.81Mo  alloy  reacted  at  585  °C  for 
30  seconds.  The  results  indicate  that  Mo  enriches  to  a/ 
y  boundaries  by  at  least  a  factor  of  2.  Stark  and  Smith141 
reported  STEM  X-ray  analysis  of  interfaces  in  Fe- 
0.32C-2.05Mo  alloy  reacted  at  595  °C  for  33  hours.  The 
result  also  indicates  that  approximately  twofold  segre¬ 
gation  appears  to  have  occurred  at  a/y  interfaces  in  this 
alloy.  But  contradictory  results  have  been  reported  for 
Mn-containing  alloys.151  Since  X  atoms  which  have  a 
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strong  affinity  for  C  are  likely  to  segregate  to  the  dis¬ 
ordered  portions  of  a/y  boundaries,  i.e.,  to  the  kinks  on 
the  mobile  ledge  risers,  only  the  concentration  infor¬ 
mation  which  comes  from  the  risers  can  demonstrate 
whether  the  X  does  segregate  at  a/y  interfaces.  Unfor¬ 
tunately,  the  current  level  of  the  preparation  of  samples 
and  the  experimental  methods  cannot  ensure  this  require¬ 
ment.  Discrepancies  among  experiments  are  inevitable. 

Primary  calculations  of  X£/a,  the  concentration  of  C 
in  austenite  in  contact  with  the  a/y  boundary,  as  a  func¬ 
tion  of  the  concentrations  of  C  and  Mo  in  the  boundaries 
Xc  and  Xm0,  respectively,  have  been  given  by  Reynolds 
et  al.[2]  The  results  show  that  the  smaller  the  value  of 
X£/a  for  a  given  alloy,  the  smaller  the  C  flux  and  the 
slower  the  ferrite  growth.  Because  of  the  lack  of  accu¬ 
rate  information  on  solute  adsorption  at  a/ y  boundaries 
in  Fe-C-X  alloys  and  solution  parameters  for  the  a/y 
boundary  responsible  for  growth,  these  calculations  are 
only  a  first  step  toward  quantifying  the  SDLE.  There¬ 
fore,  more  calculations  are  needed  to  demonstrate  the 
SDLE  proposal  quantitatively. 

In  view  of  the  aforementioned  facts  and  difficulties, 
the  authors  expect  to  obtain  more  data  to  test  the  qual¬ 
itative  predictions  of  the  SDLE  proposal  through  the  in¬ 
vestigation  of  the  relations  among  the  chemical 
compositions,  transformation  kinetics,  and  morpholo¬ 
gies  of  ferrite  in  a  series  of  Fe-C-X  and  Fe-C-X  rX2  al¬ 
loys  that  contain  solutes  that  raise  the  C  activity  in  y  and 
solutes  that  depress  the  C  activity  in  y.  The  authors  also 
intend  to  further  explore  the  relationship  between  the 
segregation  of  solutes  in  the  a/y  interface,  Xx,  the  con¬ 
centration  of  C  in  y  in  contact  with  the  a/y  boundary, 
X//a,  and  the  relationship  between  X'x  and  the  growth 
rate  of  ferrite.  For  this  purpose,  four  groups  of  alloys 
were  chosen  for  study. 

(1)  Ternary  Fe-C-X  alloys  in  which  X  represents  Si  and 
Ni.  These  raise  the  activity  of  C  in  y,  but  Si  is  a  ferrite 
stabilizer  and  Ni  stabilizes  austenite. 

(2)  Ternary  Fe-C-X  alloys  in  which  X  represents  V  and 
Mn.  These  depress  the  activity  of  C  in  y;  V  stabilizes 
ferrite  and  Mn  stabilizes  austenite. 

(3)  Quaternary  Fe-C-Si-Mn  and  Fe-C-Si-V  alloys  which 
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consist  of  one  solute  that  raises  and  one  that  depresses 
the  activity  of  C  in  y.  These  alloys  can  be  used  to  in¬ 
vestigate  potential  synergistic  interactions  of  alloying 
elements  on  the  growth  of  ferrite. 

(4)  The  Fe-Mn  alloy  which  contains  a  low  concentration 
of  C  (0.01  wt  pet). 

Besides  the  fourth  alloy,  all  the  alloys  employed  contain 
approximately  0.4  wt  pet  C  to  facilitate  comparisons 
among  the  alloys. 

All  the  samples  were  reacted  isothermally  at  temper¬ 
atures  ranging  from  Ms  to  slightly  higher  than  Bs.  Em¬ 
phasis  is  placed  upon  temperatures  near  the  nose  of  the 
TTT  diagram. 


II.  EXPERIMENTAL  PROCEDURE 

Alloys  used  in  this  investigation  were  melted  in  a  vac¬ 
uum  induction  furnace  from  commercial-purity  Fe  and 
high-purity  Si,  Ni,  Mn  (99.9  pet),  and  ferro vanadium. 
The  chemical  compositions  are  given  in  Table  I.  Ingots 
were  forged  and  then  homogenized  at  1200  °C  for  72 
hours.  The  TTT  curves  for  these  alloys  were  determined 
using  an  autodilatometer  combined  with  optical  micros¬ 
copy.  Samples  of  3  mm  in  diameter  and  10  mm-long 
were  austenitized  in  vacuum  at  1200  °C  for  10  minutes 
and  quenched  in  a  stream  of  N  or  He  to  the  isothermal 
reaction  temperatures.  The  initiation  of  transformation 
was  determined  by  the  inflection  in  the  dilatation  v.s  time 
curve  and  checked  with  optical  microscopy.  The  fraction 
transformed  and  the  fraction  of  ferrite  located  at  prior 
austenite  grain  boundaries  and  within  grains  were  deter¬ 
mined  by  point-counting  optical  micrographs.  The  initial 
and  terminal  lines  in  TTT  curves  correspond  to  1  and  95 
pet  of  austenite  transformed,  respectively. 

Specimens  from  representative  alloys  reacted  for  se¬ 
lected  transformation  temperatures  and  times  were  ex¬ 
amined  with  transmission  electron  microscopy  (TEM)  to 
determine  the  morphology  characteristics,  the  fine  struc¬ 
tures  of  ferrite,  and  the  presence  of  carbides.  Foil  spec¬ 
imens  were  prepared  by  double-jet  polishing  in  a  10  pet 
perchloric  acid,  90  pet  ethanol  solution  at  -30  °C  and 
50  V.  The  TEM  analyses  were  carried  out  in  a  Hitachi 
H-700H  microscope  at  an  operating  voltage  of  200  kV. 

The  Auger  experiment  was  carried  out  on  a  PERKIN- 
ELMER*  PHI  600  instrument  to  determine  the  enrich- 


*PERKIN-ELMER  is  a  trademark  of  Perkin-Elmer  Physical 
Electronics,  Eden  Prairie,  MN. 


ment  of  C  and  Si  to  y/y  boundaries  in  the  Fe-C-Si-Mn 


Table  I.  Chemical  Composition  of 
Experimental  Alloys  (Weight  Percent) 


Alloy 

C 

Ni 

Si 

Mn 

V 

Fe-C-Ni 

0.46 

2.32 

— 

— 

— 

Fe-C-Si 

0.38 

— 

1.73 

— 

— 

Fe-C-Mn 

0.38 

— 

— 

3.11 

— 

Fe-C-V 

0.42 

— 

— 

— 

1.0 

Fe-C-Si-Mn 

0.37 

— 

2.23 

2.29 

— 

Fe-C-Si-V 

0.42 

— 

1.96 

— 

0.96 

Fe-Mn 

0.01 

— 

— 

3.24 

— 

alloy.  Specimens  were  broken  within  the  chamber  in  a 
vacuum  of  10-7  Pa.  Then,  Ar+  ions  were  used  to  sputter 
the  fractured  surface  of  the  specimens  at  an  operating 
voltage  of  3  kV  and  a  0.07  /u, A -beam  current. 

The  shear  elasticity,  Es,  for  each  alloy  was  measured 
by  a  so-called  “microshear  testing  technique”  to  estimate 
the  effect  of  volume-strain  energy  developing  within  the 
matrix  during  decomposition  of  austenite  upon  the  in¬ 
cubation  time  of  the  transformation  in  the  alloys.161  The 
average  value  of  six  tests  for  each  alloy  is  accurate 
enough  for  the  purpose  of  this  investigation. 

III.  RESULTS 

A.  Fe-C-Ni  and  Fe-C-Si 

The  TTT  curves  of  Fe-C-Ni  and  Fe-C-Si  alloys  are 
shown  in  Figure  1 .  The  overall  kinetics  of  Fe-C-Si  are 
fast,  and  the  decomposition  of  austenite  proceeds  with¬ 
out  stasis.  There  is  no  bay  in  the  TTT  curves.  Although 
a  shallow  bay  is  present  in  the  TTT  curve  of  the  Fe-C-Ni 
alloy,  the  transformation  proceeds  rapidly  and  without 
stasis.  Thus,  transformation  does  not  exhibit  the  incom¬ 
plete  phenomenon  at  the  temperatures  investigated  in  the 
Fe-C-Ni  and  Fe-C-Si  alloys.  Although  both  Si  and  Ni 
are  elements  which  raise  the  activity  of  C  in  y,  Si  is  a 
ferrite  stabilizer  and  Ni  is  an  austenite  stabilizer;  the  for¬ 
mer  raises  the  Ae}  temperature,  and  the  latter  depresses 
it.  Thus,  compared  with  the  Fe-0.4C  alloy,  the  Fe-C-Si 
alloy  has  slightly  faster  and  the  Fe-C-Ni  alloy  has  slower 
transformation  kinetics. 

The  morphology  of  the  ferrite  component  of  bainite  in 
the  Fe-C-Ni  alloy  reacted  at  a  temperature  range  from 
700  °C  down  to  400  °C,  and  the  Fe-C-Si  alloy  reacted 
at  a  temperature  range  from  560  °C  to  400  °C,  similar 
to  that  in  Fe-0.4C  alloys.  Once  the  allotriomorph  ferrites 
are  replaced  by  Widmanstatten  ferrite  plates,  the 
Widmanstatten  structure  remains  as  the  dominant  mor¬ 
phology  down  to  the  Ms  temperature.  Figures  2(a)  and 
(b)  show  the  optical  micrographs  of  the  Fe-C-Ni  and 
Fe-C-Si  reacted  at  550  °C  for  10  seconds  and  450  °C  for 
3  seconds,  respectively.  It  can  be  seen  from  these  micro¬ 
graphs  that  most  of  the  ferrite  plates  initiate  from  the 
prior  y  grain  boundaries  and  appear  as  parallel,  slightly 
tapering  plates.  Intragranular  plates  are  rare  in  both  spec¬ 
imens,  treated  at  450  °C  and  above  450  °C  for  a  short 


Fig.  1 — TTT  diagrams  of  Fe-0.46C-2.32Ni  and  Fe-0.38C-l.73Si 

alloys. 
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Fig.  2 — Optical  microstructures  of  (a)  Fe-0.46C-2.32Ni  alloy  treated 
isothermally  at  550  °C  for  10  s  and  (b)  Fe-0.38C-l.73Si  alloy  treated 
isothermally  at  450  °C  for  3  s. 


Fig.  3  —  TEM  microstructure  of  Fe-0.38C-l.73Si  treated  at  450  °C 
for  (a)  3  s  and  (b)  10  s. 


time.  The  dark  etching  characteristic  of  the  ferrite  side- 
plates  in  the  Fe-C-Ni  alloy  (Figure  2(a))  suggests  a  high 
density  of  unresolvable  carbides.  No  evidence  was  found 
of  carbide  formation  in  association  with  ferrite  sideplates 
in  Fe-C-Si  owing  to  the  inhibiting  effect  of  Si  on  the 
precipitation  of  Fe3C.  The  TEM  micrographs  of  carbide- 
free  ferrite  sideplates  in  the  Fe-C-Si  alloy  isothermally 
treated  at  450  °C  for  2  and  10  seconds  are  shown  in 
Figure  3.  The  steps  indicated  by  arrows  are  likely  to  be 
growth  ledges.  In  this  case,  the  growth  of  ferrite  plates 
takes  place  mainly  by  ledge  growth.  However,  edge-to- 
face  sympathetic  nucleation  can  be  observed  on  the 
branching  of  plates  at  later  stages  of  transformation. 


B.  Fe-C-V  and  Fe-C-Mn 

The  TTT  curves  of  the  Fe-C-V  and  Fe-C-Mn  alloys 
are  shown  in  Figure  4.  Compared  with  the  TTT  curves 
of  Fe-C-Si  and  Fe-C-Ni  alloys,  it  can  be  seen  that  the 
incubation  time  for  the  decomposition  of  austenite  in  the 
Fe-C-V  alloy  treated  at  intermediate  temperatures  is 
longer,  and  a  deep  bay  is  associated  with  its  TTT  dia¬ 
gram.  A  deep  bay  in  a  TTT  diagram  does  not  guarantee 
the  existence  of  incomplete  transformation  in  an  alloy 
treated  at  kinetics — Bs.  It  is  evident  that  almost  a  hori¬ 
zontal  stage  on  the  curve  of  fraction  transformed  v.v  time 


Fig.  4— TTT  diagrams  of  Fe-0.42C-1.0V  and  Fe-0.38C-3.llMn 
alloys. 


means  cessation  of  the  transformation.  But,  this  is  not 
the  case  with  this  Fe-C-V  alloy. 

The  initiation  of  transformation  in  Fe-C-Mn  also 
needs  a  longer  time  than  in  Fe-C-Si  and  Fe-C-Ni  alloys. 
At  495  °C,  bainite  and  pearlite  precipitate  from  austenite 
and  the  volume  fractions  of  both  the  bainite  and  pearlite 
increase  with  time  simultaneously.  No  indication  of 
transformation  stasis  was  detected  at  temperatures  from 
400  °C  to  495  °C  in  the  Fe-C-Mn  alloy. 
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The  typical  morphology  of  the  ferrite  component  of 
bainite  in  the  F-C-V  alloy  isothermally  reacted  at  550  °C 
for  70  seconds  is  shown  in  Figure  5.  Five  conspicuous 
differences  between  the  morphologies  of  ferrite  in  the 
Fe-C-V  and  some  Fe-C  alloys  are  noteworthy.  First,  the 
morphology  of  grain-boundary  ferrite  allotriomorphs  in 
the  Fe-C-V  has  a  very  small  aspect  ratio  and  extends 
farther  along  the  grain  boundaries  as  a  net.  This  has  been 
termed  the  “snake”  morphology171  to  distinguish  it  from 
the  conventional  allotriomorph  ferrite  which  has  an  as¬ 
pect  ratio  of  approximately  one-third  in  many  Fe-C  al¬ 
loys.  Second,  above  400  °C,  ferrite  plates  originate  from 
prior  y  grain  boundaries  and  do  not  often  develop  as  par¬ 
allel  plates,  unlike  ferrite  in  Fe-C,  Fe-C-Si,  and  Fe-C-Ni 
alloys  (compare  Figure  5  with  Figure  2).  Third,  unlike 
Fe-C,  Fe-C-Si,  and  Fe-C-Ni  alloys  in  which  ferrite 
plates  originate  from  y  grain  boundaries  at  higher  tem¬ 
peratures  and  develop  at  grain  boundaries  and  within  the 
grain  simultaneously  at  lower  temperatures,  once  the 
plates  appear  in  the  microstructure  of  the  Fe-C-V  spec¬ 
imen,  they  develop  at  the  grain  boundaries  and  within 
the  grain  simultaneously.  Fourth,  there  is  no  carbide  pre¬ 
cipitation  accompanying  ferrite  growth  at  the  early  stage 
of  transformation  at  510  °C.  It  takes  approximately  200 
to  800  seconds  for  carbide  to  precipitate  adjacent  to  prior 
y  grain  boundaries  and  within  the  y  grains.  Fifth,  within 
the  temperature  range  from  approximately  50  °C  above 
to  100  °C  below  the  Bs,  the  predominant  morphology  of 
ferrite  is  a  degenerate  form  of  the  Widmanstatten 
structure. 

The  morphology  characteristics  of  ferrite  in  Fe-C-Mn 
alloy  treated  at  different  temperatures  are  similar  to  those 
of  ferrite  in  the  Fe-C-V  alloy,  except  there  is  lack  of 
snake  allotriomorphs  in  the  microstructure  of  the  Fe-C- 
Mn  alloy  (Figure  6).  From  Figures  5  and  6  and  the 
results  of  TEM  examination,  it  can  be  observed  that  car¬ 
bides  precipitate  accompanying  ferrite  plates  in  the 
Fe-C-Mn  alloy  but  not  in  the  Fe-C-V  alloy  at  an  early 
stage  of  the  transformation. 

C.  Fe-C-Si-Mn  and  Fe-C-Si-V 

Figure  7  shows  TTT  diagrams  of  the  Fe-C-Si-Mn  and 
Fe-C-Si-V  alloys.  These  two  TTT  diagrams  shift  to 


Fig.  5  —  Optical  microstructure  of  Fe-0.42C-1 ,0V  alloy  reacted  at 
550  °C  for  70  s. 


slightly  longer  times  compared  with  TTT  diagrams  of 
the  Fe-C-Si,  Fe-C-Mn,  and  Fe-C-V  alloys.  Introducing 
Si  (which  raises  the  activity  of  C  in  y)  into  a  ternary 
alloy  containing  Mn  or  V  (which  depress  the  activity  of 
C  in  y)  does  not  weaken  the  drag-like  effect  of  Mn  or 
V  on  the  growth  of  ferrite;  rather  it  promotes  their  in¬ 
hibiting  effect  on  ferrite  growth.  At  a  temperature  close 
to  the  Bs,  the  initiation  and  especially  the  completion  of 
austenite  decomposition  is  exceedingly  slow.  There  is  a 
zero  slope  on  the  curve  of  fraction  transformed  vs  time 
for  the  Fe-C-Si-Mn  (Figure  8)  and  the  Fe-C-Si-V  alloys. 
Thus,  the  incomplete-transformation  phenomenon  is  ob¬ 
served  in  these  alloys. 

The  microstructure  of  Fe-C-Si-Mn  alloy  reacted  iso¬ 
thermally  at  450  °C  for  2300  seconds  is  shown  in 
Figure  9.  It  is  evident  that  slightly  tapering  degenerate 
ferrite  plate  appears  to  initiate  within  prior  y  grains  and 
ferrite  sideplates  are  rare.  As  the  isothermal  temperature 
decreases,  the  slightly  degenerate  ferrite  plates  are  re¬ 
placed  gradually  by  sheaves  of  ferrite.  Each  sheaf  con¬ 
sists  of  almost  parallel  ferrite  “subunits,”  presumably 


Fig.  6 — Optical  microstructure  of  Fe-0.38C-3. 1  lMn  alloy  reacted  at 
495  °C  for  420  s. 


Fig.  7  — TTT  diagrams  of  Fe-0.37C-2.23Si-2.29Mn  and  Fe-0.42C- 
1.96Si-0.96V  alloys. 
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Fig.  8  —  Isothermal  transformation  curve  for  Fe-0.37C-2.23Si- 
2.29Mn  transformed  at  500  °C. 


Fig.  9  —  Optical  microstructure  of  Fe-0.37C-2.23Si-2.29Mn  reacted 
at  450  °C  for  2300  s. 


formed  by  face-to-face  and  edge-to-edge  sympathetic 
nucleation  (see  the  TEM  micrograph  shown  in 
Figure  10).  There  was  no  carbide  precipitation  accom¬ 
panying  the  formation  of  sheaves  after  holding  at  450  °C 
for  less  than  3  to  4  hours.  Retained-austenite  laths  exist 
between  the  subunits.  But  after  holding  at  450  °C  for 
more  than  4  to  5  hours,  Fe3C  precipitates  can  be 
detected. 

Figures  11(a)  through  (c)  show  the  microstructures  of 
the  Fe-C-Si-V  alloy  reacted  at  500  °C  for  100,  2000,  and 
7000  seconds,  respectively.  The  morphology  character¬ 
istics  of  ferrite  in  this  alloy  are  the  same  as  those  in  the 
Fe-C-V  alloy.  Because  of  the  inhibiting  effect  of  Si  on 
carbide  precipitation,  it  takes  almost  10  times  longer  in 
comparison  with  the  Fe-C-V  alloy  for  the  carbide 
to  precipitate  along  the  prior  y  grain  boundaries 
(Figure  11(b)). 


Fig.  10 — TEM  microstructure  of  Fe-0.37C-2.23Si-2.29Mn  reacted  at 
375  °C  for  100  s. 


D.  Fe-Mn 

Figure  12  shows  the  TTT  diagram  of  Fe-3.24Mn 
alloy.  At  temperatures  near  the  nose  of  the  TTT  dia¬ 
gram,  transformation  is  too  rapid  for  the  early  stage  to 
be  observed  with  the  method  of  quenching  the  specimens 
into  ice  brine. 

E.  Solute  Segregation  at  Prior  y  Grain  Boundaries 

From  the  derivative  Auger  spectra  from  the  cleavage 
and  the  prior  y  grain  boundary  in  the  Fe-C-Si-Mn  alloy 
isothermally  reacted  at  475  °C  for  20  seconds  it  can  be 
seen  that  C  is  segregated  to  the  prior  y  grain  boundary. 
In  addition,  depletion  of  Si  was  found  at  the  prior  y  grain 
boundary  in  the  same  sample.  The  concentration  profile 
of  Si  and  C  examined  by  sputtering  the  intergranular  fac¬ 
ets  with  Ar+  ions  is  shown  in  Figure  13. 


IV.  INTER  RELATED  EVALUATIONS 

A.  Evaluation  of  Incubation  Time 

Since  more  contemporary  studies  of  austenite  decom¬ 
position  have  favored  models  involving  “instantaneous” 
nucleation-site  saturation  followed  by  growth- 
determined  initiation  of  the  TTT  curve,' 18  91  it  is  possible 
to  ascertain  qualitatively  the  extent  of  the  SDLE  on  the 
incubation  time  of  austenite  decomposition  in  the  alloy 
systems  investigated  by  comparing  the  calculated  rela¬ 
tive  incubation  time,  rcal,  with  the  experimental  incu¬ 
bation  time,  Trel. 

According  to  Kirkaldy,191  if  the  isothermal  growth  ve¬ 
locity  of  a  product  is  v,  then  the  time  Trn  to  any  desired 
volume  percent  of  transformation  is  given  by 

%  =  const/v  ( T ) 
and 

V  «  (AT)2  exp  (-Q/RT) 

where  AT  is  the  undercooling,  and  Q  is  the  activation 
energy  for  diffusion. 
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For  small  undercooling,  AT,  it  can  be  shown  that 
A Gv  °c  AT 

Thus,  we  have 

r  “c  1/{A Gl  exp  (— (2/R7’)} 

A  similar  dependence  is  reached  if  one  assumes  the 
incubation  time  on  the  TTT  diagram  is  determined  by 
the  nucleation  rate  rather  than  the  growth  rate  of  the 
product.1101 

The  AG,,  values  for  all  the  alloys  were  calculated  by 
a  regular  solution  model  and  supercomponent  model.1"1 
Taking  the  1/A  G2,  value  of  the  Fe-C-Si  alloy  at  the  nose 
temperature  as  a  unit,  the  ratios  of  1/A  G2  values  of  the 
other  Fe-C-X  alloys  to  the  1/A  G2  value  of  the  Fe-C-Si 
alloy  at  the  nose  temperature  are  the  calculated  relative 
incubation  times,  rcai,  of  the  alloys  and  are  shown  in 
Table  II.  The  experimental  incubation  time,  rexp,  cor¬ 
responding  to  the  nose  temperature  in  the  TTT  diagrams, 
which  were  measured  from  the  TTT  diagrams  shown  in 
Figures  1,  4,  7,  and  12,  is  also  shown  in  Table  II.  The 
ratios  of  rexp  of  the  other  Fe-C-X  alloys  to  the  rexp  of  the 
Fe-C-Si  are  taken  as  the  real  relative  incubation  times, 
Trel.  According  to  the  preceding  equations,  the  rca,  value 
should  contain  an  exponential  factor  exp  (—Q/RTnoseSi 
+  Q/RT„ose).  Therefore,  the  rca,  values  calculated  simply 
by  the  ratio  of  A Gv  neglect  the  effect  of  alloying  ele¬ 
ments  on  the  diffusivity  of  C  and,  thus,  the  r  values. 
Since  the  same  exponential  factor  should  appear  in  the 
values  of  Trd,  this  factor  can  be  canceled  if  we  measure 
the  relative  potence  of  SDLE  by  computing  rrd/Tcal  for 
each  alloy  at  the  nose  temperature  of  the  TTT  diagram . 
Then,  the  relative  incubation  time  (an  approximate  mea¬ 
sure  of  the  ferrite  growth  rate)  can  be  predicted  using 
only  the  thermodynamic  driving  force.  When  it  is  sig¬ 
nificantly  larger  than  one,  growth  is  much  slower  than 
expected  and  an  SDLE  must  be  operating.  The  Tre|/rcal 
ratios  are  also  shown  in  Table  II.  Since  the  rrel/rca ,  ratios 
for  Fe-C-Mn,  Fe-C-Mn-Si,  Fe-C-V,  and  Fe-C-V-Si  al¬ 
loys  are  significantly  larger  than  one,  there  must  be 
SDLE  operating  in  these  alloys  during  the  transforma¬ 
tion  occurring  at  the  temperature  near  the  nose  of  the 
TTT  diagram. 

B.  Evaluation  of  Xf/a  and  L2 /t 

To  estimate  the  magnitude  of  the  SDLE  exerted  by  the 
alloying  elements  used  in  this  investigation  on  the 
growth  kinetics  of  ferrite,  the  authors  calculate  the  con¬ 
centration  of  C  in  austenite  in  contact  with  the  a/y 
boundary,  Xc/a,  and  the  values  L2 /t  (where  L  is  the  lo¬ 
cation  of  the  a/y  interface  relative  to  the  y  grain  bound¬ 
ary  at  which  it  nucleated  and  t  is  reaction  time)  as 
functions  of  the  Mn,  V,  Ni,  and  Si  concentrations  within 
the  a/y  interface,  X‘f  and  the  reaction  temperatures,  T, 
by  a  paraequilibrium  model  and  growth  of  a  planar  inter¬ 
face  model,  respectively. 

In  paraequilibrium,  the  distribution  of  C  and  X  can  be 
shown  schematically  in  Figure  14.  According  to  the  pro¬ 
posal  of  SDLE,  some  of  these  solutes  may  segregate  to 
the  a/y  interface.  If  we  take  the  interface  as  a  two- 
dimensional  phase  (4>),  the  partition  of  X  among  a,  y. 


and  <f>  at  a  given  temperature  might  be  shown  schemat¬ 
ically  (Figure  15).  Suppose  there  is  a  series  of  Fe-C-Mn 
alloys  with  different  concentrations  of  Mn  and  Xm„.  For 
a  given  concentration  of  Mn,  the  corresponding  Xq  and 
X'//y  can  be  calculated  by  equating  the  chemical  potential 
of  C  in  y  and  a.  When  segregation  of  X  to  the  a/y 
boundary  occurs  (X^n  #  X”5n),  the  values  of  XyJ"  and 
Xc/y  are  taken  to  be  set  by  the  chemical  potential  of  C 
as  determined  by  X'/Ur  In  the  absence  of  detailed  infor¬ 
mation  on  the  thermodynamics  of  the  a/y  boundary,  it 
is  assumed  that  XJ-/a  and  X£/t  can  be  calculated  using 
X£ln  instead  of  Xm„-  Therefore,  a  functional  relationship 
between  the  concentration  of  Mn  segregation  to  the  a/ y 
boundary  and  the  concentration  of  C  in  y  in  contact  with 
the  a/y  boundary  at  a  given  temperature  can  be  obtained 
by  varying  the  parameter  XjL-  Figure  16  shows  the 
calculated  results  of  the  Xyc’a  ~  X'/  relation  for  the 
investigated  alloys  by  using  the  computer  program 
provided  by  Reynolds.1121 

For  simplicity,  migration  of  a  ferrite  riser  is  regarded 
as  growth  behind  a  planar  incoherent  interface.  Follow¬ 
ing  Zener,1131  we  have 

(ut  -  Uc°)  {8UZVl  /Vm\ 

{Xj/a  -  x//y)\sxyJ  W  V1T 


l} /t  =  KDC  [2] 

where  t  =  time;  Dc  =  diffusion  coefficient  of  C  in  aus¬ 
tenite;  ul/a  =  chemical  potential  of  C  in  y  in  contact  with 
the  a/y  interface;  u//0  =  chemical  potential  of  C  in  y 
as  t  =  0;  V/t  and  VJ,  =  mole  vol  of  a  and  y,  respectively; 
and  k  =  constant. 

Given  the  parameters,112141  we  can  obtain  the  numer¬ 
ical  solution  of  Lr /t  with  respect  to  a  series  of  X$.  The 
calculated  results  are  also  shown  in  Figure  16. 


V.  DISCUSSION 

A.  Kinetics 

Explaining  the  significant  discrepancy  between  the 
calculated  (Tca,)  and  measured  (rrel)  incubation  times  for 
the  alloys  that  contain  solutes  depressing  ay  may  be  a 
key  point  to  understanding  the  characteristics  of  ferrite 
growth  kinetics  at  intermediate  temperatures. 

As  shown  in  Table  II,  the  differences  in  A Gv  values 
among  the  alloys  employed  in  this  investigation  are 
small.  The  large  differences  in  the  ratios  of  Trel/rca ,  be¬ 
tween  the  alloys  that  contain  solutes  depressing  a/  and 
the  alloys  that  contain  solutes  raising  a /  are  not  likely 
to  be  caused  by  such  small  changes  in  A G„.  The  differ¬ 
ences  among  the  rcal  for  the  different  alloys  (rcal  varies 
from  0.49  to  4.3)  only  reflect  differences  in  AGV  due  to 
the  type  and  concentration  of  alloying  elements. 

The  strain  energy  accompanying  the  formation  of  fer¬ 
rite  might  be  another  important  factor  influencing  the 
transformation  kinetics  of  austenite.  It  can  be  seen  from 
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Table  II  that  the  ratios  of  shear  elasticity,  E,,  for  the  Fe- 
C-X  and  Fe-C-XrX2  alloys  to  that  of  the  Fe-0.37C- 
2.20Si-2.29Mn  alloy  are  close  to  unity,  i.e.,  from  0.77 
to  1.12.  Therefore,  the  differences  of  (A Gv  +  AGJ 
among  the  alloys  which  contain  elements  raising  the  ac¬ 
tivity  of  C  in  y  and  the  alloys  which  contain  elements 
depressing  the  activity  of  C  in  y  cannot  be  the  reasons 
which  make  the  latter  have  a  remarkably  slow  decom¬ 
position  rate  of  austenite. 

In  fact,  the  calculated  results  of  Xc/a  shown  in 
Figure  16  are  exactly  the  paraequilibrium  (a  +  y)/y 


Fig.  11 — Optical  microstructures  of  Fe-0.42C-l.96Si-0.96V  alloy 
treated  at  500  °C  for  (a)  100  s,  (b)  2000  s  and  (c)  7000  s. 


phase  boundary  lines  for  an  alloy  with  variable  amounts 
of  X.  For  alloys  which  contain  solutes  stabilizing  aus¬ 
tenite  (Mn  and  Ni),  X£/o  decreases  with  an  increase  in 
solute  Xx,  on  the  other  hand,  for  alloys  which  contain 
solutes  stabilizing  ferrite  (Si  and  V),  Xc/a  increases  with 
an  increase  in  solute  concentration  (Figure  17).  The 
trends  of  XyJa  ~  Xx  curves  shown  in  Figure  16  are  con¬ 
sistent  with  these  patterns.  Therefore,  it  is  evident  that 
an  increase  of  a  solute  which  depresses  the  activity  of  C 
in  y  can  make  the  Xca  increase  or  decrease  according 
to  which  phase  (a  or  y)  it  can  stabilize.  In  other  words, 
solutes  which  reduce  the  activity  of  C  in  y  do  not  nec¬ 
essarily  reduce  the  Xy-,a  value  of  the  alloy. 

From  Eq.  [1],  it  is  clear  that  the  following  three  fac¬ 
tors  effect  the  calculated  result  of  the  L2/t  value: 
(; uyc/a  -  uyc/0),  (Xyc/a  -  Xac/y),  and  (8UI/SXI).  Since  a 
solute  affects  not  only  the  Xca  and  X£  7  values  but  also 
the  Uc/a  and  (5t/£/5X£)  values,  the  trends  of  L2/l  ~ 
Xx  curves  shown  in  Figure  16  are  not  consistent  with 
those  of  Xyc/a  ~  X'x  curves.  For  alloys  containing  solute 
that  depresses  ayc  (Mn  or  V),  the  L2/ 1  value  decreases 
with  the  increase  of  Xx-  For  example,  the  X'c"  and 
Uc/a  of  Fe-C-Mn  alloy  decrease  with  the  increase  of 
X$.  Asa  result,  L2/t  decreases  significantly  with  the  in¬ 
crease  of  X*  and  reaches  zero  as  X'^,,  reaches  approxi¬ 
mately  11  at.  pet.  As  to  the  Fe-C-V  alloy  employed, 
although  the  X£/a  increases  with  the  increase  of  Xf ,  the 
L2 It  value  still  decreases  and  approaches  zero  as  the 
X?  reaches  approximately  10  at.  pet  owing  to  the 
(uyc/a  -  uyc/0)  and  (8UZ/8Xyc)  decrease  with  the  increase 
of  Xf. 

It  is  evident  that  the  decrease  in  activity  should  lead 


Fig.  12 — TTT  diagram  of  Fe-3.24Mn  alloy. 


Fig.  13  —  Concentration  profile  of  species  C  and  Si  of  Fe-0.37C- 
2.23Si-2.29Mn  alloy  reacted  at  475  °C  for  20  s. 
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Table  II.  Calculated  AG,,  and  Relative  Incubation  Time  r  of  Experimental  Alloys 


Alloy 

Nose 

Temperature 

(°C) 

A  Gv 
(J/mol) 

^cal 

T 

Texp 

(s) 

^rel 

^"rel/^cal 

E, 

Ej(Fe-C-Si-Mn) 

Fe-C-Si 

450 

-1354.9 

l 

2 

l 

l 

_ 

Fe-C-Ni 

565 

-  653.0 

4.3 

8 

4 

0.93 

0.91 

Fe-C-Mn 

450 

-  707.2 

3.58 

58 

29 

8.10 

— 

Fe-C-V 

435 

-1949.5 

0.49 

5 

2.5 

5.10 

0.88 

Fe-C-Si-Mn 

350 

-1463.7 

0.84 

300 

150 

178.0 

1.0 

Fe-C-Si-V 

400 

—  1779.66** 

0.58 

7 

3.5 

6.03 

1.12 

Fe-Mn 

470 

-1355.0 

0.97 

1 

0.5 

0.5 

0.77 

*Trel  =  T„p/rcxp(Fe-C-Si). 

Data  provided  by  J.K.  Chen  and  W.T.  Reynolds,  Jr.  and  calculated  by  the  central  atoms  model. 

vTai 


Fig.  14  —  Concentration  profile  of  C  and  X  according  to  the  para- 
equilibrium  model. 


Fig.  15  —  Concentration  profile  of  C  and  X  according  to  the  para- 
equilibrium  model  and  considering  X  segregating  at  the  a/ y 
boundary. 


to  the  reduction  of  chemical  potential.  This  is  the  case 
with  the  Fe-C-Mn  and  Fe-C-V  alloys  in  which  Mn  and 
V  are  the  solutes  reducing  the  activity  of  C  in  y.  There¬ 
fore,  as  compared  with  an  Fe-0.4C  alloy,  the  u}-a  of 
both  alloys  decreases  regardless  of  whether  the  solute  is 
an  a  or  y  stabilizer.  On  the  other  hand,  once  an  alloy 
contains  a  solute  (Si  or  Ni)  that  increases  al/a,  the  L2/? 
value  increases  slightly  with  the  increase  of  when  the 
solute  is  either  an  a  or  y  stabilizer. 

Figure  18  gives  the  L2/f  vs  X^„  curves  for  alloys  iso- 
thermally  treated  at  500  °C  containing  various  concen¬ 
trations  of  C  and  Mn.  The  X//a  vs  XJ$,n  curve  of  the 
Fe-C-Mn  alloy  at  500  °C  is  also  drawn  in  the  figure.  If 
there  is  no  segregation  of  Mn  within  the  a/y  boundary, 
it  is  evident  from  the  intersections  of  the  curves  with  the 
ordinate  that  the  differences  among  the  L/ /t  values  for 
various  Fe-C-Mn  alloys  are  less  than  0.5  x  10~9  cm2/s. 
But  to  any  Fe-C-Mn  alloy  shown  in  the  figure,  the 
L2/t  value  descends  rapidly  with  the  increase  of  the  seg¬ 
regation  concentration  of  Mn  within  the  a/y  boundary. 

In  view  of  the  aforementioned  statements,  it  is  rea¬ 
sonable  to  suggest  that  the  ferrite  growth  kinetics  of  al¬ 
loys  that  contain  solute  that  depress  a/  are  inhibited  by 
the  SDLE,  provided  that  the  element  segregates  to  the 
a/y  boundary.  Thus,  according  to  the  proposal  of 
SDLE,  any  Fe-C-X  alloy  which  contains  an  element  X 


that  depresses  the  activity  of  C  in  y  may  depress  the 
growth  kinetics  of  ferrite  and  shift  the  TTT  diagram  to 
the  right.  That  is  the  case  with  the  F-C-Mn,  Fe-C-V,  Fe- 
C-Si-Mn,  and  Fe-C-Si-V  alloys. 


B.  Morphology 

From  the  results  given  in  Section  A,  we  can  observe 
that  the  morphology  of  ferrite  is  also  closely  related  to 
the  composition  of  the  alloys.  Those  alloys  that  contain 
Si  or  Ni,  and  therefore  raise  the  activity  of  C  in  y,  have 
normal  Widmanstatten  ferrite  like  that  in  Fe-C  alloys. 
Although  sympathetic  nucleation  occurs  in  these  alloys 
and  is  responsible  for  branching  of  ferrite  plates,  the 
lengthening  of  the  ferrite  plates  occurs  mainly  by  con¬ 
tinuous  growth.  Thus,  most  of  the  ferrite  plates  are  ta¬ 
pered  and  approximately  parallel  to  each  other.  As  for 
the  Fe-C-V  and  Fe-C-Mn  alloys,  a  strong  SDLE  on  a/y 
boundaries  during  growth  is  expected  due  to  the  strong 
interaction  between  C  and  the  solutes  and  the  tendency 
of  V  and  Mn  to  reduce  the  activity  of  C  in  y.  The  SDLEs 
of  these  elements  inhibit  the  migration  of  growth  risers, 
and  thus,  the  ferrite  plates  lengthen  slowly.  The  relative 
lengthening  and  thickening  rates  cause  ferrite  to  have  a 
small  aspect  ratio;  i.e.,  degenerate  plates  mainly  develop 
through  the  agency  of  repeated  edge-to-edge  and  face- 
to-face  sympathetic  nucleation.  Therefore,  a  ferrite  plate 
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Fig.  16  —  Xc"  ~  X*  and  L2/t  ~  X *  curves  at  500  °C  for  the  ternary 
alloys  employed. 


in  the  Fe-C-V  and  Fe-C-Mn  alloys  consists  of  individual 
ferrite  crystals,  the  so-called  subunits  of  bainite.  Carbide 
precipitates  in  conjunction  with  the  formation  of  the  fer¬ 
rite  subunits  in  Fe-C-V  and  Fe-C-Mn  alloys  employed 
in  this  investigation. 

The  difference  in  morphology  between  the  Fe-C-Mn, 
Fe-C-V,  and  the  quaternary  Fe-C-Si-Mn  and  Fe-C-Si-V 
alloys  is  due  to  the  introduction  of  Si,  which  inhibits  the 
precipitation  of  carbide  from  the  austenite;  thus,  when 
the  C  concentration  in  austenite  is  high  enough,  a  certain 
amount  of  retained  austenite  may  remain  among  the  sub¬ 
units  of  ferrite  sheaves. 

C.  The  Segregation  of  Solutes  at  the  y-Grain 
Boundary  and  Its  Effect  on  the  Formation 
of  Ferrite  Sideplates 

From  Figure  13  and  the  experiments  with  Auger  elec¬ 
tron  spectroscopy  (AES),  STEM  plus  energy-dispersive 
spectroscopy  (EDS),  and  static  secondary  ion  mass 
spectroscopy  (SIMS)  executed  by  the  authors,115'  it  is  ev¬ 
ident  that  C  and  Mn  segregate  to  y-grain  boundaries  dur¬ 
ing  the  isothermal  treating  of  the  Fe-C-Si-Mn  alloy  at 
intermediate  temperatures  for  a  short  time.  Since  the  dif¬ 
fusion  rate  of  substitutional  solutes  along  the  y  grain 
boundary  is  rapid,  the  concentration  of  Mn  and  V  at  the 
y  grain  boundary  may  be  inherited  easily  by  the  newly 


(b) 

Fig.  17  —  Schematic  Fe-C-X  isotherms  for  which  (a)  X  is  an  a- 
stabilizer  and  (£>)  X  is  a  y-stabilizer. 


formed  a/y  interface  during  the  formation  of  the 
a  phase  at  the  prior  y  grain  boundary.  When  decreasing 
the  activity  of  C  in  y  adjacent  to  the  a/ y  interface,  the 
segregation  of  Mn  and  V  at  the  a/ y  interface  will  inhibit 
the  growth  of  ferrite  sideplates.  This  is  a  reasonable  ex¬ 
planation  for  the  fact  that  the  amount  of  ferrite  sideplates 
is  well  below  that  of  the  intragranular  ferrite  plates  in 
these  alloys  (Figures  9  and  10). 

VI.  SUMMARY 

1 .  The  effect  of  solutes  on  the  growth  kinetics  of  ferrite 
is  consistent  with  their  effect  on  the  activity  of  C  in 
y.  Solutes  (Mn  and  V)  that  have  a  strong  interaction 
with  C  and  depress  activity  of  C  in  y  depress  grain¬ 
boundary  ferrite  growth  kinetics  significantly  by  seg¬ 
regating  to  a/y  boundaries  and  decreasing  the  Xf“ 
and  Uq  of  the  alloys.  Therefore,  SDLE  might  be  the 
reasonable  explanation  for  the  formation  rate  of  fer¬ 
rite  plate  in  these  alloys. 

2.  Simplified  calculations  of  X£/a  and  L2 /t  are  consis¬ 
tent  qualitatively  with  the  effects  of  the  investigated 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25 A.  SEPTEMBER  1994—1999 


Fig.  18 — l?/t  ~  Xx  curves  for  various  Fe-C-Mn  alloys  marked  in 
the  figure. 


solutes  on  ferrite  plate-growth  kinetics.  However, 
more  rigorous  treatment  of  the  calculations  is  needed 
to  establish  the  quantitative  relation  between  the 
SDLE  and  ferrite-growth  kinetics. 

3.  The  effects  of  solutes  on  the  ferrite  morphology  are 
related  to  their  effect  on  growth  kinetics.  The 
formation  of  degenerate  ferrite  plates  in  Mn-  or 
V-containing  alloys  results  from  the  SDLE  of  Mn 
and  V. 

4.  Once  ferrite  nucleates  at  austenite  grain  boundaries, 
the  newly  formed  a/y  boundary  inherits  the  original 
segregation  of  Mn  of  V.  The  SDLE  on  them  inhibits 


the  growth  of  ferrite  sideplates  at  prior  y  grain  bound¬ 
aries.  Therefore,  the  fraction  of  sideplates  in  Mn-  and 
V-containing  alloys  evidently  decreases. 
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Formation  Mechanism  of  Bainitic  Ferrite  and  Carbide 


HONG-SHENG  FANG,  JIA-JUN  WANG,  and  YAN-KANG  ZHENG 

Superledges  on  the  broad  faces  of  bainitic  ferrite  plates  have  been  observed  with  transmission 
electron  microscope  (TEM).  The  observed  superledges,  ranging  from  less  than  1  to  24  nm  in 
height,  are  imaged  in  three  dimension  by  way  of  tilt  operation  under  TEM.  Also,  an  array  of 
smaller  superledges  are  observed  to  pile  up  in  front  of  a  secondary  phase.  Pileup  of  superledges 
in  front  of  a  barrier  is  indicative  of  the  mobility  of  an  individual  superledge.  The  precipitation 
of  carbide  associated  with  bainitic  ferrite  is  also  studied.  It  is  observed  that  a  carbide  of  a 
wedgelike  shape  may  exist  in  front  of  a  superledge  with  its  tip  (i.e.,  thinner  end)  penetrating 
the  austenite  and  its  root  (the  other  end)  originating  at  a:y  boundary.  This  condition  indicates 
that  the  observed  carbides  may  nucleate  at  the  austenite  side  of  a :  y  phase  boundary  and  grow 
toward  austenite  matrix. 


I.  INTRODUCTION 

DURING  an  investigation  of  the  various  morpholo¬ 
gies  of  proeutectoid  ferrite  in  plain  carbon  steels,  Dube 
et  al.w  devised  a  system  for  morphologies,  which  is 
known  as  the  Dube  morphological  classification  system. 
The  system  was  then  extended  by  Aaronson121  and  ap¬ 
plied  to  describe  the  different  morphologies  of  pro¬ 
eutectoid  cementite.131  Many  of  the  precipitates  involved 
in  this  classification  scheme  have  a  plate  morphology. [4] 
In  addition  to  proeutectoid  ferrite  and  cementite,  which 
form  at  relatively  high  temperatures  in  steel,  martensite 
and  bainite  are  also  formed  in  the  shape  of  a  plate.  After 
more  than  50  years  of  debate,151  considerable  disagree¬ 
ment  remains  as  to  whether  a  bainite  plate  forms  by 
shear  or  diffusion. 16,71 

Note  that  the  term  “shear”181  is  used  here  to  define  the 
“military”19,10,111  process  in  which  the  movement  of 
atoms  on  one  side  of  the  interphase  boundary  is  coor¬ 
dinated  simultaneously  or  precisely  by  the  sequential 
glide-type  motion  of  both  substitutional  and  interstitial 
atoms  across  the  boundary.  This  behavior  of  well- 
coordinated  motion  requires  glissile  interphase  bound¬ 
aries.191  The  term  “diffusion”  is  used  in  this  article  to 
describe  a  nonmilitary  process  in  which  atoms  migrate 
toward  or  away  from  the  interphase  boundary  individ¬ 
ually,  i.e.,  a  diffusion  process  is  accomplished  by  the 
biased  diffusional  random  walk  of  substitutional  and 
interstitial  atoms.1121  We  still  lack  the  methods  needed  to 
study  directly  the  movement  of  individual  atoms  across 
the  phase  boundary  during  transformations.  Thus,  we 
must  rely  on  the  analysis  of  some  experimental  results, 
which  provide  us  with  some  indirect  but  very  important 
clues  to  the  atomic  mechanism  of  growth. 

This  article  will  deal  with  the  roles  of  superledges  in 
the  formation  mechanism  of  ferrite  plates  in  steel.  Al¬ 
though  bainitic  carbides  are  not  plates,  their  formation 
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mechanism  is  also  discussed  because  bainitic  ferrite 
plate  precipitation  is  usually  accompanied  by  that  of  car¬ 
bides.  The  formation  mechanism  of  bainitic  carbides  is 
closely  associated  with  that  of  ferrite  plates. 

II.  EXPERIMENTAL  METHODS 

Specimens  of  an  Fe-2.17C-12.18Cr-0.26Mn-0.31Si 
(wt  pet)  steel  were  homogenized  for  69  hours  at  1423  K, 
austenitized  for  10  minutes  at  1373  K  in  evacuated 
quartz  capsules,  and  isothermally  reacted  for  22  or 
29  hours  at  573  K  in  a  deoxidized  salt  bath  after  the 
capsules  were  broken.  The  alloy  composition  and  heat- 
treatment  process  were  designed  to  avoid  martensite 
formation.  The  M„  temperature  in  this  alloy  is  about 
223  K .  Thin  films  for  the  transmission  electron  micros¬ 
copy  (TEM)  study  were  prepared  by  chemically  thinning 
samples  to  0.04  mm  in  a  solution  of  5  pet  HF  and  95  pet 
H202,  polishing  in  a  dual-jet  unit  with  5  pet  HC104, 
25  pet  glycerol,  70  pet  alcohol,  and  finally,  ion  milling. 
The  TEM  studies  on  this  alloy  were  performed  with  an 
H800  electron  microscope  operating  at  200  KV. 

III.  EXPERIMENTAL 
RESULTS  AND  DISCUSSION 

The  optical  microstructure  of  the  experimental  alloy 
that  reacted  for  29  hours  at  573  K  is  presented  in 
Figure  1 .  The  bainite  is  shown  by  the  dark  etching  and 
is  plate  shaped,  as  indicated  by  arrow  A  in  Figure  1. 
The  matrix  around  an  individual  bainite  plate  is  retained 
austenite  (arrow  B).  Additionally,  (CrFe)7C3  carbide 
(arrow  C)  of  equiaxed  shape,  which  is  not  dissolved  dur¬ 
ing  the  austenitizing  process,  is  also  present. 

Note  that  owing  to  the  presence  of  (CrFe)7C3  carbide, 
the  average  carbon  content  in  austenite  and  bainite  is  ap¬ 
proximately  1.2  wt  pet,*  which  is  quite  different  from 

*As  to  the  carbon  composition  of  the  austenite  in  the  experimental 
alloy,  the  authors  have  tried  to  determine  it  by  several  methods.  First, 
the  carbon  concentration  was  measured  to  be  1.34  wt  pet  through 
wave-dispersed  spectroscopy  when  a  (CrFe)7C3  standard  sample  was 
used.  Second,  the  calculated  carbon  concentration  of  the  austenite  was 
determined  to  be  approximately  1.2  wt  pet  by  the  method  of  quan¬ 
titative  metallography.  The  area  ratio  of  (CrFe)7C3  in  the  alloy  was 
determined  by  computer  image  processing  systems  under  scanning 
electron  microscopy  (SEM).  Finally,  the  thermodynamics  calculation 
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Fig.  1 — Optical  microstructure  of  an  Fe-2.17C-12.18Cr-0.26Mn- 
0.3 1  Si  alloy  reacted  29  h  at  573  K. 


is  also  performed  with  this  alloy.  It  shows  that  the  equilibrium  carbon 
concentration  in  the  austenite  at  the  austenitizing  temperature  given 
here  (1100  °C)  is  roughly  0.96  wt  pet.  On  the  basis  of  the  previous 
experimental  results,  it  seems  to  be  reasonable  that  the  actual  carbon 
concentration  in  the  austenite  in  this  experimental  alloy  is  about 
1.2  wt  pet. 


the  overall  alloy  composition,  2.17  wt  pet,  as  given  in 
Section  II,  determined  by  quantitative  chemical  analysis. 

The  TEM  microstructure  of  the  Fe-2.17C-12.18Cr- 
0.26Mn-0.31Si  alloy  reacted  for  22  hours  at  573  K  is 
shown  in  Figure  2(a).  Figure  2(c)  is  the  diffraction  pat¬ 
tern  of  the  ferrite  plates  in  Figure  2(a).  The  indexing 
results  are  given  in  Figure  2(d).*  The  corresponding 


*There  are  two  sets  oi^cqmplete  patterns  in  Figure  2(c),  which  are 
produced  by  [Oil]  and  [133].  Apparently,  the  latter  set  of  patterns  is 
asymmetrical;  this  indicates  that  the  beam  direction  is  tilted  from  the 
given  zone  axis.  Moreover,  in  addition  to  these  patterns,  there  are 
still  three  unknown  diffraction  points  in  Figure  2(c).  Based  on  the 
X-ray  diffraction  result  which  shows  that  there  are  only  three  phases 
in  the  heat-treated  alloy,  ferrite,  austenite,  and  CrFe7C3,  the  three 
points  may  be  arbitrarily^  indexed  as  (244),,,  (244),,  and  (513),.  They 
may  be  generated  by  [479],. 


dark-field  image  of  Figure  2(a)  is  presented  in 
Figure  2(b),  using  the  (011)o  reflection.  Apparently, 
there  are  three  ferrite  plates  inside  the  concerned  field, 
which  are  respectively  labeled  A,  B,  and  C.  Plates  B 
and  C  are  laths,  while  plate  A  is  a  wedge. 

As  discussed  in  detail  by  Aaronson  et  al.,m  ledges  on 
the  broad  faces  of  plates  can  be  of  various  types.  They 
include  structural  ledges,1131  misfit  compensating  ledges, 
and  growth  ledges.  The  latter  type  of  ledge,  as  observed 
on  the  broad  faces  of  plate-shaped  phases,1141  is  often 
much  greater  in  height  than  the  ferrite  unit  cell,  ranging 
from  tens  of  nanometers  to  about  1  /xm.|15)  These  growth 
ledges  are  termed  superledges.1161 

After  slightly  tilting  the  TEM  film  from  the  orientation 
of  Figure  2(a),  the  ferrite  plate  A  was  again  photo¬ 
graphed  in  Figure  3(a).  As  indicated  by  arrows  A 
through  F  in  Figure  3(a),  an  array  of  ledges  with  ap¬ 
parent  heights  of  4.6,  22,  3.4,  8.6,  12,  and  16  nm,  re¬ 
spectively,  are  observed  at  the  broad  face  of  this  ferrite 


plate.  It  is  obvious  that  the  apparent  heights  of  the  super¬ 
ledges  given  previously  are  different  from  the  actual 
heights,  since  thickness  fringes  can  be  seen  in  front  of 
the  riser.  But  according  to  the  distance  between  two 
neighboring  thickness  fringes  the  angle  of  inclination  of 
the  riser  can  be  calculated  to  be  greater  than  76  deg,  i.e. , 
the  error  owing  to  the  inclination  is  less  than  2.6  pet. 
Apparently,  this  has  little  influence  on  the  measurement 
of  the  heights  of  the  superledge  risers.  Meanwhile,  since 
the  observed  ledges  are  10  times  higher  than  the  unit 
cell,  they  are  clearly  superledges,  as  previously  defined. 
The  superledges  in  front  of  arrows  a  and  b  are  also  im¬ 
aged  in  Figure  3(b)  through  adjusting  the  orientation  of 
the  TEM  film  by  way  of  tilt  and  azimuth.  It  is  clear  that 
the  superledges  indicated  by  arrows  a  and  b  in 
Figure  3(a)  are  composed  of  several  smaller  superledges 
at  the  heads  of  arrows  a,  b,  c,  and  d  in  Figure  3(b). 

Christian  and  Edmonds1'71  have  claimed  that  super¬ 
ledges  cannot  exist  because  the  Burgers  vector  associ¬ 
ated  with  the  riser  of  a  superledge  would  be  too  large. 
But  the  experimental  observation  of  arrays  of  super¬ 
ledges  during  the  present  investigation  as  well  as  many 
previous  works1181  contradicted  the  Christian-Edmonds 
view  of  superledges. 

The  observed  superledges  provide  an  important  evi¬ 
dence  supporting  diffusion-controlled  ledgewise  mech¬ 
anism  of  bainite  plate  growth.  However,  the  problem  of 
whether  a  bainite  plate  grows  by  shear  or  diffusion  still 
remains,  since  more  evidence  is  needed  showing  that  the 
thickening  of  bainite  occurs  through  the  lateral  migration 
of  the  risers  of  a  superledge  by  diffusional  mechanism. 
The  nature  and  mobility  of  superledges  will  be  discussed 
in  the  following  sections  of  this  article. 

The  plates  of  lower  bainitic  ferrite  so  far  discussed 
contain  no  carbide.  Nevertheless,  lower  bainite  is  usu¬ 
ally  considered  to  be  a  mixture  of  bainitic  ferrite  and 
carbides.  It  is  apparent  that  the  formation  of  lower  bain¬ 
itic  carbides  is  closely  associated  with  the  growth  of 
bainitic  ferrite  and,  thus,  forms  a  subject  for  further  in¬ 
vestigation  in  the  present  context. 

A  bright-field  image  of  a  bainite  sheaf  consisting  of 
two  subplates  is  shown  in  Figure  4(a).  Superledges  are 
observed  at  arrow  heads  a,  b,  c,  d,  and  e  on  the  broad 
faces  of  these  plates.  Highly  magnified  micrographs  of 
Figure  4(a)  are  presented  in  Figures  4(b)  and  4(f). 
Figure  4(f)  was  imaged  after  the  foil  was  tilted  several 
degrees  away  from  the  orientation  of  Figure  4(b). 

It  can  be  clearly  seen  that  there  are  superledges  on  the 
broad  faces  of  bainitic  subplates  in  Figures  4(b)  and 
4(f).  Figure  4(d)  is  the  diffraction  pattern  of  the  structure 
in  Figure  4(b).  Indexing  of  this  pattern  in  Figure  4(e) 
indicates  that  it  consists  of  three  simple  patterns,  re¬ 
spectively  reflected  by  [ll0]7,  [0_13]fl,  and  [433](CrFe)7C3- 
A  centered  dark-field  image  of  [113]„  corresponding  to 
Figure  4(b)  is  presented  in  Figure  4(c).  As  indicated  by 
arrows  a,  b,  c,  d,  and  e  in  Figures  4(a),  4(b),  and  4(c), 
the  carbide  precipitated  from  austenite  in  front  of  a 
superledge  in  the  vicinity  of  the  superledge  risers  (and 
presumably  in  contact  with  both  the  riser  and  the 
“lower”  terrace  in  each  case). 

The  carbide  is  the  shape  of  a  wedge  with  the  root 
(thick  part)  at  the  a/y  interface  and  the  tip  (thin  part) 
within  the  austenite  matrix.  After  tilting  the  TEM  foil 
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Fig.  2— TEM  microstructure  of  an  Fe-2. 17C-12. 18Cr-0.26Mn-0.31Si  alloy  reacted  22  h  at  573  K:  (a)  bright-field  TEM  image  of  lower  bainite 
ferrite;  (b)  dark-field  micrograph  using  (0ll)„  reflection;  (c)  diffraction  pattern;  and  (d)  indexing  result,  including  [211],,,  [133]„,  and  [479]y. 


(a)  ( b ) 


Fig.  3  —  An  array  of  superledges  on  the  broad  faces  of  bainite  ferrite  in  an  Fe-2.17C-12.18Cr-0.26Mn-0.31Si  alloy,  reacted  22  h  at  573  K,  shown 
in  (a)  and  ( b )  the  same  area  as  (a)  but  with  different  magnification  and  different  orientation  through  adjusting  the  TEM  foil. 
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Fig.  4  —  Bainitic  carbides  precipitating  in  an  Fe-2.17C-12.18Cr-0.26Mn-0.31Si  alloy,  reacted  29  h  at  573  K:  (a)  bright-field  image;  ( b )  enlarge¬ 
ment  of  (a);  (c)  dark-field  image  of  (113)„  corresponding  to  (b);  (d)  diffraction  pattern;  (e)  indexing  result;  and  (/)  imaged  after  slightly  tilting 
the  foil  from  (b),  again  showing  the  presence  of  carbides. 
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away  from  the  orientation  of  Figure  4(b),  the  carbides 
do  not  disappear,  as  shown  by  arrow  a  in  Figure  4(f). 

It  was  reported  by  Bhadeshia  and  Christian119'201  and 
by  many  workers  earlier191  that  bainitic  cementite  nu¬ 
cleates  and  grows  within  supersaturated  ferrite.  The  ce¬ 
mentite  is  said  to  be  confined  to  the  ferrite  and  hardly 
penetrates  the  austenite;  occasional  impingements  of  car¬ 
bide  with  the  a/y  interface  can  be  regarded  as  chance 
events.  Contrary  to  this  scenario,  the  present  results 
show  that  many  carbides  are  in  contact  with  a/y  inter¬ 
faces.  Thus,  the  impingements  cannot  be  regarded  as 
chance  events.  They  can  only  be  interpreted  as  a  con¬ 
sequence  of  carbide  precipitation  at  ferrite :  austenite 
interfaces. 

The  nucleation  and  growth  of  a  carbide  in  contact  with 
the  a/y  interface  can  be  visualized  schematically,  as 
shown  in  Figure  5.  Supposing  a  ferrite  plate  thickens  by 
means  of  superledges,  steep  carbon  concentration  gra¬ 
dients  are  thus  formed  around  each  superledge.  The 
carbon  profile  in  the  adjacent  austenite  in  front 
of  a  superledge  is  schematically  illustrated  in 
Figure  5(b).121"241  Obviously,  the  nearer  to  the  riser,  the 
greater  the  degree  to  which  the  carbon  concentration  in 
austenite  is  enriched.  This  will  provide  a  higher  driving 
force  for  carbide  nucleation.  Moreover,  a  carbide  will 
tend  to  nucleate  at  the  riser  of  a  superledge  because  of 
the  destruction  of  portions  of  both  the  riser  and  the  ad¬ 
jacent  (lower)  terrace.  Thus,  a  carbide  will  form  in  front 
of  a  superledge,  as  illustrated  in  Figure  5(c). 

The  wedge  morphology  of  a  carbide  in  Figure  5(d)  can 
be  attributed  to  both  crystallography  and  carbon  super¬ 
saturation  in  austenite.  First,  the  carbide  must  have 
low-energy  nucleus/matrix  boundaries  and,  hence,  have 
partially  coherent  interfaces  with  the  adjacent  austen¬ 
ite.125261  The  carbide  forms  in  the  shape  of  a  plate  with 
partially  coherent  broad  faces  at  its  early  stage;  i.e.,  the 
orientation  of  a  carbide  plate  is  determined  by  the 
crystallography  factor.  Second,  the  less  supersaturation 
of  carbon  atoms  farther  away  from  the  interface  may 
give  rise  to  the  wedge  shape,  while  carbide  grows  to¬ 
ward  the  austenite  matrix. 

It  should  be  pointed  out  that  bainitic  carbides  can  also 
nucleate  in  the  austenite  away  from  superledges.  Arrow 
h  in  Figures  4(a)  and  (b)  show  carbides  precipitated  on 
the  broad  faces  of  ferrite  plates  away  from  superledges. 
Arrows  i,  j,  and  k  in  Figures  4(a)  through  (c)  show  the 


carbides  precipitated  between  two  subplates,  and  car¬ 
bides  in  the  austenite  between  two  subunits  are  indicated 
by  arrows  f  and  g.  This  is  consistent  with  some  previous 
works.127-28-291  As  reported  by  Spanos  et  al.l29]  lower 
bainitic  carbide  can  exist  inside  bainitic  ferrite,  owing  to 
the  growth  of  ferrite  after  the  carbide  forms  within  aus¬ 
tenite  regions  between  ferrite  crystals. 

Another  point  is  that  the  model  given  in  Figure  5  is 
not  the  only  one  to  describe  the  process  of  carbide  pre¬ 
cipitation.  Suppose  that  a  carbide  first  nucleated  on  the 
broad  face  of  a  bainite  plate  and  then  grew  into  adjacent 
austenite;  this  may  also  lead  to  pileup  of  superledges  in 
front  of  the  carbide.  But  the  model  given  in  Figure  5  is 
more  effective  to  interpret  the  very  important  fact  that 
carbides  precipitate  in  front  of  the  risers  of  superledges 
in  Figures  4(a)  through  (c).  As  previously  mentioned  in 
this  section,  the  riser  of  a  superledge  is  actually  a  semi- 
coherent  interface;  in  other  words,  the  structure  of  the 
riser  is  the  same  as  that  of  the  terrace  (broad  face)  except 
that  there  are  many  small  ledges  or  kinks  on  the  riser. 
The  risers  of  these  small  ledges  and  kinks  are  incoherent 
interfaces;  this  is  required  to  fulfill  a  diffusion-controlled 
process.  Apparently,  the  movement  of  kinks  and  ledges 
will  lead  to  the  enrichment  of  carbon  in  front  of  the  riser 
of  a  superledge.  Now  that  the  structures  of  a  riser  and 
a  terrace  are  the  same,  the  carbide  will  prefer  to  precip¬ 
itate  in  front  of  a  riser  of  a  superledge  where  more  car¬ 
bons  are  enriched,  especially  at  the  junction  of  the 
terrace  and  the  riser.  Moreover,  it  has  not  been  reported 
in  other  published  articles,  and  not  observed  by  us,  that 
a  wedgelike  carbide  precipitates,  independently,  i.e.,  far 
away  from  a  riser  superledge,  on  the  broad  faces  of  bain¬ 
itic  ferrite  plates. 

In  addition  to  carbide  precipitation  at  the  risers  of 
superledges,  the  sympathetic  nucleation  of  other  ferrite 
plates  at  or  near  these  risers  has  been  identified  as  a  sig¬ 
nificant  hindrance  to  the  lateral  growth  of  superledges. 
It  has  been  pointed  out  that  the  ferrite  plates  in 
Figure  2(b)  are  of  slight  different  orientations  among 
each  other.  Measured  directly  from  the  indexing  results 
in  Figure  2(d),  (Oll)a  of  plate  A  is  about  3  deg.  away 
from  (011)„  of  plate  C.  Figure  6  is  imaged  by  the  re¬ 
flection  of  (Oll)„  of  both  plates  A  and  C.  Bainitic  plates, 
indicated  by  arrow  g  in  Figures  6  and  3(a),  are  observed 
to  be  in  front  of  superledges.  The  orientations  of  the 
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Fig.  5  —  Schematic  formation  model  of  bainitic  carbide:  (a)  growth 
ledges  on  the  broad  face  of  ferrite;  (b)  carbon  concentration  gradient 
in  front  of  the  riser;  (c)  carbide  nucleation  in  front  of  the  riser;  and 
(. d )  carbide  growth  toward  the  y  matrix. 


Fig.  6 — Pileup  of  superledges  in  front  of  a  barrier;  imaged  by  (01 1)„ 
reflection. 
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plates  that  may  sympathetically  nucleate  in  front  of  the 
riser,  as  indicated  by  arrow  g  in  Figures  3(a)  and  (b)  and 
Figure  6,  are  away  from  that  of  plate  A.  Meanwhile, 
more  attention  should  be  paid  to  the  fine  structure  of  the 
superledge  indicated  by  arrow  b  in  Figure  3(a).  The 
superledge  is  composed  of  four  small  superledges,  as 
shown  by  arrows  a,  b,  c,  and  d  in  Figure  3(b),  whose 
heights  are  approximately  2.8,  1.2,  6.3,  and  12.1  nm, 
respectively;  i.e.,  a  series  of  superledges  have  piled  up 
owing  to  the  presence  of  the  barrier. 

If  a  platelike  precipitate  plate  thickens  through  a 
ledgewise  mechanism,  there  should  exist  superledges  on 
the  broad  faces  of  the  plate,  as  shown  in  Figure  7(a). 
The  fine  structure  of  the  terrace  was  investigated.1131  The 
terrace  of  the  superledge  is  semicoherent  in  order  to  min¬ 
imize  the  interfacial  energy.  Thus,  the  terrace  of  a  super¬ 
ledge  could  not  migrate  by  diffusion  of  atoms  across  the 
semicoherent  boundary;  i.e.,  it  would  be  sessile  owing 
to  its  complex  structure.1131  The  riser,  which  was  sup¬ 
posed  to  be  incoherent  in  some  earlier  work,1121  appears 
to  be  partially  coherent,  but  with  some  small  ledges  or 
kinks  whose  risers  are  expected  to  be  the  actual  sites  of 
atomic  attachment  and  detachment.181  In  other  words,  the 
migration  of  the  riser  of  a  superledge  might  actually  be 
carried  out  through  the  discontinuous  lateral  migration 
of  risers  of  these  smaller  ledges  or  kinks. 

The  pileup  of  superledges  is  illustrated  schematically 
in  Figure  7.  In  the  case  of  a  plate  thickening  through  a 
ledgewise  mechanism  (shown  in  Figure  7(a)),  in  which 
there  is  a  barrier  that  might  be  another  plate  crystal  of 
either  the  same  or  other  phases,  such  as  another  bainite 
plate,  carbide,  etc.,  in  front  of  the  riser  of  a  superledge 
(Figure  7(b)),  the  movement  of  the  superledge  riser  will 
be  hindered;  i.e.,  the  riser  of  the  superledge  is  “an¬ 
chored.”  Thus,  pileup  of  an  array  of  superledge  occurs, 
as  shown  in  Figure  7(c).  Pileup  of  superledges  indicates 


(a) 


(c) 


Fig.  7  —  Schematic  model  for  the  pileup  of  superledges  in  front  of  a 
barrier:  ( a )  pileup  at  the  earlier  stage;  ( b )  pileup  after  the  forward 
superledge  hindered;  and  (c)  pileup  of  superledges. 
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that  the  risers  of  these  smaller  superledges  are  reason¬ 
ably  mobile. 

IV.  CONCLUSIONS 

1 .  Carbides  nucleate  in  the  y  matrix  at  the  a/ y  bound¬ 
ary  in  the  austenite  side  and  also  in  the  austenite  be¬ 
tween  two  subunits  or  two  subplates,  and  grow 
toward  the  austenite  matrix. 

2.  Carbides  precipitate  at  the  risers  of  superledges, 
probably  at  the  junctions  between  the  risers  and  the 
“lower”  terraces. 

3.  Superledges  are  observed  on  the  broad  faces  of  bain- 
itic  ferrite  plates. 

4.  Superledges  were  observed  to  pile  up  in  front  of  a 
barrier  phase;  this  is  indicative  of  the  mobility  of 
piled  up  superledges. 
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Formation  Mechanism  of  Bainitic  Ferrite 
in  an  Fe-2  Pet  Si-0.6  Pet  C  Alloy 

KANEAKI  TSUZAKI,  AKI  KODAI,  and  TADASHI  MAKI 

The  bainite  transformation  at  723  K  in  an  Fe-2  pet  Si-0.6  pet  C  alloy  (mass  pet)  was  investigated 
with  transmission  electron  microscopy  (TEM)  and  quantitative  metallography  to  clarify  the  growth 
mechanism  of  the  ferritic  component  of  bainite.  In  early  stages  of  transformation,  the  bainitic 
ferrite  was  carbide  free.  The  laths  of  bainitic  ferrite  within  a  packet  were  parallel  to  one  another 
and  separated  by  carbon-enriched  retained  austenite.  The  average  carbon  concentration  of  the 
bainitic  ferrite  was  estimated  to  be  0.19  mass  pet  at  the  lowest,  indicating  that  the  ferrite  was 
highly  supersaturated  with  respect  to  carbon.  The  laths  did  not  thicken  during  the  subsequent 
isothermal  holding,  although  they  were  in  contact  with  austenite  of  which  the  average  carbon 
concentration  was  lower  than  the  paraequilibrium  value.  In  the  later  stage  of  transformation, 
large  carbide  plates  formed  in  the  austenite  between  the  laths,  resulting  in  the  decrease  in  the 
carbon  concentration  of  the  austenite.  Subsequently,  the  ferrite  with  a  variant  different  from 
the  initially  formed  ferrite  in  the  packet  was  decomposed  for  the  completion  of  transformation. 
The  present  results  indicate  that  the  bainitic  ferrite  develops  by  a  displacive  mechanism  rather 
than  a  diffusional  mechanism. 


I.  INTRODUCTION 

THE  mechanism  of  bainite  transformation  in  steels 
has  not  yet  been  established  despite  much  work  both  ex¬ 
perimentally  and  theoretically;  two  completely  different 
models,  i.e.,  a  diffusional  and  a  displacive  mechanism, 
have  been  proposed. 11-51  The  diffusional  school  proposes 
that  the  ferritic  component  of  bainite  develops  by  a  dif¬ 
fusional  ledge  mechanism.  On  the  other  hand,  the  dis¬ 
placive  school  claims  that  the  bainite  transformation  occurs 
diffusionlessly,  as  far  as  the  solvent  and  substitutional 
solute  atoms  are  concerned. 

For  clarifying  the  transformation  mechanism,  it  is  of 
great  importance  to  examine  the  thickening  process  and 
the  carbon  concentration  of  bainitic  ferrite.  If  bainitic 
ferrite  forms  by  the  diffusional  mechanism  with  a  local 
equilibrium  condition,  it  has  the  carbon  concentration  in 
equilibrium  with  respect  to  austenite.  Moreover,  it  can 
grow  until  the  average  carbon  concentration  of  the  un¬ 
transformed  austenite  reaches  the  equilibrium  value  with 
respect  to  ferrite,  if  the  so-called  “solute  drag-like  ef¬ 
fect”11,2'51  is  absent.  On  the  other  hand,  if  bainitic  ferrite 
develops  by  a  displacive  mechanism,  the  carbon  con¬ 
centration  of  it  can  be  higher  than  the  equilibrium  value 
with  respect  to  austenite.  Moreover,  it  may  not  thicken 
after  growing  to  a  limited  size  due  to  a  loss  of  coherency 
of  the  interphase  boundaries.161 

The  measurements  of  the  thickening  process  and  car¬ 
bon  concentration  of  bainitic  ferrite  are  usually  difficult 
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for  the  bainite  transformation  of  conventional  carbon  steels 
because  of  the  rapid  precipitation  of  carbides  and  the  ab¬ 
sence  of  untransformed  austenite  within  a  bainitic  packet 
or  sheave.  However,  unlike  the  cases  of  conventional 
carbon  steels,  it  is  now  well  known  that  in  the  carbon 
steels  containing  about  2  mass  pet  silicon,  carbide-free, 
lath-shaped,  bainitic  ferrite  forms  and  is  separated  one 
from  another  by  carbon-enriched  retained  austenite  in  early 
stages  of  transformation  around  700  K. 17-111  In  this  case, 
we  can  measure  the  carbon  concentration  of  retained 
austenite  by,  e.g.,  X-ray  diffraction  analysis.  Then,  be¬ 
cause  it  is  carbide  free,  we  can  estimate  the  carbon  con¬ 
centration  of  bainitic  ferrite  from  the  mass  balance  of 
carbon,  when  the  volume  fractions  of  bainitic  ferrite  and 
austenite  are  obtained.  Moreover,  because  bainitic  fer¬ 
rite  laths  in  a  packet  are  in  contact  with  austenite,17-1 11 
we  can  examine  the  thickening  of  bainitic  ferrite  by  mea¬ 
suring  the  change  in  lath  width  distribution  with  the  re¬ 
action  time.  Fe-Si-C  alloys  have  another  benefit  for  the 
examination  of  the  ferrite  growth;  the  solute  drag-like 
effect  is  not  necessary  to  be  taken  into  consideration, 
because  silicon  increases  carbon  activity  in  austenite. 

In  the  present  study,  the  bainite  transformation  during 
the  isothermal  holding  at  723  K  in  an  Fe-2  pet  Si-0.6 
pet  C  alloy  (mass  pet)  was  investigated  with  particular 
emphasis  on  the  thickening  and  carbon  concentration  of 
bainitic  ferrite  in  order  to  clarify  the  growth  mechanism 
of  the  ferritic  component  of  bainite. 

II.  EXPERIMENTAL  PROCEDURE 

A  high-purity  Fe-2  pet  Si-0.6  pet  C  alloy  (mass  pet) 
prepared  by  vacuum  induction  melting  was  used.  The 
chemical  composition  and  Ms  temperature  of  the  alloy  is 
shown  in  Table  I.  The  ingot  was  homogenized  at  1473  K 
for  18  ks  followed  by  hot  swaging  and  rolling  at  1473  K 
to  a  plate  with  a  thickness  of  15  mm.  After  removing  a 
surface  layer  of  2.5  mm  from  both  sides,  the  plates  were 
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cut  into  specimens  15  X  10  X  2  mm  in  size  for  micro- 
structural  observations  and  X-ray  measurements.  Spec¬ 
imens  were  austenitized  at  1423  K  for  900  s  in  a  vacuum 
furnace  and  then  quenched  into  a  salt  bath  set  at  723  K. 
After  isothermal  holding  for  various  periods  of  time,  the 
specimens  were  finally  quenched  into  water. 

After  removing  a  surface  layer  of  0.5  mm  or  more, 
the  specimens  were  submitted  to  X-ray  measurements 
and  light  microscopy.  Three  percent,  nital  and  an  8-g 
Na2S205  +  100-mL  H20  solution  were  used  for  etchant 
to  reveal  bainitic  ferrite  and  martensite,  respectively. 

Thin  foils  for  transmission  electron  microscopy  (TEM) 
were  thinned  in  a  solution  of  75-g  Cr03  +  400-mL 
CH3COOH  +  21-mL  H20  using  a  twin-jet  polisher  after 
mechanical  and  chemical  polishing.  The  foils  were  ex¬ 
amined  with  a  JEM  200CX  operated  at  200  kV. 

The  volume  fraction  of  retained  austenite  was  deter¬ 
mined  from  integrated  intensities  of  the  200  ferrite  and 
220  austenite  X-ray  diffraction  peaks  using  Co  Ka  ra¬ 
diation.  The  volume  fractions  of  bainitic  ferrite  and  mar¬ 
tensite  were  obtained  by  means  of  a  point  counting  method 
using  light  and  TEM  micrographs.  However,  different 
procedures  were  used  for  specimens  quenched  from  dif¬ 
ferent  transformation  stages.  In  the  specimens  quenched 
from  the  initial  stages  of  transformation  (723  K,  10  and 
25  seconds),  first,  the  volume  fraction  of  bainitic  packets 
was  obtained  using  light  micrographs.  Second,  the  vol¬ 
ume  fraction  of  bainitic  ferrite  within  a  bainitic  packet 
was  obtained  using  TEM  micrographs,  where  the  inter¬ 
phase  boundaries  between  ferrite  and  martensite  or  re¬ 
tained  austenite  were  close  to  parallel  to  the  incident  beam 
(edge-on).  Then,  the  volume  fraction  of  bainitic  ferrite 
per  unit  volume  was  determined  from  these  two  values. 
The  volume  fraction  of  martensite  was  finally  obtained 
by  subtracting  the  volume  fractions  of  the  retained  aus¬ 
tenite  and  bainitic  ferrite.  On  the  other  hand,  in  the  spec¬ 
imens  quenched  from  the  later  stages  of  transformation 
(723  K,  50  seconds  and  longer),  the  volume  fraction  of 
martensite  was  first  obtained  using  light  microstructures 
etched  with  an  8-g  Na2S205  +  100-mL  H20  solution, 
because  it  had  been  confirmed  that  the  martensite  forms 
only  from  relatively  large  austenite  regions  between 
bainitic  packets  and  can  be  clearly  identified  with  light 
micrographs.  The  volume  fraction  of  bainitic  ferrite  was 
then  determined  by  subtracting  the  volume  fractions  of 
the  retained  austenite  and  martensite. 

The  width  of  bainitic  ferrite  laths  were  obtained  with 
TEM  micrographs,  where  broad  face  boundaries  of  the 
laths  were  close  to  edge-on. 

The  carbon  concentration  of  retained  austenite  was  de¬ 
termined  from  the  lattice  constant  using  an  equation  of 
ay  =  0.3573  +  O-OOSSCy,1'213141  where  ay  is  the  lattice 
constant  of  austenite  in  nanometers  and  Cy  is  the  carbon 
content  of  austenite  in  mass  percent.  The  lattice  constant 
of  retained  austenite  was  obtained  from  the  111,  200, 
220,  and  311  austenite  peaks  using  Co  Ka  radiation. 

Table  I.  Chemical  Composition  (Mass  Pet) 
and  Ms  Temperature  (K)  of  the  Alloy 

C  Si  Mn  P  S  Fe  Ms 

0.59  2.01  0.001  0.0006  0.0009  balance  510  K 


III.  RESULTS 

A.  Transformation  Curve 

Figure  1  shows  the  fractions  of  constituents  at  room 
temperature  in  the  specimens  reacted  at  723  K  for  var¬ 
ious  periods  of  time  followed  by  water  quenching.  When 
a  specimen  was  directly  quenched  into  water  from 
1423  K,  the  structure  became  almost  fully  martensite, 
and  the  amount  of  retained  austenite  was  less  than  2  vol 
pet.  The  isothermal  transformation  to  bainite  started  within 
several  seconds  and  finished  by  1  ks.  Incomplete  trans¬ 
formation  or  stasis  in  the  bainite  reaction  was  not  ob¬ 
served,  which  is  in  accordance  with  the  result  in  an 
Fe-1.73  pet  Si-0.38  pet  C  alloy  (mass  pet)  reported  by 
Reynolds  et  al.ll5]  The  mount  of  retained  austenite  be¬ 
came  more  than  10  vol  pet  at  the  middle  stage  of  trans¬ 
formation  (50-second  holding).  Carbide  plates  formed  in 
the  later  stage  of  transformation  after  the  50-second 
holding,  as  will  be  shown  in  Figures  6  and  7.  Thus,  the 
product  phases  during  the  isothermal  holding  are  labeled 
as  “bainitic  ferrite  +  (carbides)”  in  Figure  1. 

B.  Carbon  Concentration  of  Retained  Austenite 

The  lattice  constant  and  carbon  concentration  of  re¬ 
tained  austenite  in  the  specimens  reacted  at  723  K  for 
50  seconds  are  listed  in  Table  II.  Although  the  values 
are  somewhat  different  among  the  specimens,  it  is  evi¬ 
dent  that  the  carbon  concentration  of  the  retained  aus¬ 
tenite  reaches  values  higher  than  twice  the  average  carbon 
concentration  of  the  alloy.  Except  for  the  specimens  held 


Fig.  1  — Variation  of  fractions  of  constituents  at  room  temperature 
with  the  isothermal  holding  time  at  723  K. 


Table  II.  The  Lattice  Constant  and 
Carbon  Concentration  of  Retained  Austenite 
in  the  Specimens  Reacted  at  723  K  for  50  s 


Specimen 

Number 

Lattice 

Constant  of  y 

Carbon 

Concentration  of  y 

1 

0.3620  nm 

1.42  mass  pet 

2 

0.3625  nm 

1.58  mass  pet 

3 

0.3626  nm 

1.61  mass  pet 
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for  50  seconds,  the  lattice  constant  of  retained  austenite 
could  not  be  firmly  determined,  because  clear  X-ray  dif¬ 
fraction  peaks  were  not  obtained  due  to  small  amounts 
of  retained  austenite. 

C.  Light  Microscopy 

Figure  2  shows  light  micrographs  of  microstructures 
at  (a)  middle  stage  and  (b)  completion  of  transformation. 
In  Figure  2(a),  it  is  seen  that  the  morphology  of  bainitic 
ferrite  is  lath  rather  than  plate.  Bainitic  ferrite  laths  form 
separately  one  from  another.  Several  packets  or  sheaves 
consisting  of  approximately  parallel  laths  are  seen  in 
Figure  2(a).  Large  white  regions  between  bainitic  pack¬ 
ets  correspond  to  the  austenite,  which  transformed  to 
martensite  during  quenching  after  the  isothermal  hold¬ 
ing,  as  will  be  shown  in  Figure  5.  Such  martensite  is 
not,  however,  revealed  in  Figure  2(a)  because  of  etching 
with  nital.  At  the  termination  of  transformation 
(Figure  2(b)),  individual  ferrite  laths  are  hardly  identi¬ 
fied,  although  bainitic  packets  are  observed.  At  723  K, 
pearlite  did  not  form. 

D.  TEM  Microscopy 

Figure  3  shows  a  TEM  microstructure  at  the  early  stage 
of  transformation  (723  K,  25  seconds).  A  relatively  small 
bainitic  packet  surrounded  by  a  martensite  matrix  is  seen 


Fig.  2 — Microstructures  at  (a)  middle  stage  (723  K,  50  s)  and 
( b )  completion  of  transformation  (723  K,  1800  s).  Light  micrographs. 


in  Figure  3(a).  Figure  3(b)  is  a  higher  magnification 
micrograph  of  the  region  indicated  by  the  arrow  in 
Figure  3(a).  The  tip  part  of  a  ferrite  lath  is  divided  by 
boundaries  or  gaps  as  indicated  by  arrows,  whereas  such 
boundaries  are  not  seen  in  the  part  away  from  the  tip. 
Moreover,  several  small  ferrite  crystals  form  near  the  tip 
of  the  ferrite  lath.  These  results  suggest  that  the  length¬ 
ening  of  a  macroscopic  ferrite  lath  does  not  occur  by  a 
continuous  growth  of  an  individual  crystal  but  occurs  by 
a  repeated  nucleation  of  small  ferrite  crystals  and  the  co¬ 
alescence  of  them.171 

Figure  4  shows  TEM  microstructures  within  relatively 
large  bainitic  packets  at  the  early  stage  of  transformation 
(723  K,  25  seconds).  In  Figure  4(a),  a  bainitic  packet  is 
composed  of  bainitic  ferrite,  martensite  (M),  and  re¬ 
tained  austenite  (A).  On  the  other  hand,  in  Figure  4(b), 
a  packet  consists  of  bainitic  ferrite  and  retained  austen¬ 
ite,  but  martensite  is  not  included.  No  carbide  particles 
are  observed  at  this  stage.  It  is  thus  concluded  that  a 
bainitic  packet  consists  of  bainitic  ferrite,  martensite 
and/or  retained  austenite  after  quenching  from  the  initial 
stage  of  transformation  (723  K,  25  seconds). 

Figure  5  shows  the  representative  TEM  micro¬ 
structures  at  the  middle  stage  of  transformation  (723  K, 
50  seconds).  Two  bainitic  packets  are  seen  in 
Figure  5(a).  A  large  black  region  marked  M  between  the 
bainitic  packets  is  the  martensite  formed  during  the 
quenching  after  the  isothermal  holding.  The  laths  of 
bainitic  ferrite  (BF)  are  separated  by  carbon-enriched  re¬ 
tained  austenite  (A),  as  is  clearly  seen  in  Figure  5(b).  At 
this  stage,  martensite  does  not  exist  within  a  bainitic  packet 
and  forms  only  from  relatively  large  austenite  regions 
between  bainitic  packets.  All  of  the  well-developed 
bainitic  packets  are  composed  of  bainitic  ferrite  and  re¬ 
tained  austenite.  Both  the  bainitic  ferrite  and  retained 
austenite  involve  a  large  number  of  dislocations.  The 
parallel  ferrite  laths  in  a  packet  are  in  the  same  crystallo¬ 
graphic  orientation  (variant),  as  will  be  shown  in 
Figure  7.  Carbides  are  still  not  observed  at  this  stage. 

Figure  6  shows  a  TEM  microstructure  in  the  later  stage 
of  transformation  (723  K,  100  seconds).  Large  carbide 
plates  (CB)  are  seen  in  the  austenite  (A)  between  the 
initially  formed  ferrite  laths  (BF)  in  a  bainitic  packet.  In 
some  other  packets,  the  austenite  between  bainitic  ferrite 
laths  has  decomposed  into  carbides  and  ferrite.  It  is  thus 
clear  that  in  the  later  stage  of  transformation,  the  carbon 
concentration  of  untransformed  austenite  in  a  packet  is 
decreased  by  the  carbide  formation,  and  subsequently, 
ferrite  forms.  This  transformation  process  is  the  same  as 
that  in  an  Fe-2.4  pet  Si-0.79  pet  Cr-0.76  pet  C  alloy 
(mass  pet)  reported  by  Sandvik.1101  According  to  the  no¬ 
menclature  by  Sandvik,  the  ferrite  formed  before  and  after 
carbide  precipitation  are  hereafter  referred  to  as  the  pri¬ 
mary  and  secondary  ferrite,  respectively. 

Figure  7  shows  TEM  microstructures  at  the  termina¬ 
tion  of  transformation  (723  K,  1800  seconds).  All  of  the 
austenite  sandwiched  between  the  primary  ferrite  laths 
has  completely  decomposed  into  carbides  and  ferrite 
(Figure  7(a)).  The  selected-area  diffraction  pattern 
(Figure  7(b))  taken  from  the  center  region  of  Figure  7(a) 
indicates  that  there  are  two  crystallographic  variants  of 
ferrite  in  the  bainitic  packet.  Figures  7(c)  and  (d)  are  the 
dark-field  images  of  the  center  part  of  Figure  7(a)  taken 
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Fig.  3 — TEM  microstructure  of  the  early  stage  of  transformation  (723  K,  25  s):  (a)  shows  a  relatively  small  bainitic  packet  and  (b)  is  a  high 
magnification  micrograph  of  the  region  indicated  by  the  arrow  in  (ah 


Fig.  4  —  TEM  microstructures  of  the  early  stage  of  transformation 
(723  K,  25  s).  A  bainitic  packet  consists  of  bainitic  ferrite,  martensite 
(M),  and  retained  austenite  (A)  in  (a),  whereas  it  is  composed  of  bain¬ 
itic  ferrite  and  retained  austenite  in  ( b ). 


Fig.  5  —  (a)  TEM  microstructures  at  the  middle  stage  of  transfor¬ 
mation  (723  K,  50  s);  (b)  is  a  high  magnification  micrograph  of  (a). 
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Fig.  6 — TEM  microstructure  at  the  later  stage  of  transformation 
(723  K,  100  s)  showing  large  carbide  plates  (CB). 


from  a  reflection  of  each  variant.  It  is  seen  that  one  vari¬ 
ant  (BF1)  corresponds  to  the  primary  ferrite  without  large 
carbide  plates  and  the  other  (BF2)  to  the  secondary  fer¬ 
rite.  This  indicates  that  the  primary  ferrite  laths  do  not 
thicken  during  the  subsequent  isothermal  holding,  even 
after  the  carbide  formation  in  the  surrounding  austenite 
and  the  secondary  ferrite  with  a  variant  different  from 
the  primary  ferrite  forms  for  the  completion  of 
transformation. 

Figure  8  shows  high-magnification  TEM  micrographs 
of  Figure  7(a).  Large  carbide  plates  in  the  secondary  fer¬ 
rite  (BF2)  are  clearly  seen  in  Figure  8(a).  Figure  8(b) 
demonstrates  that  many  fine  carbide  particles  exist  in  the 


primary  ferrite  (BF1).  Because  no  carbides  were  ob¬ 
served  in  the  primary  ferrite  at  the  middle  stage  of  trans¬ 
formation  (Figure  5;  723  K  50  seconds),  it  is  clear  that 
the  primary  ferrite  at  50-second  isothermal  holding  was 
still  highly  supersaturated  with  respect  to  carbon,  al¬ 
though  the  carbon  concentration  in  the  surrounding  aus¬ 
tenite  was  increased  by  the  carbon  rejection  from  the  ferrite 
(Table  II). 

E.  Distribution  of  Ferrite  Lath  Width 

Figure  9  shows  the  distribution  of  the  lath  widths  of 
the  primary  ferrite  for  different  isothermal  holding  times. 
The  primary  ferrite  could  be  easily  identified  even  in  the 
final  stage  of  transformation,  because  it  does  not  contain 
large  carbide  plates  and  has  a  crystallographic  variant 
different  from  the  secondary  ferrite.  The  distribution 
hardly  changes  with  the  reaction  time,  and  the  average 
value  of  lath  width  is  a  constant  of  0.3  p.m.  This  result 
confirms  that  the  primary  ferrite  laths  grow  to  a  limiting 
size  and  do  not  thicken  during  the  subsequent  isothermal 
holding. 


IV.  DISCUSSION 

Calculated  paraequilibrium  phase  boundaries  in 
Fe-2  pet  Si-C  alloys  are  shown  in  Figure  10,*  where  a, 

*For  the  calculation,  the  regular  solution  model  developed  by  Hillert 
and  Staffanson1'61  was  used  with  the  thermodynamic  parameters  re¬ 
ported  by  Uhrenius'171  and  Enomoto.118’  a  /  (a  +  6)  and  y  /  (y  +  6) 
boundaries  were  obtained  under  the  condition  that  cementite  does  not 
include  silicon.  Zener  ordering  was  not  included  for  the  T0  calculations. 


Fig.  7 — TEM  microstructures  at  the  termination  of  transformation  (723  K,  1800  s):  (a)  bright-field  image,  ( b )  selected-area  diffraction  pattern 
taken  from  the  center  part  of  (a),  and  (c)  and  ( d )  dark-field  images  taken  by  reflection  from  (312)BF1  and  (132)BF2,  respectively.  In  (b).  the 
incident  beam  direction  is  [203]  BF1  and  [201]  BF2. 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25 A.  SEPTEMBER  1994  —  2013 


Fig.  8  —  Higher  magnification  TEM  images  of  Fig.  7(a)  showing 
(a)  large  carbide  plates  in  the  secondary  ferrite  and  ( b )  fine  carbide 
particles  in  the  primary  ferrite. 


y,  and  6  represent  ferrite,  austenite,  and  cementite,  re¬ 
spectively.  At  723  K,  the  carbon  concentration  of  aus¬ 
tenite  in  equilibrium  with  ferrite  is  3.59  mass  pet.  In  the 
specimens  quenched  from  the  middle  stage  of  transfor¬ 
mation  (723  K,  50  seconds),  the  retained  austenite  ex¬ 
isted  between  the  primary  ferrite  laths  within  bainitic 
packets  (Figure  5),  and  the  carbon  concentration  of  it 
was  1.61  mass  pet  at  the  highest  (Table  II).  This  means 
that  the  “average”  carbon  concentration  of  the  untrans¬ 
formed  austenite  within  bainitic  packets  at  the  50-second 
holding  does  not  reach  the  paraequilibrium  value.  If  the 
bainitic  ferrite  develops  by  the  diffusional  mechanism 
with  a  local  equilibrium  condition,  it  could  grow  until 
the  average  carbon  concentration  of  the  untransformed 
austenite  reaches  the  paraequilibrium  value,  because  the 
solute  drag-like  effect  is  not  expected  in  the  present  alloy. 
However,  the  primary  ferrite  did  not  thicken  during  the 
subsequent  isothermal  holding  (Figure  9),  and  the  sec¬ 
ondary  ferrite  with  a  variant  different  from  the  primary 
ferrite  formed  after  the  precipitation  of  large  carbide  in 
the  austenite  (Figure  7).  This  result  suggests  that  the 
bainitic  ferrite  forms  by  a  displacive  mechanism  with  the 
glissile  movement  of  coherent  interphase  boundary,  and 
thus,  the  growth  of  it  is  limited  by  the  loss  of  coherency 
of  the  interface  boundary. [6] 

Bhadeshia  and  Waugh1191  directly  measured  the  carbon 
concentration  of  a  bainitic  ferrite  in  Fe-0.43  pet  C-2  pet 
Si-3  pet  Mn  alloy  (mass  pet)  by  means  of  field  ion 


Lath  Width  (inm) 

Fig.  9  —  Distribution  of  the  lath  widths  of  the  primary  ferrite  for  dif¬ 
ferent  isothermal  holding  times. 


microscopy-atom  probe  (FIM-AP).  They  reported  that 
the  carbon  concentration  in  ferrite  was  higher  than  the 
paraequilibrium  value.  Similar  FIM-AP  measurements 
for  supersaturated  ferrite  have  also  been  reported  in  other 
steels.120,21,221  However,  Reynolds  et  al.l22i  claimed  that 
the  high  carbon  concentration  in  ferrite  measured  by 
FIM-AP  does  not  simply  mean  a  metastable  ferrite.  They 
pointed  out  that  the  high  carbon  concentration  was  at¬ 
tributed  to  some  finite  regions  with  a  high  dislocation 
density  (1  X  1012  cm-2)  where  carbon  segregation  to  dis¬ 
locations  was  expected.  A  similar  argument  was  re¬ 
ported  earlier  by  Bhadeshia  and  Waugh.  Thus,  the  average 
carbon  concentration  in  ferrite  should  be  examined  to 
clarify  the  occurrence  of  supersaturated  ferrite. 

In  the  specimens  quenched  from  the  middle  stage  of 
the  transformation  (Figure  5;  723  K,  50  seconds),  car¬ 
bides  were  not  observed,  and  the  microstructure  con¬ 
sisted  of  primary  ferrite,  martensite,  and  retained  austenite. 
In  this  case,  we  can  estimate  the  average  carbon  con¬ 
centration  of  the  primary  ferrite  from  the  mass  balance 
of  carbon.  Taking  the  approximation  that  the  bainitic  fer¬ 
rite,  martensite,  and  retained  austenite  have  an  identical 
molar  volume,  the  mass  balance  is  written  as 

(XF)  (/,.)  +  (XM)  (fM)  +  (XA)  (fA)  =  X  [  1  j 

where  fF,  fM,  and  fA  =  volume  fractions  of  the  primary 
ferrite,  the  martensite,  and  the  retained  austenite,  re¬ 
spectively,  and  XF,  XM,  XA,  and  X  =  average  atom  frac¬ 
tions  of  carbon  in  the  primary  ferrite,  the  martensite,  the 
retained  austenite,  and  the  alloy,  respectively. 
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(a) 


(b) 

Fig.  10 — Calculated  paraequilibrium  phase  boundaries  in  Fe-2  pet  Si-C 
alloys  up  to  (a)  5  mass  pet  and  ( b )  0.1  mass  pet. 


As  was  shown  in  Figure  1 ,  fF  =  63  vol  pet,  fM  = 
24  vol  pet,  and  fA  =  13  vol  pet  in  the  specimen  quenched 
from  the  middle  stage  of  the  transformation.*  The  car- 

*As  was  described  in  the  experimental  procedure,  the  volume  frac¬ 
tion  of  the  martensite  was  obtained  by  means  of  a  point-counting  method 
using  light  microstructure  etched  with  an  8-g  Na2S205  +  100-mL  H,0 
solution.  In  this  case,  the  volume  fraction  of  the  martensite  is  sus¬ 
pected  to  be  overestimated,  because  retained  austenite  might  exist  be¬ 
tween  martensite  laths  within  the  martensite  regions  but  was  counted 
as  martensite.  However,  it  should  be  remarked  that  such  overesti¬ 
mation  results  in  the  underestimation  of  the  volume  fraction  of  bainitic 
ferrite  and  thus  lowers  the  average  carbon  concentration  of  the  pri¬ 
mary  ferrite  obtained  from  Eq.  [1], 

bon  concentration  of  the  alloy  ( X )  is  0.59  mass  pet 
(2.63  at.  pet).  The  carbon  concentration  of  the  retained 
austenite  may  not  be  uniform,  but  the  average  value  of 
it  can  be  given  from  the  X-ray  measurements  and  adopted 
to  Eq.  [1],  The  average  carbon  concentration  of  the  re¬ 
tained  austenite  (XA)  was  1.61  mass  pet  (6.94  at.  pet)  at 


the  highest  (Table  II).  The  average  carbon  concentra¬ 
tions  of  the  primary  ferrite  and  martensite  could  not  be 
determined  from  the  X-ray  measurements  because  of  the 
overlapping  of  the  primary  ferrite  and  martensite  peaks. 
In  the  specimens  reacted  at  723  K  for  50  seconds,  the 
martensite  formed  only  from  relatively  large  austenite 
regions  between  bainitic  packets  (Figure  5).  As  far  as 
the  martensite  forms,  the  Ms  temperature  of  such  regions 
must  be  higher  than  room  temperature  (290  K).  We  thus 
take  the  assumption  that  the  average  carbon  concentra¬ 
tion  of  the  martensite  corresponds  to  a  value  at  which 
Ms  temperature  becomes  room  temperature  (290  K).  Since 
the  carbon  concentration  of  the  martensite  regions  may 
also  be  inhomogenious,  this  assumption  apparently  over¬ 
estimates  the  average  carbon  concentration  of  the  mar¬ 
tensite  and  thus  underestimates  the  average  carbon 
concentration  of  the  primary  ferrite  when  Eq.  [1]  is  ap¬ 
plied.  When  the  specimens  were  directly  quenched  from 
1423  K,  the  Ms  temperature  was  obtained  to  be  510  K 
(Table  I)  by  means  of  a  dilatometer.  According  to 
Andrews’  formula  of  Ms  temperature  in  terms  of  com¬ 
position,1231  the  addition  of  1  mass  pet  carbon  lowers  Ms 
temperature  by  423  K.  Thus,  the  average  carbon  con¬ 
centration  of  the  martensite  (XM)  can  be  deduced  to  be 
1.11  mass  pet  (4.87  at.  pet)  by  the  present  assumption. 

Substituting  the  above  values  of and 
X  into  Eq.  [1],  the  average  carbon  concentration  of  the 
primary  ferrite  (XF)  becomes  0.19  mass  pet  (0.88  at.  pet). 
As  is  shown  in  Figure  10(b),  the  carbon  concentration 
of  ferrite  in  equilibrium  with  austenite  at  723  K  is 
0.02  mass  pet  (0.09  at.  pet).  It  is  thus  apparent  that  the 
primary  ferrite  is  highly  supersaturated  with  respect  to 
carbon.  This  result  is  in  good  agreement  with  the  fact 
that  many  small  carbides  exist  in  the  primary  ferrite  at 
the  termination  of  transformation  (Figure  8;  723  K, 
1.8  ks). 

The  present  results  for  the  carbon  content  and  the 
thickening  process  of  bainitic  ferrite  strongly  indicate  that 
the  bainitic  ferrite  develops  by  a  displacive  mode;  the 
bainitic  ferrite  forms  as  a  metastable  ferrite,  and  the  re¬ 
distribution  of  carbon  atoms  mainly  occurs  after  the  for¬ 
mation  of  ferrite.  As  was  shown  in  Figures  3  and  4, 
martensite  existed  within  bainitic  packets  in  the  speci¬ 
mens  quenched  from  the  initial  stage  of  transformation 
(723  K,  25  seconds),  although  bainitic  packets  were 
composed  of  ferrite  and  retained  austenite  at  the  middle 
stage  of  transformation  (Figure  5;  723  K,  50  seconds). 
This  means  that  the  carbon  enrichment  in  the  austenite 
within  bainitic  packets  is  not  enough  at  the  initial  stage 
of  the  transformation,  because  the  time  after  the  for¬ 
mation  of  ferrite  is  short.  The  increase  in  carbon  con¬ 
centration  of  retained  austenite  with  the  bainite  reaction 
time  has  been  already  reported  in  silicon-containing  steels 
by  Matas  and  Hehemann1241  and  Le  Houillier  et  al.m 

If  the  bainitic  ferrite  develops  by  a  displacive  mode, 
the  interfacial  structure  must  be  glissile,  as  that  of  mar¬ 
tensite.  Rigsbee  and  Aaronson1251  examined  the  inter¬ 
facial  structure  of  ferrite  plates  formed  by  the  isothermal 
holding  at  723  to  748  K  for  20  to  60  seconds  in  an  Fe-2 
pet  Si-0.62  pet  C  alloy  (mass  pet).  The  alloy  and  the 
heat  treatment  are  similar  to  those  in  the  present  study. 
They  reported  that  the  misfit  dislocation  structure  on  the 
interface  was  sessile  with  respect  to  glide  out  of  the 
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interface.  This  result  is  contrary  to  a  displacive  forma¬ 
tion  of  the  ferrite.  However,  we  should  consider  the 
transformation  stage  at  which  the  interfacial  structure  was 
observed.  The  present  study  clearly  indicates  that  the 
thickening  of  the  primary  ferrite  did  not  occur  after 
the  50  second  isothermal  holding  at  723  K,  even  though 
the  average  carbon  concentration  of  the  untransformed 
austenite  within  packets  was  lower  than  the  paraequil- 
brium  value.  This  suggests  that  the  interface  had  already 
lost  its  mobility  as  a  glissile  interface  at  723  K  with  a 
50-second  holding.  Because  of  high  reaction  tempera¬ 
tures,  the  interfacial  structure  may  change  by  a  diffu- 
sional  mode  after  stopping  the  glissile  movement  in  order 
to  release  the  strain  energy  caused  by  a  shear,  as  was 
suggested  by  Bhadesia.1261  Such  a  rearrangement  of  the 
interfacial  structure  will  be  clarified  by  the  experiment 
with  tempered  martensite. 


V.  CONCLUSION 

The  bainite  transformation  during  the  isothermal  hold¬ 
ing  at  723  K  in  an  Fe-2  pet  Si-0.6  pet  C  alloy  (mass  pet) 
has  been  studied  in  order  to  clarify  the  growth  mecha¬ 
nism  of  the  ferritic  component  of  bainite.  The  main  re¬ 
sults  obtained  are  as  follows. 

1 .  In  early  stages  of  transformation  (in  the  reaction  time 
up  to  50  seconds),  the  bainitic  ferrite  is  carbide  free. 
The  laths  of  bainitic  ferrite  within  a  packet  or  sheave 
are  parallel  to  one  another  and  separated  by  carbon- 
enriched  retained  austenite.  Both  the  bainitic  ferrite 
and  retained  austenite  involve  a  large  number  of 
dislocations. 

2.  The  average  carbon  concentration  of  retained  austen¬ 
ite  in  the  specimen  reacted  at  723  K  for  50  seconds 
is  1.61  mass  pet  at  the  highest,  which  is  lower  than 
the  paraequilibrium  value  at  723  K  (3.59  mass  pet). 
Nevertheless,  the  bainitic  ferrite  does  not  thicken 
during  the  subsequent  isothermal  holding;  the  distri¬ 
bution  of  the  lath  widths  of  bainitic  ferrite  hardly 
changes  with  the  reaction  time,  and  the  average  value 
of  lath  width  is  a  constant  of  0.3  fxm. 

3.  The  average  carbon  concentration  of  bainitic  ferrite 
in  the  specimens  reacted  at  723  K  for  50  seconds  is 
0.19  mass  pet  at  the  lowest,  indicating  that  the  ferrite 
is  highly  supersaturated  with  respect  to  carbon. 

4.  In  the  later  stage  of  transformation  (after  the  50-second 
holding),  large  carbide  plates  form  in  the  austenite 
between  the  laths,  resulting  in  the  decrease  in  the  car¬ 
bon  concentration  of  the  austenite.  Subsequently,  the 
ferrite  with  a  variant  different  from  the  initially  formed 
ferrite  in  a  packet  is  decomposed  for  the  completion 
of  transformation.  Moreover,  many  fine  carbide  par¬ 
ticles  exist  in  the  initially  formed  ferrite. 

5.  The  results  for  the  carbon  concentration  and  thick¬ 
ening  process  of  bainitic  ferrite  are  contrary  to  the 


diffusional  ledge  mechanism  with  a  local  equilibrium 
condition  and  strongly  indicate  that  the  bainitic  ferrite 
develops  by  a  displacive  mode. 
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High-Temperature  Deformation  of  B2  NiAI-Base  Alloys 

IN-GYU  LEE,  AMIT  K.  GHOSH,  RANJAN  RAY,  and  SUNIL  JHA 

The  high-temperature  deformation  behavior  of  three  rapidly  solidified  and  processed  NiAl-base 
alloys — NiAl,  NiAl  containing  2  pet  TiB2,  and  NiAl  containing  4  pet  HfC — have  been  studied 
and  their  microstructural  and  textural  changes  during  deformation  characterized.  Compression 
tests  were  conducted  at  1300  and  1447  K  at  strain  rates  ranging  from  10-6  to  10~2  s_1.  HfC- 
containing  material  showed  dispersion  strengthening  as  well  as  some  degree  of  grain  refinement 
over  NiAl,  while  TiEL  dispersoid-containing  material  showed  grain  refinement  as  well  as  sec¬ 
ondary  recrystallization  and  did  not  improve  high-temperature  strength.  Hot-pack  rolling  was 
also  performed  to  develop  thin  sheet  materials  (1.27-mm  thick)  from  these  alloys.  Without 
dispersoids,  NiAl  rolled  easily  at  1223  K  and  showed  low  flow  stress  and  good  ductility  during' 
the  hot-rolling  operation.  Rolling  of  dispersoid-containing  alloys  was  difficult  due  to  strain  lo¬ 
calization  and  edge-cracking  effects,  resulting  partly  from  the  high  flow  stress  at  the  higher 
strain  rate  during  the  rolling  operation.  Sheet  rolling  initially  produced  a  {111}(112)  texture, 
which  eventually  broke  into  multiple- texture  components  with  severe  deformation. 


I.  INTRODUCTION 

POLYCRYSTALLINE  nickel  aluminides  based  on 
B2  crystal  structure  have  received  much  attention  due  to 
their  low  density,  microstructural  stability,  potential  for 
good  creep  resistance,  and  oxidation  resistance  at  ele¬ 
vated  temperatures.  Although  this  material  is  generally 
brittle  under  ambient  conditions,  it  has  been  suggested 
that  brittleness  may  be  reduced  by  grain  refinement.11-21 
For  this  purpose,  techniques  for  producing  materials  of 
fine  grain  size,  such  as  rapid  solidification  processing 
and  thermomechanical  processing,  are  of  considerable 
interest.  One  approach  toward  this  end  is  the  utilization 
of  grain-boundary  pinning  by  fine  particles. 

The  room-  and  elevated-temperature  mechanical  prop¬ 
erties  of  NiAl  have  been  studied  extensively.12"91  The  re¬ 
sults  indicate  that  high-temperature  creep  strength  of 
NiAl  is  rather  low.  There  have  been  several  attempts  in 
the  past  to  improve  high-temperature  strength  by  the 
development  of  a  second  phase  through  the  addition 
of  a  third  element  to  the  NiAl  matrix. 110111  However, 
high-temperature  stability  of  such  ternary  precipitate 
compounds  is  always  of  concern;  thus,  dispersoid  par¬ 
ticulates,  e.g.,  TiB2  and  HfC,  were  considered  reason¬ 
able  candidates  for  enhancing  the  high-temperature 
strength  of  NiAl.  These  strengthening  refractory  phases 
were  preselected  because  they  are  generally  stable  at 
high  temperatures.112,131  Furthermore,  since  these  parti¬ 
cles  promote  a  grain-boundary  pinning  effect  that  pro¬ 
duces  fine  grain  structure,  improved  low-temperature 
toughness  was  expected. 

The  poor  tensile  ductility  in  poly  crystal  line  B2  NiAl 
has  been  attributed  to  the  lack  of  a  sufficient  number  of 
independent  slip  systems  to  satisfy  von  Mises’  criterion 
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for  compatibility  in  polycrystalline  deformation.  At 
room  temperature,  only  the  {110}(001)  slip  system  is 
known  to  operate,  so  the  number  of  slip  systems  is  in¬ 
sufficient  for  flow.  Above  673  K,  this  material  shows 
considerable  ductility,  because  (111),  (HO),  and  (100) 
slip  are  possible.114"201  It  is  possible  that  sufficient  grain 
refinement  may  lead  to  noncube  slip  in  the  vicinity  of 
grain  boundaries  to  improve  ductility  even  at  room 
temperature. 

The  present  study  was  undertaken  to  characterize  the 
deformation  of  NiAl-base  alloys,  to  examine  the  micro- 
structural  changes  that  take  place  during  deformation 
and  the  effects  of  TiB2  and  HfC  dispersoids  on  these 
changes,  and  to  understand  the  effects  of  these  changes 
on  mechanical  properties  at  low  and  elevated  tempera¬ 
tures.  Hot  compression  tests  were  performed  to  evaluate 
flow  behavior.  Based  on  these  results,  the  production  of 
thin  sheet  by  hot  rolling  was  attempted.  Pole  figures 
were  determined  in  order  to  monitor  changes  in 
crystallographic  texture  during  rolling  to  better  under¬ 
stand  the  operating  deformation  mechanisms. 


II.  EXPERIMENTAL  PROCEDURES 

A.  Materials  Fabrication 

Compositions  of  the  NiAl-base  alloys  studied  in  the 
present  investigation  are  listed  in  Table  I.  Additions  of 
TiB2  and  HfC  were  designed  for  dissolution  in  the  melt 
and  subsequent  precipitation  as  fine  dispersion  during 
rapid  solidification  to  impart  creep  resistance  to  the 
alloys.  A  small  amount  of  Zr  was  added  to  improve 
room-temperature  ductility  by  trapping  oxygen  during 
hot-working  processes  and  to- enhance  high-temperature 
oxidation  resistance. 

The  alloys  were  prepared  as  ingots  by  arc  melting 
high-purity  (>99.9  pet)  constituent  elements.  The  pre¬ 
alloyed  ingots  were  subsequently  converted  into  rapidly 
solidified  filaments  by  an  advanced  melt-spinning  tech¬ 
nique  developed  for  processing  reactive  and  refractory 
alloys.  The  alloy  was  arc-melted  in  vacuum  on  a  water- 
cooled  copper  hearth,  and  the  melt  was  delivered  with 
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Table  I.  Compositions  of  NiAl-Base  Alloys 


Alloy  Number 

Composition  (Wt  Pet) 

1  (NiAl) 

2  (NiAl  +  2  pet  TiB,) 

3  (NiAl  +  4  pet  HfC) 

Ni-31.5Al-0.1Zr 

Ni-3 1 .5A1-0.  lZr-2.0TiB2 
Ni-31.5Al-0.lZr-4.0HfC 

a  regulated  flow  to  the  rim  of  a  rotary-chilled  molyb¬ 
denum  casting  wheel.  As  the  melt  contacted  the  solid 
substrate,  the  cooling  rate  was  very  high  (usually 
>106  K/s),  and  a  rapidly  solidified  filament  formed. 
These  filaments  were  pulverized  by  a  rotating  hammer 
mill  into  powders  with  an  average  size  below  40  mesh; 
particles  finer  than  200  mesh  were  discarded. 

The  powders  were  cold-compacted  in  mild  steel  cans, 
degassed  at  673  K,  and  vacuum  sealed.  The  billets  were 
soaked  at  temperatures  ranging  between  1422  and 
1505  K  and  extruded  as  round  and  rectangular  bars. 
Table  II  summarizes  the  extrusion  processing  conditions 
for  the  various  alloys  studied.  NiAl  +  4  pet  HfC  was 
densified  in  two  stages:  closed-die  compaction  followed 
by  extrusion. 

B.  High-Temperature  Compression  Testing 

Compression  tests  were  performed  to  determine  the 
flow  stress  and  strain-rate  sensitivity  of  NiAl  materials. 
Tests  were  conducted  on  NiAl  at  1300  and  1477  K.  Both 
NiAl  containing  2  pet  TiB2  and  NiAl  containing  4  pet 
HfC  were  tested  at  1477  K.  Test  specimens  were  5  mm 
in  diameter  and  10  mm  in  height.  A  universal  testing 
machine  was  used,  with  specimen  temperature  variation 
within  ±1  K.  Through  the  use  of  boron  nitride  lubri¬ 
cation  on  alumina  compression  platens,  the  extent  of 
barreling  was  found  to  be  relatively  small  even  after  a 
true  strain  level  of  0.3.  Strain  rates  were  maintained  con¬ 
stant  during  testing  by  continuously  decreasing  cross¬ 
head  velocity  in  an  exponential  manner  as  specimen 
height  decreased.  True  stress-true  strain  data  were  pre¬ 
pared  from  these  tests,  and  microstructural  characteriza¬ 
tion  of  deformed  specimens  was  carried  out. 

C.  Hot  Rolling  of  NiAl  Materials 

Hot  rolling  of  the  NiAl  alloys  at  a  rapid  deformation 
rate  was  performed  to  initiate  dynamic  recrystallization. 
To  achieve  a  fine,  recrystallized  grain  size  in  this  ma¬ 
terial,  the  lowest  possible  temperature  that  would  not 
cause  cracking  was  used.  Rolling  was  attempted  at  1223 
to  1473  K  with  these  alloys.  Initial  rolling  passes  were 


Fig.  1 — Flow  diagram  of  the  hot-rolling  process  for  NiAl  alloys. 


approximately  1.7  mm  in  reduction.  The  pieces  were 
packed  in  1.5-mm-thick  stainless  steel  with  a  copious 
amount  of  boron  nitride  lubrication.  The  packs  were  pre¬ 
heated  to  rolling  temperature  and  rolled  with  reductions 
of  0.6  to  0.8  mm  per  pass  at  the  slowest  possible  rates 
(1270  surface  mm/min).  When  the  sheet  thickness 
dropped  below  0.6  mm,  the  reduction  per  pass  was  re¬ 
duced  to  0.05  to  0.08  mm  to  avoid  cracking.  Wrinkling 
was  observed  in  the  sheets  as  they  were  pack-rolled  in 
the  uniaxial  direction.  Continued  uniaxial  rolling  caused 
cracking  in  the  foils.  Therefore,  foils  were  repacked  in 
stainless  steel  after  a  few  passes  and  cross-rolled  just 
enough  to  remove  the  wrinkles.  Rolling  passes  were  then 
continued  at  the  slow  deformation  rate.  After  each  pass, 
intermediate  reheating  of  the  foils  was  performed  at  the 
rolling  temperature  for  5  minutes.  This  hot-rolling  pro¬ 
cess  is  schematically  illustrated  in  Figure  1. 

D.  Pole  Figure  Measurement 

To  understand  the  mechanisms  of  deformation  and 
changes  in  grain  structure  and  orientation  during  the  hot 
rolling  of  NiAl,  pole  figures  were  determined  at  several 
stages  of  rolling  to  indicate  the  crystallographic  texture 
changes.  Three  different  samples  of  NiAl  were  prepared 
for  pole  figure  measurement:  as-extruded  material,  sheet 
after  hot  rolling  to  1.27  mm  (true  strain  =  1.9),  and 


Table  II.  Summary  of  Extrusion  Processing 


Alloy 

Number 

Shape 

Billet 

Diameter 

(mm) 

Die 

Dimensions 

(mm) 

Extrusion 

Temperature 

(K) 

Extrusion 

Ratio 

Result 

1 

bar 

51.8 

12.7 

1422 

16:1 

— 

1 

plate 

64.6 

28.7  X  9.5 

1494 

12:1 

— 

2 

bar 

51.8 

12.7 

1422 

16:1 

— 

3 

— 

64.6 

blind  die 

1505 

— 

hot  upset 

(Hot  upset) 

bar 

51.8 

15.9 

1505 

10.7:1 

— 

2018  — VOLUME  25A,  SEPTEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


sheet  after  hot  rolling  to  0.25  mm  (true  strain  =  3.6). 
A  Rigaku  diffractometer  was  used  to  measure  the  pre¬ 
ferred  orientation  in  samples  by  rotating  the  sample 
around  two  axes.  Only  the  inner  portion  of  the  pole  fig¬ 
ure  was  measured,  using  the  Schultz  reflection  method. 
A  normalization  was  carried  out  on  the  entire  pole  figure 
after  the  data  were  collected. 


III.  RESULTS  AND  DISCUSSION 

A.  Initial  Microstructures 

The  microstructure  for  extruded  NiAl,  shown  in 
Figure  2(a),  exhibits  a  mixture  of  fine  and  coarse  grains. 
Grains  are  somewhat  elongated  along  the  extrusion  di¬ 
rection;  however,  an  average  linear  intercept  from  var¬ 
ious  directions  gives  a  grain-size  value  of  8  pm. 
Metallographic  examination  of  the  microstructure  gen¬ 
erally  revealed  grain  refinement  with  additions  for 
second-phase  particles.  TiB2-containing  material  showed 
very  small  grains  intermixed  with  a  few  coarse,  elon¬ 
gated  grains  (Figure  2(b)),  a  likely  result  of  secondary 
recrystallization.  The  fine  grain  size  was  ~2  to  3  pm, 
while  the  coarse  grains  exceeded  100  pm.  The  coarse 
grains  are  seen  to  contain  subgrains.  It  is  probable  that 
a  nonuniform  particle  distribution  resulted  in  the  duplex 
microstructure.  The  microstructure  of  NiAl  +  4  pet  HfC 
(Figure  2(c))  was  also  fine  (although  somewhat  coarser 
than  that  of  NiAl  +  2  pet  TiB2);  the  average  grain  size 
was  4  pm  and  grain  shape  was  similar  to  NiAl. 

B .  Flow  Stress  Behavior  and  Corresponding 
Microstructural  Changes 

The  hot  compression  test  results  are  plotted  in 
Figures  3  and  4  for  NiAl  at  1300  and  1477  K,  respec¬ 
tively,  and  in  Figures  5  and  6  for  NiAl  +  2  pet  TiB2  and 
NiAl  +  4  pet  HfC,  respectively,  at  1477  K. 

1.  NiAl 

This  alloy  reaches  a  saturated  steady-state  flow  stress 
after  approximately  10  pet  strain  and  does  not  exhibit 
any  further  work  hardening  (Figures  3  and  4).  This  be¬ 
havior  is  seen  at  both  1300  and  1477  K.  Thus,  at  least 
in  the  strain-rate  range  of  10~2  to  10-4  s_1,  little  change 
in  grain  structure  other  than  in  grain  aspect  ratio  is  ex¬ 
pected;  changes  in  the  subgrain  structure  also  occur  dur¬ 
ing  this  stage.  Assuming  no  other  microstructural  change 
occurs  during  deformation,  the  change  in  grain  aspect 
ratio  due  to  the  imposed  compressive  strain  can  be  de¬ 
scribed  by  a  simple  equation: 


Af  =  A,  exp  (1.5  ec)  [1] 

where  Af  is  the  grain  aspect  ratio  after  deformation,  A, 
is  the  initial  grain  aspect  ratio  of  the  specimen,  and  ec 
is  the  compressive  strain. 

At  1477  K  and  at  strain  rates  below  10-5  s-',  some 
strain  hardening  was  observed,  which  suggests  that  con¬ 
current  dynamic  grain  growth  may  have  occurred.1211 
Grain  size  was  measured  after  1477  K  compression  tests 
and  is  plotted  in  Figure  7.  Figure  7  shows  that  a  signif¬ 
icant  amount  of  dynamic  grain  growth  occurred  (an  in¬ 
crease  from  10  pm  to  as  large  as  26  pm)  and  that  this 


Fig.  2- — Optical  micrographs  of  extruded  materials  (horizontal  extru¬ 
sion  direction):  (a)  NiAl;  ( b )  NiAl  +  2  pet  TiB2;  and  (c)  NiAl  +  4 
pet  HfC. 


growth  was  much  greater  initially  in  the  transverse  di¬ 
rection.  This  indicates  an  instability  of  the  as-extruded 
microstructure  due  to  the  imposed  strain. 

2.  NiAl  +  2  pet  TiB2 

For  this  alloy,  strain  hardening  was  observed  at  all  of 
the  strain  rates  studied  (Figure  5).  At  higher  strain  rates, 
the  strain-hardening  behavior  is  believed  to  arise  from 
interactions  between  second-phase  particles  and  dislo¬ 
cations.  The  fact  that  interactions  do  occur  is  evidenced 
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TRUE  COMPRESSIVE  STRAIN 

Fig.  3  —  Stress-strain  curves  for  NiAl  in  compression  for  three  dif¬ 
ferent  strain  rates  at  1300  K. 


TRUE  COMPRESSIVE  STRAIN 

Fig.  5  —  Stress-strain  curves  for  NiAl  +  2  pet  TiB2  in  compression 
for  five  different  strain  rates  at  1477  K. 


TRUE  COMPRESSIVE  STRAIN 

Fig.  4 — Stress-strain  curves  for  NiAl  in  compression  for  five  differ¬ 
ent  strain  rates  ar  1477  K. 


TRUE  COMPRESSIVE  STRAIN 

Fig.  6 — Stress-strain  curves  for  NiAl  +  4  pet  HfC  in  compression 
for  five  different  strain  rates  at  1477  K. 


by  the  development  of  a  particle-pinned  fine  subgrain 
structure  in  this  alloy.  In  low-strain-rate  tests,  in  addition 
to  this  phenomenon,  dynamic  grain  growth  was  ob¬ 
served.  Since  some  degree  of  diffusional  creep  accom¬ 
modation  is  believed  to  be  occurring  at  this  temperature, 
strain  hardening  can  result  from  grain  coarsening  as  well 
as  coarsening  of  the  substructure  with  continued 
deformation.  [21’22] 

Figure  8(a)  shows  a  photomicrograph  of  a  specimen 
static-annealed  for  1  hour.  A  mixture  of  coarse,  elon¬ 
gated  grains  and  finer  grains  can  be  seen.  The  fine  grain 
area  also  had  a  duplex  grain  size,  i.e.,  a  mixture  of 
grains  with  sizes  ranging  from  —2  to  3  pm  to  —10  to 
15  pm.  (Recent  studies  using  transmission  electron 
microscopy  have  indicated  that  the  —2-  to  3-pm  grain¬ 
like  features  are  subgrains.)  The  —2-  to  3-pm  subgrains 


are  believed  to  grow  into  coarse,  elongated  grains  with 
continued  annealing.  This  leads  to  an  increase  in  the  vol¬ 
ume  fraction  of  coarse  grains. 

Figures  8(b)  and  (c)  show  microstructures  of  NiAl  + 
TiBz  samples  after  compression  tests  were  performed  at 
1477  K  at  two  different  strain  rates.  After  compression 
testing,  the  microstructure  of  this  alloy  exhibits  a  duplex 
grain  structure.  Apparently,  secondary  grain  growth  oc¬ 
curred  in  the  course  of  testing.  With  decreasing  strain 
rate,  the  volume  fraction  and  size  of  large  grains  were 
increased.  The  average  grain  size  of  the  fine  grains  be¬ 
came  4  pm  and  the  larger  grains  grew  up  to  2000  pm. 
Although  grain  refinement  was  achieved  by  adding  TiB2 
particles  in  the  fabrication  process,  these  particles  were 
not  able  to  prevent  grain-boundary  migration  during 
high-temperature  tests.  The  high-temperature  strength  of 
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Fig.  7 —  Grain  size  as  a  function  of  compression  test  time  for  NiAl 
at  1477  K.  Test  strain  rates  (s-1)  are  indicated. 


this  material  was  not  improved,  possibly  because  of  the 
finer  grain  size. 

3.  NiAl  +  4  pet  HfC 

Figure  6  shows  that  NiAl  +  4  pet  HfC  reached  a 
steady  value  of  flow  stress  at  1477  K  at  all  strain  rates 
except  the  slowest  (10-6  s-1).  Little  hardening  was  ob¬ 
served  in  this  alloy,  which  suggests  that  little  change  in 
the  microstructure  occurred  during  testing.  In  the  test 
conducted  at  1(T 6  s-1,  continued  strain  hardening  was 
observed,  which  suggests  that  dynamic  grain  growth 
may  have  occurred  at  this  slow  rate. 

The  grain  structure  of  NiAl  +  4  pet  HfC  after  hot 
compression  testing  is  shown  in  Figures  9(a)  and  (b). 
The  microstructure  of  the  sample  from  the  higher  strain 
rate  (as  in  Figure  9(a))  shows  that  grains  were  fairly 
elongated  along  the  test  direction.  Coarse  HfC  particles 
are  also  visible  in  the  micrograph,  and  these  particles  are 
not  located  on  high-angle  grain  boundaries.  At  slow 
strain  rate,  grains  are  more  equiaxed  and  fewer  fine  par¬ 
ticles  are  visible  on  the  grain  boundary  as  compared  with 
the  specimen  deformed  at  higher  strain  rates. 

For  NiAl  +  4  pet  HfC,  the  grain  size  and  correspond¬ 
ing  aspect  ratio  were  measured  after  compression  test¬ 
ing;  results  are  plotted  in  Figure  10.  As  test  time 
increased,  the  grain  structure  became  more  equiaxed; 
grain  size  along  the  compression  axis  decreased,  and 
grain  size  transverse  to  the  compression  axis  increased. 
This  kind  of  spheroidization  effect  is  clearly  a  result  of 
stress-assisted  grain-boundary  migration  (which  is  pos¬ 
sibly  controlled  by  grain-boundary  diffusion)  and 
counteracts  flattering  of  grains  due  to  strain. 

Grain-growth  behavior  and  grain-shape  change  during 
high-temperature  compression  testing  for  these  alloys  are 
schematically  described  in  Figure  1 1 .  For  NiAl  +  2  pet 
TiB2,  the  dispersoid  particles  helped  to  produce  a  fine- 
grain  material  by  retarding  grain  growth  during  the  ex¬ 
trusion  process.  After  compression  testing,  grains  in 
NiAl  +  4  pet  HfC  became  more  elongated  and  coarser 
than  in  the  other  two  alloys. 
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Fig.  8  —  Optical  micrographs  of  NiAl  +  2  pet  TiB2  (arrows  indicate 
compression  directions):  (a)  annealed  for  1  hr  at  1477  K;  (b)  compres¬ 
sion  tested  at  1477  K,  strain  rate  =  10"2  s  1 ,  e  =  0.5;  (c)  compression 
tested  at  1477  K,  strain  rate  =  10“5  s-1,  e  =  0.15. 


The  stress-strain  rate  data  in  Figures  3  to  6  were  de¬ 
rived  from  the  standard  power  law 

e  =  Act"  [2] 

where  A  is  a  constant  and  n  is  the  stress  exponent.  NiAl 
data  also  resulted  from  using  the  temperature- 
compensated  power  law  rate  expression 

e  =  Bo-"  exp  PI 

where  B  is  a  constant,  Q  is  the  activation  for  creep,  R 
is  the  gas  constant,  and  T  is  absolute  temperature. 
Linear-regression  techniques  were  used  for  the  fitting, 
and  the  results  of  these  calculations  for  A,  B,  n,  and  Q, 
as  well  as  the  coefficients  of  determination  Rd,  are  given 
in  Table  III.  For  NiAl  the  stress  exponent,  n,  was  6.23 
and  activation  energy,  Q,  was  356  KJ  mol-1.  This  is  in 
agreement  with  Whittenberger’s  data.181  The  stress  ex¬ 
ponent  was  5.75  and  the  activation  energy  was  314  KJ 
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The  data  points  in  this  plot  are  fitted  with  the  best  least- 
square  polynomial  curves,  and  the  slopes  of  these  curves 
represent  strain-rate  sensitivity  ( m )  values,  which  are 
plotted  in  Figure  13.  If  a  steady-state  situation  prevails, 
then  m  is  equivalent  to  the  reciprocal  of  n  in  Eq.  [2].  At 
1477  K,  the  NiAl  +  4  pet  HfC  alloy  exhibited  the  high- 
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Fig.  10 — Grain  size  and  corresponding  aspect  ratio  as  a  function  of 
compression  test  time  for  NiAl  +  4  pet  HfC  at  1477  K. 


Fig.  9  —  Scanning  electron  micrographs  of  NiAl  +  4  pet  HfC  after 
compression  testing  at  1477  K  (horizontal  compression  axis): 
(a)  strain  rate  =  10’2  s’1,  e  =  0.5;  (b)  strain  rate  =  10“6  s’1, 
e  =  0.05. 


moF1  for  powder-processed  NiAl  with  a  grain  size  of 
15  gm.  The  stress  exponents  for  NiAl  +  2  pet  TiB2  and 
NiAl  +  4  pet  HfC  tested  at  1477  K  were  3.9  and  8.6, 
respectively.  Whittenberger  et  al.l23]  tested  dispersoid- 
containing  NiAl  alloys  produced  by  same  processing 
technique  at  1300  K  and  reported  n  values  of  5.3  for 
NiAl  +  2  pet  TiB2  and  12.0  for  NiAl  +  4  pet  HfC. 

Figure  12  shows  stress  vs  strain-rate  plots  on  a  log- 
log  scale  for  NiAl  at  the  two  temperatures  examined  and 
for  NiAl  +  2  pet  TiB2  and  NiAl  +  4  pet  HfC  at  1477  K. 


est  flow  stress  and  NiAl  +  2  pet  TiB2  showed  the  highest 
strain-rate  dependency  of  steady  flow  stress  among  the 
alloys  examined.  The  low  m  value  of  0.2  indicated  that 
deformation  occurs  primarily  by  dislocation  creep. 

The  TiB2-containing  alloy  has  somewhat  higher  m  val¬ 
ues  (0.3)  compared  to  the  other  alloys.  The  significantly 
higher  m  value  for  NiAl  +  2  pet  TiB2  suggests  possibly 
a  finer  structure  and  a  greater  degree  of  plasticity,  which 
is  helpful  from  a  processing  standpoint.  Fine  TiB2  dis¬ 
persion,  leading  to  finer  grain  size  in  this  material, 
seems  to  be  responsible  for  this  behavior.  For  this  alloy , 
grain-boundary  diffusional  accommodation  as  well  as 
dislocation  climb  are  believed  to  be  occurring  even  at 
higher  strain  rates.  Since  diffusional  accommodation  by 
grain-boundary  Coble  creep  is  strongly  dependent  on 
grain  size  (inverse  d 3  relationship),  strain  hardening  is 
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Fig.  11 — Schematic  diagram  of  changes  in  grain  shape  as  a  result  of  compression  testing  for  three  different  NiAl  alloys. 


Table  III.  Summary  of  Regression  Fits  for  NiAl-Base  Alloys 


Material 

Temperature 

(K) 

A 

(s' 

‘) 

B 

(s'1) 

n 

Q 

(KJ  mol1) 

Pi 

Power  Law 

NiAl 

1300 

2.53  x 

10  16 

6.16 

1.000 

1477 

1.31  x 

10'14 

— 

6.30 

— 

0.985 

NiAl  +  2  pet  TiB2 

1477 

1.28  X 

10'10 

— 

3.90 

— 

0.987 

NiAl  +  4  pet  HfC 

1477 

3.67  x 

io-20 

— 

8.64 

— 

0.997 

Temperature-Compensated  Power  Law 

NiAl  1300  to  1477 

5.18  x  10“2 

6.23 

356 

1.000 
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STEADY  STATE  FLOW  STRESSES 


Fig.  12  —  Flow  stress-strain  rate  data  for  three  different  NiAI  mate¬ 
rials.  NiAl  specimens  were  tested  at  1300  and  1477  K. 


Fig.  13  —  The  corresponding  m  values  derived  from  the  slope  of 
curves  in  Figure  12. 


expected  with  dynamic  grain  growth;  however,  the  ex¬ 
tent  of  this  hardening  is  somewhat  reduced  by  concurrent 
dislocation  creep.121’221  This  type  of  flow-stress  behavior 
is  shown  in  Figure  5. 


C.  Hot  Rolling 

1.  Hot  rolling  of  NiAl 

At  1323  K,  this  alloy  was  rolled  to  produce  thin  sheets 
down  to  0.2  mm  in  thickness.  Slight  cracking  occurred 
during  the  operation;  therefore,  conditions  for  suppress¬ 
ing  edge  cracks  were  investigated.  At  1373  K,  no  cracks 
were  visible  and  crack- free  foils  down  to  0.13  mm  were 
produced. 

High-speed  rolling  of  this  alloy  was  also  attempted  to 


initiate  dynamic  recrystallization  and  possible  grain  re¬ 
finement,  but  this  produced  considerable  cracking  of  the 
pieces.  Grain-boundary  cracking  was  observed  in  this 
material,  and  it  is  believed  that  dynamic  recrystallization 
is  not  a  suitable  means  of  grain  refinement  for  these  al¬ 
loys  since  the  grain  boundaries  cannot  withstand  the  high 
deformation  stress,  particularly  at  the  highest  deforma¬ 
tion  rates.  An  optical  micrograph  of  rolled  NiAl  sheets 
(Figure  14)  shows  grain  growth  and  pancake  grain  for¬ 
mation  after  rolling,  indicating  that  grain  refinement  of 
this  material  by  the  hot-rolling  process  cannot  be 
achieved  without  the  presence  of  grain  refiners. 

2.  Hot  rolling  of  NiAl  +  2  pet  TiB2  and 

NiAl  +  4  pet  HfC 

These  particle-containing  alloys  were  rolled  to  a  sheet 
thickness  of  0.8  mm  at  1373  K.  Severe  cracking  oc¬ 
curred  when  production  of  a  thinner  sheet  was  at¬ 
tempted.  Further  reduction  in  thickness  did  not  appear 
promising  due  to  the  high  flow  stress  and  cracking  of 
these  alloys.  During  rolling  of  NiAl  +  2  pet  TiB2  at 
1473  K,  cracks  formed  along  the  extrusion  axis  in  a  lo¬ 
cation  where  the  steel  casing  had  separated. 


Fig.  14 — Optical  micrographs  of  hot-rolled  NiAl  sheets  (horizontal 
rolling  direction)  Sheet  thickness  of  (a)  1.25  mm  and  ( b )  0.25  mm. 
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D.  Texture  Change 

The  pole  figures  of  the  as-extruded  NiAl  specimen 
given  in  Figure  15  show  a  {1 10}(1 10)  texture.  The  shape 
of  the  as-extruded  NiAl  was  rectangular,  so  it  was  not 
a  true  fiber  texture.  Similar  (110)  fiber  texture  was  re¬ 
ported  by  Vedula  et  al.m]  for  an  extruded  NiAl  alloy. 
The  {110}(110)  texture  of  the  as-extruded  alloy  changed 
to  { 1 1 1 K 1 12)  texture  after  the  sample  was  rolled  down 
to  1.27  mm  (Figure  16).  Khadkikar  et  al.l2S]  also  re¬ 
ported  (111)  fiber  texture  for  cast  and  extruded  and 
powder-extruded  NiAl  materials  and  powder-extruded 
FeAl.  For  the  cast  and  extruded  FeAl,  (110)  fiber  texture 
was  observed;  however,  texture  was  not  examined  in  the 
cast  state.  A{111}(112)  texture  was  found  from  the  pole 
figures  of  the  0.25-mm  sample  in  Figure  17,  but  this 
texture  was  weaker  than  that  of  the  1.27-mm  sample. 
Weak  {100}(1 10)  texture  was  also  found  from  the  pole 
figure  of  the  same  sample.  This  result  may  be  due  to  the 
significant  degree  of  cross  rolling  that  was  required  to 
produce  this  foil.  A  TiB2-containing  NiAl  alloy  was 
forged  at  1573  K,  and  the  same  (111)  fiber  texture  was 
observed.  In  contrast,  HfC-containing  material  forged  at 
1623  K  showed  a  (110)  and  weak  (100)  fiber  texture.  At 


high  temperature  it  was  reported  that  {100}(100)  and 
{11 0}(  1 00)  slip  systems  operated  in  NiAl  single  crys¬ 
tals.  ti5,i9,2°]  jn  compression,  the  axis  rotates  toward  the 
slip  plane  normal,  ending  between  three  (100)  poles, 
i.e.  ,(111).  Sometimes  (110)  is  possible,  ending  between 
two  (100)  poles.  This  may  be  the  case  for  the  heavily 
rolled  sheet  and  HfC-containing  NiAl.  In  tension,  the 
alternate  operation  of  primary  and  conjugate  slip  systems 
leads  to  a  final  orientation  of  (1 12).  Rolling  corresponds 
roughly  to  a  superposition  of  the  two  processes:  tension 
in  the  rolling  direction  and  compression  at  right  angles 
to  the  sheet.  Correspondingly,  a  {1 1 1}(1 12)  rolling  tex¬ 
ture  is  expected  for  NiAl ,  i.e.,  a  [  1 1 1  ]  orientation  of  the 
normal  to  the  sheet  plane  and  a  [112]  orientation  in  the 
rolling  direction. 


IV.  CONCLUSIONS 

1.  The  high-temperature  strength  of  NiAl  can  be  im¬ 
proved  by  adding  fine  HfC  and  TiB2  particles,  with 
HfC  providing  the  largest  increase.  This  strength  in¬ 
crease  is  more  than  50  pet  the  strength  of  NiAl  at  all 
strain  rates. 


Fig.  15  —  Normalized  pole  figures  of  NiAl  in  the  extruded  condition  for  (110),  (111),  and  (200)  pole  reflections. 


Fig.  16  —  Normalized  pole  figures  of  NiAl  in  the  hot-rolled  condition  for  (110),  (111),  and  (200)  pole  reflections.  Hot-rolled  to  a  thickness  of 
1.27  mm  at  1323  K. 
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Fig.  17  —  Normalized  pole  figures  of  NiAl  in  the  hot-rolled  condition  for  (110),  (111),  and  (200)  pole  reflections.  Hot-rolled  to  a  thickness  of 
0.25  mm  at  1323  K. 


2.  TiB2  dispersoids  are  not  as  promising  for  improving 
high-temperature  strength  at  low  strain  rates  due  to 
fine  grain  size  and  poor  particle-pinning  effects. 

3.  Microstructural  change  occurred  during  compression 
testing,  typically  resulting  in  grain  growth  and 
changes  in  grain  shape,  which  depends  on  second- 
phase  additions. 

4.  Conventional  hot- working  processes,  such  as  extru¬ 
sion,  forging,  and  rolling,  can  be  applied  to  NiAl- 
base  alloys,  but  rolling  of  the  particle-containing 
materials  is  extremely  difficult. 

5.  The  strain-rate  sensitivity  calculated  from  compres¬ 
sion  tests  is  about  0.2,  indicating  that  deformation  of 
this  alloy  is  primarily  by  dislocation  creep.  TiB2- 
containing  material  shows  that  diffusional  creep  ac¬ 
commodation  is  also  operating,  with  significant 
grain-boundary  migration. 

6.  Rolled  specimens  developed  a  {111 }( 11 2)  texture, 
which  severe  deformation  broke  into  multiple  finer- 
texture  components. 
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Forging  Limits  for  an  Aluminum  Matrix 
Composite:  Part  I.  Experimental  Results 

D.-G.C.  SYU  and  A.K.  GHOSH 

Forging  limits  in  a  discontinuously  reinforced  aluminum  (DR A)  matrix  composite,  2014  Al/ 15 
vol  pet  A1203,  were  determined  by  compressing  samples  of  various  cylindrical  geometries  under 
different  conditions  of  temperature,  strain  rate,  and  lubrication  and  measuring  the  limit  strains 
attained  prior  to  incipient  crack  formation.  In  some  cases,  circumferential  grids  were  machined 
on  the  sample  surface  to  obtain  the  local  fracture  strain  states.  Crack  formation  was  caused  by 
the  secondary  tensile  stresses;  however,  crack  propagation  was  relatively  slow  and  somewhat 
more  severe  at  300  °C  than  at  400  °C.  The  forging  limit  of  the  composite  was  found  to  be 
higher  at  400  °C  than  at  300  °C  and  also  higher  at  slower  strain  rates.  The  plane-strain  forging 
limit  of  the  composite  at  300  °C  and  a  strain  rate  of  0.5  s-1  was  less  than  0.05,  while  that  of 
the  matrix  was  higher  than  0.5.  It  was  found  that  the  forging  limits  can  be  influenced  by  the 
depth  of  the  circumferential  grids  and  can  be  lower  than  those  for  the  smooth  surface  samples. 


I.  INTRODUCTION 

All  forging  processes  basically  consist  of  the  com¬ 
pressive  deformation  of  the  workpiece  within  a  pair  of 
dies.  Depending  on  the  geometry  of  the  dies,  varying 
amounts  of  lateral  constraint  may  be  imposed  on  the 
workpiece  so  that  forging  operations  are  classified  into 
two  categories:  open-die  forging  and  closed-die  forging. 
In  open-die  forging,  the  lateral  constraint  is  minimal,  and 
the  amount  and  distribution  of  lateral  metal  flow  are  con¬ 
trolled  by  factors,  such  as  the  geometry  of  the  work- 
piece,  friction  and  heat  transfer  between  the  dies  and  the 
workpiece,  and  the  total  reduction  in  the  workpiece  di¬ 
mension  parallel  to  the  compression  direction.  In  open- 
die  forging,  formability  is  primarily  determined  by  the 
material’s  intrinsic  properties  and  the  forging  conditions. 
A  material’s  intrinsic  properties  include  the  grain  struc¬ 
ture,  the  presence  or  absence  of  second  phase  (precipi¬ 
tates  or  reinforcements),  homogeneity  (distribution  and 
shape  of  second  phases  or  texture),  and  crystal  structure. 
The  heat  transfer  induced  by  thermal  conductivity  and 
specific-heat  capacity  is  also  important  in  hot  forging. 
Other  forging  conditions  that  are  important  include  heat¬ 
ing  rates,  forging  temperatures  (which  influence  grain 
growth,  recrystallization,  phase  transformation,  the  oc¬ 
currence  of  a  liquid  phase,  and  dissolution  or  growth  of 
a  second  phase,  etc.),  as  well  as  strain  rates  and  loading 
histories  (including  variation  of  strain  rates  and  strain 
states). 

During  the  early  stages  of  closed-die  forging,  the  lat¬ 
eral  constraint  is  minimal,  and  the  process  is  similar  to 
the  open-die  forging  operation.  Cracks  and  defects  of 
concern  can  often  occur  during  this  stage.  As  the  con¬ 
straint  increases,  material  begins  to  fill  the  shape  of  the 
die,  and  the  ease  of  the  metal  to  flow  becomes  the  key 
factor  for  attaining  the  final  shape,  i.e.,  to  fill  in  the 
comer  of  the  die.  Hence,  the  two  important  parameters 
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that  determine  a  successful  closed-die-forging  operation 
are  the  strain  states  that  avoid  cracking  and  the  ability 
of  plastic  flow  to  fill  the  shape  of  the  die. 

The  focus  of  this  investigation  is  on  the  experimental 
determination  of  the  limit  strains  or  forging-limit  dia¬ 
gram  that  can  be  used  by  the  die  designer  in  actual  forg¬ 
ing  operations.  The  forging  limit  is  defined  by  a 
combination  of  compressive  strain  (gj)  and  tensile  strain 
(e2)  on  the  surface  of  a  forging  at  the  onset  of  an  incip¬ 
ient  crack.  Forging  limit  refers  to  strain  limit  reached  in 
a  localized  region  of  a  forging  but  does  not  provide  a 
sense  of  the  material’s  capability  for  die  filling  during 
forging  process.  To  test  the  capacity  for  plastic  flow,  a 
separate  forgeability  test  was  designed,  which  is  dis¬ 
cussed  in  the  Appendix  and  not  directly  dealt  with  in  the 
text. 

The  forging-limit  diagram  is  divided  into  three  re¬ 
gions — the  safe,  the  marginal,  and  the  failure  regions. 
Several  investigators  have  determined  the  forging-limit 
diagrams  of  aluminum  alloys11’21  and  steels. 13,4,51  The  most 
common  method  for  determining  the  forging-limit  dia¬ 
gram  is  to  use  the  upset  test  in  which  the  strain  path  {i.e. , 
e2/e,)  can  be  varied  by  using  different  sample  geome¬ 
tries  and  lubrication  conditions.  The  upset  test  is  an  axial- 
compression  test  of  a  right-circular  cylinder  between  two 
flat,  parallel  dies.  The  advantage  of  the  upset  test  is  that 
the  strain  state  on  the  cylindrical  surface  can  be  easily 
measured  and  controlled  by  varying  the  frictional  bound¬ 
ary  conditions,  the  ratio  of  height  to  diameter,  and  the 
geometry  of  the  cylinder.  Figure  1  shows  the  possible 
strain  paths  in  different  upset  tests.  The  strain-path  vari¬ 
ations  are  caused  mainly  by  the  different  degree  of  bar¬ 
reling  on  the  surface  of  upset  samples.  At  a  given 
circumferential  strain,  e2,  which  is  tensile,  the  well- 
lubricated  upset  sample  produces  a  more  negative  com¬ 
pressive  axial  strain,  eu  than  the  poorly  lubricated 
one. 12-81  Samples  with  higher  ratios  of  height  to  diameter 
also  produce  more  negative  £,’s  than  those  with  lower 
ratios.  Samples  with  a  raised  collar  on  the  surface  (de¬ 
scribed  in  detail  in  the  Section  II)  provide  strain  states 
that  are  close  to  positive  plane  strain  (e,  =  0). 

Experimental  data  from  several  previous  works11-71  show 
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(j.2  <  pi  ( Coefficient  of  friction ) 


COMPRESSIVE  STRAIN,  e. 


Fig.  1 — Change  of  strain  path  due  to  varying  sample  geometry  and 
frictional  condition. 


that  the  forging-limit  line  is  a  straight  line  having  a  slope 
of  -x/a  (parallel  to  the  homogeneous  compression  line) 
with  an  intercept  on  the  positive  plane-strain  state  (e,  = 
0).  Kivivuori  and  Sulonen181  have  proposed  that  the  slope 
of  the  forging-limit  line  for  Al-killed  steel  (spheroidized 
Ck-35  with  0.36  pet  C)  was  less  than  —  V2,  and  that  this 
straight  line  reached  a  maximum  at  around  e2  =  1  and 
then  became  almost  parallel  to  the  ex  axis.  The  same 
observation  was  also  reported  by  Darvas[3)  for  Al-killed 
steel  (spheroidized  Ck-15  with  0.14  pet  C).  They  ex¬ 
plained  that  a  possible  reason  for  this  horizontal  forging- 
limit  line  was  the  formation  of  shear  bands,  since  the 
ductility  of  the  material  decreased  rapidly  during  severe 
deformation.  They  also  observed  three  fracture  modes, 
namely  longitudinal  cracking,  oblique  cracking,  and 
double  oblique  cracking  in  their  Al-killed  steel. 

In  the  present  investigation,  the  material  of  interest  is 
a  discontinuously  reinforced  aluminum  (DRA)  matrix 
composite,  e.g.,  2014  Al/15  vol  pet  A1203.  The  addition 
of  15  vol  pet  A1203  particles  can  increase  the  Young’s 
modulus  of  2014  A1  alloy  from  73  to  92  GPa  and  the 
yield  strength  from  413  to  475  MPa.191  These  composites 
are  produced  by  ingot  metallurgy  methods,  and  the  cost 
of  fabricating  these  materials  has  declined  considerably 
in  recent  times.  Thus,  the  DRA  matrix  composites  have 
potential  applications  in  the  automotive  industry  for 
manufacturing  engine  components  and  brake 
systems110"141  most  conveniently  by  hot  forging  methods. 

Although  forging-limit  diagrams  have  been  deter¬ 
mined  for  many  aluminum  alloys  and  steels,  forging-limit 
data  for  DRA  matrix  composites  are  not  established  at 
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this  time.  Our  objective  is  to  determine  the  forging  limits 
of  this  DRA  composite  under  various  temperatures  and 
strain  rates. 

II.  EXPERIMENTAL 
PROCEDURES  AND  RESULTS 

The  material  used  in  this  investigation  was  2014  A1 
containing  15  vol  pet  A1203  particulates.*  The  compo- 

*This  material  was  manufactured  by  Duralcan  Aluminum  Composites 
Corporation,  San  Diego,  CA,  and  was  produced  by  dispersing  alu¬ 
minum  oxide  particles  into  the  molten  aluminum  alloy  that  was  then 
cast  and  extruded  into  a  rod  with  a  diameter  of  50.8  mm. 

sition,  microstructures,  and  mechanical  properties  of  this 
composite  are  discussed  in  Reference  15.  The  matrix  al¬ 
loy  chemistry  is  approximately  Al-4  pet  Cu-1  pet  Mn- 
0.5  pet  Mg-0.8  pet  Si-1.2  pet  Ti.  The  average  A1203 
particle  size  was  about  5.6  pm,  and  the  subgrain  size 
was  about  2  /um  in  the  composite  in  the  extruded  con¬ 
dition.1151  A  2014  A1  matrix  alloy  that  was  used  for  com¬ 
parison  was  also  produced  via  ingot  metallurgy  and 
extrusion.  It  had  a  grain  size  of  500  to  2000  pm. 

Prior  to  determination  of  the  forging-limit  data,  it  was 
of  interest  to  select  a  meaningful  temperature  and  strain- 
rate  range  where  some  ductility  can  be  present  for  con¬ 
ducting  the  investigation.  Several  investigators  have 
reported  testing  methods  and  sample  geometries  to  assist 
in  determining  an  optimum  forging  condition,  such  as 
the  diametral-compressive-test  method  for  brittle  mate¬ 
rials,1161  the  heading  process  to  obtain  the  headability  that 
is  defined  as  a  material’s  ability  to  be  upset  without 
cracking,117181  and  the  wedge-forging  test  that  is  used  to 
determine  the  breakdown  temperature  ranges  for  ingot 
structures,1191  etc.  In  the  present  investigation,  a  sample 
geometry  with  a  notch  was  designed  so  that  it  could  be 
easily  fractured,  and  an  approximate  fracture  strain  could 
be  determined  under  various  forging  conditions.  This  test, 
called  the  sensitivity  test,1201  is  discussed  in  the  Appendix 
of  Reference  15.  While  this  test  showed  some  degree  of 
forgeability  between  300  °C  and  400  °C  for  our  test  ma¬ 
terial,  a  clear  peak  in  forgeability  was  not  seen. 

From  a  survey  of  the  literature,  work  done  by  Pickens 
et  al.m]  provides  help  in  the  selection  of  these  param¬ 
eters.  They  had  suggested  that  for  a  strain  rate  of  0. 1  s  , 
the  optimum  temperatures  for  maximizing  hot  ductility 
and  minimizing  flow  stress  were  427  °C  and  507  °C  for 
7090  Al/20  vol  pet  SiC  and  6061  Al/20  vol  pet  SiC, 
respectively.  Because  the  reinforcement  content  in  our 
material  is  somewhat  lower,  a  slightly  lower  temperature 
was  thought  to  be  adequate;  thus,  300  °C  and  400  °C 
were  chosen  as  the  forging  temperatures.  The  strain  rates 
selected,  0.015  and  0.5  s“ 1 ,  were  guided  by  the  available 
equipment. 

A.  Specimen  Geometry  and  Test  Procedure 

To  construct  the  forging-limit  diagram,  six  upset-sample 
geometries  were  designed  and  machined.  These  samples 
are  identified  as  SU  (shorter  upset,  no  lubricant),  SUL 
(shorter  upset,  lubricated),  TU  (taller  upset,  no  lubri¬ 
cant),  TUL  (taller  upset,  lubricated),  CU  (collar  upset, 
no  lubricant),  and  CUL  (collar  upset,  lubricated),  as  shown 
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in  Figure  2.  All  samples  had  the  extrusion  direction  as 
the  compression  direction.  Graphite  was  used  as  a  high- 
temperature  lubricant.  To  provide  adequate  space  for  the 
lubricant  during  the  tests,  a  shallow  well  was  machined 
in  both  ends  of  the  samples  and  filled  with  graphite  paste 
before  testing. 

For  SU,  SUL,  TU,  and  TUL  samples,  a  portion  of  the 
sample  surface  was  machined  with  circumferential  grids, 
as  shown  in  Figure  2.  During  the  test,  strain  concen¬ 
trated  within  the  grooved  grid  area  and  resulted  in  re¬ 
ducing  the  effective  height-to-diameter  ratio  for  these 
samples,  as  shown  in  Figure  3.  Regions  adjacent  to  ma¬ 
chined  grooves  act  as  raised  collars  (less  deformable  re¬ 
gions)  and  cause  the  strain  state  to  move  toward  plane 
strain.  Thus  such  surface  grooves  lower  the  forging  lim¬ 
its  slightly.  This  effect  can  be  minimized  by  machining 
grids  over  the  entire  sample  surface.  To  experimentally 
verify  whether  the  strain  paths  determined  by  these  six 
kinds  of  samples  were  sufficient  to  cover  the  forging- 
limit  diagram,  as  well  as  to  roughly  obtain  the  strain  state 
beyond  which  failure  occurs,  several  samples  were  ini¬ 
tially  tested  in  an  interrupted  manner.  Subsequently,  the 
forging-limit  diagrams  were  determined  by  a  single-step 
process,  as  discussed  in  Section  II-A-3. 

A  hydraulic  press  with  programmable  movement  was 
used  for  the  interrupted  and  single-step  tests  at  low  strain 
rates.  The  press  was  fitted  with  a  furnace  for  obtaining 
isothermal  test  conditions.  An  Instron  universal  testing 
machine,  model  4505,  was  used  for  the  single-step  test 
with  high  strain  rates.  This  was  also  fitted  with  a  furnace 
with  a  heating  zone  of  15.2-cm  height  and  10.2-cm  di¬ 
ameter.  Testing  was  conducted  after  the  desired  test  tem¬ 
perature  was  reached  and  had  stabilized  for  at  least  10 
minutes.  Parallel  platens,  10.2  cm  in  diameter,  were  used 
for  compressing  the  samples;  these  were  made  of  17-4 
PH  steel. 

1 .  Determination  of  forging  limit  strains 

The  forging  limit  was  defined  by  the  occurrence  of  an 
incipient  crack  at  the  surface  of  the  deformed  sample. 
By  measuring  strain  states  (combination  of  e,  and  e2) 
before  and  after  such  incipient  surface-crack  formation 
on  the  deformed  samples,  the  forging-limit  diagram  was 
constructed  as  a  function  of  temperature  and  strain  rate 
for  use  in  forging-process  design. 

For  the  SU,  SUL,  TU,  and  TUL  samples  that  had  ma¬ 
chined  grids,  hdef  and  h„  were  the  distances  between  two 
grooves  on  the  deformed  and  undeformed  samples,  re¬ 
spectively,  and  were  measured  by  using  an  optical 
microscope,  while  ddef  and  d0  were  the  maximum  di¬ 
ameters  of  the  deformed  and  undeformed  samples,  re¬ 
spectively,  and  were  measured  by  a  micrometer.  For 
determining  strains  from  the  deformed  specimens,  the 
following  equations  were  used: 

e,  =  In  (hdlf/ha)  [la] 

e2  =  In  (ddef/d„)  [lb] 

For  the  CU  and  CUL  samples,  hdef  and  h„  were  the  collar 
heights  of  the  deformed  and  undeformed  samples,  re¬ 
spectively,  and  ddef  and  d„  were  the  collar  diameters  of 
the  deformed  and  undeformed  samples,  respectively,  and 
were  measured  by  a  micrometer. 


Taller  Upset  Sample  with  Taller  Upset  Sample  without 

Lubricant  ( TUL )  Lubricant  ( TU ) 


WELL:  <(>  7.94, 0.19  DEEP 


Shorter  Upset  Sample  with 
Lubricant  ( SUL ) 


0.508  SPACING 
0.127  DEEP 
X  13  LINES 


Shorter  Upset  Sample  without 
Lubricant  ( SU ) 


Collar  Upset  Sample  with 
Lubricant  ( CUL ) 


Collar  Upset  Sample  without 
Lubricant  ( CU ) 


Fig.  2  —  Six  sample  geometries  for  constructing  forging-limit  dia¬ 
grams,  in  millimeters. 


Fig.  3  —  Ratio  of  height  to  diameter  for  the  sample  with  machined 
grids  at  the  barreled  area,  Hg/Dg,  smaller  than  that  for  the  smooth- 
surface  sample,  H,/Ds.  The  strain  state  for  the  sample  with  machined 
grids  has  a  less-negative  compressive  strain  and  a  lower  tensile  strain. 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25A,  SEPTEMBER  1994  —  2029 


2.  Determination  of  strain  paths  and  approximate 
forging  limits  by  interrupted  testing 
Initially,  several  samples  were  tested  in  an  interrupted 
manner  at  400  °C  to  determine  the  strain  paths  (e2  v.v  £,) 
and  obtain  an  approximate  forging  limit  that  could  be  a 
guide  for  the  single-step  test.  For  this  study,  samples 
were  deformed  to  given  levels  of  strain.  After  defor¬ 
mation,  the  sample  was  removed  from  the  furnace,  and 
£i  and  e2  were  measured.  After  measuring  the  strains, 
the  deformed  sample  was  placed  back  in  the  furnace, 
heated  to  400  °C,  held  for  20  to  30  minutes  to  stabilize 
the  temperature,  and  compressed  to  a  higher  strain  level. 
At  several  stages  of  interruption,  £j  and  e2  were  deter¬ 
mined,  and  an  effective  strain  was  calculated  from  the 
relation1221 

=  [4/3  (e?  +  £\E2  +  £2)]° 5  [2] 

The  average  strain  rate  was  defined  as  the  incremental 
effective  strain  divided  by  the  incremental  time.  Based 
on  the  combinations  of  Ei  and  e2  in  each  step,  the  strain 
paths  of  these  six  kinds  of  samples  were  determined,  as 
shown  in  Figure  4(a).  Examination  for  the  appearance 
of  incipient  cracks  was  made  by  unaided  eyes  during  the 
tests.  If  there  was  no  crack  on  the  surface,  this  safe  strain 
combination  {ey  and  e2)  was  then  plotted  in  the  diagram 
and  labeled  as  o  (open  circle).  On  the  other  hand,  if  any 
incipient  crack  appeared  on  the  deformed-sample  sur¬ 
face,  the  strain  state  was  measured  and  labeled  as  x  (cross) 


-1.0  -0.8  -0.6  -0.4  -0.2  0.0 

£l 


(a) 


-1.0  *0.8  -0.6  -0.4  -0.2  0.0 

£i 


C b ) 

Fig.  4 — (a)  Strain-path  variation  and  ( b )  forging-limit  diagram  by  the 
interrupted  test  method  for  2014  Al/15  vol  pet  A1203.  Samples  were 
tested  at  400  °C  and  an  average  strain  rate  of  0.1  s~'. 
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in  the  same  diagram.  Figure  4(b)  shows  data  points  for 
400  °C  and  a  strain  rate  of  0.1  s-1.  A  forging-limit  dia¬ 
gram  was  eventually  drawn  to  separate  the  circles  from 
the  crosses. 

3.  Determination  of  forging-limit  diagrams  by 

single-step  test 

Because  forging  is  generally  a  single-step  process,  the 
forging-limit  diagrams  under  various  conditions  were 
largely  determined  by  single-step  deformation.  Samples 
with  machined  grids  (SU,  SUL,  TU,  and  TUL  samples) 
were  tested  to  a  selected  strain  level  (based  on  the  limit 
strains  obtained  from  the  interrupted  test)  and  then  vi¬ 
sually  examined.  The  safe  strain  state  was  labeled  as  o, 
and  the  strain  state  at  the  local  cracked  area  was  mea¬ 
sured  and  labeled  as  x  in  a  diagram,  as  shown  in 
Figures  5  and  6  at  300  °C  and  400  °C,  respectively,  within 
a  strain-rate  range  of  0.015  s”1  to  0.5  s-1.  Then  a  forging- 
limit  diagram  was  constructed  by  drawing  two  lines 
(marginal  region)  to  separate  the  failed  and  safe  strain 
states.  It  was  found  that  the  forging  limit  decreased  to¬ 
ward  the  plane-strain  (£,  =  0)  state.  The  absolute  mag¬ 
nitude  of  the  slope  was  around  0.2  to  ~0.4,  which  is 


ei 

(a) 


ei 

(b) 

Fig.  5  —  Forging-limit  diagrams  of  2014  Al/15  vol  pet  A1203  deter¬ 
mined  from  SU,  SUL,  TU,  and  TUL  tests  at  300  °C  with  effective 
strain  rates  of  (a)  0.015  s_l  and  (b)  0.5  s  '1.  In  these  tests,  samples 
had  machined  grids  on  the  surface. 
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less  than  that  from  previous  work  on  A1  alloys  and  steels 
(slope  =  In  addition,  the  forging-limit  curves 

in  Figures  5  and  6  were  not  a  straight  line,  possibly  be¬ 
cause  they  contain  effects  from  the  machined  grids. 

As  mentioned  before,  the  machined  grids  on  the  SU, 
SUL,  TU,  and  TUL  samples  acted  as  raised  collars,  as 
seen  in  Figure  7.  At  a  given  e2,  the  circumferential  grooves 
compressed  more  than  the  adjoining  regions  (raised),  e.g., 
the  strain  state  at  failure  was  closer  to  plane  strain  (e, 
=  0).  Consequently,  the  samples  with  machined  grids 
would  have  a  lower  forging  limit  in  comparison  to  the 
smooth-surface  sample.  To  avoid  this  effect,  the  SUL 
samples  without  machined  grids  were  also  tested.  The 
strain  states  from  the  smooth-surface  SUL  samples,  then, 
were  combined  with  the  strain  states  of  the  CU  and  CUL 
samples  (there  were  no  machined  grids  on  the  CU  and 
CUL  samples)  using  the  method  described  in  Section  II- 
A-4  to  construct  a  forging-limit  diagram  without  the 
machined-grid  effect. 

4.  Approximate  method  for  estimating  the  forging 

limit  for  smooth-surface  specimens 

Since  smooth-surface  specimens  do  not  offer  a  direct 
method  to  measure  the  axial  strain,  e,,  before  and  after 
incipient  cracking,  an  approximate  method  was  adopted. 
This  method  first  utilizes  an  upper  bound  and  a  lower 
bound  curve  from  tests  performed  on  samples  with  ma¬ 
chined  grids  and  subsequently  utilizes  a  refined  approach 
based  on  the  Kobayashi  analysis,1231  as  shown  in 
Figures  8  and  9. 

The  upper  bound  is  dictated  by  the  interrupted  test  in 
which  samples  had  machined  grids,  as  discussed  in 
Section  II-A-2  (Figure  4(a)).  Since  samples  with  ma¬ 
chined  grids  provide  strain  states  closer  to  plane  strain 
than  a  smooth-surface  sample,  as  shown  in  Figure  7,  the 
actual  strain  path  for  the  smooth-surface  SUL  sample  in 
Figures  8  and  9  should  be  on  the  left-hand  side  of  the 
strain  path  obtained  from  this  method. 

The  lower  bound  is  based  on  the  assumption  that  the 
upset  sample  deforms  in  a  homogeneous  manner,  i.e., 
that  e,  =  -2 e2.  The  ratio  of  s2/ex  is,  however,  less  than 
_1/2,  because  the  smooth-surface  SUL  samples  barrel 
slightly,  as  seen  in  Figure  10.  Since  this  introduces  an 
additional  tensile  component,  the  actual  strain  path  for 
the  smooth-surface  SUL  sample  in  Figures  8  and  9  should 
be  on  the  right-hand  side  of  the  strain  path  obtained  from 
the  homogeneous  compression  method.  In  Figure  10,  it 
was  also  found  that  the  barreling  effect  was  less  at 
300  °C  than  at  400  °C  for  the  smooth-surface  SUL  sam¬ 
ples  probably  because  of  a  decrease  in  the  strain-hardening 
rate  of  the  workpiece  with  increasing  temperature.  It  is 
known  that  a  higher  strain-hardening  rate  promotes  more 
uniform  deformation  in  the  workpiece. 

Having  defined  the  upper  and  lower  bounds  on  the 
strain  path,  an  approach  to  the  more  exact  strain  path 
was  made  by  using  a  detailed  analysis  by  Kobayashi.1231 
Figures  8  and  9  show  strain  paths  from  the  Kobayashi 
analysis  and  the  two  other  bounds,  with  data  points  from 
safe  and  failed  samples.  Subsequently  these  data  points 
from  the  Kobayashi  analysis  were  used  to  determine  the 
forging  limits. 


-0.4  -0.3  -0.2  -0.1  0.0 
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(a) 


Fig.  6 — Forging-limit  diagrams  of  2014  Al/15  vol  pet  A1203  deter¬ 
mined  from  SU,  SUL,  TU,  and  TUL  tests  at  400  °C  with  effective 
strain  rates  of  (a)  0.015  s  '  and  (b)  0.5  s_l.  In  these  tests,  samples 
had  machined  grids  on  the  surface. 


Undeformed  Deformed 

(  Ave.  61  =  -0.108, 62  =  0.062  at  300°C.) 


Fig .  7  —  Optical  micrograph  showing  grooves  compressed  more  than 
raised  collars  in  an  upset  sample  with  machined  grids. 
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(a) 


(b) 


Fig.  8  —  Assumed  strain  paths  in  the  SUL  test  for  2014  Al/15  vol 
pet  A1203  at  300  °C  with  effective  strain  rates  of  (a)  0.015  s  1  and 
(b)  0.5  s'1.  In  this  test,  samples  had  smooth  surfaces  (ground  by  600- 
grit  sandpaper).  The  determination  of  e,  was  based  on  the  strain  path 
in  Figure  4,  homogeneous  compression,  and  Kobayashi  analysis. 


B.  Barreling  Correction  on  Smooth-Surface  Specimens 

Several  researchers13,23'241  have  also  attempted  an  an¬ 
alytical  treatment  for  the  barreling  effect  that  generates 
a  secondary  tensile  stress  parallel  to  the  compression  di¬ 
rection  and  changes  the  value  of  e}.  Banerjee1241  tested 
aluminum  cylinders  with  various  ratios  of  height  to  di¬ 
ameter  and  lubrication  conditions  and  found  that  the  cur¬ 
vature  of  the  barrel  fit  closely  to  a  circular  arc,  and  its 
radius  followed  a  power  law  with  the  true  axial  com¬ 
pressive  stress.  Darvas[3]  proposed  a  relationship  be¬ 
tween  £,  and  e2  that  fit  the  experimental  data  quite  well. 
He  concluded  that  e,  was  an  arc  tangent  function  of  e2, 

e,  =  —  2C  tan-1  (e2/C)  [3] 

where  C  is  a  constant.  In  his  experiment  a  C  value  of 
0.1369  was  selected  to  fit  the  experimental  results  for 
an  upset  sample  with  a  height-to-diameter  ratio  of  1  under 
adhesive  frictional  conditions. 

Kobayashi1231  also  assumed  that  the  curvature  of  the 
barrel  is  a  circular  arc  and  developed  a  closed-form  so¬ 
lution  for  the  relationship  between  e,  and  e2.  He  as¬ 
sumed  that  the  incremental  radial  displacement  du,  in 
upsetting  solid  cylinders,  is  given  by 

du  =  axr{  1  -  pz2)  +  a2r  ’  [4a] 


(a) 


£1 

(b) 

Fig.  9 — Assumed  strain  paths  in  the  SUL  test  for  2014  Al/15  vol 
pet  A1203  at  400  °C  with  effective  strain  rates  of  (a)  0.015  s  1  and 
( b )  0.5  s'1.  In  this  test,  samples  had  smooth  surfaces  (ground  by  600- 
grit  sandpaper).  The  determination  of  e,  was  based  on  the  strain  path 
in  Figure  4,  homogeneous  compression,  and  Kobayashi  analysis. 


300°C,  0.015s-1  400°C,  0.015s1 


300°C,  0.5s  1  400°C,  0.5s'1 

Fig.  10  —  Photograph  of  deformed-smooth-surface  SUL  samples 
(magnification  4  times)  of  2014  Al/15  vol  pet  ALO,  at  300  °C  and 
400  °C  with  effective  strain  rates  of  0.015  s  1  and  0.5  s'1.  The  bar¬ 
reling  effect  is  more  severe  at  400  °C  than  at  300  °C. 
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and  the  incremental  axial  displacement  dv  can  be  ob¬ 
tained  from  the  incompressibility  equation, 


d{du)  du  d(dv) 

dr  r  dz 


[4b] 


where  r  is  the  radial  coordinate  and  z  is  the  axial  coor¬ 
dinate  of  material  points  in  the  sample  and  z  =  0  at  the 
half-height  of  the  sample.  The  term  p,  is  the  coefficient 
of  friction  following  the  Coulomb  friction  law.  By  in¬ 
troducing  the  radius  of  the  equatorial  free  surface,  R,  and 
the  radius  of  curvature  of  the  barrel,  p,  a{  and  a2  can  be 
solved  under  the  boundary  conditions,  i.e.,  when  p  — »  oo 
or  ji  —*  °°,  then  e,  =  -2e2.  From  these,  he  obtained 


fi  was  chosen  as  0.3  for  the  calculation.  The  data  points 
of  the  SUL  tests  calculated  by  using  the  Kobayashi  anal¬ 
ysis  fell  between  from  Figure  4  and  that  from  ho¬ 
mogeneous  compression.  These  data  points  were  then 
plotted  with  the  data  from  the  CU  and  CUL  tests  (no 
machine  grids)  to  determine  approximate  forging-limit 
diagrams  by  drawing  lines  to  separate  the  safe  and  failed 
strain  states,  as  shown  in  Figures  11  and  12  at  300  °C 
and  400  °C,  respectively.  Again  the  forging  limit  was 
found  to  drop  toward  the  plane-strain  state. 

III.  DISCUSSION 

A.  Forging  Limits 


8  —  +  2  —  ApRp 

dex  =  - de2  [4c] 

4  —  +  4  —  uRp 

JR 

With  measurements  of  R  and  p  from  deformed  samples 
using  the  interrupted-test  method,  and,  selecting  the  value 
of  p  to  fit  the  experimental  strain  paths  in  the  various 
upset  tests,  a  good  predictability  of  barrel  shape  was  given 
by  his  analysis. 

In  the  present  investigation,  the  smooth-surface  SUL 
sample  was  tested  to  a  given  strain  by  the  single-step 
method.  Then,  R,  p,  and  e2  were  measured  from  each 
deformed  smooth-surface  SUL  sample,  as  shown  in 
Table  I.  Based  on  Table  I  and  an  incremental  form  of 
Eq.  [4c],  the  e,  and  strain  paths  for  the  smooth-surface 
SUL  samples  were  determined.  These  are  shown  in 
Figures  8  and  9  at  300  °C  and  400  °C,  respectively,  where 


A  comparison  of  the  forging-limit  diagrams  for  the 
various  samples  is  presented  in  this  section.  Figure  13(a) 
shows  the  mean  lines  of  the  marginal  region  (shaded  area) 
from  each  of  Figures  5  and  6.  Figure  13(b)  shows  the 
forging  limits  obtained  from  the  smooth-surface  SUL 
(strain  paths  determined  by  using  the  Kobayashi  analy¬ 
sis),  CU,  and  CUL  tests  under  various  forging  condi¬ 
tions.  We  find  that  at  400  °C  and  a  strain  rate  of 
0.015  s_l,  the  limiting  tensile  strain  (e2)  was  about 
25  pet  lower  for  the  machined-grid  samples.  This  dif¬ 
ference  may  be  reduced  by  using  shallower  grids 
(<0.1-mm  deep).  Figures  13(a)  and  (b)  also  show  that 
the  forging  limit  was  lower  at  the  lower  temperature 
(300  °C)  and  higher  strain  rate  (0.5  s-1).  For  example, 
at  the  slower  strain  rate  (0.015  s_1),  the  plane-strain  (e, 
=  0)  forging  limit  of  the  composite  at  400  °C  was  around 
0.08;  however,  it  was  about  0.04  at  300  °C.  Also,  at 
400  °C,  the  plane-strain  forging  limit  of  the  composite 
at  the  higher  strain  rate  (0.5  s_I)  was  around  0.03  as 
compared  with  0.08  at  the  lower  strain  rate  (0.015  s  '). 


Table  I.  Values  of  R,  p,  and  e2  Measured  from  the  Deformed-Smooth-Surface  SUL  Samples* 


Rate  (s  ‘) 

Sample  Number 

R  (mm) 

p  (mm) 

^2 

8s2 

El 

400  °C 

0.015 

1 

5.28 

30.0 

0.102 

0.102 

-0.180 

0.015 

2 

5.33 

28.5 

0.107 

0.005 

-0.189 

0.015 

3 

5.38 

25.5 

0.115 

0.008 

-0.212 

0.015 

4 

6.10 

14.0 

0.247 

0.132 

-0.415 

0.015 

5 

6.20 

12.5 

0.262 

0.015 

-0.437 

0.015 

6 

6.22 

11.5 

0.266 

0.004 

-0.443 

0.015 

7 

6.30 

10.5 

0.281 

0.015 

-0.446 

0.5 

1 

5.33 

23.0 

0.108 

0.108 

-0.185 

0.5 

2 

5.41 

19.5 

0.123 

0.015 

-0.210 

0.5 

3 

5.46 

18.0 

0.134 

0.011 

-0.228 

0.5 

4 

5.51 

17.5 

0.143 

0.009 

-0.243 

0.5 

5 

5.54 

17.25 

0.148 

0.005 

-0.251 

0.5 

6 

5.94 

15.0 

0.222 

0.074 

-0.367 

0.5 

7 

6.10 

12.5 

0.247 

0.025 

-0.405 

0.5 

8 

6.15 

11.5 

0.255 

0.008 

-0.417 

0.5 

9 

6.38 

10.0 

0.292 

0.037 

-0.469 

300  °C 

0.015 

1 

5.44 

— 

0.132 

0.132 

-0.263 

0.015 

2 

5.59 

-100 

0.161 

0.029 

-0.320 

0.015 

3 

5.79 

-75 

0.196 

0.035 

-0.370 

0.5 

1 

5.66 

— 

0.176 

0.176 

-0.350 

0.5 

2 

5.77 

— 

0.190 

0.014 

-0.380 

0.5 

3 

5.79 

— 

0.198 

0.008 

-0.390 

*The  value  of  e, 

can  be  determined  from  the  values 

in  this  table  and  the  Kobayashi  analysis. 
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Fig.  11  —  Forging-limit  diagrams  of  2014  Al/15  vol  pet  A120,  de¬ 
termined  from  CU,  CUL,  and  SUL  tests  at  300  °C  with  effective  strain 
rates  of  (a)  0.015  s-1  and  (b)  0.5  s-1.  In  these  tests,  samples  had 
smooth  surfaces  (ground  by  600-grit  sandpaper).  The  determination 
of  e,  in  the  SUL  test  with  smooth-surface  samples  was  based  on  the 
Kobayashi  analysis. 


Figure  14  shows  a  comparison  of  forging  limits  be¬ 
tween  2014  A1  and  the  composite  at  300  °C  with  a  strain 
rate  of  0.5  s_1.  Although  the  forging-limit  diagram  of 
2014  A1  was  not  obtained,  its  plane-strain  forging  limit 
was  found  to  be  higher  than  0.5,  while  that  of  the  com¬ 
posite  was  less  than  0.05.  This  demonstrates  the  signif¬ 
icant  change  of  the  forging-limit  diagram  due  to  the 
presence  of  A1202  particles. 


B.  Fracture  Mode 

The  fracture  mode  of  the  incipient  crack  in  this  com¬ 
posite  material  was  longitudinal  cracking  parallel  to  the 
compression  direction  caused  by  tensile  stress,  as  seen 
in  Figure  15.  However,  if  the  samples  were  continuously 
deformed,  regardless  of  the  occurrence  of  the  incipient 
crack,  to  approximately  —1.1  true  strain  in  height  re¬ 
duction,  double-oblique  cracking  was  observed,  as  shown 
in  Figure  16.  This  has  also  been  found  in  Al-killed  steels 
Ck  35[8]  and  Ck  15  and  in  Cu-40  wt  pet  Zn-2  wt  pet  Pb 
brass.131  Kivivuori  and  Sulonen181  have  proposed  a  pos¬ 
sible  explanation  that  the  occurrence  of  double-oblique 
cracking  is  due  to  the  formation  of  shear  bands125-26-271  at 
high  deformation  levels  and  is  associated  with  a  rapid 
decrease  in  ductility.  Because  of  the  poor  ductility  in  this 


Fig.  12  —  Forging-limit  diagrams  of  2014  Al/15  vol  pet  A1203  de¬ 
termined  from  CU,  CUL,  and  SUL  tests  at  400  °C  with  effective  strain 
rates  of  (a)  0.015  s"1  and  ( b )  0.5  s-'.  In  these  tests,  samples  had 
smooth  surfaces  (ground  by  600-grit  sandpaper).  The  determination 
of  e,  in  the  SUL  test  with  smooth-surface  samples  was  based  on  the 
Kobayashi  analysis. 


composite,  the  observed  double-oblique  cracking  after 
high  deformation  is  in  agreement  with  prior  work. 

In  the  present  work,  incipient  cracks  at  the  deformed- 
sample  surface  were  used  to  define  the  forging  limit. 
However,  these  surface  incipient  cracks  did  not  grow 
rapidly  into  the  interior  of  the  composite  until  a  high 
compressive  strain  was  achieved.  Figures  17(a)  and  (b) 
are  cross-sectional  micrographs  of  upset  samples  show¬ 
ing  cracks  that  have  propagated  into  the  interior  of  the 
composite  at  a  height  strain  of  0.9.  Most  of  the  fracture 
occurred  in  the  matrix  or  at  the  A1-A1203  interface  during 
the  upset  test  at  300  °C  and  400  °C.  Matrix  cracks  were 
also  observed  within  particle  clusters  a  small  distance 
ahead  of  the  propagating  crack  possibly  due  to  the  for¬ 
mation  of  a  plastic  zone.  It  is  also  seen  that  crack  prop¬ 
agation  was  less  severe  at  400  °C  than  at  300  °C  when 
similar  high  reductions  were  given. 

The  resistance  to  crack  propagation  was  determined 
quantitatively  by  measuring  the  maximum  crack  depth 
at  various  temperatures  and  stress  states.  Figure  18  shows 
the  relation  between  maximum  crack  depth  and  true  strain 
in  a  single-step  test  for  SU  and  CU  samples,  i.e.,  each 
point  indicates  one  deformed  sample.  The  strain  was 
measured  by  height  reduction  in  the  SU  samples  and 
collar- height  reduction  in  the  CU  samples.  Comparing 
the  SU  samples  at  300  °C  and  400  °C,  it  was  found  that 
the  maximum  crack  depth  significantly  increased  above 
a  height  strain  of  about  0.6  at  300  °C  but  did  not  change 
with  increasing  true  strain  at  400  °C.  When  the  strain 
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(a) 


(b) 

Fig.  13 — -Comparisons  of  forging-limit  diagrams  of  2014  Al/15  vol 
pet  A12Oj  at  300  °C  and  400  °C  with  effective  strain  rates  of  0.015  s'1 
and  0.5  s'1.  (a)  Determined  from  SU,  SUL,  TU,  and  TUL  tests.  In 
these  tests,  samples  had  machined  grids  on  the  surface,  (b)  Deter¬ 
mined  from  CU,  CUL,  and  SUL  tests  (Kobayashi  analysis,  p.  =  0.3). 
In  these  tests,  samples  had  smooth  surfaces  (ground  by  600-grit 
sandpaper). 


Fig.  15  —  Scanning  electron  micrograph  illustrating  the  incipient 
cracking  on  the  machined  grids  in  a  deformed  2014  Al/15  vol  pet 
AL03  upset  sample.  Test  condition:  300  °C,  <?i  =  -0.26,  e2  =  0.137. 


1  mm 


Fig.  16  —  Photograph  showing  double-oblique  cracking  on  a  de¬ 
formed  2014  Al/15  vol  pet  AL03  upset  sample.  Test  condition: 
250  °C,  strain  rate  of  0.1  s'1,  true  strain  of  In  (h0/h)  =  1.1. 


Fig.  14 — Comparison  of  forging-limit  diagrams  between  2014  Al/15 
vol  pet  A120,  and  2014  A1  at  300  °C  and  a  strain  rate  of  0.5  s'1.  The 
two  strain  states  for  2014  A1  indicate  a  safe  condition,  the  forging 
limit  for  2014  A1  (dashed  line)  should  be  higher  than  those  two  strain 
states. 


state  was  closer  to  positive  plane  strain,  i.e.,  in  the  CU 
test,  crack  propagation  became  even  more  severe  at 
400  °C. 

IV.  SUMMARY  AND  CONCLUSIONS 

An  experimental  method  for  determining  forging-limit 
diagrams  was  extended  to  DRA  matrix  composites  by 
conducting  a  series  of  hot  upset  tests  with  varying  sam¬ 
ple  geometry  and  frictional  conditions. 

1 .  The  experimental  results  showed  that  the  forging  limit 
of  2014  Al/15  vol  pet  A1203  is  higher  at  400  °C  than 
at  300  °C,  and  it  increases  further  at  lower  strain  rates 
in  the  range  0.015  s_1  to  0.5  s"1.  For  example,  at 
0.015  s~‘  the  plane-strain  =  0)  forging  limit  of 
the  composite  at  400  °C  is  around  0.08;  however,  it 
is  about  0.04  at  300  °C. 

2.  The  plane-strain  (e,  =  0)  forging  limit  of  the  com¬ 
posite  at  300  °C  and  a  strain  rate  of  0.5  s  1  is  less 
than  0.05,  while  that  of  the  matrix  is  above  0.5.  That 
is  the  15  vol  pet  of  A1203  particles  significantly  low¬ 
ers  the  forging  limit  of  2014  Al. 
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(b) 

Fig.  17  —  Scanning  electron  micrographs  showing  cracks  propagating 
into  2014  A/15  vol  pet  A1203  at  (a)  300  °C  and  (b)  400  °C.  Test 
condition:  a  strain  rate  of  0.1  s'1  and  a  height  true  strain  of  0.9  for 
both  temperatures.  Matrix  cracks  were  observed  within  particle  clus¬ 
ters  a  small  distance  ahead  of  the  propagating  crack. 


Fig.  18  —  Crack  propagation  becoming  more  severe  at  lower  tem¬ 
perature  as  well  as  at  the  strain  state  closer  to  plane-strain  state. 


3.  The  machined  grids  on  the  sample  surfaces  concen¬ 
trate  the  strain  during  upsetting.  The  local  strain  state 
moves  closer  to  positive  plane  strain  (e,  =  0),  which 
lowers  the  forging  limit.  The  limiting  tensile  strain 
(e2)  decreases  about  25  pet  at  400  °C  and  a  strain  rate 
of  0.015  s_1.  This  difference  may  be  reduced  by  im¬ 
proving  the  gridding  method.  To  estimate  the  forging 
limit  for  a  sample  without  machined  grids,  the 
Kobayashi  analysis  can  be  employed. 

4.  In  the  composite,  incipient  cracks  are  caused  by  the 
secondary  tensile  stress  and  are  parallel  to  the 
compression  direction  (longitudinal  cracking)  in 
the  upset  test.  When  the  deformation  state  is  highly 
negative  (toward  pure  shear),  double-oblique  crack¬ 
ing  appears. 

5.  Incipient  cracks  do  not  rapidly  grow  once  initiated  in 
the  composite.  The  resistance  to  crack  propagation  is 
greater  at  400  °C  than  at  300  °C.  This  resistance  to 
crack  propagation  at  400  °C  decreases  when  the  strain 
state  is  closer  to  positive  plane  strain. 


APPENDIX 

Forgeability  test 

The  forgeability  test  was  used  to  determine  the  ability 
of  the  metal  to  flow  at  different  temperatures  while  under 
a  given  applied  load.  The  purpose  of  this  test  was  to 
assess  the  optimum  temperature  and  strain  rate  at  which 
the  material  could  flow  with  relative  ease  to  fill  a  com¬ 
plex  die  shape.  A  programmable  PHI  hydraulic  hot  press 


Fig.  A1  —  (a)  Schematic  diagram  of  the  forgeability  test  (b)  and 
(c)  The  volume  of  the  extruded  cylinder  equal  to  the  volume  of  the 
cone. 


2036  — VOLUME  25A,  SEPTEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


CALCULATED  STRAIN 


4.0 


3.0 


2.0 


1.0 


HEIGHT  ( H ),  mm 

Fig.  A2 — Calculated  maximum  and  average  strains  plotted  as  a  func¬ 
tion  of  extrusion  height  in  the  forgeability  test. 


was  used  in  this  test.  In  order  to  determine  the  strain 
with  respect  to  the  extrusion  height,  a  dead  zone  was 
assumed,  as  seen  in  Figure  A1 .  The  maximum  strain  and 
the  average  strain  were  calculated  from  the  following: 

1  t tD2  /  d\  1  rrd2 

3 4  \+V  34 


-  =  — - H 

2  4 

(volume  constancy) 

[Al] 

(  A 

0  =  2(',  +  iJ 

(from  geometry) 

[A2] 

Maximum  strain  = 

2  In  (D/d) 

[A3] 

where  d  is  the  diameter  of  the  extruded  cylinder  and  H 
is  the  extrusion  height.  D  is  the  maximum  diameter  of 
the  cone  calculated  from  Eqs.  [Al]  and  [A2].  Once  the 
value  of  D  was  determined,  the  maximum  strain  could 
be  obtained  by  Eq.  [A3].  To  determine  the  average  strain 
between  d  and  D  of  the  cone,  the  cone  was  divided  into 
100  discs  of  equal  thickness.  The  average  strain  was  de¬ 
termined  from 

(D  ~  d) 

Dn  =  d  - 1 - X  n  (n  =  1,2,...,  100)  [A4] 


22  In  (Dn/d) 

Average  strain  = - 

100 


[A5] 


Based  on  these  equations,  the  maximum  strains  and 
average  strains  were  plotted  as  functions  of  the  extrusion 
height,  as  shown  in  Figure  A2.  It  should  be  noted  that 
these  equations  are  only  valid  in  the  conic  region  ( D  < 
15.88  mm),  which  was  maintained  during  the  present 
study.  Figure  A3  shows  the  result  of  the  forgeability  test 
at  strain  rates  from  0.09  to  0.13  s-1,  where  it  was  found 
that  the  metal  flow  became  easier  above  400  °C.  The 
effect  of  the  loading  history,  to  determine  the  various 
strain  rates  vs  temperature,  was  also  studied,  as  seen  in 
Figure  A4.  For  both  loading  histories  in  Figure  A4,  the 
shapes  of  the  forgeability  curves  were  similar;  that  is,  at 
the  range  of  0.06  to  0.13  s_1,  the  strain  rate  did  not  sig¬ 
nificantly  influence  the  shape  of  the  forgeability  curve. 
Consequently,  it  is  concluded  that  the  ability  of  metal  to 
flow  for  2014  Al/15  vol  pet  A1203  is  mainly  dominated 
by  temperature. 
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Fig.  A3  —  Temperature  effect  in  the  forgeability  test.  Above  400  °C,  the  metal  plastically  flows  more  easily. 
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Fig.  A4 — Effect  of  loading  history  in  the  forgeability  test.  A  change  in  loading  history  will  vary  the  extrusion  height  but  not  the  shape  of 
forgeability  curves  in  the  forgeability  test. 
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Forging  Limits  for  an  Aluminum 
Matrix  Composite:  Part  II.  Analysis 


D.-G.C.  SYU  and  A.K.  GHOSH 

Plasticity  analysis  has  been  carried  out  to  calculate  the  forging  limits  of  a  particulate-reinforced 
aluminum  matrix  composite  under  various  forging  conditions.  A  geometric  defect  (i.e.,  variation 
in  cross-sectional  area)  that  can  concentrate  stresses  and  strain  and  accelerate  local  deformation 
was  assumed  to  represent  all  possible  defects  in  this  material.  Thus,  in  effect,  the  local  stress 
concentrations  around  nondeformable  particles,  inhomogeneous  distribution  of  particles  and 
grain  sizes,  porosity  and  cracked  particles,  etc.,  were  assumed  to  be  simulated  adequately  by 
such  a  defect  factor.  The  analysis  followed  a  method  suggested  by  Marciniak  and  Kuczynski 
(MK)  to  determine  the  strain  path  within  the  defect  region  of  the  composite  during  multiaxial 
deformation.  A  relationship  of  stress,  strain,  and  strain  rate  obtained  from  the  uniaxial  tension 
test  was  used  for  the  calculation  of  the  strains.  To  terminate  the  plasticity  analysis,  a  rate- 
independent  fracture  criterion  was  used  that  is  based  on  Cockcroft’s  model  of  a  constant  work 
performed  by  the  tensile  component  of  stress.  It  was  found  that  the  calculated  results  predicted 
the  experimental  forging  limits  for  2014  Al/15  vol  pet  A1203  reasonably  well.  At  400  °C  and 
a  slow  strain  rate  (0.015  s’ the  predicted  curve  was  higher  than  the  experimental  result.  This 
was  probably  because  the  fracture  mechanism,  and  thus  fracture  criterion,  changed  with  tem¬ 
perature.  The  effect  of  assumed  defect  factor  on  predicted  forging  limits  was  also  studied.  It 
was  found  that  the  size  of  the  defect  factor  did  not  significantly  change  the  forging  limits  at 
300  °C  for  strain  rates  from  0.015  s  to  0.5  s_l;  however,  it  did  have  a  large  effect  on  the  forging 
limit  at  400  °C  for  the  lower  strain  rate  of  0.015  s“'. 


I.  INTRODUCTION 

THE  experimental  forging  limits  of  2014  Al/15  vol 
pet  A1203  have  been  determined  as  a  function  of  strain 
state  in  a  companion  article.1'1  To  develop  a  fundamental 
understanding  of  the  magnitudes  of  the  strains  associated 
with  incipient  cracking,  it  is  necessary  to  calculate  the 
forging  limits  analytically  for  comparison  with  the  ex¬ 
perimental  results.  A  reasonable  approach  for  the  anal¬ 
ysis  is  based  on  the  assumption  that  materials  contain 
defects.121  These  defects  can  accelerate  local  deformation 
in  the  defect  region,  while  a  macroscopically  homoge¬ 
neous  state  of  stress  is  applied  to  the  overall  sample. 
This  can  cause  the  growth  of  a  defect  until  material  sep¬ 
aration  or  failure  occurs  in  the  defect  region.  In  the  com¬ 
posite  material  of  interest,  the  defects  may  arise  from 
the  presence  of  nondeformable  A1203  particles,  a  non- 
uniform  distribution  of  the  A1203  particles  and  matrix 
grain  sizes,  cracked  A1203  particles  and  porosity,  etc. 
For  simplicity,  the  sample  was  assumed  to  be  subjected 
to  a  macroscopically  linear  strain  path  (i.e.,  a  constant 
ratio  of  compressive  to  tensile  strain).  However,  micro¬ 
scopically,  the  strain  path  can  change  due  to  the  con¬ 
centrated  stresses  and/or  strains  induced  by  the  local 
defects. 

Prediction  of  local-limit  strain13-81  in  composites  by  fi¬ 
nite  element  modeling  of  strain  concentration  at  many 
particles,  and  the  coalescence  of  voids,  is  prohibitively 
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time  consuming  and  costly.  In  these  calculations,  the  re¬ 
sults  often  become  less  accurate  due  to  many  numerical 
approximations.  Thus,  a  simple  method  was  adopted  fol¬ 
lowing  the  work  of  Marciniak  and  Kuczynski  (MK)|2] 
which  represents  the  defects  by  an  equivalent  geometric 
inhomogeneity  (i.e.,  variation  in  cross-sectional  area). 
In  their  analysis,  a  groove  running  in  a  direction  per¬ 
pendicular  to  the  larger  principal  stress  (cr,)  was  consid¬ 
ered  in  a  sheet  metal  subjected  to  biaxial  tension  when 
the  ratio  of  the  principal  stresses  was  0.5  ^  os/fi  ^  1, 
as  shown  in  Figure  1 .  In  Figure  1 ,  the  local  effective 
strain  in  the  groove  (region  B)  begins  to  concentrate 
gradually  under  biaxial  tension  and  eventually  reaches 
the  fracture  or  infinite  strain  ratio  (ratio  of  incremental 
compressive  strain,  det,  to  incremental  tensile  strain, 
dej).  The  limiting  strain  state  in  their  analysis  is,  then, 
defined  as  the  strain  state  in  region  A  when  the  local 
effective  strain  in  region  B  reaches  the  failure  criterion. 
They  reported  that  the  initial  inhomogeneity  of  the  ma¬ 
terial,/  =  tB/tA,  exerts  a  great  influence  on  the  limiting 
strain.  They  also  concluded  that  the  inhomogeneity  of 
the  sheet  metal  results  from  other  defects,  such  as  a  non- 
uniform  distribution  of  impurities,  varying  texture,  dif¬ 
ferent  size  and  orientation  of  grains,  and  can  always  be 
reduced  to  the  equivalent  geometric  inhomogeneity,  /. 

In  sheet  metal-forming  calculations,19-121  primarily 
tensile-strain  components  are  present.  However,  if  this 
concept  is  applied  to  the  upset  test  in  bulk  forging,  it  is 
necessary  to  consider  not  only  tension  but  also  compres¬ 
sion,  since  this  comprises  the  major  strain  component. 
Figure  2  shows  the  relationship  between  strain  state  and 
stress  state  in  a  plot  of  tensile  strain  (e2)  vs  compressive 
strain  (e,)  where  a  linear  strain  path  is  assumed.  In 
region  I,  there  is  a  biaxial  tensile-stress  state.  The  strain 
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Fig.  1  — Schematic  diagram  of  the  MK  analysis  by  assuming  a  groove 
running  in  a  direction  perpendicular  to  the  larger  principal  stress  under 
biaxial  tension. 
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Fig.  3  —  (a)  Defects  in  a  small  element  from  an  upset  sample  reduced 
to  an  equivalent  geometric  defect  factor,  F,  as  seen  in  ( b ). 


described  in  the  MK  analysis.  For  example,  if  compres¬ 
sion  along  the  1  direction  at  a  constant  strain  rate  is  ap¬ 
plied  in  an  upset  test,  the  secondary  tensile  stress  along 
the  2  direction  in  region  B  would  be  higher  than  that  in 
region  A  due  to  the  force  balance.  Consequently  the 
strain  rate  along  the  2  direction  in  region  B  would  be 
higher  than  that  in  region  A,  and  the  strain  in  this  di¬ 
rection  (s2)  in  region  B  would  reach  the  fracture  criterion 
or  infinite  strain  ratio  prior  to  region  A,  as  shown  in 
Figure  4.  A  similar  method  was  also  reported  by  Kuhn 
et  al.m]  and  Lee  and  Kuhn.[14] 

Satisfaction  of  force  equilibrium  in  two  sections  of  the 
specimen  requires  the  knowledge  of  material  constitutive 
relation,  i.e.,  a  relationship  among  stress,  strain,  and 
strain  rate  of  the  composite.  This  was  determined  ex¬ 
perimentally.  Using  this  relationship,  the  instantaneous 
cross-sectional  areas,  and  instantaneous  stresses  in 
regions  A  and  B,  the  forces  in  the  2  direction  can  be 
balanced1211  by  using  the  following  equations  based  on 
the  von  Mises  yield  criterion  for  effective  stress  and 
strain  for  plane  stress  (cr3  =  0).  The  following  relations 
are  used  for  proportional  straining. 


Fig.  2  —  Relationship  between  strain  state  and  stress  state  in  an 
diagram. 


path  for  the  collar  upset  test  is  in  this  region.  In 
region  II,  both  compressive  and  tensile  stresses  are  de¬ 
veloped.  The  upset  test  belongs  in  this  region.  In 
region  III,  the  material  is  under  a  biaxial  compressive- 
stress  state,  and  surface  fracture  will  never  occur.  A  typ¬ 
ical  example  of  region  III  is  the  plane-strain  compression 
test,  e2  =  0.[1] 

In  the  current  investigation,  a  small,  thin  element  con¬ 
taining  defects  was  selected  near  the  surface  of  an  upset 
sample,  as  shown  in  Figure  3(a).  These  defects  may  in¬ 
clude  the  nonuniform  distribution  of  A1203  particles  and 
matrix  grain  sizes,  cracked  A1203  particles  and  porosity, 
etc.  Similar  to  the  MK  analysis,  this  groove  in  a  direc¬ 
tion  perpendicular  to  the  secondary  tensile  stress  (the  2 
direction  in  our  calculations)  was  assumed  to  represent 
the  largest  of  all  the  defects  in  the  composite.  This 
groove  can  be  expressed  by  a  defect  factor,  F  (F  =  1  - 
tB/tA  =  1  -  /),  shown  in  Figure  3(b),  and  will  induce 
the  strain-path  change  in  region  B  and  early  fracture,  as 


(2  p  +  1) 

[1] 

a  — 

(2  +  p) 

cr2  =  cr(l  —  a  +  a2)-05 

[2] 

Fig.  4  —  Strain-path  deviation  based  on  the  MK  analysis  and  applied 
to  the  upset  tests.  The  strain  path  in  region  B  deviated  from  that  in 
region  A  due  to  the  defect  factor. 
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x  exp  (-(£,,,  +  eM))  =  aw  x  (1  -  F)  x  exp  (-(s^  +  Em)) 

[3] 

where  a  (=  <t, / <x2)  and  p  (=  ds[/ds2)  are  the  stress  and 
strain  ratios,  respectively.  The  term  <x  is  the  effective 
stress  from  the  tensile  test.  The  term  cr2  is  the  stress  in 
the  2  direction,  i.e.,  crM  and  cr2B  are  the  stresses  in  the 
2  direction  in  regions  A  and  B,  respectively.  The  values 
of  slA  and  eu  are  the  true  strains  in  the  1  and  2  direc¬ 
tions,  respectively,  in  region  A.  The  values  of  slB  and 
e2B  are  the  true  strains  in  the  1  and  2  directions,  respec¬ 
tively,  in  region  B.  The  term  F  is  the  defect  factor. 

Failure  can  occur  by  localized  necking  or  the  growth 
of  internal  voids  followed  by  separation.  When  the  frac¬ 
ture  strain  of  the  material  is  extremely  high,  the  limiting 
strain  is  achieved  when  the  strain  ratio  (dei/de2)  reaches 
an  infinite  value.  However,  in  upset  tests  of  engineering 
materials,  fracture  generally  occurs  long  before  necking, 
and  an  infinite  strain  ratio  is  not  attained.  Hence,  it  is 
necessary  to  introduce  an  appropriate  fracture  criterion 
to  terminate  the  plasticity  calculation.  The  accumulated 
strain  outside  the  defect  at  this  point,  then,  is  the  pre¬ 
dicted  forging  limit. 

Several  fracture  criteria  for  ductile  fracture  have  been 
proposed  in  the  literature,  such  as  fracture  due  to  the 
deformation  work  induced  by  the  tensile  component,1151 
due  to  the  stress  state,1161  and  due  to  the  growth  and  co¬ 
alescence  of  cylindrical  holes,1171  etc.  The  application  of 
these  fracture  criteria  has  been  reported  by  many  re¬ 
searchers.113"201  In  the  present  case,  three  fracture  criteria 
were  examined.  They  are  the  Cockcroft  fracture  crite¬ 
rion,1151  a  fracture-stress-based  criterion,1161  and  a  con¬ 
stant  effective  fracture-strain  criterion. 

Cockcroft  and  Latham1151  proposed  that  ductile  frac¬ 
ture  will  take  place  when  the  amount  of  deformation 
work  due  to  the  maximum  tensile  stress  reaches  a  critical 
value  C*.  In  the  present  case,  the  fracture  criterion  was 
only  considered  in  region  B,  since  this  region  is  closer 
to  fracture  due  to  the  presence  of  the  defect.  This  cri¬ 
terion  can  be  written  as 

f£eff  /  \  fe' 

I  ( ~ — )  (TCff  deeff  >  C*,  where  C*  =  I  ade 

Jo  \°efr/  Jo 


[4] 

where  a2B  is  the  maximum  tensile  stress  in  region  B .  cre{f 
and  eeff  are  the  effective  stress  and  strain,  respectively, 
in  region  B.  a,  e,  and  ef  are  the  equivalent  stress,  strain, 
and  fracture  strain,  respectively,  from  the  uniaxial  ten¬ 
sion  test.  C*  is  the  total  deformation  work  that  the  ma¬ 
terial  can  suffer  without  fracture. 

Other  possible  fracture  criteria  include  the  constant  ef¬ 
fective  fracture-strain-  and  fracture-stress-based  criteria 
that  are  discussed  in  the  Appendix.  The  constant  effec¬ 
tive  fracture-strain  criterion  states  that  fracture  will  occur 
when  the  effective  strain  in  region  B  reaches  a  constant 
effective  fracture  strain. 

The  fracture-stress-based  criterion1161  is  based  on  the 
assumption  that  the  growth  rate  of  cavitation  is  propor¬ 
tional  to  the  mean  stress,  and  the  shear  strain  rate  is  pro¬ 
portional  to  the  maximum  shear  stress.  The  criterion 
proposes  that  fracture  will  occur  in  region  B  when  the 


product  of  the  mean  stress  (initiation  and  growth  of 
voids)  and  the  maximum  shear  stress  (coalescence  of 
voids)  is  greater  than  or  equal  to  the  square  of  the  ef¬ 
fective  fracture  stress  from  the  uniaxial  tension  test  di¬ 
vided  by  6. 


II.  EXPERIMENTAL 
PROCEDURES  AND  RESULTS 

Experimentally,  the  forging  limit  is  determined  at  the 
onset  of  an  incipient  crack  on  the  upset  sample.111  How¬ 
ever,  for  the  calculations,  the  experimentally  determined 
true  strain  (from  area  reduction)  at  the  incipient  crack  in 
a  tensile  specimen  was  used  as  the  termination  point  for 
the  forging-limit  prediction.  Figure  5  shows  a  part  of  the 
fractured  tensile  specimen  where  an  incipient  crack  was 
seen  at  the  edge  of  the  sample  and  far  from  the  fracture 
surface.  The  width  and  thickness  at  this  location  were 
then  measured  by  a  micrometer,  and  their  product,  Af, 
was  the  cross-sectional  area  at  the  onset  of  incipient 
fracture.  The  incipient  fracture  strain,  ef,  is  defined  as 
-In  ( Af/A0 ),  where  A0  is  the  starting  cross-sectional  area 
(also  measured  by  a  micrometer).  If  there  was  more  than 
one  incipient  crack  on  the  tensile  sample,  the  farthest 
one  from  the  fracture  surface  was  measured  to  determine 
the  Af. 

To  correlate  with  the  previous  forging  tests  that 
showed  cracks  parallel  to  the  compression  axis  (which 
is  also  the  extrusion  direction),  as  shown  in  Figure  6, 
uniaxial-tension  tests  were  conducted  along  the  trans¬ 
verse  direction  (T  direction)  to  obtain  the  constitutive 
equation  of  the  composite.  This  constitutive  equation 
was  then  used  as  the  input  data  for  the  calculations. 

The  composite  material,  2014  Al/15  vol  pet  A1203, 
used  in  this  investigation  was  manufactured*  by  dis- 

*This  composite  material  was  manufactured  by  Duralcan 
Aluminum  Composites  Corporation,  San  Diego,  CA. 

persing  aluminum  oxide  particles  into  a  molten  alumi¬ 
num  alloy  that  was  then  cast  and  extruded  into  a  rod  with 
a  diameter  of  50.8  mm.  The  composition,  micro¬ 
structures,  and  mechanical  properties  of  this  composite 


Fig.  5  —  Incipient  cracking  occurred  far  from  fracture  surface  under 
uniaxial-tension  test  for  2014  Al/15  vol  pet  A1203.  Test  condition: 
T  direction  at  300  °C  and  a  strain  rate  of  0.5  s_l. 
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Incipient  Cracking  (unit:  mm) 


Fig.  6  —  Sample  dimensions  and  testing  directions  for  uniaxial- 
tension  test. 


are  as  discussed  in  Reference  1.  The  average  particle 
size  of  our  composite  was  about  5.6  /xm,  and  the 
subgrain  size  was  about  2  gm.[l)  A  2014  A1  matrix  alloy 
that  was  used  for  comparison  was  produced  via  ingot 
metallurgy  and  extrusion  and  had  a  grain  size  of  500  to 
2000  /xm. 


A.  Determination  of  the  Relation  for  Stress,  Strain, 
and  Strain  Rate 

Samples  were  tested  under  uniaxial  tension  along  the 
T  direction  to  obtain  the  a-e  curves  for  various  strain 
rates.  To  compare  calculated  forging  limits  with  the  pre¬ 
vious  experimental  ones,  300  °C  and  400  °C  were  used 
as  the  testing  temperatures.  The  sample  geometry  is 
shown  in  Figure  6,  which  had  a  gauge  length  of 
11.11  mm.  An  Instron  universal  testing  machine,  model 
4505,  was  used  for  tensile  testing  of  the  test  materials 
to  obtain  the  relationship  between  load  and  displace¬ 
ment.  The  cr-e  curves  were  calculated  from  these  in 
terms  of  plastic  strain  (by  subtracting  the  elastic  dis¬ 
placements).  Figures  7(a)  and  (b)  show  the  cr-e  curves 
at  300  °C  and  400  °C,  respectively,  for  various  strain 
rates.  From  the  tested  specimens,  the  overall  fracture 
strains  were  determined  from  —In  (Af/A0),  where  Af  is 
the  area  of  the  fracture  surface  and  was  determined  by 
measuring  the  width  and  thickness  of  the  fracture  profile 
under  an  optical  microscope.  Since  true  a-e  curves  can¬ 
not  be  obtained  beyond  the  load  maximum  point,  the  a- 
e  curves  in  Figures  8(a)  and  (b)  were  extended  by  the 
best-fit  polynomial  curve  at  300  °C  and  400  °C,  respec¬ 
tively,  to  cover  the  fracture  strain  for  calculation.  The 
a-e  curves  along  the  L  direction  were  also  shown  in  Fig¬ 
ures  7(a)  and  (b)  to  study  the  high-temperature  aniso¬ 
tropic  behavior  of  the  composite,  which  will  be 
discussed  in  Section  III. 

From  the  a-e  curves  at  different  strain  rates,  a  best- 
fit  constitutive  equation  was  determined  for  each  tem¬ 
perature.  First,  for  all  a-e  curves,  the  best-fit  polynomial 
equation  for  (log  cr)  was  expressed  up  to  the  second 


(a) 


0 b ) 

Fig.  7  —  cr-e  curves  of  2014  Al/15  vol  pet  AI203  under  uniaxial- 
tension  test  in  longitudinal  (L)  and  transverse  (T)  directions  at 
(a)  300  °C  and  (b)  400  °C.  It  is  seen  that  the  anisotropy  becomes  less 
significant  at  higher  temperature. 


order  of  (log  e )  at  each  strain  rate:  0.1,  0.01,  and 
0.001  s_l, 

log  cr  =  c0  +  c,  (log  e)  +  c2  (log  ef  [5] 

where  c,  (i  =  0,  1 ,  and  2)  is  a  function  of  strain  rate  and 
can  be  expressed  by  the  best-fit  polynomial  equation  up 
to  the  second  order  of  (log  e),  as  follows: 

c0  =  a0  +  a{  (log  e)  +  a2  (log  e)2  [6a] 

Ct  ~  b0  +  bi  (log  e)  +  b2  (log  e)2  [6b] 

c2  =  d0  +  dx  (log  e)  +  d2  (log  e)2  [6c] 

where  e  is  the  strain  rate,  a„  bh  and  d,  ( i  =  0,  1,2)  are 

constants  as  shown  in  Table  I.  Therefore,  the  constitu¬ 
tive  Eqs.  [5]  and  [6]  of  the  composite  at  300  °C  and 
400  °C  were  determined  and  used  as  the  input  data  to 
calculate  the  strain-path  change  in  region  B. 

B.  Strain-Path  Calculation 

To  calculate  the  strain  path  within  region  B,  an  incre¬ 
mental  compressive  strain  (Aej),  incremental  time,  At, 
and  strain  ratio,  p  (=  Ae1/Ae2),  were  also  given  as  the 
input  parameters.  A  flowchart  for  the  computer  calcu¬ 
lations  is  shown  in  Figure  9.  The  incremental  compres¬ 
sive  strains  in  regions  A  and  B  were  given  the  same  value 
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(a) 


(b) 


Fig.  8  —  Extended  cr-e  curves  of  2014  Al/15  vol  pet  A1203  at 
(a)  300  °C  and  (b)  400  °C.  The  points  on  the  curves  were  calculated 
from  testing  charts.  The  last  data  point  in  each  curve  indicates  the 
point  of  load  instability.  Curves  between  the  instability  and  the  frac¬ 
ture  strain  were  interpolated  by  the  best-fit  equation. 


Fig.  9  —  Computer  flowchart  for  the  calculation  of  forging  limits 
using  the  defect  model  and  fracture  criterion. 


(eM  =  e\b)  throughout  the  calculations,  since  the  sam¬ 
ples  were  compressed  with  the  same  axial  strain  during 
upset  testing.  Using  Eqs.  [1]  and  [2]  for  a  given  p  and 
eM,  the  stress  (trM)  and  strain  (£M)  in  region  A  along  the 
2  direction  could  be  calculated  at  various  time  incre¬ 
ments.  For  a  given  value  of  the  defect  factor,  F,  using 
Eq.  [3],  the  corresponding  elB  and  trM  were  then  deter¬ 
mined  by  an  iterative  numerical  procedure.  Since 
region  B  is  weaker  than  region  A,  the  effective  strain  in 
region  B  will  reach  the  fracture  criterion  faster  than  that 
in  region  A.  Once  the  effective  strain  in  region  B 
satisfied  the  fracture  criterion  (Eq.  [1]),  the  calculations 


were  stopped,  and  the  corresponding  strain  state  in  re¬ 
gion  A  (eM  and  eM)  was  plotted  in  an  ere2  diagram  and 
indicated  as  the  forging  limit.  By  performing  similar  cal¬ 
culations  for  several  values  of  p  for  a  given  F,  the 
forging-limit  line  can  be  drawn  as  a  locus  of  the  strain 
combinations  in  region  A  at  failure.  The  strain-path  de¬ 
viation  due  to  the  defect  factor,  F,  is  shown  in 
Figures  10(a)  and  (b)  at  300  °C  and  400  °C,  respectively, 
without  using  the  fracture  criterion.  In  these  figures,  the 
strain  path  in  region  A  was  a  straight  line  with  a  strain 
ratio  (A£,/Ae2)  of  1.  It  is  clear  that  when  fracture  cri¬ 
terion  is  applied,  the  limit  strains  would  become  lower. 


Table  I.  Constants  for  Constructing  the  Relationship  of  Stress, 
Plastic  Strain,  and  Strain  Rate  in  2014  Al/15  vol  pet  A1203 


Co 

Cl 

c2 

flo 

«i 

a2 

bo 

bi 

b2 

d0 

dx 

di 

(MPa) 

(MPa  •  s) 

(MPa  ■  s2) 

(MPa) 

(MPa  •  s) 

(MPa  •  s2) 

(MPa) 

(MPa  •  s) 

(MPa  •  s2) 

300  °C 

L-DIR 

1.8837 

-0.1902 

-0.0621 

-0.12219 

-0.070913 

-0.012145 

-0.048046 

-0.024557 

-0.005296 

T-DIR 

2.0484 

-0.11365 

-0.05375 

0.012524 

-0.044846 

-0.013338 

-0.021024 

-0.023738 

-0.0068877 

400  °C 

L-DIR 

2.2013 

0.34035 

0.040995 

0.07494 

0.074197 

0.025536 

0.000484 

0.017852 

0.0041065 

T-DIR 

2.3640 

0.51709 

0.069545 

0.1622 

0.18947 

0.05338 

-0.008604 

0.012079 

0.003521 
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Definition  of  C* : 
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Fig.  10 — Calculated  strain-path  deviation  from  a  strain  ratio  ( dej 
de2)  of  -1  due  to  defect  factors,  F,  for  2014  Al/15  vol  pet  ALO, 
at  (a)  300  °C  and  (b)  400  °C.  Sample  will  fracture  before  the  strain 
ratio  reaches 


C.  Fracture  Criterion 

The  forging-limit  calculation  for  the  present  compos¬ 
ite  is  dominated  by  the  fracture  criterion  rather  than  flow 
localization.  To  use  the  Cockcroft  fracture  criterion,  the 
value  of  C*  at  a  given  strain  rate  was  determined  by 
integrating  the  area  under  the  stress-strain  curve  up  to 
the  incipient  fracture  strain  (as  indicated  on  the  plots  in 
Figure  8).  The  relationships  between  C*  and  strain  rate 
at  300  °C  and  400  °C  were  thus  determined,  as  shown 
in  Figure  11.  The  best-fit  equation  was  generated  to 
match  the  curve  for  each  temperature.  These  equations 
and  their  constants  were  the  input  data  for  the  computer 
calculations.  Consequently,  the  calculated  forging  limits 
under  various  conditions  were  determined  using  this 
fracture  criterion,  as  seen  in  Figures  12  through  15, 
where  various  defect  factors  (F)  have  been  chosen  to 
match  the  experimental  results.  In  Figures  12  through 
15,  the  strain  paths  (dashed  lines)  in  region  A  were  as¬ 
sumed  to  be  linear.  The  calculated  point  of  each  strain 
path  that  intercepts  the  F  =  0  forging-limit  line  (/.<?., 
defect  absent)  indicates  failure  by  directly  satisfying  the 


0.001s-1  0.01s-1  o.ls-1  0.5  s-1 

log  ( STRAIN-RATE ) 


MATERIAL  :  2014  Al  /  15v%  AI2O3  (Unit:  MPa) 


Fig.  11 — A  plot  showing  C*  vs  strain  rate.  The  value  of  C*  was 
based  on  the  incipient-fracture  strain  using  the  Cockcroft  criterion. 
The  best-fit  equation  and  its  constants  for  each  temperature  were  cho¬ 
sen  for  computer  calculations,  as  seen  in  Table  I. 


Fig.  12  —  Comparison  of  calculated  and  experimental  forging-limit 
diagrams  for  2014  Al/15  vol  pet  A1203  at  300  °C  and  an  effective 
strain  rate  of  0.015  s”1. 


fracture  criterion.  The  calculated  points  on  the  various 
strain  paths  that  intercept  the  F  >  0  forging-limit  line 
(i.e.,  defect  present)  indicate  the  strain  states  in  region 
A  when  the  corresponding  strain  state  in  region  B  sat¬ 
isfies  the  fracture  criterion. 

Two  other  fracture  criteria,  the  fracture-stress-based 
and  the  constant  effective  fracture-strain  criteria,  were 
also  examined.  These  are  discussed  in  the  Appendix.  It 
was  found  that  when  the  fracture-stress-based  criterion 
was  used,  the  slope  of  the  calculated  forging-limit 
line  was  about  —1.5  for  F  =  0.05  at  300  °C  and  a  strain 
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Fig.  13  —  Comparison  of  calculated  and  experimental  forging-limit 
diagrams  for  2014  Al/15  vol  pet  A1,03  at  300  °C  and  an  effective 
strain  rate  of  0.5  s 


el 

Fig.  14— Comparison  of  calculated  and  experimental  forging-limit 
diagrams  for  2014  Al/15  vol  pet  A1203  at  400  °C  and  an  effective 
strain  rate  of  0.015  s~'. 
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Fig.  15 — Comparison  of  calculated  and  experimental  forging-limit 
diagrams  for  2014  Al/15  vol  pet  A1203  at  400  °C  and  an  effective 
strain  rate  of  0.5  s_1. 


rate  of  0.015  s_1  and  much  smaller  than  the  experimental 
one  (about  -0.3). 111  When  the  constant  effective 
fracture-strain  criterion  and  the  same  forging  condition 
were  used,  it  was  found  that  the  predicted  data  decreased 
after  some  strain  level  (e,  ~  0.025),  which  did  not  fol¬ 
low  the  experimental  trend.  Thus,  the  Cockcroft  crite¬ 
rion  provides  a  better  match  than  the  other  criteria.  This 
implies  that  the  forging  limits  for  2014  Al/15  vol  pet 
A1203  were  dominated  by  the  deformation  work  per¬ 
formed  by  the  tensile  component  during  the  upset  tests. 
For  this  reason,  the  calculated  and  experimental  forging 
limits  based  on  the  Cockcroft  fracture  criterion  will  be 
discussed  in  Section  III. 


HI.  DISCUSSION 

In  comparing  the  experimental  forging  limits  with  the 
calculated  forging  limits  in  Figures  12  through  15,  it  is 
seen  that  at  300  °C  with  strain  rates  of  0.015  and  0.5  s  1 
and  at  400  °C,  with  a  strain  rate  of  0.5  s_1,  the  predic¬ 
tions  were  reasonably  good  with  F  values  of  about  0.25. 
Such  a  high  value  of  F  may  be  justified  in  a  composite 
material  that  contains  as  much  as  20  pet  nondeformable 
and  jagged  particles  as  stress  raisers.  The  values  of  the 
defect  factors  did  not  significantly  change  the  calculated 
forging  limits.  However,  at  400  °C  and  slow  strain  rate 
(0.015  s"\  Figure  14),  the  defect  factor  did  change  the 
calculated  forging  limits,  and  an  F  value  of  0.25  or 
greater  was  needed  to  match  the  experimental  results. 
This  is  because  diffusion  creep  and  grain  boundary  slid¬ 
ing  are  active  at  slow  strain  rates.  It  is  expected  that  the 
fracture  mechanism  would  change  as  the  deformation 
mechanism  is  changed. 1221  Therefore,  it  may  not  be  ap¬ 
propriate  to  use  the  Cockcroft  criterion  at  400  °C  and  a 
slow  strain  rate  (0.015  s_l).  Moreover,  the  Cockcroft 
fracture  criterion  does  not  consider  diffusion  creep, 
grain-boundary  sliding,  void  initiation,  and  the  interac¬ 
tion  between  particles  and  the  matrix,  all  of  which  play 
an  important  role  during  fracture  in  an  alloy-containing 
inclusions.123-321 

Examination  of  Eq.  [4]  shows  that  if  there  is  no  tensile 
stress  operating  but  only  a  compressive  stress,  cr2B  =  0, 
fracture  does  not  occur.  A  typical  example  is  the  plane- 
strain  compression  test,111  i.e. ,  e2  =  0  in  Figure  4. 

In  Figures  7(a)  and  (b)  it  is  seen  that  in  2014  Al/15 
vol  pet  A1203  the  flow  stresses  were  higher  along  the 
L  direction  than  along  the  T  direction  at  300  °C  and 
400  °C,  respectively.  The  difference  in  flow  stress  be¬ 
tween  the  two  testing  directions  is  possibly  due  to  the 
alignment  of  the  A1203  particles  along  the  extrusion  di¬ 
rection.  This  aligned  orientation  combined  with  their  as¬ 
pect  ratio  (about  2:1)  and  possibly  a  crystallographic 
texture  in  the  matrix  produced  during  extrusion  are  re¬ 
sponsible  for  the  difference  between  the  L  and  T  direc¬ 
tions.  It  is  also  seen  in  Figures  7(a)  and  (b)  that  the 
anisotropic  behavior  became  less  significant  with  in¬ 
creasing  temperature.  One  of  the  possible  reasons  is  that 
the  particle-strengthening  effect  decreased  with  increas¬ 
ing  temperature.  To  verify  this  hypothesis,  tensile  tests 
were  conducted  on  the  matrix  material  and  on  the  com¬ 
posite  at  300  °C,  400  °C,  and  500  °C  with  a  strain  rate 
of  0.1  s“‘.  The  a  vs  s  curves  are  shown  in  Figure  16. 
From  this  data,  yield  stress  at  0.2  pet  offset  plastic  strain 
(plotted  in  Figure  17  for  both  materials  as  a  function  of 
temperature).  It  was  found  that  these  two  curves  inter¬ 
sected  at  about  410  °C,  indicating  that  for  a  strain  rate 
of  0.1  s_1,  the  A1203  particles  strengthen  the  matrix 
below  410  °C,  and  weaken  the  matrix  material  above 
410  °C.  The  same  observation  was  also  reported  by 
Pickens  et  al.  in  6061  Al/20  vol  pet  SiC  and  7090  Al/ 
20  vol  pet  SiC  during  a  hot-torsion  test.1331  The  reason 
for  this  weakening  is  probably  a  greater  contribution 
from  interface  sliding  in  the  composite  at  the  very  high 
temperatures. 134,351  Since  the  particle-strengthening  effect 
was  reduced  above  400  °C,  the  anisotropic  behavior  due 
to  particle  clusters  in  the  composite  also  became  less  sig¬ 
nificant  above  400  °C. 
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IV.  SUMMARY  AND  CONCLUSIONS 

Analytical  calculations  for  forging  limits  have  been 
carried  out  for  a  particulate-reinforced  composite  by  as¬ 
suming  that  a  material  geometrical  defect  can  concen¬ 
trate  strains  locally  and  grow  to  lead  to  fracture.  This 
defect  factor,  which  in  this  case  arises  from  strain  con¬ 
centration  between  nondeformable  particles  and  agglom¬ 
erates,  was  found  to  be  around  0.25.  This  value  is 
considerably  larger  than  that  for  unreinforced  metal  ma¬ 
trices.  Simulations  showed  the  strain-path  deviation 
within  the  defect  region  (as  suggested  by  MK)m  during 
multiaxial  deformation.  To  terminate  the  plasticity  anal¬ 
ysis,  Cockcroft’s  fracture  criterion  based  on  constant 
work  performed  by  the  tensile  component  of  stress  was 
used  and  was  found  to  be  the  most  suitable  criterion. 

1.  The  present  analysis  can  provide  a  reasonably  good 
match  to  the  experimental  forging  limits  for  the  com¬ 
posite  at  300  °C  with  strain  rates  of  0.015  s_l  and 
0.5  s_l  at  400  °C  with  a  strain  rate  of  0.5  s_l.  How¬ 
ever,  at  400  °C  with  a  slower  strain  rate  (0.015  s  '), 
the  prediction  was  higher  than  the  experimental  re¬ 
sult,  probably  because  the  fracture  mechanism 
changed  with  temperature,  such  that  Cockcroft  cri¬ 
terion  was  no  longer  valid  at  these  temperatures. 

2.  The  defect  factor  did  not  significantly  change  the 
forging  limits  at  300  °C  for  strain  rates  from  0.015 


STRAIN-RATE=0.1/» 
C:  2014/1 5v%AI203  " 
M:  2014AI  - 


L -direction 


to  0.5  s_l  for  the  composite.  However,  the  defect  fac¬ 
tor  produced  a  large  change  in  the  calculated  forging 
limit  at  400  °C  for  a  slow  strain  rate  (0.015  s~'). 

3.  The  flow  stresses  along  the  extrusion  direction  were 
higher  than  along  the  transverse  direction  at  300  °C 
and  400  °C  in  2014  Al/15  vol  pet  A1203.  This  an¬ 
isotropic  behavior  became  less  significant  at  higher 
temperatures  (above  400  °C),  because  the  particle¬ 
strengthening  effect  was  reduced. 


APPENDIX 

Fracture  Criteria 

A.  Constant  Effective  Fracture-Strain  Criterion 

This  fracture  criterion  states  that  fracture  will  occur 
when  the  effective  strain  in  region  B  (Figure  1(b)) 
reaches  a  constant  effective  fracture  strain.  The  relation¬ 
ships  between  incipient-fracture  strain  ( ef )  and  strain  rate 
at  300  °C  and  400  °C  were  determined  from  the 
a-e  curves  for  the  calculation,  as  shown  in  Figure  Al. 
The  best-fit  equation  was  generated  to  match  the  curve 
for  each  temperature.  These  equations  and  their  con¬ 
stants  were  the  input  data  for  the  computer  calculations. 
Figure  A2  shows  the  result  obtained  using  this  fracture- 
strain  criterion  at  300  °C  with  a  strain  rate  of  0.015  s  ’. 
Apparently,  this  criterion  did  not  match  the  experimental 
result. 
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Fig.  16 — The  a-e  curves  of  2014  Al  matrix  (M)  and  its  composite 
(C)  at  various  temperatures  under  uniaxial  tension  along  L  direction. 
At  500  °C  the  composite  was  weaker  than  the  matrix  material. 
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Fig.  17  —  Yield  stress  for  0.2  pet  offset  plastic  strain  vs  temperature 
for  2014  Al/15  vol  pet  A1203  and  2014  Al.  Above  410  °C  the  yield 
stress  of  the  composite  became  lower  than  that  of  the  matrix  material. 
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Fig.  Al  —  A  plot  showing  incipient-fracture  strain  vs  strain  rate.  The 
best-fit  equation  and  its  constants  for  each  temperature  were  chosen 
for  computer  calculations,  as  seen  in  Table  I. 
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Fig.  A2  —  Prediction  of  forging-limit  diagram  based  on  the  MK  anal¬ 
ysis  and  effective-fracture-strain  criterion  not  matching  the  experi¬ 
mental  result  for  2014  Al/15  vol  pet  A1203. 
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Fig.  A3  —  A  plot  showing  incipient-fracture  stress  vs  strain  rate.  The 
best-fit  equation  and  its  constants  for  each  temperature  were  chosen 
for  computer  calculations,  as  seen  in  Table  I. 


Fig.  A4  —  Prediction  of  forging-limit  diagram  based  on  the  MK  anal¬ 
ysis  and  fracture  stress-based  criterion  not  matching  the  experimental 
result  for  2014  Al/15  vol  pet  A1203. 


B.  Fracture-Stress-Based  Criterion 

This  criterion  is  based  on  the  assumption  that  the 
growth  rate  of  cavitation  is  proportional  to  the  mean 
stress,  and  the  shear  strain  rate  is  proportional  to  the 
maximum  shear  stress.  The  criterion  proposes  that  frac¬ 
ture  will  occur  when  the  product  of  the  mean  stress  with 
the  maximum  shear  stress  is  greater  than  or  equal  to  the 
square  of  effective  fracture  stress  (.sy,  from  the  uniaxial- 
tension  test)  divided  by  6.  That  is, 

((o-,  +  cr2  +  <t3)/3)  X  ((Gy  -  o-3)/2) 

>  (oy/3)  x  (oy/2)  =  (o>2)/ 6  [Al] 

where  cr,  >  cr2  >  <r3.  In  the  present  case,  for  cr3  =  0, 
the  above  criterion  can  be  rewritten  as 

(<T\R  +  0-2B)  X  Tmax  S  0>2  [A2] 

where  cr1B  and  cr2S  are  the  stresses  along  1  direction  and 
2  direction,  respectively,  in  region  B,  in  Figure  3,  and 
crmax  is  the  maximum  value  between  (<r1B  -  cr2fi),  alB, 
and  cr2fi. 

The  relationships  between  incipient  fracture  stress  (oy) 
and  strain  rate  at  300  °C  and  400  °C  were  determined 
from  the  cr-e  curves  for  the  calculation,  as  shown  in 
Figure  A3 .  The  best-fit  equation  was  generated  to  match 
the  curve  for  each  temperature.  These  equations  and 
their  constants  were  the  input  data  for  the  computer  cal¬ 
culations.  Figure  A4  shows  the  result  obtained  using  this 
fracture-stress-based  criterion  at  300  °C  with  a  strain  rate 
of  0.015  s“\  and  it  did  not  match  the  experimental 
result. 
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Stress-State  Dependence  of  Strain-Hardening 
Behavior  in  2014  AI/15  Vol  Pet  Al203  Composite 


D.-G.C.  SYU  and  A.K.  GHOSH 

The  purpose  of  this  investigation  was  to  examine  if  the  effective  stress-strain  function  for 
discontinuously  reinforced  aluminum  (DRA)  matrix  composites  is  independent  of  stress  state, 
as  they  are  for  aluminum  alloys.  The  rationale  for  such  work  is  provided  by  the  need  to  develop 
constitutive  equations  for  applications  in  metal  forming  and  forging  problems.  Experimental 
effective  cr-e  curves  at  room  temperature  were  determined  for  a  particulate-reinforced  compos¬ 
ite,  2014  Al/15  vol  pet  A1203,  and  the  matrix  material,  2014  Al,  under  a  variety  of  stress  states. 
The  tests  consisted  of  uniaxial  tension,  equibiaxial  tension  (bulge  test),  and  compression  tests. 
To  eliminate  the  effects  of  prior  precipitation,  all  samples  were  given  a  solution-heat-treatment 
prior  to  tests.  It  was  found  that  for  the  composite  the  effective  yield  stress  in  uniaxial  tension 
was  higher  than  that  in  equibiaxial  tension  but  slightly  lower  than  that  in  compression.  However, 
the  effective  yield  stresses  for  the  matrix  material  in  uniaxial  tension  and  equibiaxial  tension 
were  nearly  the  same.  The  strain-hardening  rate  of  the  composite  under  equibiaxial  tension  was 
higher  than  that  under  either  uniaxial  tension  or  compression.  It  is  suggested  that  nondeformable 
dead  zones  can  develop  around  the  particles  during  deformation  whose  shape  changes  with  the 
applied  stress  state,  and  this  is  partly  responsible  for  the  observed  differences  in  behavior. 


I.  INTRODUCTION 

For  metallic  materials,  generally  the  strain¬ 
hardening  curves  are  assumed  to  be  given  by  a  unique 
effective  stress-strain  function  independent  of  the  stress 
state.  For  isotropic  materials,  the  effective  stress  and 
strain  are  assumed  to  follow  von  Mises  criterion  {i.e., 
the  effective  yield  stresses  under  uniaxial  tension,  equi¬ 
biaxial  tension,  and  compression  are  the  same).  It  has 
been  found  that  the  effective  stress-strain  (cr-e)  curves  in 
aluminum  alloys,  copper,  and  brass  under  these  states  of 
stress  are  not  significantly  different.11'2,31  However,  it  is 
questionable  if  the  above  argument  is  true  for  a  material 
reinforced  with  a  high-volume  fraction  of  nondeforma¬ 
ble  particles,  particularly  because  nonuniform  deforma¬ 
tion  can  occur  around  the  particles.  For  applications  in 
metal  forming  and  forging,  it  is  essential  to  determine  if 
there  is  a  variation  in  the  stress-strain  relationships  as  a 
function  of  stress  state. 

It  is  clear  that  the  reinforcements  can  disturb  the  plas¬ 
tic  flow  in  the  matrix.  For  instance,  the  flow  pattern 
could  be  a  lensoid  distortion  of  the  slip  and  substructure 
development  around  the  particles  during  rolling,141  as 
shown  in  Figure  1.  Although  the  microstructure  in  this 
figure  has  been  recrystallized  and  recovered  due  to  heat 
treatment,  it  is  well  documented  that  the  particle  does 
disturb  the  matrix  flow  pattern  and  result  in  two  different 
microstructures  during  deformation.  It  is  possible  that 
the  flow  pattern  around  the  particles  could  also  change 
when  the  applied  states  of  stress  on  the  composite  are 
varied.  This  could  affect  the  effective  flow  stress  in  the 
matrix  differently  under  uniaxial  tension,  equibiaxial 
tension,  and  compression. 


D.-G.C.  SYU,  formerly  Graduate  Student,  the  University  of 
Michigan,  is  Senior  Engineer,  Taipei  Municipal  Government, 
Hsintein,  Taipei,  Taiwan,  Republic  of  China.  A.K.  GHOSH, 
Professor  of  Materials  Science  and  Engineering,  is  with  the  University 
of  Michigan,  Ann  Arbor,  MI  48109-2136. 

Manuscript  submitted  August  11,  1992. 


Zahl  and  McMeeking151  used  the  finite  element  method 
(FEM)  to  study  the  effect  of  residual  stresses  on  the 
yielding  behavior  of  composites  comprised  of  elastic 
particles  well  bonded  to  a  ductile  matrix.  They  found 
that  for  a  composite  with  a  uniform  distribution  of  matrix 
material  around  the  particles,  i.e.,  spheres  or  unit  cyl¬ 
inders  with  no  clustering,  a  transient  softening  of  the 
composite  was  predicted  due  to  residual  stresses  around 
the  particles.  This  transient  softening  was  comparable 
under  tension  and  compression.  With  an  increase  in  the 
volume  fraction  and/or  an  increase  in  thermal  straining, 
which  results  in  an  increase  in  the  yielded  area,  the  com¬ 
posite  would  have  a  lower  effective  yield  stress  under 
compression  than  under  uniaxial  tension.  However,  the 
maximum  stress  limit  of  the  composite  was  not  influ¬ 
enced  by  the  residual  stress.  They  also  concluded  that 
the  effect  of  softening  was  more  pronounced  with  an¬ 
gular  particles  than  with  spherical  particles. 

In  addition  to  the  local  turbulence  around  the  particles 
during  deformation  and  the  effect  of  residual  stresses,  a 
nonuniform  particle  distribution  also  causes  the  variety 
of  complex  local  stress  and  strain  states,  which  can 
change  the  flow  behavior  of  the  matrix.  Brockenbrough 
et  al.l6i  used  the  FEM  calculations  and  reported  that  the 
fiber  distribution  in  a  metal-matrix  composite  reinforced 
with  continuous  fiber  could  significantly  influence  the 
overall  stress-strain  response.  Davidson171  used  the  ster¬ 
eoimaging  technique  to  measure  the  localized  strains  due 
to  nonuniform  particle  distribution  and  particle  spacing 
under  uniaxial  tension.  He  reported  that  while  overall 
tensile  elongations  were  measured  at  1.6  to  2.4  pet,  the 
localized  strains  could  be  as  high  as  about  50  pet  in  a 
2014  Al/15  vol  pet  SiCp  composite  due  to  the  interac¬ 
tion  between  adjacent  particles  and  matrix.  This  implies 
that  the  local  stress  state  or  plastic  flow  can  significantly 
change  due  to  the  nonuniform  particle  distribution. 
Thus,  it  is  possible  that  varying  macroscopic  stress  state 
in  DRA  matrix  composites  can  change  the  local  flow 
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Rotated  Zone  Distorted  Region 


Fig.  1  —  Examples  of  flow  turbulence  during  rolling,  (a)  Schematic 
of  rotated  deformation  zones  (recovery  zones)  and  distortions  asso¬ 
ciated  with  a  large-round  particle  after  rolling  followed  by  heat  treat¬ 
ment. [41  (b)  Photomicrograph  showing  elongated  Al3Zr  intermetallic 
and  deformation  zone  around  it,  after  extrusion.  The  primary  com¬ 
pressive  stress  is  normal  to  the  direction  of  the  particle. 


pattern  and  eventually  influence  the  macroscopic  effec¬ 
tive  a-e  behaviors.  An  investigation,  therefore,  was  un¬ 
dertaken  to  study  the  interaction  of  the  stress-state  effect 
and  nondeformable  particles  on  the  effective  cr-e  curve 
for  a  soft  matrix,  using  2014  Al/15  vol  pet  A1203.* 

*Manufactured  by  Duralcan  Aluminum  Composites  Corporation, 
San  Diego,  CA.  Produced  by  dispersion  of  A1203  particles  in  molten 
2014  Al,  then  casting  and  extruding  the  ingot.  The  average  particle 
size  was  5.6  yum  and  subgrain  size  was  2  p. m. 


II.  EXPERIMENTAL  APPROACH 

To  examine  if  the  effective  stress-strain  function  for 
DRA  matrix  composites  vary  with  stress  state,  several 
stress  states  were  selected  for  this  study.  They  were  uni¬ 
axial  tension,  equibiaxial  tension  (bulge  test),  and 
compression.  An  unreinforced  matrix  material,  2014  Al, 
was  also  included  in  the  study  as  a  control  material  for 
comparison.  The  uniaxial  tension  and  compression  tests 
are  commonly  used  and  do  not  require  extensive  elab¬ 
oration,  although  the  reader  can  consult  References  8 
and  9  for  pertinent  details.  It  is  worthwhile,  however,  to 
review  the  equibiaxial  tension  test.  The  most  common 
method  for  the  equibiaxial  tension  test  is  a  hydraulic  or 


pneumatic  bulge  test.  In  this  test,  a  circular  sheet  dia¬ 
phragm  is  deformed  under  fluid  pressure,  and,  thus,  it 
allows  biaxial  tensile  deformation  without  frictional 
effects. 

The  determination  of  the  effective  stress-strain  curve 
from  the  bulge  test  has  been  reported  by  many  research¬ 
ers. 1110-181  Figure  2  shows  a  schematic  diagram  of  the 
bulge  test  in  which  the  pole  displacement  is  detected  by 
a  linear  variable  differential  transformer  (LVDT).  Thus, 
the  radius  of  curvature,  p,  of  the  bulge  and  the  angle, 
d,  can  be  determined  from  the  following  equations: 

p  =  D/2  +  (R2/2D)  [1] 

0  =  sin~’(I?/p)  [2] 

where  R  is  the  radius  of  circular  die  and  D  is  the  pole 
displacement. 

The  requirements  and  assumptions  utilized  for  deter¬ 
mining  relevant  data  from  the  bulge  test  are: 

(1)  maintain  a  small  ratio  (about  1  ~  2  pet)  of  the  sheet 
thickness  to  the  radius  of  curvature  of  the  bulge  in  order 
to  eliminate  bending  effects; 

(2)  use  a  pressurization  rate  that  maintains  an  approxi¬ 
mately  constant  strain  rate  in  the  diaphragm; 

(3)  assume  that  the  curvature  of  the  deforming  sheet  is 
nearly  spherical; 

(4)  assume  the  deforming  sheet  maintains  a  constant 
volume  and  is  isotropic  in  nature;  and 

(5)  assume  von  Mises  yield  criterion  for  calculation  of 
effective  stress  and  strain.* 


*While  initial  yield  stress  may  be  affected  by  residual  thermal 
stresses,  the  effects  of  initial  yielding  are  eliminated  after  plastic 
strains  exceeding  2  pet. 


Based  on  these  assumptions,  it  is  possible  to  calculate 
the  overall  lengthening  of  the  sheet  at  any  stage  of  de¬ 
formation,  but  it  is  not  possible  to  uniquely  determine 
the  strain  at  the  pole  of  the  bulge.  Our  experiments  show 
that  at  various  stages  of  formation  of  the  bulge,  the 
thickness  of  the  entire  diaphragm  is  nearly  uniform. 
Thus,  uniform  thinning  is  a  reasonable  assumption  to 
calculate  pole  strain  from  the  bulge  geometry.  However, 
because  the  periphery  of  the  sheet  deforms  in  plane 
strain  and  the  pole  deforms  in  equibiaxial  tension,  a 
stress  gradient  and,  therefore,  a  thickness  gradient  de¬ 
velop  in  the  sheet.  Typically  the  pole  region  is  20  to 
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50  pet  thinner  than  the  edge  region.112141  These  uncer¬ 
tainties  in  strain  determination  do  not  make  bulge  tests 
ineffective,  but  a  recognition  of  the  source  of  uncertain¬ 
ties  allows  us  to  set  bounds  on  the  possible  position  of 
the  stress-strain  curve  in  equibiaxial  tension. 

Thus,  the  effective  strain  at  the  pole  of  the  bulged 
sample  was  approximated  by  several  approaches.  The 
first  approach  (Method  A)  is  based  on  the  assumption  of 
uniform  thickness  in  the  sample;  therefore,  the  effective 
strain,  eeff,  can  be  determined  from  the  following 
equations: 

A  =  2-7rp2(  1  -  cos  0)  =  27t/?2[(1  -  cos  0)/(sin2  0)]  [3] 

£eff  =  -ln(rAo)  =  ln(A/A0) 

=  ln[2(l  -  cos  0)/(sin2  0)]  [4] 

where  A0  and  A  are,  respectively,  the  initial  surface  area 
and  the  surface  area  of  the  deformed  diaphragm,  and  t0 
and  t  are  the  initial  and  current  thicknesses  of  the  sheet, 
respectively.  Since  a  uniform  strain  in  the  sample  was 
assumed,  the  thickness  strain,  e3,  can  be  represented  by 
[— ln(A/A0)].  For  balanced  biaxial  tension,  the  effective 
strain,  Eeff,  is  equal  to  —  e3. 

The  second  approach  (Method  B)  is  based  on  uniform 
lengthening  of  the  curved  sheet  along  each  meridian. 
Thus  the  lengthening  (radial)  strain,  e,,  can  be  deter¬ 
mined  from 

£,  =  In  (pO/R)  [5] 

since  p0  is  the  length  of  the  arc.  For  equibiaxial  tension 
at  the  pole,  the  effective  strain,  se!f,  as  well  as  -e3  is 
2e,.  Using  Eqs.  [1]  to  [5]  for  varying  values  of  0  it  is 
found  that  the  effective  strain  from  Method  B  is  about 
1.33  times  higher  than  that  from  Method  A. 

The  third  approach  (Method  C)  is  based  on  realistic 
pole  thinning  that  is  greater  than  that  at  the  edge.  Ac¬ 
cording  to  Jovane,[12]  the  actual  thickness  at  the  pole  of 
the  bulged  sample  is  nearly  20  pet  less  than  the  mean 
sample  thickness  at  large  strains.  For  this  case  the  ef¬ 
fective  strain  at  the  pole  is  about  1.22  times  higher  than 
that  obtained  from  Method  A. 

The  effective  stress  in  equibiaxial  tension  is  equal  to 
the  hoop  or  radial  stress  (crj),  using  von  Mises  criterion, 
and,  therefore,  this  can  be  given  by  the  membrane  stress 
equation: 

CTeff  =  0"i  =  pP/2t  [6] 

where  P  is  the  pressure  and  the  instantaneous  thickness, 
t,  can  be  given  by 

t  =  t0  exp(e3)  =  t0  exp(— £eff)  [7] 

Thus  for  the  various  methods  described  in  this  section, 
the  determination  of  the  effective  stress  and  effective 
strain  for  the  bulge  test  was  made  by  using  Eqs.  [1] 
through  [7]. 

III.  EXPERIMENTAL 
PROCEDURES  AND  RESULTS 

Samples  of  2014  A1  and  2014  Al/15  vol  pet  A1203 
were  received  in  as-extruded  condition.181  The  diameters 


of  these  rods  were  38.1  and  50.8  mm,  respectively.  Sev¬ 
eral  sample  geometries  were  used  to  obtain  the  various 
stress  states  under  investigation.  For  the  uniaxial  tension 
test,  samples  were  machined  directly  from  an  as- 
extruded  rod  and  tested  both  along  the  extrusion  direc¬ 
tion  (L-direction)  and  along  the  transverse  direction 
(T-direction).  The  sample  geometry  for  this  test  is  shown 
in  Figure  3,  and  its  dimensions  are  given  in  Table  I.  For 
the  compression  test,  samples  were  machined  directly 
from  an  as-extruded  rod  and  tested  along  the  L-direction 
(Figure  3  and  Table  I  for  details).  For  the  equibiaxial 
tension,  a  thin-sheet  sample  was  needed  for  circular 
bulge  test.  Because  the  diameter  of  the  available  bulge- 
test  die  was  25.4  mm,  the  sheet  thickness  needed  was 
less  than  150  pm  in  order  to  avoid  bending  effects.  The 
convenient  way  to  prepare  this  kind  of  thin  sample  is 
rolling.  The  method  is  discussed  subsequently. 

A.  Preparation  of  Thin  Sample  for  Bulge  Test 

For  the  composite,  a  25.4-mm-thick  section  was  cut 
from  the  extruded  rod  (50.8-mm  diameter),  then  hot 
forged  at  500  °C  to  80  pet  reduction.  The  sample  was 
then  encased  in  a  1.59-mm-thick  stainless  steel  sheet  and 
hot-rolled  at  450  °C  -  470  °C.  The  reduction  was  20  to 
30  pet  in  each  pass,  and  the  final  thickness  was  between 
40  and  115  pm.  Cross-rolling  was  performed  every 
other  pass  so  that  the  resulting  composite  would  be  ex¬ 
pected  to  show  a  planar  isotropic  behavior.  For  the  ma¬ 
trix  material,  a  3.175-mm-thick  slab  was  cut  from  the 
as-extruded  rod  (38.1 -mm  diameter)  and  rolled  at  room 
temperature,  including  cross-rolling  at  room  tempera¬ 
ture,  to  obtain  a  final  thickness  between  40  and  125  pm. 
Several  intermediate  annealing  steps  were  performed  by 
heating  these  samples  to  400  °C  for  about  10  minutes 
and  then  quenching  them  in  water. 

The  geometry  of  the  thin  samples  for  the  bulge  test  is 
shown  in  Figure  3,  and  dimensions  are  given  in  Table  I. 
Sample  thicknesses  were  measured  in  different  locations 
by  a  micrometer  and  by  an  optical  microscope,  before 
and  after  the  test,  to  minimize  measurement  errors.  The 
thickness  variation  for  the  thin  samples  were  controlled 
under  ±5  pet.  For  example,  if  the  yield  strength  for  a 
sample  with  a  thickness  of  50  pm  is  125  MPa,  the  un¬ 
certainty  of  this  value  would  lie  between  119  and 
132  MPa  (±7  MPa). 

To  examine  if  the  material  properties  have  changed 


Extruded  Bar  Cross-Rolled  Sheet 

(planar  isotropy  in  x-y  plane)  (planar  Istropy  in  x-y  plane) 

Fig.  3  —  Schematic  diagrams  showing  the  correlation  of  the  sample 
testing  directions  under  different  stress  states  sectioned  from  the 
extruded  bar  and  the  cross-rolled  sheet. 
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Table  I.  Sample  Dimensions  for  Uniaxial  Tension  Test,  Bulge  Test,  and  Compression  Test 


Testing  Mode 

Sample  Dimensions 

Uniaxial  tension  (L-  and  T-direction) 
(as-extruded) 

Uniaxial  tension  (thin  sample) 

(as-rolled) 

Equibiaxial  tension  (thin  sample) 

(as-rolled) 

Compression  (as-extruded) 

3.05  mm  (width)  x  3.175  mm  (thickness) 
gage  length  =  11.11  mm 

9.525  mm  (width)  x  —100  pm  (thickness) 
gage  length  =  26.99  mm 

41.28  mm  (diameter),  40  ~  125  pm  (thickness) 

5.08  mm  (diameter),  10.16  mm  (height) 

after  rolling,  the  thin  samples  were  also  tested  under  uni¬ 
axial  tension.  Figure  3  and  Table  I  give  the  sample  ge¬ 
ometry  details  for  the  uniaxial  tension  test  specimens. 

Samples  for  testing  in  each  stress  state  were  given  a 
solution-heat-treatment  to  eliminate  the  effects  of  prior 
precipitation  and  tested  immediately  after  the  treatment 
to  avoid  aging  effects.  The  solution  treatment  involved 
heating  the  sample  to  520  °C  in  5  minutes,  holding 
for  25  minutes,  and  then  quenching  in  water.  Micro¬ 
structures  of  the  2014  A1  matrix  and  the  composite 
before  and  after  rolling  were  examined  after  polishing  and 
etching  in  Keller’s  reagent  (H20 :  HN03 :  HC1 :  HF  = 
190:5:3:2  by  volume)  for  10  seconds.  The  optical 
micrographs  of  the  matrix  material  and  the  composite  are 
shown  in  Figures  4  and  5,  respectively.  It  is  seen  that 
for  the  matrix  alloy  the  average  grain  size  in  the  as- 
extruded  condition  was  500  ~  2000  gm  that  was  refined 
to  10  ~  20  pm  after  rolling  and  solution-heat- treatment. 
For  the  composite,  both  the  grain  size  and  particle  dis¬ 
tribution  are  nonuniform  in  the  extruded  condition 
(Figure  5(a)).  Upon  rolling,  the  particle  distribution  be¬ 
came  quite  uniform,  but  the  grain  size  did  not  signifi¬ 
cantly  change  and  remained  in  the  range  of  2  to  10  pm 
(Figure  5  (b)).  The  average  A1203  particle  size  is 
5.6  pm,  and  they  possess  an  aspect  ratio  of  approxi¬ 
mately  2:1. 

B.  Determination  of  a- e  Curves  under  Uniaxial 
Tension,  Equibiaxial  Tension ,  and  Compression 

The  procedures  and  results  for  the  various  mechanical 
tests  outlined  in  Section  III-A  are  discussed  in  this  sec¬ 
tion.  All  tests  were  conducted  at  room  temperature  and 
a  strain  rate  of  10”4  s-1.  In  analyzing  the  results,  elastic 
strains  were  subtracted  from  total  strain  to  develop  a  re¬ 
lationship  between  stress  and  plastic  strain. 

1.  Uniaxial  tension  test 

A  chart  of  load  vs  displacement  from  the  tensile  tests, 
conducted  on  an  Instron  universal  testing  machine,  was 
used  to  calculate  the  effective  a-e  curve,  as  discussed  in 
Reference  8.  Data  was  analyzed  up  to  the  point  of  max¬ 
imum  load  or  fracture.  Figure  6  shows  the  comparison 
of  effective  tensile  a-e  curves  between  the  composite 
and  the  matrix  material.  The  A1203  particles  contribute 
to  the  significantly  higher  flow  stress  of  the  composite 
and  its  higher  initial  strain-hardening  rate.  However,  the 
stress  saturation  in  the  composite  also  causes  an  early 
attainment  of  instability. [4)  Furthermore,  the  flow  stress 
and  fracture  strain  along  the  L-direction  were  higher  than 
those  along  the  T-direction  in  the  composite.  The  dif¬ 
ference  of  the  flow  stress  between  the  two  testing  direc¬ 
tions  is  possibly  due  to  the  oriented  distribution  of  A1203 
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Fig.  4 — Micrographs  of  2014  Al.  (a)  As-extruded  condition  followed 
by  solution-heat-treatment,  (b)  As-rolled  condition  followed  by 
solution-heat-treatment.  Samples  were  etched  by  Keller’s  reagent  for 
10  seconds.  Grain  sizes  in  the  as-extruded  condition  were  about  500 
to  2000  fim  and  10  to  20  /xm  in  the  rolled  thin  sample. 


particles  aligned  along  the  extrusion  direction.  This 
aligned  orientation  combined  with  their  aspect  ratio  and 
possibly  a  crystallographic  texture  in  the  matrix  pro¬ 
duced  during  extrusion  are  responsible  for  the  difference 
between  L-  and  T-direction.181 

For  the  matrix  material,  the  effective  tensile  a-e 
curves  for  different  thin  and  thick  samples  are  shown  in 
Figure  7.  It  is  seen  that  the  effective  tensile  a-e  curves 
are  nearly  the  same  in  the  thin  samples  (thickness  ranges 
from  35  to  53  pm  and  grain  sizes  of  10  to  20  pm)  and 
the  thick  sample  along  the  L-direction  (a  cross-sectional 
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(b) 

Fig.  5 — Micrographs  of  2014  Al/15  vol  pet  A1203.  (a)  As-extruded 
condition  followed  by  solution-heat-treatment,  (b)  As-rolled  condition 
followed  by  solution-heat-treatment  Samples  were  etched  by  Keller’s 
reagent  for  10  seconds.  Grain  sizes  in  both  cases  were  about  2  to  10 
p.  m. 


area  of  3.175  X  2.286  mm  and  grain  sizes  of  500  to 
2000  /tun).  This  implies  that  the  thickness  and  grain  size 
did  not  significantly  influence  the  effective  tensile  as 
curves  in  the  matrix  alloy.  The  earlier  onset  of  instability 
in  one  of  the  thin  samples  is  possibly  a  result  of  minor 
thickness  variations. 

For  the  composite,  it  is  found  that  rolled  thin  samples 
with  thickness  ranging  from  38  to  57  gm,  have  the  sim¬ 
ilar  effective  tensile  as  curves,  as  shown  in  Figure  8. 
The  effective  tensile  as  curve  in  the  thin  samples  was 
also  found  to  be  similar  to  that  in  the  thick  sample  (a 
cross-sectional  area  of  3.175  X  2.794  mm)  tested  along 
the  T-direction;  however,  the  flow  stresses  in  the  above 
two  cases  were  lower  than  that  along  the  L-direction,  as 
shown  in  Figure  8.  Again  this  higher  strength  in  the 
L-direction  may  be  related  to  the  aligned  orientation  of 
the  particles. 

2.  Bulge  test  (equibiaxial  tension  test) 

A  schematic  diagram  for  bulge-test  apparatus  is  shown 
in  Figure  9.  A  circumferential  groove  was  designed  into 
the  die  plate  to  allow  sealing  at  both  ambient  and  ele¬ 
vated  temperatures.  For  the  room-temperature  test,  an 
O-ring  was  placed  in  the  groove  to  provide  a  seal,  and 
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Fig.  6 — Effective  ct-e  curves  of  2014  A1  and  2014  Al/15  vol  pet 
A1203  under  uniaxial  tension  at  room  temperature  and  a  strain  rate  of 
10“4  s'1.  Samples  were  solution-heat-treated  at  520  °C  for  30  minutes 
then  quenched  in  water.  A1203  particles  in  the  composite  significantly 
increased  the  flow  stress  and  accelerated  the  onset  of  stress  saturation 
and  flow  instability. 


Fig.  7 — Effective  ct-e  curves  of  2014  A1  under  uniaxial  tension  at 
room  temperature  and  a  strain  rate  of  10“4  s'1.  Samples  were  solution- 
heat-treated  at  520  °C  for  30  minutes  then  quenched  in  water. 
The  sample  thickness  and  grain  size  did  not  influence  the  effective 
ct-e  curve. 


Fig.  8  —  Effective  ct-e  curves  of  2014  Al/15  vol  pet  A1203  under  uni¬ 
axial  tension  at  room  temperature  and  a  strain  rate  of  10'4  s'1.  Sam¬ 
ples  were  solution-heat-treated  at  520  °C  for  30  minutes  then 
quenched  in  water.  The  sample  thickness  did  not  influence  the  effec¬ 
tive  ct-e  curve. 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25 A,  SEPTEMBER  1994  —  2053 


Fig.  9— Schematic  diagram  of  the  bulge  test  and  the  control  system. 


for  the  high-temperature  test,  a  soft  aluminum  ring  could 
be  used.  To  maintain  a  nearly  constant  strain  rate,  the 
rate  of  pole  displacement  of  the  bulge  needed  to  be  con¬ 
trolled.  To  do  this,  the  relationship  between  D  and  eeff 
was  first  determined  from  Eqs.  [1]  to  [3]  and  [5]  by  com¬ 
puter  calculation  for  a  given  strain  rate  (e.g.,  10~4  s_1), 
and  the  resulting  D  vs  time  was  determined.  Next,  sev¬ 
eral  D  vs  time  curves  were  drawn  parallel  to  each  other 
on  the  chart  paper  before  the  test,  as  shown  in  Figure  10. 
To  determine  the  plastic  strain  rather  than  the  total 
strain,  tests  were  conducted  in  an  interrupted  manner  by 
releasing  forming  pressure  to  record  the  plastic  displace¬ 
ment.  The  test  was  restarted  by  returning  to  the  forming 
pressure  after  a  few  seconds  to  avoid  recovery  in  the 
sample.  The  external  pressure  was  controlled  to  follow 
the  D  vs  time  curve  predrawn  on  the  chart  during  the 
test.  The  pressure  vs  time  curve  was  simultaneously  re¬ 
corded  on  the  same  recorder. 

Figures  1 1  and  12  show  the  relationships  between  total 
strain  and  plastic  strain  in  2014  A1  and  2014  Al/15  vol 
pet  A1203,  respectively.  In  both  cases  it  was  found  that 
the  plastic  strain  was  proportional  to  the  total  strain  and 
independent  of  the  sample  thickness.  It  was  also  found 
that  when  the  plastic  strain  approached  zero,  the  total 
strain  in  the  matrix  material  (about  0.005)  was  slightly 
larger  than  that  in  the  composite  (about  0.004),  probably 
because  the  elastic  modulus  of  the  matrix  alloy  is  lower 
than  that  in  the  composite. 

Figure  13,  shows  the  effective  as  curves  of  2014  A1 
under  equibiaxial  tension  at  a  strain  rate  of  1(T4  s_1 


Fig.  10  —  Schematic  of  the  displacement  (strain)  vs  time  during  the 
bulge  test.  Plastic  displacements  were  determined  by  releasing  pres¬ 
sure  during  the  test. 


o  55pm 
A  50pm 
•  42.5pm 
D  115pm 
■  100pm 


Fig.  11  — Plastic  strain  is  proportional  to  total  strain  for  2014  A1  in 
the  bulge  test.  Sample  thickness  did  not  influence  the  relationship 
between  total  strain  and  plastic  strain. 


o  55pm 
•  40pm 
□  125pm 
■  112pm 


Fig.  12  —  Plastic  strain  is  proportional  to  total  strain  for  2014  Al/15 
vol  pet  A1203  in  the  bulge  test.  Sample  thickness  did  not  influence 
the  relationship  between  total  strain  and  plastic  strain. 


using  computational  Methods  A,  B,  and  C,  respectively, 
as  discussed  in  Section  II.  It  is  seen  that  the  sample 
thickness  has  a  small  effect  on  the  stress-strain  curves, 
the  stresses  being  lower  for  the  thicker  sheets  in  the 
thickness  range  of  42.5  to  115  jum.  Similar  curves  for 
Methods  A,  B,  and  C  are  shown  in  Figure  14  for  the 
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Fig.  13  —  Effective  a-e  curves  of  2014  A1  under  equibiaxial  tension 
at  room  temperature  and  a  strain  rate  of  10~4  s_l.  The  effective  strains 
were  calculated  based  on  methods  A,  B,  and  C.  Samples  were 
solution-heat-treated  at  520  °C  for  30  minutes  then  quenched  in  water. 


composite.  The  yield  strength  was  the  same  for  all  thick¬ 
nesses  in  the  range  from  44  to  125  pm,  as  shown  in 
Figure  14;  however,  the  thinner  sheets  showed  an  earlier 
onset  of  instability  possibly  due  to  variations  existing  in 
sheet  thickness. 

3.  Uniaxial  compression  test 

Compression  tests  were  carried  out  on  samples  of  ma¬ 
trix  as  well  as  composite  material  lubricated  with  graph¬ 
ite.  The  tests  were  terminated  at  a  low-strain  level  (about 
5  pet)  to  avoid  the  barreling  effect  or  plastic  instabil¬ 
ity.1191  To  calculate  the  stress  and  plastic  strain  at  the 
stage  just  after  yielding  in  the  compression  test,  the  same 
method  was  used  as  in  the  uniaxial  tension  test.  After 
the  test  was  completed,  the  diameter  of  the  deformed 
sample  was  measured  at  different  positions  to  examine 
the  form  of  the  “barrel”  shape.  It  was  found  that  the 
difference  in  diameter  between  the  center  and  the  ends 
of  the  sample  was  less  than  1  pet  in  both  materials,  i.e., 
barreling  could  be  ignored.  Thus,  the  final  strain  was 
determined  by  using  twice  the  final  diametrical  true 
strain.  The  final  stress  was  determined  by  the  final  load 
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Fig.  14 — Effective  a-e  curves  of  2014  Al/15  vol  pet  A1203  under 
equibiaxial  tension  at  room  temperature  and  a  strain  rate  of  10" 4  s’  '. 
The  effective  strains  were  calculated  based  on  Methods  A,  B,  and  C. 
Samples  were  solution-heat-treated  at  520  °C  for  30  minutes  then 
quenched  in  water. 


divided  by  the  final  cross-sectional  area.  Effective  a-e 
curve  calculated  from  the  load,  and  displacement  plot 
was  combined  with  a-e  values  from  the  final  loading 
point  to  obtain  the  entire  a-e  curve. 

It  should  be  noted  that  the  final  stress  at  end  of  test 
provides  a  correct  measure  of  effective  stress  (free  of 
friction  effects),  since  barreling  was  essentially  absent. 
Thus,  the  as-tested  data  is  a  close  approximation  to  the 
true  stress-strain  curve.  However,  in  order  to  determine 
a  lower  bound  of  cr  for  possible  influences  due  to  fric¬ 
tion,  a  calculation  for  friction  correction  was  made  using 
slab  analysis.1201  According  to  this,  the  average  pressure, 
Pave,  is  related  to  stress,  a,  on  the  sample  by 

Pave  =  {a/2)  {h/pR'f  [exp(2 pR' /h)  -  (2 pR'/h)  -  1] 

[8] 

where  Pave  is  determined  from  the  chart  of  load  vs  dis¬ 
placements  and  so  are  h  and  R' ,  the  instantaneous  height 
and  radius  of  the  deformed  sample.  The  friction  coef¬ 
ficient,  p,  was  chosen  as  0.3  for  the  calculation. 
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Figures  15  and  16  show  the  compressive  a-e  curves  of 
2014  A1  and  the  composite,  respectively,  for  a  strain  rate 
of  10~4  s-1  at  room  temperature,  with  several  tensile 
curves  for  comparison.  It  is  seen  for  both  materials  that 
the  flow  stresses  are  higher  in  compression  than  in  uni¬ 
axial  tension;  however,  after  correcting  for  frictional  ef¬ 
fects,  the  difference  becomes  considerably  less.  Since  it 
is  not  clear  if  friction  correction  is  needed  here,  the  ac¬ 
tual  stress  level  may  lie  between  the  data  for  as-tested 
and  p  =  0.3  case. 

C.  Comparison  of  Effective  a-e  Curves  under  Various 
Stress  States 

For  the  matrix  alloy,  the  effective  yield  stress  under 
compression,  corrected  for  friction  using  p  =  0.3,  were 
about  24  MPa  higher  than  that  under  uniaxial  tension 
along  the  L-direction,  as  shown  in  Figure  15.  The  pos¬ 
sible  reason  for  this  will  be  discussed  in  Section  IV.  For 
the  composite,  it  was  found  that  the  compressive  yield 
stress,  corrected  for  friction  using  p  =  0.3,  was  about 
16  MPa  less  than  the  tensile  one  along  the  L-direction 
but  about  32  MPa  higher  than  that  along  the  T-direction. 
Even  though  sticking-friction  assumption  lowers  the  ef¬ 
fective  stress  for  compression,  we  do  not  believe  that 
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Fig.  15 — Effective  as  curves  of  2014  A1  under  uniaxial  tension  and 
compression  at  room  temperature  and  a  strain  rate  of  10"4  s_l.  Sam¬ 
ples  were  solution-heat-treated  at  520  °C  for  30  minutes  then 
quenched  in  water. 


0.00  0.02  0.04  0.06  0.08  0.10 

PLASTIC  STRAIN 

Fig.  16  —  Effective  as  curves  of  2014  Al/15  vol  pet  A1203  under 
uniaxial  tension  and  compression  at  room  temperature  and  a  strain 
rate  of  10-4  s-'.  Samples  were  solution-heat-treated  at  520  °C  for 
30  minutes  then  quenched  in  water. 
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this  assumption  is  realistic  for  well-lubricated  tests  such 
as  those  conducted  here.  In  fact,  p  =  0.3  is  believed  to 
be  too  high  in  this  case.  Thus,  it  is  concluded  that,  in 
general,  the  compression  data  is  somewhat  higher  in 
stress  level  than  tension  data. 

Figure  17  shows  a  comparison  of  the  effective  a-e 
curves  for  matrix  material  under  uniaxial  tension  and 
equibiaxial  tension  (equibiaxial  tension  data  from  the 
100-pm-thick  sample)  and  calculated  using  Methods  A, 
B,  and  C.  It  is  seen  that  the  effective  a-e  curve  was 
nearly  the  same  under  uniaxial  tension  and  equibiaxial 
tension. 

Figure  18  shows  a  comparison  of  the  effective  a-e 
curves  for  the  composite  material  under  uniaxial  tension 
and  equibiaxial  tension,  where  the  effective  strains  under 
equibiaxial  tension  were  chosen  from  the  sample  with 
125-pm  thickness  and  calculated  from  Methods  A,  B, 
and  C.  It  was  found  that  the  average  effective  yield 
stress  in  the  thin  sample  under  uniaxial  tension  was 
about  42  (using  Method  A)  to  46  MPa  (using  Method  B) 
higher  than  that  under  equibiaxial  tension.  This  differ¬ 
ence  is  much  higher  than  any  possible  error  (±7  MPa) 
due  to  the  thickness  variation  in  the  sample  as  mentioned 
in  Section  III- A.  The  same  observation  was  also  found 
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Fig.  17  —  Comparison  of  effective  a-e  curves  of  2014  A1  under  uni¬ 
axial  tension  and  equibiaxial  tension  at  room  temperature  and  a  strain 
rate  of  10-4  s~'.  The  effective  strains  under  equibiaxial  tension  were 
calculated  based  on  Methods  A.  B,  and  C. 
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Fig.  18  —  Comparison  of  effective  as  curves  of  2014  Al/15  vol  pet 
A1203  under  uniaxial  tension  and  equibiaxial  tension  at  room  temper¬ 
ature  and  a  strain  rate  of  10-4  s  '.  The  effective  strains  under  equi¬ 
biaxial  tension  were  based  on  Methods  A.  B.  and  C. 
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at  a  higher  strain  rate  (10“3  s_l),  shown  in  Figure  19, 
where  the  effective  strain  was  determined  from 
Method  A. 

Table  II  is  the  summary  of  the  effective  yield  stresses 
of  2014  A1  and  2014  Al/15  vol  pet  A1203  under  the  three 
testing  modes  at  ambient  temperature  and  a  strain  rate 
of  10-4  s"*.  It  is  seen  that  the  effective  yield  stress  of 
the  composite  is  higher  than  that  of  matrix  alloy  under 
either  uniaxial  tension  or  compression.  However,  the  ef¬ 
fective  yield  stress  of  the  composite  is  not  different  from 
that  of  the  matrix  material  under  equibiaxial  tension.  The 
strength  coefficient  ( K )  and  strain-hardening  exponent 
(n)  for  the  composite  are  listed  in  Table  III,  according 
to  a  =  Ken.  It  is  seen  that  the  composite  had  a  higher 
strain-hardening  exponent  under  equibiaxial  tension 
(n  —  0.251  ~  0.303)  than  that  under  either  uniaxial  ten¬ 
sion  ( n  =  0.184)  or  compression  ( n  =  0.196).  The  rea¬ 
son  for  this  is  unknown;  however,  one  of  the  possible 
explanation  is  a  nondeformable  area  (dead-zone)  deve¬ 
loping  around  the  particle  that  will  change  with  the 
applied-stress-states  change  and  result  in  the  change  of 
the  stress-strain  function.  This  will  be  discussed  in  the 
Section  IV. 

It  was  also  found  that  for  the  composite  the  tensile 
yield  stress  along  the  T-direction  in  the  extruded  bar  was 
similar  to  that  along  the  rolling  direction  in  the  cross- 
rolled  sheet,  as  shown  in  Figure  8.  This  implies  that  in 
Figure  3  the  yielding  behavior  of  the  x-y  plane  in  the 
extruded  bar  is  similar  to  that  in  the  cross-rolled  sheet 
for  the  composite  material. 


tension  was  less  than  that  under  uniaxial  tension  for  all 
levels  of  strain.  Again,  the  uniaxial  tension  data  was 
somewhat  lower  in  stress  level  than  compression.  As 
previously  mentioned,  these  general  trends  are  not 
masked  by  possible  errors  due  to  thickness  variation, 
curvature  measurements,  etc.  The  data  were  determined 
statistically,  and  parallel  tests  were  done  under  the  same 
conditions  for  both  the  composite  and  the  matrix  mate¬ 
rial.  No  significant  difference  between  the  a-e  curves  is 
found  between  uniaxial  tension  and  equibiaxial  tension 
for  the  matrix  alloy.  In  addition,  the  effective  strains  in 
the  bulge  test  were  calculated  by  three  different  methods 
to  check  the  bounds  of  possible  errors.  These  conclu¬ 
sions  are  thus  believed  to  be  well  founded. 

Several  factors  can  be  responsible  for  the  observed 
differences  in  effective  stress-strain  function,  such  as  the 
different  microstructures  in  the  matrix  and  the  areas  sur¬ 
rounding  the  nondeformable  particles141  in  the  composite, 
residual  stresses,151  particle  shape,15,61  and  nonuniform 
distribution  of  the  particles.16,71  One  might  also  suggest 
that  the  development  of  hydrostatic  tension  in  the  equi¬ 
biaxial  tension  case  can  assist  void  initiation  and  yield  a 
lower  flow  stress.  This  would  be  expected  to  lower  the 
fracture  strain  in  equibiaxial  tension.  However,  it  was 
found  that  the  fracture  strain  in  the  equibiaxial  case  was 
higher  than  that  in  the  uniaxial  one,  and,  also,  voids 
were  not  observed  in  the  deformed  sample  to  support  this 
possibility.  It  is  suggested  in  this  work  that  the  formation 
of  nondeformable  matrix  zone  around  the  particles  may 
provide  an  improved  understanding  of  the  problem.  This 
is  discussed  in  Section  IV-C. 


IV.  DISCUSSION 

A.  Stress-State  Dependence  of  a-e  Curve 

For  the  matrix  material,  2014  Al,  the  grain  size  was 
refined  due  to  rolling,  as  seen  in  Figure  4;  however,  the 
tensile  effective  a-e  curves  for  these  thin  samples  were 
not  significantly  different  from  the  thick  as-extruded 
samples,  as  shown  in  Figure  7.  The  flow  stress  of  the 
matrix  under  uniaxial  tension  was  less  than  that  under 
compression  but  was  equal  to  that  in  equibiaxial  tension. 

For  the  composite,  the  flow  stress  under  equibiaxial 


Fig.  19  —  Comparison  of  effective  a-e  curves  of  2014  Al/15  vol  pet 
A1203  under  uniaxial  tension  and  equibiaxial  tension  at  room  temper¬ 
ature  and  a  strain  rate  of  lO3  s"1.  The  effective  strains  under  equi¬ 
biaxial  tension  were  calculated  based  on  Method  A. 


B.  Effect  of  Particles  on  Strength 

In  Figure  6  the  strengthening  effect  of  the  A1203  par¬ 
ticles  on  the  2014  Al  matrix  is  seen.  Composite¬ 
strengthening  theories  have  been  reported  by  several 
researchers.121"281  For  the  fiber-reinforced  metal-matrix 
composites,  the  basic  principle  of  the  strengthening  is 
the  volume-fraction  rule  (VFR):l21] 

(Tcy  =  Vmy  (1  “/)  +  ^fyf  [9] 

where  acy,  amy,  and  afy  are  the  yield  stresses  of  the  com¬ 
posite,  matrix,  and  fiber,  respectively,  and  /is  the  vol¬ 
ume  fraction  of  the  reinforcement.  Here  the  equal-strain 
approximation  between  matrix  and  fibers  is  assumed. 
For  the  whisker-reinforced  metal-matrix  composite,  the 
VFR  can  be  modified  based  on  the  simple  transfer  of 
shear  across  the  interface  between  the  matrix  and  the 
whiskers:1211 

o-,y  =  amy(  1  -/)  +  rmy  (Ljdjf  [10] 

where  rmy  is  the  shear  yield  stress  of  the  matrix,  Lw  and 
d„  are  the  length  and  diameter  of  the  whiskers,  respec¬ 
tively.  This  is  the  so-called  shear-lag  model. 

The  modified  shear-lag  model1221  predicts  the  yield 
stress  of  the  whisker-reinforced  metal-matrix  composites 
using  the  shear-lag  model,  Eq.  [10],  and  taking  into  ac¬ 
count  the  load  transfer  across  the  ends  of  the  whisker: 

Vcy  =  Vmy  (1  -/)  +  Tmy(Lw/dw)f+  amyf 

=  o-„,y  +  rmy  (Lw/dw)f  [11] 
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Table  II.  Effective  Yield  Stresses  (0.2  Pet  Plastic  Strain)  of  2014  Al* 
and  2014  Al/15  Vol  Pet  A1203*  under  Uniaxial  Tension,  Equibiaxial  Tension 
(Bulge  Test),  and  Compression  Tests  at  Ambient  Temperature  and  a  Strain  Rate  of  10-4  s 


As-Rolled  Samples  As-Extruded  Samples 

(Thin  Samples)  _ (Thick  Samples) 


Materials 

2014  Al 

2014  Al/15  vol  pet  A1203 

2014  Al 

2014  Al/15  vol  pet  A1203 

Effective  yield  strength 

Average  cr„,v,** 

MPa  Average  tr0,,**  MPa 

cr„,v,**  MPa 

crn„**  MPa 

Uniaxial  tension 

126.4 

170 

117.2  (L-direction) 

224.1  (L-direction) 
176.5  (T-direction) 

Equibiaxial  tension 

A:  139. 6f 
B:  135.7 
C:  137.2 

A:  128.4f 

B:  123.7 

C:  125.6 

N.A. 

N.A. 

Compression 

N.A. 

N.A. 

(L-direction) 

155.8  (/x  =  0) 
141.3  (/x  =  0.3) 

(L-direction) 

230.3  (/x  =  0) 

208.2  (/x  =  0.3) 

*Solution-hcat- treated  at  520  °C  for  30  min  and  then  quenched  in  water. 

**am.  and  <r„  are  the  effective  yield  stresses  of  the  matrix  alloy  and  the  composite,  respectively. 
fThe  effective  strains  were  calculated  based  on  Methods  A,  B,  and  C. 


Table  III.  Strength  Coefficient  ( K)  and  Strain-Hardening  Exponent  (n)*  under  Various  Stress 
States  for  2014  Al/15  Vol  Pet  A1203**  at  Ambient  Temperature  and  a  Strain  Rate  of  10  4  s  1 


2014  Al/15  Vol  Pet  A1203 

Strength  Coefficient,  K  (MPa) 

Strain-Hardening  Exponent,  n 

Uniaxial  tension 

(L-direction) 

649.7 

0.172 

Uniaxial  tension 

(T-direction) 

613.7 

0.198 

Uniaxial  tension 

(thin  sample) 

538.6 

0.184 

Equibiaxial  tension 
(thin  sample) 

A:  853.3 

B:  783.1 

0.251  to  -0.303 

C:  806.5 

Compression 

(/x  =  0.3) 

694.3 

0.196 

*Based  on  stress-strain  relationship  following  a 

=  Ke\ 

**Solution-heat-treated  at  520  °C  for  30  min  and  then  quenched  in  water. 

The  enhanced  dislocation  density  model, l23,24-251  de¬ 
veloped  from  the  modified  shear-lag  model,  also  takes 
into  account  the  difference  in  dislocation  densities  be¬ 
tween  the  reinforced  and  unreinforced  materials. 

Although  these  models  have  predicted  the  experimen¬ 
tal  data  in  some  cases,122”251  they  are  not  directly  appli¬ 
cable  for  particulate-reinforced  composites,  and  they  do 
not  include  any  stress-state  effect. 

Christman  et  al.l26-21]  used  the  FEM  instead  of  the  an¬ 
alytical  methods  to  predict  the  yield  strength  of  DRA 
matrix  composites  from  the  mechanical  behavior  of  the 
constituent  materials.  They  found  that  the  constraint  in¬ 
duced  by  the  reinforcements  on  the  adjoining  matrix  and 
the  consequent  development  of  matrix  triaxiality  influ¬ 
ences  the  apparent  flow  strength  of  the  composite.  Levy 
and  Papazian1281  also  used  the  FEM  to  predict  the  tensile 
stress-strain  behavior  in  short  fiber-reinforced  metal- 
matrix  composites.  They  used  elastoplastic  analysis  for 
both  transversely  aligned  fibers  and  staggered  end  fibers 
and  concluded  that  the  above  models  can  provide  an  ac¬ 
curate  prediction  of  the  overall  composite  stress-strain 
response.  They  also  found  that  the  strain-hardening  rate 


increases  with  increasing  fiber-volume  content  and  fiber- 
aspect  ratio.  Their  explanation  was  that  the  increased 
strain-hardening  rate  was  a  consequence  of  the  increase 
of  plastic  constraint  introduced  by  the  presence  of  the 
nondeformable  SiC  dispersoids. 

In  addition  to  these  strengthening  theories,  the  hard¬ 
ening  mechanism  should  also  be  related  to  the  matrix 
itself  and  the  particle  volume  fraction,  size,  shape,  and 
spacing.  In  addition,  the  quench  rate,  which  causes  the 
residual  stress  and  dislocation  punch-out,  is  also  an  im¬ 
portant  strengthening  parameter.  For  example,  in  2014 
Al/15  vol  pet  A1203,  the  coefficient  of  thermal  expan¬ 
sion  for  A1203  (9  X  10-6  K~')  is  lower  than  that  for  Al 
(22  x  10-6  K~').  One  would  expect  dislocation  density 
to  increase  around  the  particles  during  quenching  from 
520  °C  to  room  temperature  in  the  present  case.  It  is 
believed  that  this  increase  in  dislocation  density  can  re¬ 
tard  the  plastic  flow  in  the  matrix,1241  and  thereby  in¬ 
crease  the  yield  stress  in  the  composite  material.  The 
above  discussions  explain  why  in  Figure  6  the  A1203  par¬ 
ticles  strengthen  the  2014  Al  matrix.  However,  the  ef¬ 
fects  of  initial  yielding  are  less  important  at  larger  plastic 
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strains,  where  the  nondeformable  particles  act  as  obsta¬ 
cles  for  plastic  flow  of  the  matrix. 

C.  Proposed  Concept  for  Stress-State  Effect 
in  DRA  Composites 

A  possible  reason  is  suggested  here  to  explain  the  dif¬ 
ferences  in  stress-strain  behaviors  for  the  composite  ma¬ 
terial.  Our  hypothesis  is  that  zones  of  nondeforming 
matrix  develop  around  the  A1203  particles  as  evidenced 
by  lensoid  zones  in  the  deformed  microstructure 

(Figure  l).l4)  These  zones  that  result  from  turbulence  are 
behind  the  particles  where  shear  flow  cannot  reach.  Con¬ 
sequently,  the  action  of  multiaxial  forces  and  the  re¬ 
sulting  plastic  flow  in  various  directions  can  change  the 
shape  of  these  zones.  To  describe  the  various  flow  pat¬ 
terns  and  dead  zones  around  the  particles,  we  first  as¬ 
sume  a  cubic-unit  cell  containing  a  spherical  particle  at 
the  center.  The  dead  zones  that  form  under  uniaxial  ten¬ 
sion,  equibiaxial  tension,  and  compression  may  be  rep¬ 
resented  as  shown  in  Figures  20(a),  (b),  and  (c), 

respectively.  For  instance,  the  dead  zones  under  uniaxial 
tension  are  two  areas  with  conical  end  caps  (apex  angle 
=  90  deg)  along  the  axial  direction,  as  shown  in 

Figure  20(a).  The  apex  angle  of  90  deg  is  suggested  by 
the  slip-line  field  theory.1201  The  dead  zone  under  equi¬ 
biaxial  tension  does  not  exist,  because  the  matrix  is 
pulled  equally  around  the  particle  in  tension  in  the  plane 
2,  as  shown  in  Figure  20(b).  In  compression  test,  the 
dead  zone  is  a  ring  (or  doughnut  shape)  with  a  triangular 


(a)  Uniaxial  Tension 


(c)  Uniaxial  Compression 

Fig.  20  —  Schematic  diagrams  showing  the  different  flow  patterns  and 
the  development  of  the  dead  zones  under  (a)  uniaxial  tension, 
( b )  equibiaxial  tension,  and  (c)  compression. 


cross  section  (apex  angle  =  90  deg),  as  shown  in 
Figure  20(c). 

Considering  the  difference  of  dead-zone  geometries 
for  different  stress  states,  the  total  volume  fraction  of  the 
nondeformable  areas  can  be  calculated  for  the  zones 
shown  in  Figure  20  when  the  spherical  particle  volume 
fraction  is  15  pet,  the  total  dead-zone  volume  fraction, 
fd,  will  be  16  and  20  pet  under  uniaxial  tension  and 
compression,  respectively.  For  the  equibiaxial  tension, 
a  dead  zone  does  not  form,  and  fd  remains  15  pet.  Be¬ 
cause  A1203  particles  and  the  dead  zone  around  these 
particles  do  not  participate  in  plastic  deformation,  the 
applied  strain  must  be  accommodated  by  the  remaining 
matrix.  The  higher  matrix  strain  can  be  determined  from 

em  =  ej{\  -fd)  [12] 

where  em  denotes  matrix  strain,  and  ec  denotes  composite 
strain.  This  higher  matrix  strain  at  composite  yielding 
(e,.  =  0.002)  is  given  in  Table  IV  by  e‘my. 

The  tensile  stress-strain  curve  of  the  matrix  material 
is  shown  in  Figure  7,  which  provides  data  to  calculate 
flow  stresses  for  composite.  The  matrix  has  a  yield 
strength  of  126.2  MPa.  Using  the  early  part  of  the  matrix 
stress-strain  curve  (Figure  7),  the  matrix  flow  stress, 
<fmy,  is  calculated  for  each  value  of  ecmy. 

In  addition  to  increasing  the  effective  yield  stress  in 
the  matrix,  the  nondeformable  area  also  increases  the  re¬ 
sistance  to  plastic  flow  via  shear  resistance  between  the 
matrix  and  the  nondeformable  areas.  This  additional 
force,  whose  component,  Ft,  acts  along  the  axial-stress 
direction  is  schematically  illustrated  in  Figures  21(a), 
(b),  and  (c).  The  shear  stress,  rmy,  acts  on  the  surface  of 
the  particle  and  dead  zone,  and  its  axial  components  can 
be  integrated  to  calculate  the  additional  force,  Fu  as  in¬ 
dicated  in  Figures  21(a),  (b),  and  (c)  for  the  various 
states  of  stress.  Since  von  Mises  yield  criterion  gives 
Tmy  =  vmyN 3,  F,  can  be  expressed  as 

F\  =  fgtrr2  Tmy  =  fgTtr2  ( crcmy/V 3)  [  1 3] 

where  fg  is  a  geometric  factor  for  additional  shear  com¬ 
ponent  determined  from  Figures  21(a),  (b),  and  (c),  and 
r  is  the  radius  of  the  spherical  particle.  It  should  be  noted 
that  r  is  related  to  particle  volume  fraction,  /,  by  the 
relation  /  =  [(47rr3/3)/L3],  whose  unit-cubic-cell  vol¬ 
ume  is  L3  (Figure  20).  For  /  =  0.15,  r  is  equal  to 
L/3.034.  The  values  of  fg  under  uniaxial  tension,  equi¬ 
biaxial  tension,  and  compression  are  then  calculated 
from  the  scheme  shown  in  Figures  21(a),  (b),  and  (c), 
respectively,  and  listed  in  Table  IV.  The  additional  re¬ 
sistance  to  flow,  Act,  is  then 

Ao-  =  FJL2  [14] 

Thus,  the  effective  yield  stress  of  the  composite,  ctcv,  is 
obtained  as 


(rcy  =  (Fmy  +  Ao-  [15] 

Table  IV  shows  the  values  of  Act  and  ct0  under  the  three 
different  tests.  It  is  seen  that  the  calculated  effective 
yield  stress  of  the  composite  under  uniaxial  tension  is 
slightly  less  than  that  under  compression  ((CTty)t/( cr0,)„  is 
about  1.002)  but  greater  than  that  under  equibiaxial  ten¬ 
sion  {{<rcy)h/{(Tcy)u  is  about  0.885).  The  same  trend  is  also 
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Table  IV.  Parameters  for  Calculating  Composite-Yield  Stress  Compared  with  Experimental 
Effective- Yield  Stress  under  Uniaxial  Tension,  Equibiaxial  Tension,  and  Compression  Tests 


2014  Al/15  Vol  Pet  A1,03 

Uniaxial  Tension 

Equibiaxial  Tension 

Compression 

Effective  volume  fraction  of 

0.20 

nondeformable  area,  fd 

0.16 

0.15 

sc 

'-'my 

0.00238 

0.00235 

0.00250 

&, :ny  MPa 

128 

127.9 

128.2 

Factor  for  additional  shear 

1.785 

component,  fg 

1.785 

1 

Ao-  due  to  interfacial  shear 

45 

25.2 

45.1 

Calculated  crt.v  MPa 

173 

153.1 

173.3 

Calculated  (<Jcy)i/ (<rcy)h 

1 

0.885 

1.002 

Rolled  sample  (thin  sample) 

Experimental  acv  MPa 

170 

126.1  (average) 

NA 

Experimental  (crcv),/ (<rcy)u 

1 

0.742 

NA 

Extruded  sample  (thick  sample) 

Experimental  <rcy  MPa 

200.3  (average) 

NA 

208.2 

Ou  =  0.3) 

Experimental  ((Tcy),/(acy)u 

1 

NA 

1.039 

*UniaxiaI  matrix  yield  stress  is  126.2  MPa  at  a  plastic  strain  of  0.002. 

Fj  =  Force  component  of  interfacial  shear 
on  particle  and  dead-zone  surface. 


i' 


(2rtrcos0Xt  my  cos0)(rd8) 


rrrt2 

+j  (2jtx)(Tmycos45“)(dx/cos45“) 


(fl)  Uniaxial  Tension;  /„=  l+ic/4 


9=0 


Jl/4 

-y -- x-r/V2  Fx  =  J  (27crsin0)(xmySin0Xrd9) 
x-n/2 


*1 


+  (2icx)(tmy  cos45"Xdx/cos45°) 
Jr/V2 

=  (l+jt/4)nr2Tmv 


(c)  Uniaxial  Compression;  fg  =  l+it/4 


Fig.  21 — Schematic  diagrams  and  corresponding  equations  showing 
the  calculation  of  the  F ,  due  to  shear  stress  on  the  interface  of  the 
matrix  and  nondeformable  area  under  (a)  uniaxial  tension,  ( b )  equi¬ 
biaxial  tension,  and  (c)  uniaxial  compression;  r  represents  the  radius 
of  spherical  particle. 


seen  in  the  experimental  observation;  (acy)c/((Tcy)u  and 
((acy)b/(crcy)u  are  about  1.039  and  0.742,  respectively,  as 
shown  in  Table  IV.  It  should  be  noted  that  the  effective 
tensile  yield  stresses  for  the  thick  samples  along  the  In¬ 
direction  and  the  T-direction  have  been  averaged  to  com¬ 
pare  with  compression  data. 


Although  the  values  of  the  predicted  effective  yield 
stresses  using  the  dead-zone  model  do  not  exactly  match 
the  experimental  ones,  the  calculated  data  do  follow  a 
generally  correct  trend.  The  present  hypothesis  is  a  sim¬ 
ple  concept  and  does  not  consider  the  variation  of  the 
particle  size,  spacing,  and  shape  that  can  influence 
the  yielding  behavior  of  the  composite.1291  In  addition, 
the  dead  zones  can  overlap  each  other  within  particle 
clusters.  This  will  cause  the  flow  pattern  of  the  matrix 
to  be  more  complicated  and  influence  the  accuracy  of 
the  calculated  data  using  the  present  model.  Other  pa¬ 
rameters,  such  as  the  local  stress  concentration  and 
bonding  strength  between  matrix  and  particles,  etc., 
could  also  affect  the  yielding  behavior  of  the  composite 
under  different  tests. 


V.  SUMMARY  AND  CONCLUSIONS 

1.  The  stress-strain  responses  of  a  DRA  matrix  com¬ 
posite,  2014  Al/15  vol  pet  A1203,  and  its  matrix 
alloy,  2014  Al,  were  investigated  under  a  variety  of 
stress  states  by  conducting  mechanical  tests  under 
uniaxial  tension,  equibiaxial  tension,  and  compres¬ 
sion  conditions. 

2.  For  the  composite,  at  a  strain  rate  of  10  4  s  ’,  the 
von  Mises  effective  yield  stress  under  uniaxial  ten¬ 
sion  was  about  40  MPa  higher  than  that  under  equi¬ 
biaxial  tension.  On  the  other  hand,  the  average 
tensile  yield  stress  (L-  and  T-direction)  was  about 
30  MPa  lower  than  that  under  compression 
(q.  =  0.3).  For  the  matrix  material,  the  effective  yield 
stresses  were  nearly  the  same  under  uniaxial  tension 
and  equibiaxial  tension;  however,  they  were  less  than 
that  under  compression. 

3.  The  strain-hardening  rates  were  higher  in  the  com¬ 
posite  than  in  the  matrix  material  under  the  three  dif¬ 
ferent  stress  states  examined  here.  For  the  composite. 
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the  strain-hardening  exponent  under  equibiaxial  ten¬ 
sion  (n  =  0.251  ~  0.303)  was  higher  than  that  under 
either  uniaxial  tension  (n  =  0.184)  or  compression 
(n  =  0. 196)  at  a  strain  rate  of  10-4  s-1.  For  the  matrix 
material,  the  slopes  of  the  stress-strain  curves  were 
nearly  the  same  under  the  three  test  conditions. 

4.  Several  possible  sources  responsible  for  the  observed 
differences  in  effective  stress-strain  function  were  ex¬ 
amined.  It  is  suggested  in  this  work  that  the  forma¬ 
tion  of  nondeformable  matrix  zone  around  the 
particles  can  be  an  important  factor.  These  zones  that 
result  from  flow  turbulence  are  behind  the  particles 
where  shear  flow  can  not  reach.  Consequently,  the 
action  of  multiaxial  forces  and  the  resulting  plastic 
flow  in  various  directions  can  change  the  shape  of 
these  zones.  This  dead-zone  model  is  rather  simple; 
however,  it  can  predict  a  generally  correct  trend  for 
the  yield  stress  of  the  composite  under  different  stress 
states.  More  detailed  experimental  and  analytical 
work  should  be  done  in  the  future  to  develop  this 
concept  further. 

5.  It  is  possible  that  such  nonuniqueness  of  stress-strain 
relationship  based  on  the  von  Mises  criterion  will 
persist  at  elevated  temperature;  therefore,  the  devel¬ 
opment  of  such  information  could  be  important  for 
applications  to  hot-forging  problems. 
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